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Abstract

The production of typical structural components of Ti and Ti alloys can be described as
complex thermo-mechanical treatments. The processing parameters window usually is small, and
the mechanical properties of the final material rely on the control of these parameters. Therefore,
the understanding and description of the material response to the processing parameters are
necessary to design the thermo-mechanical processing route. The development of physical
models to predict material behaviour enables the simulations of real-time production of complex -
shape components.

This work comprises the description and modelling of the phase transformation, hot
deformation, and static recrystallisation behaviours of alpha+beta and near beta titanium alloys.
These phenomena are systematically investigated, and the microstructure characterised using
light optical and scanning electron microscopy. The understanding of the material behaviour is
translated into physically-based models developed based on the evolution of internal variables.

Diffusion equations coupled with classical nucleation are used to describe the a-phase
formation during cooling. The primary a-phase is considered as spherical particles that grow into
a B-matrix, while the secondary a and allotriomorphic a-phases nucleates and grows as semi-
infinite plates. The phase fraction and morphological features evolution obtained from the
simulated continuous cooling heat treatments are validated with the microstructure evolution
observed by optical and electron microscopy for a Ti-6Al-4V.

The hot deformation behaviour is described as the formation of low angle grain boundaries
due to dynamic recovery and their increase in misorientation to form new high angle grain
boundaries via continuous dynamic recrystallisation. The microstructure is modelled as being
composed by dislocations (mobile, immobile and wall), subgrains and grains. The dislocation
reactions are described as the interrelated role of production, recovery and immobilisation.

The formation of misorientation spread within the B-phase as well as low and high angle
grain boundaries in Ti-5553 and Ti-17 alloys are systematically investigated using electron
backscattered diffraction. The formed low angle grain boundaries within a B-grain are more
homogeneously distributed at lower strain rates. The developed model can predict the evolution
of a deformed microstructure from an initially recrystallised one, as well as its subgrain and grain
sizes. The developed model can estimate the microstructure evolution up to large strains.

The dynamic globularisation of the a phase is modelled to describe the formation of
boundaries within the a-platelets and the migration of a/p interfaces to form globular a-particles.
Lower strain rates lead to a more advanced stage of dynamic globularisation for a given strain.
Additionally, the changes in the load partitioning between the a and the B-phases are interpreted
to have a direct influence on the flow stress evolution in the a+p domain.

Finally, the hot deformation and the static recrystallisation behaviours in the Ti-17 alloy are
coupled in a model based on strain-induced boundary migration, grain growth and static recovery.
The formed microstructure during hot deformation is considered as the initial microstructure for
static recrystallisation. Larger strain rates lead to higher stored energy within the B-grains.
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The results obtained in this work enable a comprehensive understanding of the several
thermomechanical processing steps of typical Ti alloys. The description of B—a phase
transformation, hot deformation and static recrystallisation using the same internal variables allow
the developed models to predict the entire thermomechanical processing route as well as to
explain the role of each processing parameter on the developed microstructure at each step.
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Kurzfassung

Die Herstellung typischer Strukturkomponenten aus Ti und Ti-Legierungen kann als
komplexe thermomechanische Behandlung beschrieben werden. Die mechanischen
Eigenschaften des fertig verarbeiteten Materials hangen stark von den Prozessparametern ab,
welche nur in einem kleinen Bereich verandert werden konnen. Daher erfordert der Entwurf einer
thermomechanischen Verarbeitungsroutine, ein Verstandnis und eine profunde Beschreibung des
Materialverhaltens auf sich andernde Verarbeitungsparameter. Die Entwicklung physikalischer
Modelle zur Vorhersage des Materialverhaltens, ermoglicht die Simulation von
Produktionsablaufen komplexer Komponenten in Echtzeit.

Diese Arbeit umfasst die Beschreibung und Modellierung von Phasenumwandlungs-,
HeiRverformungs- und statischen Rekristallisationsverhalten in Alpha+Beta-, sowie metastabilen
Beta-Titanlegierungen. Diese Phanomene werden systematisch untersucht und die Mikrostruktur
mittels Licht- und Rasterelektronenmikroskopie charakterisiert. Das Verstandnis des
Materialverhaltens wird in physikalisch basierte Modelle Ubersetzt, die auf der Entwicklung
interner Variablen basieren.

Diffusionsgleichungen gekoppelt mit klassischer Keimbildung werden verwendet, um die
a-Phasenbildung wahrend des Abkuhlens zu beschreiben. Die primdren a-Phasen werden als
kugelfdrmige Teilchen betrachtet die in der B-Matrix wachsen, wahrend die sekundaren und
allotriomorphen a-Phasen als semi-infinite Plattchen nukleieren und wachsen.. Der Phasenanteil
und die Entwicklung der morphologischen Merkmale, die aus der Simulation einer kontinuierlichen
Kihlung berechnet wurden, werden mit den gemessenen Mikrostrukturparametern aus optischer
Mikroskopie und Elektronenmikroskope von Ti-6Al-4V validiert.

Die Ausbreitung von Fehlorientierungen innerhalb der B-Phase und Korngrenzen mit
niedrigem und hohem Winkel in Ti-5553- und Ti-17-Legierungen werden systematisch unter
Verwendung von Elektronenrickstreuungsbeugung untersucht.Die gebildeten Kleinkorngrenzen
innerhalb eines (3-Korns sind bei niedrigeren Dehnraten homogen verteilt..

Das entwickelte Modell kann die Veranderung einer deformierten Mikrostruktur aus einer
anfanglich rekristallisierten Struktur, sowie deren Subkorn- und Korngréfien vorhersagen.Das
entwickelte Modell kann die Mikrostrukturentwicklung bis zu groRen Dehnungen abschatzen.

Die dynamische Globularisierung der a-Phase wird modelliert, um die Bildung von Grenzen
innerhalb der a-Platichen und die Migration von a / B-Grenzflachen zur Bildung globularer a-
Partikel zu beschreiben. Niedrige Dehnungsraten fliihren zu einem fortgeschrittenen Stadium der
dynamischen Globularisierung fir eine gegebene Dehnung. Zusétzlich wird die Anderungen in
der Lastverteilung zwischen der a- und der 3-Phase als ein direkter Einfluss auf die Entwicklung
der FlieBspannung in der a + 3-Domane interpretiert.

Schlief3lich werden das HeiRverformungs- und das statische Rekristallisationsverhalten in
der Ti-17-Legierung in einem Modell gekoppelt, welches auf spannungsinduzierter
Grenzmigration, Kornwachstum und statischer Erholung basiert. Die wahrend der Hei3verformung
gebildete Mikrostruktur wird als anfangliche Mikrostruktur fir die statische Rekristallisation
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angesehen. GrofRere Dehnungsraten fihren zu einer héheren gespeicherten Energie in den -
Koérnern.

Die in dieser Arbeit erzielten Ergebnisse ermoglichen ein umfassendes Verstandnis der
verschiedenen thermomechanischen Verarbeitungsschritte typischer Ti-Legierungen. Die

Beschreibung der [ — o-Phasentransformation, der Heilverformung und der statischen

Rekristallisation unter Verwendung derselben internen Variablen, ermoglicht es den entwickelten
Modellen den gesamten thermomechanischen Verarbeitungsprozess vorherzusagen und den
Einfluss jedes Verarbeitungsparameters auf die entwickelte Mikrostruktur, bei jedem Schritt zu
erklaren.
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List of symbols and abbreviations

List of symbols and abbreviations

Acs
Aglob

Aiso-stress

AR

Arer
Asec
Asym

Asrx
Ays

Bge
BGBcrit

Bglob

Bsec
Bsec

Bsecerit
BSE

Bsrx
CDRX

EBSD

Parameter for nucleation of the ags

The factor for the velocity of a/f interface grooving during dynamic
globularisation of the a-phase

Constant for the calculation of material deforming in iso-stress load partition
regime

Aspect ratio

Parameter for fcprx

Parameter for nucleation of the secondary a-phase

Parameter for sympathetic nucleation

The factor for the set of dislocation in the wall dislocation density
Parameter for the Arrhenius equation that defines the yield stress
Parameter for nucleation at the 3-grain boundary

Parameter for the glide velocity

Fraction of Rayleigh surface density

Burgers vector

Body cubic centre

Thickness of the allotriomorphic a-phase platelet

Mean thickness of the allotriomorphic a-phase platelet

Critical thickness for a disk-like allotriomorphic a-phase to nucleate
Parameter for the velocity of growth during dynamic globularisation of the a-
phase

Thickness of a secondary a-phase platelet

Mean thickness of a secondary a-phase platelet

Critical thickness for a disk-like secondary a-phase to nucleate
Backscattered electrons

Factor for the set of dislocation in the wall dislocation density
Continuous dynamic recrystallisation

Specific heat

Concentration of V B-interface chemical composition
Concentration of V B-matrix chemical composition

The concentration of V a-particle chemical composition
Concentration of V in the allotriomorphic a-phase

Concentration of V in the secondary a-phase

Self-diffusion coefficient

Intrinsic diffusion coefficient of V in {8 titanium

Critical resolved shear stress

Discontinuous dynamic recrystallisation

Dynamic recovery

Dynamic recrystallisation

Young modulus

Electron Backscattered diffraction
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List of symbols and abbreviations

Ece

Ewmos

Emos
Esigm
fec

fCDRX
f(():DRX
fglob
fiso-stress
fLAGB
fLAGB e

Stored energy for grain growth

Driving force for movement of high angle grain boundaries during continuous
dynamic recrystallisation

Parameter for the driving force for movement of high angle grain boundaries
during continuous dynamic recrystallisation

Stored energy for strain-induced boundary migration

Fraction of formed boundaries within the a-platelet contributing to movement
of the a/B interface during dynamic globularisation

Factor for the contribution of recovery to continuous dynamic recrystallisation
Pre-factor for the fcprx

Fraction of dynamic globularisation of a-phase

Fraction of material under iso-stress load partition regime

Fraction of low angle grain boundaries

Fraction of cell boundaries

Fraction of boundary surface corresponding to a Rayleigh distribution of
misorientation angle

Factor of strengthening of the wall dislocation density

Pre-factor of strengthening of the wall dislocation density

Fraction of a-phase

Fraction of allotriomorphic a-phase

Fraction of primary a-phase

Fraction of secondary a-phase

Shear modulus

Grain orientation spread

Grain size

Mean grain size

Initial grain size

Reference grain size

Geometric dynamic recrystallisation

Recrystallised grain size formed by strain-induced boundary migration
High angle grain boundary

Hexagonal closed-packed

Factor for production of immobile dislocations

Pre-factor for production of immobile dislocations

Factor for recovery of immobile dislocations

Pre factor for recovery of immobile dislocations

Kernel average misorientation

Boltzmann constant

Constant for subgrain nucleation

Thermal conductivity

Low angle grain boundary

Light optical microscopy
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List of symbols and abbreviations

L

acLimB

IPF
JMAK
M
Mg
MuacB
MiacB
Msec

Length governing the elastic interaction between the dislocation and the
defects

Inverse pole figure

Johnson-Mehl-Avrami-Kolmogorov

Taylor factor

Ledge coefficient for the growth of allotriomorphic a-phase

Mobility of high angle grain boundaries

Mobility of low angle grain boundaries

Ledge coefficient for the growth of secondary a-phase

Pre-factor for the mobility of high angle grain boundaries

Exponent for the production of immobile dislocations

Exponent for the recovery of immobile dislocations

Set of dislocations forming the wall dislocation density

Avogadro constant

Number of agg particles

Number of a-particles formed from an a-platelet during dynamic
globularisation

Exponent for the driving force of high angle grain boundaries

Factor for the set of dislocation in the wall dislocation density

Exponent for the fraction of material deforming in iso-stress load partition
regime

Number of nuclei formed by strain-induced boundary migration
Nucleation rate due to strain-induced boundary migration

Nucleation frequency during strain-induced boundary migration
Particle number density

Number of asec particles

Exponent for the Arrhenius equation that defines the yield stress
Pre-exponent term for the nucleation of ags

Pre-exponent term for the nucleation of asec

Oxide polishing solution

Pressure for subgrain growth

Rayleigh distribution of subgrain size

Zener back pressure

Activation energy for self-diffusion along the grain boundary

Equivalent activation energy for the velocity of high angle grain boundaries
Activation energy for the movement of a high angle grain boundary
Activation energy for nucleation via strain-induced boundary migration
Equivalent activation energy for the Arrhenius equation that defines the yield
stress

Activation energy for atomic migration across the a/p interface
Equivalent activation energy for the production of immobile dislocations
Equivalent activation energy for the recovery of immobile dislocations
Universal constant of gases
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Rq Radius of an a-particle

SE Secondary electrons

SEM Scanning electron microscopy

Sgiob a/p surface density during dynamic globularisation

SGq Subgrain size

SG, Mean subgrain size

SG, Critical subgrain size

SIBM Strain-induced boundary migration

SRV Static recovery

SRX Static recrystallisation

Sy Volumetric boundary density

Sveorx volumetric boundary density formed by CDRX

Svintertace a/B boundary interface density

SREF Reference boundary interface density

SSHAB Initial surface density

StoTAL Total surface density within the a-platelet

S(0) Shape factor

T Temperature

thace Thickness of a high angle grain boundary

ty Thickness of an a-platelet

V¢ Climb velocity

Vg Glide velocity

v Velocity of a/f interface movement due to grooving during dynamic
glob globularisation

v Velocity of a/f interface promoting the growth of a-grains during dynamic
growth globularisation

v Velocity of a high angle grain boundary during continuous dynamic
HAGB recrystallisation

Vo Pre-factor for the velocity of high angle grain boundaries

v Velocity of high angle grain boundaries during strain-induced boundary
SIBM migration

Xdef Heterogeneity factor

Xsrx Static recrystallisation fraction

Xo Recrystallisation fraction achieved when Xy = 0

W, Glide activation energy

Wq Width of an a-platelet

a Taylor constant

o’ Martensite

o Probability of formation of new low angle grain boundaries during continuous
CDRX dynamic recrystallisation

(¢ (c1:] Allotriomorphic a-phase

ap Globular primary a-phase
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Oisec Lamellar secondary a-phase
Oys Factor for the Arrhenius equation that defines the yield stress
Oprv Distance for dynamic recovery
Osc Parameter for the production of mobile dislocations at the subgrain boundary
AGnucGB Energy barrier for heterogeneous nucleation of acs
AGnucSEC Energy barrier for heterogeneous nucleation of asec
AGygB Chemical free energy of phase transformation of age
AGysgc Chemical free energy of phase transformation of asec
At Incremental time step
Ap Dislocation density that takes place on continuous dynamic recrystallisation in
cDRX an iteration
€ Strain
€ Elastic strain
& Plastic strain
€ Elastic strain rate
£ Plastic strain rate
Eref Reference strain rate
& Strain rate in the a-phase in iso-strain load partition regime
é‘é" Strain rate in the a-phase in iso-power load partition regime
&5 Strain rate in the a-phase in iso-stress load partition regime
éf; Strain rate in the B-phase in iso-strain load partition regime
é‘év Strain rate in the B-phase in iso-power load partition regime
S:g Strain rate in the B-phase in iso-stress load partition regime
YHAGB High angle grain boundary energy
YLAcB Low angle grain boundary energy
Yoa Interface energy of a/a phase
Yap Interface energy between a/p phases
A Wavelength

Mean particle interspace

Growth rate parameter

Immobile dislocation inter-distance

Mobile dislocation inter-distance

Growth rate parameter for the allotriomorphic a-phase

Growth rate parameter for the secondary a-phase

Boundary misorientation angle

Mean boundary misorientation angle

Transition misorientation angle for the definition of a high angle grain boundary
Transition misorientation angle for the definition of a cell boundary
Average low angle grain boundary misorientation angle

Critical misorientation angle for the definition of the boundary within an a-
platelet to start grooving during dynamic globularisation
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0r Average misorientation of the Rayleigh distribution
8 Boundary misorientation angle of the formed boundaries by continuous
dynamic recrystallisation
o Boundary misorientation angle distribution
Or Rayleigh misorientation angle distribution
Owm Mackenzie misorientation angle distribution
n Parameter for transfer of defect into jogs on the dislocation
P; Immobile dislocation density
Pm Mobile dislocation density
Pw Walll dislocation density
\Y Poisson ratio
o Stress
Oath Athermal stress
O'climb Stress for the climb of a dislocation dipole
Oth Thermal stress
o Initial athermal stress
Oys Yield stress
Oq Stress in the a-phase
op Stress in the B-phase
b, a-particles of a particle size
Yy Supersaturation
Y.cB Supersaturation for the formation of allotriomorphic a-phase
W.sec Supersaturation for the formation of secondary a-phase
X Normalised subgrain size
Q Atomic volume
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1. Introduction

The processing route of typical structural components of Ti and Ti alloys comprises a
systematic series of heat treatments and deformation steps. The desired mechanical properties of
the final product, especially toughness, fatigue, strength and ductility, are strictly related to the final
microstructure. Among the main microstructural features, it can be highlighted: grain and subgrain
sizes, dislocation density, phase content, morphology and size of a-phase and a-colony size.
Therefore, the prediction of the microstructure evolution during a complex thermo-mechanical
treatment enables the design and control of the final properties. A typical processing route for Ti
and Ti-alloys can be divided into four main parts [1], as schematically shown in Figure 1. The pre-
annealing treatment aims to break the dendritic structure of the cast ingots. During deformation II,
the dynamic phenomena depend on the temperature of deformation, total deformation, and strain
rate. The cooling after forging leads to the occurrence of static phenomena, such as static
recrystallisation and phase transformation. The recrystallisation treatment Ill aims to form a
homogeneous recrystallised microstructure and to control the size and morphology of a-phase.
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Figure 1: Schematic representation of the main thermo-mechanical cycles for Ti and
Ti alloys.
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Figure 2: Schematic representation of the two performed thermo-mechanical cycles.
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In this research, the steps of deformation, recrystallisation, and annealing are investigated.
The schematic representation of the performed experiments is shown in Figure 2.

The typical thermo-mechanical treatments of Ti and Ti alloys can be separated into
homogenisation, forging, and recrystallisation treatments. Depending on the material, further
ageing can also be performed. The phenomena occurring during forging and recrystallisation
treatments can be separated into dynamic and static. Post-dynamic recrystallisation as in low
stacking fault energy materials was not reported and not investigated in this work. Recovery,
recrystallisation and phase transformation can occur dynamically if a load is applied, or statically.

Several modelling approaches have been developed to predict the microstructure evolution
due to hot deformation, recrystallisation, or phase transformation. Among them, mesoscale
models are of great interest due to the possibility of being implemented as subroutines into finite
element for simulation of complex components without demanding great computational effort.
Moreover, the mesoscale models are also able to predict the evolution of several microstructural
features as well as of the flow stress during hot deformation. Physically-based models are

developed in this work, allowing the predictability of several internal variables even beyond the
conditions of the experiments.

== 1 Introduction

- 2 State of the art

=+ 3 Motivation and strategy
= 4 QObjectives

= 5 List of publications

(== & Experimental procedures )
® 6.1 Materials
® 6.2 Heat treatments followed by continuous cooling
® 6.2 Hot compression and hot torsion tests
® 6.4 In-situ synchrotron radiation diffraction during hot compression
® 6.5 Static recrystallisation experiments
® 6.6 Microstructure investigation

= 7 Modelling

® 7.1 Phase transformation in Ti-6Al-4V
® 7.2 Hot deformation model

\_ ® 7.3 Static recrystallisation model

>

VAN

= & Phase transformation in a Ti-6Al-4V
= 9 Prediction of hot deformation behaviour of Ti-5553 alloy
=10 Improved predictability of the hot deformation of Ti-5553

=11 Hot deformation and dynamic globularisation of a-phase of the
Ti-17 alloy
=12 Mesoscale model for static recrystallisation of Ti-17 alloy

\
(=13 Discussion on the predictability of the models )

=14 Conclusions

=15 Outlook
=16 Appendixes

Figure 3: Organisation of the chapters of this thesis.

Ricardo Henrique Buzolin 2



PhD thesis Introduction

The organisation of the thesis can be seen in Figure 3. Chapter 2 discusses the state of
the art relevant literature that supports the developed models in this thesis. The motivation of this
work and the adopted strategy are presented in chapter 3. Chapter 4 describes the principal and
specific objectives of this work. The already published or in press papers that are used in the
following chapters are given in chapter 5. Several experiments were performed to investigate
phase transformation, hot deformation behaviour, as well as static recrystallisation of different Ti
alloys following the methods discussed in chapter 6.

In this work, three Ti alloys were investigated: Ti-6Al-4V, Ti-5553, and Ti-17. They are
described in section 6.1. Sections 6.2 details the experimental procedures for the continuous
cooling treatment carried out for the Ti-6Al-4V. The parameters and procedures for the hot
compression tests performed for the Ti-5553 and Ti-17 and hot torsion tests performed for the Ti-
5553 are described in section 6.3. Complementary data is obtained from synchrotron radiation
diffraction measurements carried out during in-situ hot compression, and the procedures are
described in section 6.4. The experimental methods for the static recrystallisation experiments
performed at the Gleeble® 3800 device are given in section 6.5. Finally, the procedure and
parameters adopted for the microstructure characterisation of the tested materials are detailed in
section 6.6.

The thermomechanical behaviour of Ti alloys is modelled in the mesoscale, i.e. a mean
value is considered to represent the material properties. Chapter 7 details the modelling strategy,
subdivided into phase transformation, hot deformation and static recrystallisation. The phase
transformation model is developed for the Ti-6Al-V and is described in section 7.1. The phase
transformation sequence and kinetics are modelled using the exact solution of diffusion equations
for the growth of spheres and platelets of a-phase immersed in a B-matrix. The hot deformation
behaviour is modelled using two different approaches for dislocation density reactions and is
coupled with a model of continuous dynamic recrystallisation. The coupled model predicts the
evolution of subgrain and grain boundary densities as well as boundary misorientation angle. The
complex load transfer between a and B-phases is considered to describe the flow softening in the
two-phase domain. The change of load partitioning is correlated to the evolution of dynamic
globularisation of the a-phase. The assumptions and fundamental equations of the developed
coupled model for hot deformation are explained in section 7.2. The modelling ends with section
7.3 to describe static recrystallisation. The assumptions and fundamental equations of the model
of static recrystallisation with the developed hot deformation model are detailed. During heat
treatment, the simultaneous phenomena of static recovery, static recrystallisation, and grain
growth are coupled in a mesoscale model. The static recrystallisation model is coupled with the
hot deformation model, demonstrating the integration of the proposed models to predict
microstructure evolution during a typical thermo-mechanical processing route for Ti and Ti alloys.

The results are discussed separately in chapters 8 to 12. Summary and conclusions of
every chapter are presented separately. The kinetics and sequence of a-formation and growth are
discussed in chapter 8 for the Ti-6Al-4V. The prediction of the hot deformation behaviour of Ti-
5553 is separated into two chapters. In chapter 9, a simpler model for dislocation reactions is used
for the simulations. Chapter 10 discusses the comparison of the microstructure formation and the
simulated results using the simple model and the comprehensive model for dislocation reactions.
Chapter 11 discusses a novel and fully coupled model to predict the dynamic a-globularisation,
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change in load partitioning, and continuous dynamic recrystallisation using the same
comprehensive model for dislocation reactions of chapter 10 but applied to the Ti-17 alloy. Finally,
the measured and simulated static recrystallisation behaviour of the Ti-17 is discussed in Chapter
12.

The developed models being presented and discussed in different chapters use the same
internal variables, allowing their integration in case of complex thermomechanical cycles. The
main inputs and outputs of all developed models are highlighted in Figure 4. The initial
microstructure is defined and depending on the active phenomenon (phase transformation, hot
deformation or static recrystallisation), different outputs are obtained. A more in-depth discussion
on the predictability of the developed models is presented in chapter 13.
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Figure 4: Schematic representation of the developed models with the main inputs and outputs.

The thesis ends with general conclusions of this work in chapter 14 separated for three major
topics of this work: phase transformation, hot deformation and static recrystallisation. A short
outlook with suggestions for further research is given in chapter 15. The procedure for the fitting
of the constants and parameters used in the developed models as well as the obtained values are
given in the Appendixes. The parameters are either obtained directly from the measurements,
from established values obtained in the literature or purely by fitting.
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2. State of the art

2.1. Tiand Ti alloys production and their applications

Pure titanium has a density of 4.51 g-cm™, is the heaviest light metal and stands out due
to the high specific strength and excellent corrosion resistance [2]. Due to the elevated price for
processing, Ti, and Ti alloys are majorly applied in the aerospace sector, the chemical industry,
medical engineering, and the leisure sector [2]. The high specific strength of Ti alloys makes them
attractive for structural applications up to 500°C [2].

Ti sponge is the base material for the production of all Ti-based semi-finished products [3].
Forming processes, such as forging, rolling, extrusion, and pulling, is the typical route for the
production of semi-finished Ti products [3]. A tailored thermomechanical treatment concerning its
requirements for application is necessary to produce high quality forged Ti products [4]. The typical
processing route consists of mixing forging stock, Ti sponge, and master alloys, pressing to
briquettes, vacuum arc re-melting until the production of a cast ingot [4]. The ingot is processed to
billets or bars using radial forging and/or hand forging [4]. This stage aims to break up the cast
structure and to produce a homogenous microstructure. The latest step is the hand or die forging
up to the required dimensions before the following heat treatments and final machining [4].

2.2. Alloy classification
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Beta stabilizing elements (%)
Figure 5: Schematic phase diagram for Ti alloys with the different alloys types and possible
phases. [5]

Like several other metals (Ca, Fe, Co, Zr, Sn, Ce, Hf), Ti occurs in various crystals
structures. Pure Ti crystallises at low temperatures in a modified, ideally hexagonal closed packed
(hcp) structure, a-phase [2]. A body-centred cubic (bcc) structure is formed at high temperatures,
B-phase. During cooling from the B-domain, the most densely packed planes of the B-phase {110}
transform to the basal planes {0001} of the a-phase [2]. The B/a transformation causes a slight
atomic distortion, leading to a slight contraction of the c-axis relative to an ideally hcp structure [2].
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Different alloying elements can be added to Ti, and they are classified as neutral, o-
stabilizers, or B-stabilizers. The a-stabilizers extended the a-phase field to higher temperatures.
Al, O, N, and C belong to this category. The B-stabilizers shift the B-phase field to lower
temperatures, and Mo, V, Ta, Fe, Mn, Cr, Co, Ni, Cu, Si, and H are the main elements. Sn and Zr
are considered neutral elements due to minor influences on the B-transus temperature [2].
Commercial Ti alloys can be classified into three different categories: a, a+8, and 8 alloys. This
classification takes into account the position in the pseudo-binary section of a B isomorphous
phase diagram, Figure 5 [5].

2.3. Phase transformation in Ti alloys

Martensitic or diffusion-controlled nucleation and growth process are the types of
transformation of the B-phase to the a-phase in CP Ti and Ti alloys, and it depends on cooling rate
and alloy composition [1].

2.3.1. Martensitic transformation

The mechanism for martensite transformation is a cooperative movement of atoms by a
shear-type process resulting in a microscopically homogeneous transformation of the B-phase into
the hexagonal crystal lattice over a given volume. The martensite volume is normally plate-shaped
or disk-shaped for most Ti alloys. This hexagonal martensite is termed as a and is observed in
two morphologies: massive martensite (lath or packet martensite) and acicular martensite [6].
Massive martensite occurs only in pure Ti, very dilute alloys, and in alloys with a high martensitic
transformation temperature. The lower martensitic transformation temperature is favourable for
the occurrence of acicular martensite with higher solute content [1].

The higher the solute content, the higher the distortion in the hexagonal structure of the
martensite. The crystal structure loses its hexagonal symmetry and must be described as
orthorhombic [6]. This orthorhombic martensite is designated a’. In many alloys in which the
martensitic reaction is suppressed, the B-phase decomposes upon quenching in an athermal
process leading to the formation of the athermal w phase of extremely fine particles (size 2-4 nm).
The w particles have a diffuse, coherent interface, and the structure is an elastically distorted bcc
lattice [1].

2.3.2. Nucleation and diffusion growth

If the cooling rates from the -domain into the a+ domain are sufficiently low, the a-phase
first nucleates preferentially at 3-grain boundaries forming a continuous a-layer. The a phase is
incoherent with respect to the B-phase. The a-plates nucleate either at the interface of the
continuous a-layer or at the B grain boundary itself during continued cooling and grow into the
B-grain as parallel plates belonging to the same variant of the Burgers relationship and are called
a-colony. The crystallographic relationship between a and 8 plates within a colony is schematically
shown in Figure 7b: (110)4]/(0002), and [111]B||[11§0]cx [1]. The flat surface of the a-phase is

parallel to the (1100) plane of the a-phase and parallel to the (112) plane of the B-phase [1]. They
continue to grow into the -grain interior until they meet other a-colonies nucleated at other grain
boundary areas of the B-grain and belonging to other variants of the Burgers relationship. This
process is often called sympathetic nucleation and growth. The individual a-plates are separated
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within the a-colonies by the retained B-matrix, forming the often called a and 3 lamellae, and the
resulting microstructure is then designated as lamellar [1].

2.3.3. Types of formed microstructure in a+f and near-f3 alloys

The processing parameters of the industrial thermo-mechanical treatments of Ti alloys
depend on the alloy and desired microstructure because the mechanical properties of Ti alloys,
especially fatigue resistance, toughness and ductility, are strictly correlated with its microstructure
[1]. Three types of microstructures are typically found in a+B and near- Ti alloys: globular,
lamellar, and bimodal. The typical microstructure is shown in Figure 6. Near-a alloys and
commercially pure Ti exhibits a typical one-phase microstructure at room temperature since
B-phase transforms completely into a or a’.
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Bimodal microstructure ¢

a) Globular; b) lamellar; c) bimodal; d) a detailed view of the bimodal microstructure with the ap,
acs and dsec.

A bimodal microstructure consists of lamellar a or secondary a (asec) and globular primary
a (ap) and offers the combination of high ductility and high toughness [1]. Figure 7a shows the
formation of the bimodal microstructure during cooling. The globular a, phase grows during
cooling, while lamellar or secondary a (asec) nucleates and grows at the prior B grain boundaries
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and a,. Moreover, the third morphology of a-phase, named allotriomorphic a (ags), forms as
platelets along the grain boundaries during cooling.
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Figure 7: a) Schematical representation of the formation of bimodal microstructure during cooling
with the growth of ap, as well as heterogeneous nucleation and growth of asec and ags;
b) Schematical representation of the crystallographic relationship between a-plates and B-matrix
in a-colonies [1]; ¢c) Schematical representation of the formation of supersaturation of slow
diffusing B-stabilizing elements at the a/B interface.

The growth of ap, ace and asec phase is diffusion-controlled. Supersaturation of slow
diffusing B-stabilizing elements at the a/f3 interface is formed during cooling and is the driving force
for growth, as schematically shown in Figure 7c. The inter-diffusion coefficient of the slowest
diffusing element controls the growth kinetics. For very slow cooling rates, the B-phase transforms
mainly into ap. Thus, the resulting microstructure consists of almost only large equiaxed a, with
small amounts of retained B-phase [7]. The amount of a, decreases for increasing cooling rates,
when other morphologies of a-phase are formed [8]. Semiatin et al. [9] observed that a, exhibits
epitaxial growth for Ti-6Al-4V controlled by the diffusion of V in the B-phase. The growth of ap
competes with the formation of asec and ags for intermediate cooling rates (between 5 to
300°Cmin‘") [9,10]. The retardation and finally the end of a, growth with decreasing temperature
during cooling can be attributed to two simultaneous effects related to the formation of asec and
oee: 1) a geometric restriction for growth (pinning effect), and 2) a decrement of the
supersaturation of elements in the B matrix. Formation of asec occurs in colonies (Figure 7b). They
nucleate at B-grain boundaries, but if they cannot fill the whole grain interior, then nucleation on
boundaries of other colonies also occurs [1]. The new a-plates tends to nucleate nearly
perpendicular to the parent one to minimise the overall elastic strains, leading to the formation of
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a characteristic microstructure called “basket wave” or Widmanstatten [1]. For a given cooling rate,
the “basket wave” structure is more pronounced in alloys with higher contents of slow diffusing
B-stabilizing elements [1].

The nucleation rate and growth of ags depend on the cooling rate and follows a platelet-
like formation [7,9]. However, extensions from a, with the same crystallographic orientation were
observed preferentially along the B/ boundary, suggesting that the formation of ags can also occur
from ap [8]. Sun et al. [11] observed for a near-a alloy TA15 (Ti-6Al-2Zr-1Mo-1V) cooled from the
B-domain preferential nucleation of ags at triple junctions of the (B-grains, followed by growth to
one side of the grain boundary forming a flat plate. The ags can also nucleate from the middle of
one B/B grain boundary due to high levels of local supersaturation, forming an unconnected layer
of age. The formation of age depends on the available energy and time for growth. Therefore,
different morphologies of acs were observed: flat, zig-zag, and a mix of both.

2.3.4. Modelling phase transformation in Ti alloys

Different modelling approaches were proposed for the B—a phase transformation [12—20].
The classical Johnson-Mehl-Avrami-Kolmogorov (JMAK) equation was applied to predict the
phase transformation kinetics in Ti-6Al-4V [12]. The growth of ags was modelled using the diffusion
solution for the growth of plate-like particles [13], ellipsoid particles [13,14], and via ledge growth
[13,15,16]. A cellular automaton model based on diffusion, mixed, and interface phase
transformation was proposed by Song et al. [17] for phase transformation in titanium alloys. Phase-
field models were also developed [18—-20] and showed notably accuracy to predict the growth of
particles in the case of complex supersaturation fields in the particle growth front [19].

Semiatin et al. [9] proposed a model for the growth of a, using the exact solutions of
diffusion equations with the following considerations: a) the diffusion coefficients were corrected
with a thermodynamic factor for the specific composition of the material, and b) the supersaturation
degree reached during cooling is the driving force for the diffusion process [9]. Meng et al. [21]
complemented the model proposed by Semiatin et al. [9] by considering the effect of thermal
history on the diffusion field around the a, and the overlap of diffusion fields of growing phases
[22].

Extensive modelling of the formation of asec was performed by Katzarov et al. [23]. The
morphology, distribution, and geometry of the asec were simulated using finite element modelling
implemented to solve the diffusion equation on the domain occupied by the B-phase. A random
nucleation model as a function of the supersaturation of V in the matrix was implemented for 1-D
and 2-D simulations of the formation of asgc without considering the presence of ap. It was
observed that lower cooling rates lead to a faster transformation of B—asec, considering the same
temperature. Additionally, the thickness dependency of the asec on temperature during isothermal
treatment was also measured and simulated. Despite the broad capability of prediction of the
model proposed by Katzarov et al. [23], the model was developed only for f—a transformation
from the B-field, and not from the a+f field. Using a similar approach, the formation of asec in
competition with the epitaxial growth of a, was modelled and simulated for a TA15 alloy [10] using
the diffusion of Mo in B-phase as the controlling mechanisms. The growth of asec was proposed
to be a competition between direct interference from interface stability, the no misorientation

Ricardo Henrique Buzolin 9



PhD thesis State of the art

between the nucleating plate and the substrate, and sympathetic nucleation, where low angle
boundaries exist between the nucleating plate and the pre-existing matrix.

2.4. Hot deformation behaviour of Ti-alloys

The hot deformation mechanisms are intrinsically related to the stacking fault energy of a
material [24]. Low and high stacking fault energy alloys deformed at high temperatures typically
undergoes a complex microstructure evolution attributed to the distinct role of dynamic recovery
(DRV) and dynamic recrystallisation (DRX) [25]. Recovery is a phenomenon generally described
as the reorganisation of dislocations with the formation of subgrains or cells [26]. Furthermore,
several types of mechanisms of DRX have been proposed, such as discontinuous dynamic
recrystallisation (DDRX) [27,28], geometric dynamic recrystallisation (GDRX) [29], and continuous
dynamic recrystallisation (CDRX) [25]. They have in common the phenomena of movement of
high angle grain boundary (HAGB) and the formation of new grains. The DDRX takes place
through the nucleation of new grains and their growth, consuming the deformed material [30]. On
the other hand, the impingement of HAGBs due to refining the grains is the fundamental concept
of GDRX. CDRX [31] and GDRX can occur at large strains [32]. CDRX is characterised by the
progressive and continuous process of formation of subgrain boundaries, the increment of their
misorientation due to lattice rotation, and the progressive transformation into HAGBs [33]. On the
other hand, during GDRX, HAGB gets closer during deformation until the serrated boundaries
come into contact, splitting the grain into grains with sizes in the order of the subgrain size.

In low stacking fault alloys, the formation of a defined substructure is limited due to the
formation of partial dislocations or stacking faults limiting the movement of dislocations and then,
the role of DRV [34]. High stacking fault alloys exhibit accelerated recovery, and a well-defined
substructure is formed at high-temperature deformations [35].

In this chapter, the hot deformation behaviour of a and B-phases is presented.
2.4.1. a-phase

The deformed microstructure results from the DRV and consists of subgrains, sharp
LAGBs, and dislocation networks between subgrains. Slip occurs on the {0001} basal, {1010}
prismatic, as well as on the {1011} pyramidal planes. Thus, the critical resolved shear stress values
in all slip planes are comparable at temperatures above 600 K [36]. Planar slip is predominant
below 500 K, changing to wavy slip at temperatures between 500 and 800 K, and above 800 K
slip is random and equally probable in all slip planes [36]. Intense cross-slip-assisted DRV plays
a role at temperatures above this threshold, leading to marginal strain hardening [36]. Al plays a
major role in defining the slip behaviour due to solid solution hardening [36].

Globularisation of the a-phase occurs during hot compression in the a+p field, as is shown
in Figure 8. It decreases its activity with an increase in temperature [37]. Figure 8a shows a typical
micrograph where the grooving of the a/f interfaces are indicated by the dashed red curves and
pointed by the violet arrows. Formation of subgrain boundaries within a-platelet is Figure 8c [38],
and the wedge of the B-phase into the a-phase leading to their separating is shown in Figure 8e
[38]. According to Jackson et al. [39], two possible mechanisms can describe for the transformation
of lamellar a-phase into shorter segments during hot deformation. One mechanism suggests that
both low and high angle grain boundaries are formed across a-phases and that the B-phase can
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penetrate into the lamellar a-phase along these boundaries. If the a-lamella width is small, the
separation of a-phase will occur faster. The diffusion of alloying elements through the bulk or along
the interfaces would control the penetration rate. This mechanism is illustrated in Figure 8d,
considering the diffusion of Al and V for the a and B-phase, respectively. The second mechanism
is related to the localised shear and rotation of the a-lamella during hot deformation. The
penetration of B-phase into the a-phase along shear lines may also occur, separating the a-lamella
into shorter segments [40]. Yu et al. [38] proposed that the globularisation process should occur
in four stages: 1) subgrains form in the a-plates due to DRV; 2) migration of subgrains due to a/8
interfacial instability and thermal grooving; 3) an interface migration occurs promoting the B-phase
to wedge into the a-phase; 4) the a-laths disintegrate due to diffusion and grain boundary sliding.
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Figure 8: Typical micrographs for the dynamic a-globularisation: a) Grooving of a/B interface for a
Ti-17; (b,c,e,f) [38] micrographs from transmission electron microscopy (TEM) showing
b) accumulation of dislocations in a-phase, c) formation of subgrains in a-platelets, e) wedge of
B-phase into a-phase, f) formation of globular a-phase; d) schematical illustration of the thermal
grooving at boundaries within a-phase with the diffusion of a (Al) and 8 (V) stabilising elements.

Finally, efficiency in the separation of the a-phase is increased by decreasing the
deformation rates. It is suggested that if the strain rate is relatively low, dynamic globularisation
has sufficient time to occur [41]. Similar findings were observed for the globularisation of the a-
phase for Ti-17 (Ti-5AI-2Sn-2Zr-4Mo-4Cr, wt.%) alloy [42—45]. Sun et al. [42] explain the dynamic
globularisation of the a-phase as the result of rotational recrystallisation and GDRX.

2.4.2. B-phase

It is reported in the literature that the restoration mechanisms that can dominate during the
hot deformation of the B-phase are related to temperature, strain rate, and phase volume fraction
[46]. Furuhara et al. [47] showed that the presence of a-phase enhances the DRX of the $-phase.
No detail or statement was addressed to the type of DRX (continuous, discontinuous, or
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geometric). Moreover, DRX of the B-grains was previously proposed to be the main deformation
mechanism in the B-field [48]. Furthermore, the deformation mechanisms of the B-phase were
studied by Li et al. [49] for a series of heat-treated Ti-17 alloy. A high misorientation spread within
the B grains, accompanied by local texture, was observed in regions of globularised a-platelets.
Moreover, advanced stage of CDRX in the B-phase with the formation of new HAGB is observed
in areas where the a-platelets were kinked, while only subgrain formation via DRV was observed
in the other regions [49].

Other investigations suggest DDRX as the active recrystallisation mechanism in Ti alloys
[28,50—60] and that the applied strain rate controls the occurrence of DDRX or CDRX. They
propose that at low strain rates promote strain-induced boundary migration (SIMB) [61], leading
to the formation of new DDRX grains formed at triple junctions, while CDRX can occur by
increasing the strain rate.

Finally, Poletti et al. [62] proposed a unified description of the softening behaviour of a
B-metastable and a Ti-6Al-4V alloy. The combination of fast cooling rates and reconstruction of
the parent beta phase from electron backscattered diffraction (EBSD) measurements enabled the
conclusion that DRV is the restoration mechanism for the 3-phase during hot deformation. At large
strains, the B-phase undergoes DRV [62] followed by CDRX [63] or GDRX [64,65].

2.4.3. Investigated alloys: Ti-5553 and Ti-17

Ti-5553 (Ti—-5AI-56Mo-5V-3Cr, wt.%) is a near B-Ti alloy with excellent workability and a
good combination of strength and ductility [66]. The usual processing route includes plastic
deformation at high temperatures, mainly aiming to tune the microstructure to adjust the
performance of the product during service. Ti-17 (Ti-5Al-2Sn-2Zr-4Mo-4Cr, wt.%) is a ‘beta-rich’
a+B Ti alloy that was designed to achieve 25% higher strength compared to Ti-6Al-4V, fracture
toughness of 65 MPa.m'?2, and uniform hardening behaviour in sections as big as 150 mm?. Its
applications correspond to gas turbine engine components, such as disks for fan and compressor
stages [67]. Like many Ti alloys, forging followed by heat treatments is the typical processing route
of this alloy.
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Figure 9: Continuous cooling transformation (CCT) diagrams for the: a) Ti-5553 [68];
b) Ti-17 [69].
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Figure 9(a,b) shows the continuous cooling transformation (CCT) diagram for the Ti-5553
and Ti-17, respectively. The formation of a-phase for cooling from the B-domain starts at
temperatures as low as 700°C for both alloys and comparing the same cooling rate, occurs first
for the Ti-17 compared to the Ti-5553. Moreover, for cooling rates higher than 30°C/min (0.5°C/s),
retained B-phase will be retained for the Ti-17. For cooling rates higher than 60°C/min (1°C/s),
B-phase is totally retained for the Ti-5553 at room temperature.

The microstructure modification during hot deformation was investigated [41,42,44,49,70],
and dynamic globularisation of the a-phase [42—45] is responsible for the flow softening observed
during deformation in the a+f domain. The hot deformation behaviour of Ti-17 with different initial
primary a-phase morphologies was investigated in [70]. Higher values of stresses at the peak
stress were observed for the material with lamellar microstructure. The initial microstructure did
not influence the flow stress at a steady state.
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Figure 10: a) power dissipation map for a Ti-5553 alloy [63]. A, B, and C indicate regions where
grain boundary sliding, DRV, and CDRX are proposed as deformation mechanisms; b) summary of
deformation mechanisms found in a Ti-55531 up lo a local strain of 0.7 [64].

A power dissipation map obtained for the hot deformation of a Ti-5553 alloy [63] is shown
in Figure 10. The regions A, B and C indicate domains of stable flow. A is associated with grain
boundary sliding and superplasticity, B with a dominant effect of DRV and C with CDRX due to
intensive formation of LAGBs [63]. Overall, any deformation below 0.1 s™' seems to lead to stable
flow for the Ti-5553. A summary of proposed deformation mechanisms as well as typical
microstructures of a Ti-55531 alloy is shown in Figure 10b [64]. DRV, gDRX and cDRX are
observed for different temperatures and strain rate regimes, while adiabatic flow and deformation
bands occur at high strain rates.
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Figure 11: Proposed mechanisms of deformation for a Ti-17 [71] for the: a) a-phase;
b) B-phase.

Ricardo Henrique Buzolin

13



PhD thesis State of the art

The deformation mechanisms related to the energy dissipation are shown in Figure 11 for
the processing maps for a Ti-17 [71]. Two different mechanisms of deformation in the a-phase are
identified: lamellae kinking and globularisation. High strain rates and low temperature promote
lamellae kinking, while high temperature and low strain rate promote dynamic globularisation of
a-phase. Three different mechanisms are proposed for the [(-phase: DRV, CDRX and
“deformation” [71]. The last one is associated with the formation of a deformed microstructure
without a notable formation of LAGBs nor HAGBs. CDRX occurs in the a+ domain, while CDRX
and DRV are indicated as main mechanisms in the f-domain for low strain rates. The increase in
train rate leads to the formation of deformation within the B-phase, associated with the formation
of misorientation spread without the formation of LAGBs nor HAGBSs.

2.5. Mesoscale modelling of the hot deformation behaviour

Physical models based on internal variables such as the dislocation density evolution have
been developed to predict the stress relaxation [72,73], anisotropic yield behaviour [74,75], cyclic
strain-strain behaviour [76], adiabatic shear banding [77], work hardening [62,78,79], up to
extremely high strain rates [80], and DRV and DRX of different materials: general and multiscale
DDRX description [27], plain carbon steels [81], high grade steel [82,83], Ni superalloy [84,85], Cu
alloys [86,87], Ti-6Al-4V [57] and Ti-Nb-Al alloys [88].

From discrete dislocation dynamics [89] to phenomenological approaches [90,91], the hot
deformation behaviour of metallic alloys has been modelled and predicted. Among the methods
that showed considerable predictability power when implemented for simulations of complex parts,
the mesoscale models are of great interest [71]. Initial attempts to develop dislocation density-
based models for metal plasticity were made by Kocks [92], Bergstrém [93], Bergstrom and
Roberts [94], Roberts and Bergstrom [95] and Mecking and Estrin [96]. These initial attempts to
model fundamental material physics were later developed to include more detailed and complex
mechanisms. Bergstrom [97] partitioned dislocation density into mobile and immobile. Another
approach followed by Estrin et al. [98] was to split dislocations into low dislocation density channels
and high dislocation density walls with separate evolution equations. Feaugas [99], Feaugas and
Gaudin [100] extended this to account for kinematic hardening by separating the immobile
dislocation density to walls and channels. Barlat et al. [101] used a similar framework with forest
and reverse dislocation densities to describe the Bauschinger effect. Statistically Stored
Dislocations and Geometrically Necessary Dislocations used by Arsenlis et al. [102] and Cheong
et al. [103] are fundamentally similar to Estrin’s model (Estrin et al. [98]). Ghoniem et al. [104]
proposed a dislocation-based model to describe the creep behaviour of steels, comprising of
comprehensive rate equations to account for the several dislocation density reactions that can
occur in a mesoscopic scale. The hot deformation behaviour of Ti and Ti alloys was also simulated
using dislocation density-based models [105], [106],[107]. The prediction of the deformation
behaviour of a Ti-6Al-4V over a wide temperature range was achieved [107], while constitutive
equations applied to room temperature deformation were developed to describe the complex
deformation mechanism [105]. The influence of the chemical composition on the deformation
behaviour of a Ti-6Al-4V is considered in the constitutive equations proposed by Picu and Majorell
[106].
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2.6. Load partitioning in two-phase Ti-alloys

Among the proposed models for Ti-alloys, either only the deformation of one phase for the
a+B domain is considered [52,60] or the distinction each phase is neglected [50,55-57]. Self-
consistent models have been successfully applied to predict the hot deformation behaviour of two-
phase materials [51,108—110]. The anisotropic deformation behaviour between a and B-phase is
related to the strain partitioning as well as Hall-Petch strengthening between a and B-phases
[111,112]. The deformation of hard platelets of a-phase immersed in a softer B-matrix occurs
differently for both phases. As explained in [113—115], iso-strain, iso-stress, and iso-power
conditions have to be taken into account. The change in load transfer mechanism between both
phases explains the observed flow softening in the a+p domain.

2.6.1. Initial a-lamellar structure
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Figure 12: Schematical representation of the evolution of the load partitioning between a and
B-phases from iso-strain to iso-stress regime

The flow softening in the a+f domain from a starting a-lamellar structure is attributed to
the process of dynamic a-globularisation [44,116,117]. It was proposed that dynamic a-
globularisation is a type of DDRX [52] that consume a notable large dislocation density formed
within the a-phase. However, the process of globularisation consists of a progressive formation of
boundaries within the a-platelets and grooving of the a/f interfaces until the complete separation
of the formed a-particles is achieved [42,44]. The flow softening must be related to the
transformation of a platelet of an initial aspect ratio into smaller grains of a-phase, and, therefore,
for a change in the load partition model.

Ricardo Henrique Buzolin 15



PhD thesis State of the art

Canelo-Yubero et al. [118] observed that B-phase is majorly a load transfer agent during
hot deformation for a Ti-6Al-6V-2Sn alloy, while the a-lamellae deform by rotation with respect to
the crystal orientation of the B-matrix until the yield stress of a-phase corresponds to the flow
stress of [B-phase. Therefore, the geometric modification of the a-phase via dynamic
globularisation and the stress evolution are correlated. Additionally, Canelo-Yubero et al. [118]
show that the crystallographic texture an effect in the softening has, although this change is not
enough to account for the whole softening. This effect is indirectly considered as a new load
partition regime of overall lower stress. The change in flow partition is shown in Figure 12 and
describes the combined effects that lead to a flow softening during deformation in the o+ domain
without pointing at the physical phenomena.

2.6.2. Initial a-globular structure

The flow softening in the a+ domain from a starting a-lamellar structure is interpreted as
a consequence of the rotation of the globular a-phase with respect to the B-matrix, leading to
different plastic strain rates between a and 3 phases. It leads to back-stresses [99,119,120] that
can be understood as internal stress built in the soft phase that can cause a local decrease of the
stress withstood by the hard phase [119]. At the beginning of deformation, both phases dissipate
the same energy, i.e. so-power [115] regime. Once the a-phase accommodates the plastic
deformation by rotation, the iso-stress regime is reached.

2.7. Static recrystallisation phenomenon

Static recrystallisation (SRX) occurs when deformed materials are held at temperatures
higher than the homologous temperature. In this case, the stored energy that is built in the material
due to plastic deformation is the driving force to produce new dislocation-free grains [121]. The
kinetics is temperature and stored energy-dependent and can be divided into two simultaneous
processes of nucleation and growth. Nucleation consists of a crystallite of low internal energy that
grows into a deformed or recovered material from which it is separated by a HAGB [121]. The
number of nuclei per unit volume can either remain constant during SRX or increase. The first
case is consists of saturated nucleation, and the number of nuclei is a critical parameter to
describe SRX, while in the second case, the nucleation rate is the critical parameter to describe
the nucleation process [121]. The nucleation sites in SRX are non-randomly distributed, and prior
grain boundaries, shear bands, and transition bands are potential sites [121]. The ratio between
the number of nuclei to the number of potential sites defined the overall inhomogeneous
distribution of nuclei.
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a)

Grain 2 E,

Figure 13: Schematic representation of the SIBM [121]: a) SIBM of a HAGB separating a grain of
low stored energy (E1) from one of higher energy (E:), (b) movement of HAGB via dragging of the
substructure behind the migrating HAGB, (c) the migrating HAGB is not dragged from the
dislocation structure, (d) SIBM of a HAGB originating at a single large subgrain.

Among the investigated mechanisms of nucleation and growth, strain-induced boundary
migration (SIBM) has been observed in several metallic materials [121]. It consists of the bulging
of a part of the pre-existing grain boundary that moves towards a region of lower stored energy.
Two types of SIBM can occur depending on the driving force: multiple subgrain SIBM or single
subgrain SIBM. In the first case, the bulging boundary is joined to the lower grain with higher
dislocation density by an array of dislocations of LAGBs. Moreover, the separation of regions of
high or low stored energy is not straightforward at the stage where the bulged boundary becomes
hemispherical [121]. The schematic representation of SIBM is shown in Figure 13. The cases b,
¢, and d represent: a) a boundary separates regions of high stored energy; c) a boundary
separates a region of high stored energy and a perfect crystal; d) SIBM occurs at a large and
single subgrain.

On the other hand, single subgrain SIBM occurs in a material with a well-recovered
subgrain structure [121]. A single large subgrain is originated from the subgrain structure. An
energy difference between the two grains is not required for single subgrain SIBM. However,
higher stored energy difference across the boundary decreases the critical subgrain size for SIBM.
Therefore, multiple subgrain SIBM occurs under most conditions, while for low stored energy
difference between the grains, single subgrain SIBM can play a role.
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2.8. SRX of the B-phase in Ti-alloys

The SRX of Ti-alloys has been investigated [122—-131], and the kinetics of SRX of Ti-64
during B-annealing following hot deformation in the B-domain was established [128]. Moreover,
heterogeneities in SRX in the B-domain following B hot deformation for Ti-64 and Ti-5Sn-0.5Mo
[129,130] were associated with variations in the local deformation inside grain and between grains.
On the other hand, hot deformation below the B-transus temperature followed by B-annealing is a
common practice to obtain a uniform, refined grain size, and the thermo-mechanical processing
parameters have been systematically investigated for various Ti-alloys [125-127]. The SRX
behaviour of Ti-17 was investigated by Semblanet et al. [126], and grain-size refinement was only
achieved for relatively short times (<30 min) while B-grain sizes comparable to or greater than the
starting size are produced due to static grain growth for longer soaking times.

Several mesoscopic SRX approaches have been proposed [132—-136], and they differ from
assuming a nucleation rate of recrystallised grains [133,136] or merely assuming the growth of
organised cellular structures [134,135]. The development of a deformation model based on the
crystal plasticity finite element method enabled the prediction of the spatial distribution of stored
deformation energy in the material [133]. Despite the accuracy and power of predictability of those
models, this method cannot be applied for simulation of a typical thermo-mechanical process in
industrial components due to the substantial computational effort.
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3. Motivation

The technological motivations are:

e The need for a simple but robust physically-based model for phase transformation
considering all a fractions and morphologies as well as the B-starting condition motivate
the development of this work.

e Robust, accurate, and simple computational models to simulate the f—a transformation,
hot deformation and static phenomena are necessary to predict and control the evolution
of the microstructure in components with complex shapes produced by thermo-mechanical
processing. The models must be able to predict not only the microstructure after the
thermo-mechanical process but also to be able to account for the influence of the starting
microstructure.

The open scientific questions are:

e The understanding and identification of the restoration mechanisms are necessary to
develop a physically-based model for the hot deformation behaviour of Ti alloys. Although
CDRX or GDRX are observed as restoration mechanisms for high stacking fault energy
materials, most existing models still consider DDRX as the deformation mechanism
[28,50-60].

e The difference in strength between the a and B-phases leads to a load transfer during
deformation. The harder phase deforms with a lower plastic strain rate in comparison to
the softer phase. However, a relationship between the plastic strain rates is not
straightforward. Depending on the morphology, distribution, and interconnectivity of the
phases, different behaviours can be observed [70]. The dynamic globularisation of the a-
phase and associated with flow softening observed during deformation in the a+p domain
[52] need to be physically modelled

The following questions are meant to be answered in this work:

¢ How can the whole thermomechanical processing route of Ti alloys be described using
physical models using the same set of internal variables?

e Can CDRX of the B-phase be described in a mesoscale model that also couples other
metallurgical phenomena, such as dynamic globularisation of the a-phase?

e How is the stored energy predicted after hot deformation coupled to an SRX model for
annealing treatment?
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4. Objectives and innovative aspects

The main objective of this work is the establishment of the relationships between the
processing parameters, the chemical composition, and the measured properties through the whole
processing route of Ti and Ti alloys is.

The specific objectives are:

o Describe and model the phase transformation sequence during continuous cooling for a
Ti-6Al-4V

o Describe and model the hot deformation behaviour of Ti alloys in a+p and 3 domains

e Quantify the microstructural features and their evolution during hot deformation and
establish the relationships to the measured flow stress

e Describe and model the SRX phenomena

e Couple the hot deformation model with the model for SRX using the same internal variables
and microstructure description

The innovative technological aspects are:

e The development of a mesoscale model to predict the combined formation of primary,
secondary and allotriomorphic a-phase during cooling

e The development of a novel and unified mesoscale model that can predict the
microstructure evolution of Ti alloys during deformation followed by SRX

The innovative scientific aspects are:

e Several dislocation reactions are coupled with CDRX to account for different phenomena
and used to predict the flow stress and microstructure evolution during hot deformation

¢ The misorientation distribution of formed boundaries during deformation is described as a
weighted sum of Rayleigh and Mackenzie distributions

e The plastic deformation behaviour of a biphasic alloy is described, and the change in load
partitioning regime is used to describe the flow softening
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6. Experimental procedures

Three Ti alloys were used in this work. A Ti-6Al-4V was used for phase transformation
investigations, and a Ti-5553 and a Ti-17 were used for the investigation of the hot deformation
behaviour. The SRX behaviour of the Ti-17 was also investigated.

6.1. Materials
6.1.1. Ti-6Al-4V

The Ti-6Al-4V used in this investigation was cogged in the 3 and a+f-domains, annealed
at 730°C for 1h and air-cooled. The B-transus calculated using JMatPro® v.10 is 995°C, and the
chemical composition is listed in Table 1 [137].

Table 1: Chemical composition of the investigated Ti-6Al-4V [wt. %].

Al \' Fe o Cc N H Y
6.54 4.21 0.20 0.185 0.028 0.023 0.000335 <0.001
6.1.2. Ti-5553

A disk 127 mm of a commercial Ti-5553 (Ti-5Al-5V-5Mo-3Cr) alloy was delivered after
cogging in the a+p domain. The alloy presents a B-transus temperature of ~860°C, calculated
using JMatPro® v.10 for the standard chemical composition as listed in Table 2, in agreement with
the literature [138,139].

Table 2: Chemical composition of the investigated Ti-5553 alloy [wt. %].

Al \" Mo Cr Fe o N C Ti
5 5 5 3 0.46 0.13 0.005 0.1 Bal.
6.1.3. Ti-17

A disk of 256 mm of Ti-17 alloy was delivered after cogging in the B-domain. The calculated
B-transus temperature using JMatPro® v.10 is 865°C, and the chemical composition is listed in
Table 3.

Table 3: Chemical composition of the investigated Ti-17 [wt %].
Al Mo Sn Zr Cr \' Fe 0] C N H

49 3.91 1.95 1.91 3.68 0.01 0.08 0112 0.07 0.05 0.0043

6.2. Heat treatments followed by continuous cooling

The procedures shown here were already published in [140] for the Ti-6Al-4V. Cylindrical
samples with a diameter of 5.5 mm and a length of 10 mm were used for heat treatments. A
dilatometer DIL 805A/D (TA Instruments, Hullhorst, Germany) was used to perform the continuous
cooling treatments for the Ti-6Al-4V alloy. The tests were carried out in a protective atmosphere
of Argon. After heating with a rate of 30°Cmin™', the samples were held for 1h at two different
holding temperatures (‘Tw’) in the a+f field, 930 and 960°C, and then continuously cooled down
to room temperature. The cooling was conducted using five different cooling rates: 10, 30, 40, 100,
and 300°Cmin-', and the thermo-cycle is schematically shown in Figure 14a.
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Interrupted continuous cooling heat treatments were carried out in order to elucidate the
mechanisms governing the B—a transformation during cooling. The samples were heated at
30°Cmin", held for 1h at a constant temperature of 960°C, and cooled with 10 and 100°Cmin".
The samples were quenched using argon flow for four different temperatures (‘Ty’), 900, 875, 850,
and 800°C, and the thermocycle is schematically shown in Figure 14b.
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Figure 14: Cooling treatments for the Ti-6Al-4V: a) continuous cooling; b) continuous cooling
interrupted by Ar quenching (ArQ). Ty and T; are the holding temperature and the temperature of
interruption, respectively.

6.3. Hot compression and hot torsion tests

The procedures shown here were already published in [141] for the Ti-5553 and in [142]
for the Ti-17. Cylindrical samples with 10 mm in diameter and 15 mm in length were wire cut with
the length perpendicular to the forging direction and parallel to the cogging direction for both Ti-
5553 and Ti-17. The samples were hot compressed using a Gleeble® 3800. The hot deformation
tests were performed for the Ti-5553 in the a+p phase domain at 800°C, 820°C and 840°C and in
the single B-phase domain at 880°C, 900°C and 920°C. The tests were performed for the Ti-17 in
the a+f phase field at 810°C, 830°C and 850°C and in the single B-phase field at 930°C, 950°C
and 970°C. Five different strain rates from 0.001 s to 10 s were tested. The specimens were
heated up at 300°Cmin. Test samples were soaked for 5 min before compression in the B-domain
for the Ti-5553, and for the other conditions and both Ti-5553 and Til7 alloys, they were soaked
at the testing temperature for 15 min before deformation. The temperature was measured with a
thermocouple type K welded at the surface of the sample, and Ar was used as a protective
atmosphere. Carbon and Ta foils were used to reduce the friction between the sample and the
anvils. The samples were in-situ water quenched immediately after hot deformation to preserve
the microstructure. The microstructure before deformation was also investigated by soaking for
the same holding time before compression at the tested temperatures followed by in-situ water
guenching. In the case of the Ti-17 alloy, interrupted tests at 0.25 strain were performed in both
a+B and B-domain, as well as at 0.50 strain in the a+f domain, to address the microstructure
evolution and to compare with the results obtained using in-situ synchrotron radiation diffraction.
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The stress-strain data were corrected for adiabatic heating [143] [144], using a material
density of 4300 kgm™ [145], a specific heat (C,) [JK'*kg™ ] and thermal conductivity (K,,) [Wm™K"
!] given in Equation 1 and Equation 2, respectively. Thermal conductivity of 10 Wm™K™ [144] was
considered for a die of TiC.

C,=5.82:10"%-T%-1.12:10°-7+6.18:10°° Equation 1
Ky =-0.0109-T + 34.22 Equation 2

Cylindrical samples of the Ti-5553 with a gauge of 10 mm diameter and 20 mm length were
deformed using the torsion module of a Gleeble 3800®. Experiments were performed in the single
B-phase field at selected conditions. The tests were conducted up to effective strains of 7.3 (8
revolutions). The specimens were heated up with a rate of 5°Cs? and held at the testing
temperature for 5 min before the deformation started. The temperature was measured and
regulated using S-thermocouples on the side of the sample. A second thermocouple on the
sample’s shoulder served as a reference. After hot deformation, in situ water quenching was used.

6.4. In-situ synchrotron radiation diffraction during hot
compression

The procedures shown here were already published in [146] for the Ti-17. In-situ hot
compression tests in the B-domain were performed using synchrotron radiation diffraction
experiments at the P07 beamline of Harwi-ll, DESY (Deutsches Elektronen-Synchrotron) in 2011.
A monochromatic beam with the energy of 100 keV (A = 0.0124 nm) and slit dimensions of 1.0 x
1.0 mm? was used. Cylindrical specimens of Ti-17 with a diameter of 5 mm and a length of 10 mm
were used for the in-situ compression experiments. The diffraction patterns were recorded with a
Mar555 flat panel detector with a pixel size of 139 x 139 ym?, which was placed at a sample-to-
detector distance of 1528 mm from the specimen (distance calibrated with a LaBe standard powder
sample). The acquisition time for each image was 3 s. The specimens were placed in the chamber
of a DIL 805A/ D dilatometer (TA Instruments, Hillhorst, Germany), combined with a modified
heating induction coil so that the beam passes only through the sample [147]. The specimens
were heated up to the deformation temperature at a rate of 300°Cmin” and held at this
temperature for 5 min before the deformation to ensure temperature homogeneity. The incident
beam was fixed at 3.5 mm from one side of the sample, and a maximum change in the diffracted
volume at the end of the deformation was estimated at ~ 28% [148]. The matrix of experiments
with the deformation conditions and holding time after deformation is shown in Table 4. The “SD1”,
“SD2” and “SD5” were used to investigate in detail the hot deformation behaviour of the Ti-17,
while “SD1”, “SD3” and “SD4” were used for the investigation of the SRX behaviour of the Ti-17.

Two types of analysis were performed:

e The two-dimensional diffraction patterns were converted into azimuthal angle—time/strain
(AT) plots to study the evolution of the microstructure, according to the methodology
explained in [149] which is briefly summarised following: i) stacking of the recorded 2D
images, ii) selection of the diffraction ring and conversion into cartesian coordinates with a
final 3D volume of axis 26, t (or strain €), and ¢ (azimuthal angle), and iii) projection over
the t (or €)-¢ plane. These plots are generated for the chosen crystallographic planes. The
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starting point for the time was right after the deformation stage, i.e. at the beginning of the

isothermal heat treatment.

o The Debye-Scherrer rings were also azimuthally integrated to generate the diffraction
patterns and study individually the diffraction peaks $-110, B-200, and B-211. The full-
width-at-half-maximum (FWHM) and the normalised interplanar distance for each plane
(i.e. divided by the interplanar distance at the beginning of the isothermal treatment) were

calculated.

Table 4: Matrix of the performed hot compression tests followed by annealing treatments during
in-situ synchrotron radiation diffraction measurements.

ID Temperature [°C] Strain [-] Strain rate [s™] Annealing time [min]
SD1 930 0.5 0.001 10
SD2 930 0.7 0.01 2
SD3 930 0.5 0.1 10
SD4 930 0.5 5 10
SD5 970 0.5 0.001 -

6.5. Static recrystallisation experiments

The procedures shown here were already published in [146]. The SRX behaviour of Ti-17
was assessed by performing hot compression tests followed by isothermal heat treatments (Figure
15a) at the deformation temperatures for specific holding times of 1 min, 5 min, 20 min and 60 min
for the deformation at 0.001 s, and 15 s, 1 min, 5 min and 20 min for the deformation at 0.1 s*
and immediately water quenched after the holding time. Continuous cooling heat treatments after
deformation (Figure 15b) were also performed after deformation at 930°C for 0.001 s and 0.1 s°
! followed by cooling at 2°Cmint, 5°Cmin! and 30°Cmin* and interrupted at 810°C by water

guenching the specimens.

Figure 15: SRX experiments performed at the Gleeble® device: a) isothermal holding after hot
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compression; b) interrupted continuous cooling after hot compression. H stands for the holding
time prior to hot compression experiments. &, £ and WQ correspond to the strain, strain rate, and
water quenching, respectively. SRX is the static recrystallisation treatment.
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6.6. Microstructure investigation

6.6.1. Metallographic preparation

The samples were cold mounted and ground using SiC paper, polished using oxide
polishing solution (OPS), and vibro-polished before the microstructure investigation. For light
optical microscopy (LOM) analysis and EBSD investigations in a+f domain where only B-phase
is measured, samples were etched for 15 s with the Kroll’s reagent: 91 ml water, 6 ml HNO3
(69 vol.%), and 3 ml HF (40 vol.%). The samples were etched for 2 min before the EBSD
investigations in the B-domain using a modified Kroll’s reagent: 75 ml water, 15 ml HNO3, and 10
mL HF. Preparation using a cross-section polisher JEOL SM-09010 was used instead of chemical
etching before the EBSD investigations in the a+@ domain of Ti-17.

6.6.2. Microscopy and Electron-backscatter diffraction

The scanning electron microscopy (SEM) analyses were conducted using a Tescan Mira3
microscope equipped with a Hikari EBSD camera and a JEOL JSM7001F microscope. Secondary
electron (SE) and backscattered electrons (BSE) images were acquired using an acceleration
voltage of 10 kV and a working distance of 10 to15 mm. An acceleration voltage between 15 to 30
kV, a working distance of 15 to 25 mm, and a spot size between 5 to 100 nm were used for the
EBSD measurements acquired using a TSL-OIM Data Collector® software package. The data
treatment was performed using the software OIM DataAnalysis® v.8. A confidence index
standardisation was performed considering a minimum grain size of 5 points and a minimum
boundary misorientation angle of 12°. Finally, the neighbour confidence index correlation was used
to re-index the data-points with a confidence index lower than 0.5.

The kernel average misorientation (KAM) was calculated with respect to the first neighbour.
The recrystallisation grade of the SRX samples was evaluated using grain orientation spread
(GOS) analysis, and grains with misorientation spread lower than 2° were considered statically
recrystallised. The Taylor factor was calculated according to the deformation gradient matrix of
uniaxial compression (Table 5) and considering the possible slip systems for a bcc system for the

B-phase: {110KT11), {211}T11), and {321XT11).
Table 5: Deformation gradient matrix for the calculation of the Taylor factor maps.

Deformation gradient

0.5 0 0
0 0.5 0
0 0 -1

6.6.3. Image analysis

For the Ti-6Al-4V, a minimum of five representatives LOM micrographs were analysed for
each cooling rate and holding temperature for the quantification of the globular a,. The procedure
is shown in Figure 16. For each micrograph (Figure 16a), the particles of a, were manually marked
using the software GIMP (GNU Image Manipulation Program) [150] (Figure 16b) and analysed
using ImageJ® software [151], Figure 16d

The aspect ratio of the globular a, was calculated by fitting an ellipse to each of the globular
particles using ImageJ® software and calculated as the major axis divided by the minor axis, Figure
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16¢. This procedure was adopted to compare the obtained data with an ideal circle, minimizing
the influence of the presence of protuberances in the measured aspect ratio for the different
a-morphologies. The circularity was measured according to Equation 3.

4TTAREA
Circularity= ———— Equation 3
PERIMETER

Taking image with Marking of ap by
hand

Analysis with
ImageJ

Figure 16: Procedure for the measurement of the shape descriptors of the ap: a) LOM micrograph;
b) ap marked by hand; c) fitted ellipse; d) analysis with ImageJ.

A minimum of five representative SE-micrographs was acquired to measure the thickness
of age and asec. Two procedures were adopted and are schematically shown in Figure 17.

e Method I: a mean value of the thickness of ace as well as of asec were measured based
on the stereology procedures for quantification described by Tiley et al. [152],
Figure 17(a,b).

e Method IlI: the interspace distance between the lamellas of asec and the thickness of acs
were manually measured to obtain a thickness distribution, Figure 17(c,d).
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Figure 17: Procedure for the measurement of the thickness of acs and asec: Method I (a,b) and
Method Il (c,d). A SE-micrograph (a) is measured using the line-intercept method (b), while
interspace distance between the lamellas of asec and the thickness of acg are manually marked

(c) and measured using ImagedJ to obtain a thickness distribution (d)

For the Ti-17 alloy, BSE micrographs were acquired to measure the shape descriptors of
the a-phase. The procedure is shown in Figure 18. The micrographs were analysed using the
software ImageJ® [151]. The particles of a-phase were fitted using ellipses, and the aspect ratio
and minor axis were calculated. The aspect ratio is calculated as the ratio between the major and
the minor axis of the fitted ellipse. The thickness of the a-particles is considered as the minor axis
of the ellipse.

5 5 .J - - - ‘mn-j :~ . ) '- P L d - _ -y < © o ' ., 2 ©
Figure 18: Procedure to obtain the shape factors in a-phase for the Ti-17.
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7. Modelling

The developed models comprise three significant phenomena: phase transformation, hot
deformation and SRX. Phase transformation was developed as a separated model, while the hot
deformation and SRX models are coupled.

7.1. Phase transformation in Ti-6Al-4V

The model strategy shown here was already published in [140]. The modelled
microstructure consists of three significant a-phase morphologies, Figure 19a: ap, dsec, and dgs,
all embedded in a B-phase matrix with chemical composition Cw, Figure 19b. In the proposed
model, the formation of asec, ags, and a, is computed simultaneously and is separated on
nucleation kinetics (does not apply for the ap) and growth kinetics. The growth of spherical a,
during cooling in heat treatments conducted below the B-transus temperature was modelled based
on [9]. Mean diameter of spherical a, instead of a distribution of sizes is considered. The
formations of ags and asec were modelled based on the classical model of nucleation and diffusion
equation for the growth of platelets [10].

a) QAgp b) Cy

AsEc

_—

W

Figure 19: a) Different morphologies of a-phase: primary (ap), secondary (asec) and allotriomorphic

(acs), formed during cooling for a typical Ti-6Al-4V alloy; b) growth of a spherical particle of radius

R and particle composition Co embedded in an infinite matrix of composition Cy, in which C; is the
chemical composition of the matrix at the interface.

7.1.1. Growth of primary alpha (ap)

Semiatin et al. [9] showed that for Ti-6Al-4V the growth of spherical a, phase during cooling
is governed by V diffusion from a-phase into p-phase and that the supersaturation of V in the

B-phase is the driving force for the growth of a,. The intrinsic diffusion coefficient of V in 3 Ti (DE,)
as a function of temperature T (in K) is calculated from [153] and also adopted in [9] and [154]
(Equation 4) [140].
17460 .
D& (um2/s) = 1x10% 7 Equation 4
The growth of a spherical particle embedded in an infinite matrix of the composition Cy, is
given according to Equation 5 [9].
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=N Y Equation 5

R is the radius of the a, particle, and A is a growth rate parameter calculated according to
Equation 6 [9].

{/\Ze"z} [e"‘z- ATr!/ 2erfc(/\)] = Equation 6

0]
2

The parameter W corresponds to the supersaturation of V. It is calculated according to
Equation 7 and related to Figure 19b [9].

_(Cw-C)

Y=o

Equation 7

C, is the composition of V in the B-matrix at the a-phase interface, and Cp is the
composition of V in the a, phase. C, and Cp are considered as the equilibrium phase compositions
of the B-phase and a-phase, respectively, obtained from the phase diagram [140]. They are
regarded as constant values with respect to the temperature [9]. Following this assumption, ap,
asec, and ags have the same Cp. The compositions are given in wt.%.

The supersaturation is the driving force for the growth of a,. The a-phase fraction at
equilibrium as well as the chemical composition of the B-phase (C|) was calculated using the
software JMatPro® v.10 in wt.% and are shown in Figure 20 a and b, respectively [140]. To account
for the soft impingement on the “far-field” matrix composition, Cy, is calculated using a usual mass
balance between the total fraction of a (fy) phase, as given by Equation 8 [9].

CM=(C(01-_—f?SP) Equation 8

Cy is the nominal concentration of V in the material (Table 1).
8)100 b) 40

80- — 301
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Figure 20: Simulated data using JMatPro® v.10: a) equilibrium a-phase fraction; b) equilibrium V
concentration for the B-matrix obtained from the phase diagram.

The evolution of the fraction of the spherical aj, (f) is calculated according to Equation 9
considering isotropic growth [9].

3
fap= fgp (—) Equation 9
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fgp and Rg are the initial volume fraction of a, and the initial radius of the a,, respectively.
7.1.2. Formation of allotriomorphic alpha (agg)

Due to the high anisotropy in the interfacial energy, a plate-like morphology of the a-phase
is observed of both asec and age[140]. In the present model, the lengthening is considered notably
higher in comparison to the thickening as also suggested by phase-field simulation [155].
Therefore, the volume fraction of asec and age increases mainly due to the increase in the number
density and their thickness [10]. The nucleation, growth, and overall transformation kinetics of
grain boundary allotriomorphic platelets were proposed for steels [13] and titanium alloys [14].
Following a similar approach, the nucleation rate of precipitates is given according to Equation 10
[10].

dNgs Q AGuccs .
- Noca(1 - fup - facs - fasec) €Xp (R_'?) exp ( R:IJ'C Equation 10

Nogg is a constant corresponding to the number of incubation sites multiplied by a constant
[23]. Qq is the activation energy for atomic migration across the interface and assumed to be half

of the activation energy for diffusion [156,157]. AG;\lchB is the activation energy for heterogeneous
nucleation, R the molar gas constant and T the absolute temperature. fy,, fogg and fysec are the
calculated volume fraction of a,, ags and asec, respectively, and their sum is the total fraction of
alpha phase (f,) [140]. The activation energy for the heterogeneous nucleation of agg is calculated
according to Equation 11 [10]. Here, no effect of activation energy due to stored energy by
deformation is considered.
« 3
AGnuces = - (Acs) 5 Equation 11

(RT)2 [in (i—“lﬂ)]

A*GB is a parameter to account for nucleation at grain boundary (Aqg), and sympathetic
nucleation (Asyym) [10], Equation 12.

Acs = 0.12Agyy + 0.88Ags Equation 12
Where:
1/ .
Agyy = (41TN AYg{BanQz) 3 Equation 13
1
3 2\ /3
A o= (16HNAY“BS(9)Q ) Equation 14
GB_ 3

Na is the Avogadro constant (Np= 6.02214076:10% mol™ ), Yqp is the interface energy
between a/f phases Vop = 0.10 J/m?[23]. Y4 IS the interface energy of a/a phase equals 0.30 J/im?
[10]. Q is the atomic volume of Ti (Q = 1.0896:10° m®mol") and S(0) is a shape factor given as a
"% 20.012 Jm2 [23]. A

small variation in the interface energies (YGB ory,,) hotable impacts the nucleation rate. The

function of the wetting angle of the optimum nucleus shape [23]. yq (S(®)
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parameters representing sympathetic nucleation (Asyy) is a function of both, Vap (second-order)
and y,, (first-order). The parameter Ayg is a function of only Yag (third-order). Finally, the activation

energy for heterogeneous nucleation is adjusted with respect to the measured data as shown in
Equation 12 considering a weighted sum of both Agyy and Aqg [140].

The critical thickness (Bgggit) for a disk-like age to nucleate is calculated according to
Equation 15 [10].

4V0B

9 Equation 15
AGyeB

BGBcrit =-

AGygg is the chemical Gibbs free-energy for the formation of a-phase obtained for a
polymorphous transformation from the parent B-phase, Equation 16 [158].

NG = C-Cp® RT (S _
VGB = 1-C, (1+%%) Cu Equation 16

CEGB is the concentration of V in the ags assumed equal to the V concentration in the a,
(Cp*® =Cp).

If the misfit strain energy is ignored, the nucleus of ags grows by the diffusion process by
the thickening of a planar disordered boundary via a ledge growth mechanism. The evolution in
the volume fraction of ace only depends on the variation of the number density of ags and its
thickness [140]. The variation in number density is related to the number of nuclei and calculated
according to Equation 10 [10]. The thickening of the ags is modelled according to Equation 17.

dBgg _ 2mGB/\éBD5
at Bos

Equation 17

Bgg is the thickness of the ags, mgg is a ledge coefficient to account for the planar
disordered growth [10], and Agg is a growth rate parameter related to the interface asec/B and is
calculated according to Equation 18 [10].

'I'I"]/2 eXp()\éB)erfC(/\GB) = LPGGB Equation 18

Wier = (C,-CM)/(Cl-CgGB) is a dimensionless supersaturation parameter, and considered

equal to Q because CEGB = Cg". The mean thickness of the platelets is calculated according to
Equation 19 [159].

dBos _ dBos, 1 dNes

dt dt  Ngg dt (Beaorit - Bea) Equation 19

The first term corresponds to the growth of the existing platelets of ags, while the second
one represents the contribution of new nuclei of critical size calculated according to Equation 15.
The overall fraction of ags is calculated according to Equation 20 [10].

face = NoeBas Equation 20

The fitting procedure is shown in Appendix A and parameters used for the simulation of the
formation of ags are listed Table A. 1 (see Appendix A).
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7.1.3. Formation of secondary alpha (asec)

The formation of asec is modelled similarly to the formation of agg, i.e., nucleation and
growth of disk platelets. The thickness and number density of the formed asec platelets are
obtained. The lengthening is neglected since it is considered notably faster in comparison to the
thickening of the asec. Differently from the growth of agg that is along the B/ grain boundaries, the
growth of asec occurs from the grain boundary towards the centre of the prior 3 grain as well as
from the a, [140]. The rate of nucleation of asec is given according to Equation 21 [10].

dNsec Q AGnycsec :
T = NOSEC(1 -f(}p -TaGB - GSEC) exp| - R__(I}_ exp| - % Equat’on 21

Nosec is a pre-exponent term similar to Nggg - AG:\,UCsEC is the activation energy for
heterogeneous nucleation of the asec and calculated according to Equation 22 [10].

(Asec)”
(RT)2 [ln (CC—“IA)]2

AGnNucsEC = - Equation 22

A;EC is fitted and calculated according to Equation 23.
Asec = 0.56Agyy + 0.44A g Equation 23

The pre-factors 0.56 and 0.44 for the activation energy for heterogeneous nucleation are
adjusted as shown in Figure A. 1 in Appendix A. The critical thickness (Bsgccit) for a disk-like asec
to nucleate is calculated according to Equation 24 [10].

Bsecerit = - Equation 24

Vap is the interface energy between a and 3 phases, AGysec is the chemical Gibbs free-

energy for the formation of asec obtained for a polymorphous transformation from the parent
B-phase, Equation 25 [158].

AG _ C-Cg¥¢  RT (S _
VSEC = 1-C, (1 +ﬂg) Cu Equation 25
ac, Vv

CSSEC is the concentration of V in the asec, considered to be equal to the V concentration
in the o, and acs (CpEC = Cp®® = Cp) [140].

The growth of the nucleus of asec is modelled as the growth of the age. The thickening of
the asec is given according to Equation 26 [10].

dBsec _ 2mgecNSec D\B/

Equation 26

Bsec is the thickness of the asec, mggc is a ledge coefficient, and Aggc is a parameter
denoting the interface asec/p that is calculated according to Equation 27 [10].

TT1/2 eXp(/\%Ec)erfC(/\SEc) = LPGSEC Equation 27
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Wosec = (C-Cy)/(C-Cp*°) is a dimensionless supersaturation parameter. The mean
thickness of the asec is calculated according to Equation 28 [159].

d§SEC=dBSEC+ 1 dNsec
at dt  Negc dt

(BSECcrit - ESEC) Equation 28

The first term corresponds to the growth of the existing platelets of asec, while the second
represents the contribution of new nuclei of critical size calculated according to Equation 24. The
overall fraction of asec is calculated according to Equation 29 [10].

fasec = NsecBsec Equation 29

The parameters used for the simulation of the formation of asec are listed Table A. 1 (see
Appendix A).

7.2. Hot deformation model

The developed hot deformation model consists of five main elements: microstructure
modelling, microstructure initialisation, constitutive equations, plastic strain rate partitioning, and
rate equations. Two models for rate equations are proposed: a) based on Kock-Mecking formalism
and b) based on the work of Ghoniem et al. [104]. The modelling strategy adopted in a) was
already published in [146], where the hot deformation model is shortly described. The model
strategy for b) was already published in [141] for the Ti-5553, where the microstructure model, the
initialisation of the microstructure, the rate equations, and the Boundary density and misorientation
distribution evolutions are described and discussed. The modelling strategy b) is complemented
by the work already published in [142], where the model of dynamic a-globularisation is described
for the Ti-17. Finally, the load partitioning results in the combined approaches already published
in [141,142]. The procedure to obtain the fitting parameters is schematically discussed in Figure
B. 1 (see Appendix B) and Figure D. 1 (see Appendix D) for the Ti-5553, as well as in Figure E. 1
(see Appendix E) and Figure F. 1 (see Appendix F) for the Ti-17. The fitting parameters of the
model are listed in Appendix B, D, E and F.

7.2.1. Microstructure model

The microstructure is represented by mean values of internal variables, such as subgrain
and grain sizes, dislocation densities, and boundary misorientation distribution [141]. The
dislocation densities are separated into three populations to account for the different roles in the
plastic deformation. The mobile dislocations slide along the active slip systems [160] contributing
to the plastic deformation of the material. Its volumetric density is expressed by p .. The immobile
dislocations are blocked by obstacles, such as other dislocations, boundaries, or phase interfaces
[161], do not contribute directly to plastic deformation [162], and are responsible for the hardening
[162]. Its volumetric density expressed by p,. Athird population named wall dislocation density (p,,)
accounts for the dislocations forming subgrain or wall boundaries. The dislocations form either
cells at low temperatures or sharp subgrain boundaries at high temperatures [76,163,164]. The
proposed model considers the formation of a sharp low angle grain boundary (LAGB). Figure 21
shows schematically the modelled microstructure composed by high angle grain boundaries
(HAGBs), LAGBs, p, and p_,. In Figure 21a, an initial fully recrystallised microstructure is

assumed. At early stages, dislocations multiply while a substructure is formed due to the
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reorganisation of dislocation into LAGBs via DRV, Figure 21(b,c). The subgrains progressively
increase their misorientation due to lattice rotation and/or accumulation of dislocations, forming
new HAGBs via CDRX [25,33], Figure 21d. A steady-state is eventually achieved when reaching
a dynamic equilibrium of production of new LAGBs, and its consumption by the movement of
existing HAGBSs, Figure 21e.

Figure 21: Schematic representation of the microstructure consisted of HAGBs (black lines),
LAGBs (blue arrangement of wall dislocations), immobile dislocations (red) and mobile
dislocations (green lines): a) Initial stages of deformation; b) formation of the substructure;
c) initial stage of the CDRX; d) fully recrystallised state.

The misorientation distribution is modelled as a sum of Rayleigh and Mackenzie
distributions [141]. The Rayleigh distribution (©g(6), Equation 30 and Equation 31) accounts for
the misorientation caused by the LAGB formed during deformation. The Mackenzie distribution
(©m(0)) considers a fully recrystallised material with random texture.

Or(0) = © e 0" Equation 30
= —expl-——= uation
R 7 p o q
|2 ,
M=06g |[— Equation 31
m

8 is the misorientation angle, M is a scale parameter and B is the average misorientation
of the Rayleigh distribution. 8 also corresponds to the average misorientation angle of the formed
boundaries during deformation [141]. The Mackenzie distribution (©y,(0)) is described in [165]. It
is given according to Equation 32 to Equation 34.

ou®d) = %(1-008(9)) [0 <6 <T1/4] Equation 32
Oud) = 2Tr—4(1-cos(9)) [3(& - 1)cot<9>- 2] [1/4 <0 <T/3] Equation 33
Om(®) = 21T—4(1-cos(6)){[3(\/§ 1)+ ]cot( ) } [11/3 < 8 < 1.06] Equation 34
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7.2.2. Microstructure initialisation

The initial microstructure is defined by its initial subgrain (SGS) and grain (Gg) sizes, as
well as by the average boundary misorientation angle and dislocation densities [141]. The
maximum boundary surface density (S,) in each phase is given by the total surface of boundaries

(HAGB + LAGB) over the total volume. lIts initial value is expressed by SS and is calculated by
Equation 35 [33] assuming spherical-like subgrain shape.

2
S att 38=—0 att=0 Equation 35
SGg

2
" SG,
SG; is the mean subgrain diameter. The HAGBs are separated into two distinct categories:
e HAGBsS existing before the deformation
e HAGBs formed during the hot deformation via CDRX

To separate the evolution of these two categories of HAGBs the volumetric density of prior
HAGBs (S\(,)HAB) [141] are calculated assuming an initial spherical-like shaped grain size (G(s)),

Equation 36 [33].

0 2 :
Svuas= 5 Equation 36
Gs
The volumetric boundary density formed by CDRX (S, .. ) is calculated using
Equation 37.
_ 0 0 _a0 0 _ .
Sveprx = Sv - Sy att | Svcorx™ Sv - Syee att=0 Equation 37
SecDinS negligible for an initial fully recrystallised microstructure (SS = SSHAGB). In the case
of a partially recrystallised microstructure, the different initial subgrain and grain sizes will define
the Sewa. Finally, a multiplicative factor (A4) is calculated, Equation 38.

0

S
A? =% att=0 Equation 38
\'

S
A1=—V§DRX att
\'

Since the Mackenzie distribution is limited by the misorientation angle range only the
fraction (fg) of the Rayleigh distribution that belongs to [0 <8 < 1.06] is considered in the
calculations, Equation 39.

1.06 1.06

fR:f Or(@)d0 att f%:f 0%(6)de att=0 Equation 39
0 0

@%(9) is defined by the initial Rayleigh boundary average misorientation angle, ﬁo. The
boundary misorientation distribution (©(8)) of each phase is calculated according to Equation 40
[141]. This description allows considering not only the evolution of boundaries formed during
deformation as in [33] but also to predict a steady-state recrystallised boundary misorientation
distribution that is physically-based.
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0(®) = AfrOr () - (1-AfR)OW(®) att|e°() = AlRO%(6) - (1-Alf2)Ou(6) att=0 Equation 40

The assumptions considered from Equation 35 to Equation 40 enable the simulation of any
starting microstructure since any initial subgrain, grain sizes and average boundary misorientation
defines the necessary parameters and functions for the microstructure evolution completely.

Finally, the p,, is considered as n sets of aligned dislocation walls forming a LAGB with an

average misorientation (8 agg) and are calculated according to Equation 41 [33]. The generally
accepted transition angle between LAGB and HAGB is 15° in the case of an ideal arrangement of
dislocations [166]. Transition angles as low as 8.6° was reported in the literature [167]. A value of
12° is chosen as the transition angle.

_ nS,0 acefiacs

0
_ nSyBLacafiacs
pW b - .

b

fLace is the fraction of LAGBs and calculated according to Equation 42.

att a att=0 Equation 41

B¢
fLAGB = @(G)de att
0

7.2.3. Yield stress

B¢
fEAGB =f 0°®)d8 att=0 Equation 42
0

A simple Arrhenius-type approach [168] is considered to calculate the yield stress for each
phase, Equation 43.

1 1
. Qvs n [ . Qys 2n 1
" rexp (532) \ ™ | (e (GR)\ ™™ | |

Oys,=——In WW——a—""
X GYSX | AYSX I AYSX JI

| |

¢ is the strain rate. The activation energy (Qys), and the values ayg, Ays, and nyg define

the yield stress of the a and B-phases. A detailed procedure on the parameter calculation was
published elsewhere [168] and described in Figure 22 for the Ti-17. The yield stress of the 3-phase
is obtained in the B-domain, Figure 22a. Using a simple law of mixtures in the a+f domain
(Oys = Oys,fa + OYSBfB), the yield stress of the a-phase is calculated (Figure 22c), where the yield

|
$ x=a, B Equation 43
|

stress of the B-phase is extrapolated using Equation 43 for the obtained values of ays, Qys, Ays,
and nyg obtained in the B-domain [141], Figure 22b. Figure 22d shows the calculated values of
yield stress for the o-phase. Figure 22e shows the calculated yield stress values at 810°C as a
function of strain rate, while Figure 22f shows the overall stress as a function of temperature and
strain rate.
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Figure 22: procedure for calculation of yield stress for the a and 8 phases for the Ti-17: a) Using
procedure described in [168], ays, Qys, Ays, and nyg are obtained for the B-phase; b) calculated
yield stress of B-phase using Equation 43 as a function of temperature and strain rates;

c) calculation of yield stress in the a-phase considering oys = oys f, + Oys, fz and determination of
dys, Qys, Ays, and nyg for the a-phase; d) calculated yield stress of the a-phase; e) yield stress of
the a, B, and overall at 810°C; f) Simulated overall yield stress.

7.2.4. Constitutive equations

Constitutive equations are required to couple the microstructure with the flow stress
models. The thermal (oy,), and athermal (o,4), Stresses are the constituents of the flow stress,
Equation 44. Any effect of dislocation pile-up along the grain boundary (Hall-Petch effect) is
considered negligible [51,169]. All equations are applied for each phase.

Oy = Ogth, + O, X=0,B Equation 44

The athermal stress is expressed according to Equation 45.

Oath, = axMxbex\/pix Pyt FWXpr x=a,pB Equation 45

a is the Taylor constant and considered 0.1 for both phases; M is the Taylor factor, and G
is the shear modulus at the deformation temperature and calculated using JMatPro® v.10 for the
chemical composition of the alloy. In the initial stages of deformation, cells of dislocations can be
present and further evolve to typical subgrain boundaries due to the simultaneous increase in
lattice rotation, consumption of dislocations at LAGB, and the onset of DRV. The internal stress
caused for subgrain boundaries is negligible [104]. However, an empirical factor (F,,) is proposed
to describe the contribution of the strain field size caused by dislocation cells on the o4, and
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calculated according to Equation 46. F,, is a fraction of the p , that causes a strain field factor of

Ff,)v (0= Ff,’\, < 1) in comparison to p, orp,.
Fuw, = FevfoAGBcellsx Xx=a,fB Equation 46

fLacB,y IS the fraction of LAGBs that behave like dislocation cells and calculated according
to Equation 47.

ecells
fLAGBCers, = fo O,4(0)d8 x=q, B Equation 47

Bcalls IS a transition angle between cell and subgrain boundaries and considered equal to
3°. At the initial stages of deformation (Bg < 3°) the contribution of the dislocation cells to stress is
high and F,, decreases asymptotically to a minimum value with higher average boundary
misorientations [141].

The thermal stress is assumed to have a dependency with the yield stress, oyg, as
expressed in Equation 48.

Oth, = Ovs, - Ogthx x=a,p Equation 48

oY, is calculated considering initial dislocation densities at each phase. Therefore, the
thermal stress is assumed constant for a specific strain rate and temperature. The definition of the
initial microstructure is the major limitation of this approach since it affects the calculation of the
initial athermal stress [141].

7.2.5. Implementation of the plastic strain partitioning

Both phases are considered to evolve separately for simplification. The difference in
strength between a and B phases leads to different plastic strain rates between both phases.
Moreover, different initial morphologies of a-phase lead to different load transfer regimes between
the phases, as discussed in section 2.6. It is proposed:

o Ti-5553 (globular a initial microstructure): the rotation and accommodation of plastic
deformation in the a-particles up to a steady-state condition lead to the change from iso-
power to iso-stress regimes.

o Ti-17 (lamellar a initial microstructure): the process of dynamic a-globularisation leads
to a change from iso-strain to iso-stress regimes.

The eventual formation of texture is not considered in the model. However, its effect will
indirectly affect the flow partition in the a+p domain. The eventual texture development in the
B-phase does not seem to affect the flow stress in the f-domain.

7.2.5.1. Iso-strain

Lamellar a-phase acts as a reinforcement of the soft B-matrix, and that the material
withstands an iso-strain regime of deformation. In the iso-strain regime, Equation 49 is fulfilled.

E=¢g= QE Equation 49
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Where &, £ and éfg are the applied strain rate, the strain rate in a-phase, and strain rate in
the B-phase in iso-strain regime, respectively.

7.2.5.2. lIso-power

Globularised a-phases acts as reinforcement until they accommodates the plastic
deformation. This is assumed to obey the iso-power law [115], i.e. a and B phases dissipate the
same amount of energy during plastic deformation. The iso-power model is described according
to Equation 50 and Equation 51 [115].

E=fueq +(1-f)ég Equation 50

Ogé\év — OBé\éV Equation 51

éxv and é\év are the strain rates of a and [, respectively, deforming in the iso-power regime
and ¢ is the applied strain rate. o, and og are the stresses in the a and B, respectively. f, is the
fraction of a-phase.

7.2.5.3. Iso-stress

The iso-stress regime occurs when a-phase accommodates the plastic deformation either
by rotation of the a-phase (Ti-5553) or by consumption of formed boundaries within a-phase during
dynamic globularisation (Ti-17). The flow stress of the B-phase equals the yield stress of a-phase.
The strain rate in the a-phase (¢€g) in the iso-stress regime is calculated by reorganizing the
Arrhenius equation (Equation 43), Equation 52. The strain rate in the B-phase (ég) is calculated

assuming that the applied strain rate follows a simple law of microstructure (¢ = f €q+(1 - fq)é:g),

Equation 53.
-0 _ . QYSq .
€q =exp | nys, In(sinh(ays,0p)) - =T +In(Ays,) Equation 52
.0 -
£ = faéa" € Equation 53
(1 - fcx)

7.2.5.4. The fraction of material in iso-stress regime

During deformation, a volumetric fraction of the material deformed in the iso-stress
condition (fiso.g), While a complementary fraction (1 - f.) deforms either in the iso-strain (in the
case of Ti-17) or iso-power regime (in the case of Ti-5553).

In the case of the Ti-5553, the evolution of .. is given empirically by an Avrami-like
expression dependent on the strain (€), Equation 54. The coefficient Aiso.c and the exponent ng
express the dependency of the accommodation of plastic strain in a-phase and are fitting
parameters of the model.

.\ Ng

€ .

fiSO-G =1 -exp ('Aiso-o <—> gns> Equat|on 54
Eref

In the case of the Ti-17, the f.o is considered to be the same as the fraction of
a-globularisation (fge, ). The evolution of fy, is described in section 7.2.9. Finally, the overall strain
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rate for each phase (&4, x = a or B) is calculated as a simple rule of mixtures of both iso-strain and
iso-stress contributions, Equation 55.
([ (1fioo)ty +fieoo®  Ti-5553

€ = . ‘ . , X=a, Equation 55
X (1-fiso0)Es + fisoots  Ti7

7.2.5.5. Overall stress calculation

The overall or total stress is calculated as a simple law of mixtures of the volume fractions
of a (fy) and B (1-fy) phases, Equation 56.

0=f,0,+ (1-f3)0p Equation 56

The stress in each phase is calculated based on Equation 44. The athermal stress is
calculated using the dislocation densities in each phase. The thermal stress is a sum of the
iso-stress and iso-power (for the Ti-5553) or iso-strain (for the Ti-17) components, Equation 57.
Each thermal stress component (otzhx) is calculated according to Equation 58 for the yield stress

obtained using the respective strain rate for each load partitioning regime. The yield stress values
are calculated according to Equation 43.

Oath, * fisoo0, *+ (1 - fisoo)op,  Ti-5553 Equation 57
Oy = o . ) , X =0, B
Oath, t fiso-cothx +(1- fiso—o)OthX Ti-17
( OYSX(éi) - Ogthx Iso-strain Equation 58

Otn, = oysx(éxw) - 0o, Iso-power, x =a, B
\ovs, (87) - 0%,  Iso-stress
7.2.5.6. Calculation of evolution of strain rate dependent variables

In this work, the evolution of the variables that are strain rate dependent is calculated
according to Equation 59 in the a+p domain.

dV(iso—stress) dV(iso—strain or iso-W )
i+1 = \ji ] X £ X .
Vx Vy * fisoo ( dt >At + (1-fiso-0) ( at )At Equation 59

vif! is the updated value of a variable v, at the step i+1, vk is the last value, dvi*"®%) /qt

is the variation of a variable calculated using the iso-stress strain rate, dv{>s"" °"5W) /g4 is the
variation of a variable calculated using the iso-strain or iso-power strain rate, and At is the time
step for the calculation.

7.2.6. Dislocation densities rate equations

Two models are developed for the dislocations rate equations. The first model accounts for
a simplified physical description of the dislocation production and annihilation and is based on the
Kocks-Mecking approach [170]. A second model is developed with comprehensive rate equations
for separated phenomena involving the dislocations interactions and is based on the work of
Ghoniem et al. [104].
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7.2.6.1. Kocks-Mecking-based rate equations

The mobile dislocation density is assumed invariable with respect to strain rate and strain,
while the glide velocity (vq) is invariable with strain and can be calculated according to Orowan'’s
equation, Equation 60. The plastic strain rate is considered equal to the experimental strain rate
(€ =€) in each phase.

Vg =T —— X=q, B Equation 60
xPm,

The evolution of internal variables is expressed as differential equations and solved using
numerical incremental steps. The evolution of the immobile dislocation density for a and 3 phases
are expressed in Equation 61.

dpy
dt

— dpix

= + dpix
dt

x=a,fp Equation 61

X production reduction

A modified expression from Kocks and Mecking [170] and Montheillet et al. [33] is proposed
to describe the production rate of new immobile dislocations, Equation 62.

dpiX
dt

Vj .
=<1+'};—6E”;°e> hi, & Xx=a,B Equation 62
production Sv

REF

h,, is the hardening coefficient of either a or B phase, S, is a constant related for all

conditions and fitting parameter of the model. The surface fraction of a/f interface (S ) is

Vinterface

calculated depending on its morphology prior to deformation and considered constant during
deformation. In the case of the Ti-5553, S is calculated according to Equation 63 assuming

Vinterface

spherical a-particles of radius Rg homogeneously distributed in the B-phase. In the case of the Ti-

17, Sy, iomace 1S Simplified assuming infinite and parallel a-plates of a thickness prior to the
deformation tg where S,, . s calculated according to Equation 64.
_ 8 _
Vinterface _I_I_Rg’ Ti-5553 Equatlon 63
2 _ _
Vinterface — 10 Ti-17 Equation 64

a

Similarly, reduction of immobile dislocations is calculated using Equation 65.

dp;,

Sy, . _
=- <1+ S”ngla:Ce) ho, P, €x X =0, B Equation 65
reduction \

hy, is the reduction coefficient of either a or B phase. The hardening (h4,) and reduction
(hy,) coefficients are calculated according to Equation 66 and Equation 67 [33].

hy.= hS £ h exp Qi Xx=a,B Equation 66
X X éref RT ’
. -my
0 SX X QZX .
= = - = Equation 67
ha, = hy, (éref> exp( RT) x=aq,B q
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h?x and hgx are constants that account for the production of dislocations and reduction,
respectively, my and m, are exponents related to the strain hardening coefficient; and Q,, and
Q,, are activation energies for the production of dislocations and reduction, respectively.

The immobile dislocations that are related to the recovery term (dpix/dt st ) either
reduction

migrate to existing LAGBs or form new LAGBs, Equation 68.

dp;,
APcprx, = at

)At x=a,fp Equation 68

reduction
Where APcprx, is the amount of dislocations forming LAGBs or migrating to existing ones

for an incremental time step At for each phase.
7.2.6.2. Rate equations based on dislocation density reactions (Ghoniem)

A second approach with a detailed description of dislocation reactions that is developed
based on [104] is presented in this section. The experimental strain (€) is considered as a sum of
the plastic strain (g,) with the elastic strain (g) for each phase, Equation 69.

€ =€, t€ X=0,B Equation 69

The variation in the flow stress at each iteration is expressed according to the derivative of
the Hook’s law, Equation 70.

O, = Ey (éx - épx) x=aq,B Equation 70

For each phase, E is the Young modulus, ¢ is the experimental strain rate and &, is the

calculated plastic strain rate. The plastic strain rate is calculated according to Orowan’s
relationship (Equation 60), and the glide velocity calculated as Equation 71 [104].

Wg \ 01, Q
kgT/ kgT

Vg = ai, exp < Xx=aq,B Equation 71
aq is a pre-factor, Wy corresponds to an activation energy for glide, kg is the Boltzmann
constant, and Q is the atomic volume of Ti. The gy, is an output in this second approach since the
variation in stress is calculated by Equation 70. Thus, Equation 44 is reorganised as Equation 72.
Oth, = Ox =~ Ogth, X =0, B Equation 72

However, oy, is assumed to be constant for a constant ¢ and temperature, and is calculated
according to Equation 48 in the B-domain and according to Equation 58 in the a+f domain. An
algorithm to limit the value of oy, in this second approach is implemented and described in
Appendix C.

Equation 73 describes the rate for mobile dislocation density [104].

dpmx 3/2 + 6Sprl’T‘lxqDngVgx pmxvgx 8 pmxVme 5 ( + )
—= = vV - - - v
gt~ P Vo, \2 Beg, A, RPm PR Ye Equation 73
x=a,f
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The production of mobile dislocations due to Read’s source and at subgrain boundaries
correspond to the first and second terms, respectively [142]. The third, fourth and fifth terms
correspond to the immobilisation of mobile dislocations at subgrain boundaries, the static recovery
due to climb, and the dynamic recovery, respectively. v, is the glide velocity, A, and A; are the
inter-dislocation distance for the mobile and immobile dislocations, respectively, v and v, are
the climb velocities for the mobile and immobile dislocations, respectively, and &pry is the critical
distance of dislocation annihilation via DRV [142]. If the production of mobile dislocations at
subgrain boundaries is neglected, the immobilisation at subgrain boundaries can lead to the
annihilation of all mobile dislocation. The expression is modified from [104] and, for simplification,
Osg is an internal variable adjusted at each step to maintain a constant glide velocity during plastic
deformation at a given strain rate and temperature. Consequently, the mobile dislocation density
is also kept constant during plastic deformation at a given strain rate and temperature due to
Orowan’s relationship.

Equation 74 describes the rate equations for immobile dislocation density [104].

dp, P Vg, 8piXVCi
dt =~ Dy A

X

-Oprv,P P, X=0, B Equation 74
ix X X

The production of immobile dislocations occurs by immobilisation of mobile dislocations
(first term), while SRV and DRV are responsible for the annihilation of immobile dislocations
(second and third terms, respectively) [142].

Am and A; are the dislocation interspacing, calculated according to Equation 75.

1
-— Y
I
The SRV of mobile, as well as of immobile dislocations, is modelled as a process of

formation and annihilation of dislocation dipoles by climbing [104]. The climb dislocation velocity
(ch) is calculated using Equation 76 [104].

A = =m, i

Equation 75

V. = 2Trr]Dchlime
% kBTb(1 - nln(LGCLIMB/)\y))

y=m,i Equation 76

The climb stress (0qimp) is calculated according to Equation 77 [104].

Gb

Oclimb = 5= Y = M i
dimb = 51 V) A y Equation 77

v is the Poisson ratio. Dy is the self-diffusion coefficient given according to Equation 78

[171], nis a fitting parameter for transfer of defect into jogs on the dislocation, and L, s is the

length governing the elastic interaction between the dislocation and the defects, Equation 79 [104].

RT
_ (1+v)GQ
dcLme = Grr(1-v)kgT

405
D, =1.0-10* exp < 2.510 > Equation 78

L Equation 79
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A fraction (fcprx) of the mobile and immobile dislocations are statically or dynamically
recovered either migrate to existing LAGBs or form new LAGBs, Equation 80 [141]. The
complement fraction (1 -fcprx) corresponds to the fraction of dislocations that are annihilated
[141].

dp,,

=f dp|
ApCDRX_ CDRX F +

—1 + dpm
dt

dp;
— +
dt

dt

> At Equation 80
DRV

SRV SRV DRV

APcpry IS the amount of dislocations forming LAGBs or migrating to existing ones for an
incremental time step At.

The presence of phase interfaces and the role of a-phase on increasing lattice rotation of
the B-phase or increase in misorientation promoting the formation of new LAGBs [49] is
incorporated in the proposed model by assuming a value of fcprx that is correlated to the a-
fraction and its size, Equation 81.

finterface
gloular

Vinterface , Ti-5553 Equation 81

fcorx = foCDRx + X
interspace

interface S

feorx = feprx + folates Ti-17 Equation 82

Vinterface ’

interface interface

fOCDRX, fgloular  @nd fojaies  are constants. S is calculated according to Equation 63

Vinterface
for the Ti-5553 and according to Equation 64 for the Ti-17. Ajyerspace is the particle interspace and
calculated according to Equation 83 [172] assuming a random distribution of spherical a-phase for
the Ti-5553.

2
In(3) 8RY |8 3f _
)\interspace = —0+Td-\/; Rg, Nng = —03 Equation 83

7.2.7. Boundary density and misorientation distribution evolutions

The evolution of the boundary density and misorientation distribution is a result of SRV and
DRV phenomena for both a and B phases. The recovered dislocations (Ap-pgy) that are the
source for either the formation of new LAGBs or for the increase of their misorientation [33]. A
fraction acprx for the formation of new LAGBs of an average misorientation (8;) is considered.
Assuming that a dislocation wall is formed by (n) sets of dislocations, the production rate of new
boundaries (dSV; /dt) is calculated according to Equation 84 [33].

ds,, Yy by ro
dt CDRXx nxeox CDRXy

€, X=0a,B Equation 84

The complementary fraction (1-a.pg4) accounts for the increase of the average
misorientation of existing LAGBs, Equation 85 [33].

dég b, ‘ .
dtx =(1- GCDRxX)nX—SVXApCDRXXSpX x=a,p Equation 85

The movement of HAGBs sweeps part of the immaobile dislocations (Equation 86) as well
as the existing and formed boundaries (Equation 87).
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dey - P, Sy, fuacB,VHAGE, X=0,B Y =i Kocks-Mecking
X 'F;( S, f \Y X=a,B y=m,i . Equation 86
HAGB movement yy Vi HAGBy YHAGBy , » I Ghoniem
B _ v f = Equation 87
gt Ovx HacByVHAGBy X =@, B

The overall surface fraction rate is given according to Equation 88.

ds,, - dS,, +dSVx x=aq,p Equation 88

dt dt dt

The mobility of the HAGBs [33] (Myacg) is given by Equation 89 [173]. The mobility of the
LAGBs is considered negligible

Q
Muacs, = Mo, exp (' TQ-?BX> x=a,p Equation 89

Quacg is the activation energy for HAGB movement, and My is calculated according to
Equation 90 [173].

=q,pB Equation 90

M. = bytracs, exp <_ QDIFFX>
Ox ke T RT

With tyage being the thickness of the HAGB, and Qper is the activation energy for self-
diffusion along the grain boundary. The velocity of the HAGBSs (vyagg) corresponds to the product
of its mobility and a driving force (Eyog), Equation 91.

VhacB, = Muace Emos, X=0a, B Equation 91

The driving force for HAGB movement can be related to: a) the dislocation density
difference between neighbour grains; b) the grain curvature. The role of both in CDRX is combined
in a phenomenological expression given by Equation 92 [33].

£ NHAGBy
Emos, = EIC\)/IOBX <.€ xf) x=a,p Equation 92
re

E(,\)AOB and nyagg are material fitting parameters. The final expression can be expressed
according to Equation 93 [33].

NHAGBy Qeq
VHAGB, = Vo, <£—Xf> exp < RTX> x=a,p Equation 93
re

Vo = ERAOBthAGB/kBT is a velocity coefficient and Qgq = Qpjrr - Quacs-
7.2.8. Wall dislocation density, grain and subgrain size evolutions

The grain size (Gg) and the subgrain size (SGg) are calculated according to Equation 94
and Equation 95 [33], respectively.

2f,
Gs = gAGB Equation 94
Vv
2 :
SGs=—= Equation 95
Sy
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Finally, the wall dislocation density (p,) is updated according to Equation 41 at each
iteration.

7.2.9. Dynamic globularisation of the a-phase

The stages of dynamic globularisation of the a-phase are modelled as schematically shown
in Figure 23, where a platelet is considered as a block with a mean aspect ratio (AR), a mean
thickness (ty) and mean width (w,= t,-AR) [142].

The dynamic globularisation consists of the formation of boundaries within the platelet due
to plastic deformation (dSCu, Equation 84) and further formation or migration of new a/f interfaces
[142]. In this case, the evolution of the boundaries formed within the a due to plastic deformation
via CDRX (Equation 84 and Equation 85) promote further a/p interface migration once HAGBs are
formed within the a-platelet. The production of new a/f interfaces during dynamic globularisation
of the a-phase can be calculated according to Equation 96 [142].

dSgon _ f8GSv,Vgiob

= Equation 96
dt ta

Sgiob is the a/B interfaces density formed, fgg is the fraction of formed boundaries within
the a-platelet that leads to grooving and movement of the a/f interface, and vy, is the velocity of
movement of a/f interfaces [142]. The interface movement kinetics during dynamic globularisation
is expected to be related to the static globularisation kinetics [174], with the difference that the
penetration of B-phase occurs through HAGBs. Thus, vgo, Should be related to the diffusion at

grain boundaries or pipe diffusion, and it would vary according to the degree of organisation of the
formed HAGB. The calculation is simplified considering vgopis the glide velocity of the mobile

dislocation in the B-phase multiplied by a constant (Agop), Equation 97 [142].

Vgiob = AglobVglide Equation 97

, =11 steady
Ve /Al Siatc

B Vglfb Vglh)b Vgll?b‘ 'Vgll?b Vg:owtfh

a m

B t g 7
L Vgrowth

Figure 23: Schematic representation of the dynamic globularisation of the a-phase, illustrated by a
backscattered electron micrograph after deformation at 810°C up to 0.85 strain for 0.001 s™': the
formation of boundaries that leads to the division of the a-platelet with a mean a/B interface
velocity v, accompanied by growth with a velocity vg,qh-
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The formation of an a/f3 interface leads to consumption of a fraction of the formed LAGBs
and HAGBs within a-phase [142]. Therefore, the boundary density of LAGB and HAGB (S, ) can

be calculated according to Equation 98.
dS,, _dSy, dSgob
dt ~ dt  dt

The total boundary density summing the a/f interface, and the LAGBs and HAGBs formed
within the a-platelet is calculated according to Equation 99 [142].

Equation 98

StoTALy = Sy, + Sgiob Equation 99

Fully globularisation of an a-platelet occurs when S, = 0. All the boundaries produced

inside the platelet of a-phase during plastic deformation via CDRX are converted in a/p interface
[142]. The globularisation fraction can be calculated according to Equation 100 [142].

f _ Sglob

ob == Equation 100
e StoTAL,

The consequence of this approach is that, even if fyq, = 1, it does not mean that the
a-particles have an aspect ratio of 1. Depending on the initial thickness, temperature and strain
rate, it is possible that the consumption of the formed boundaries is fast, and the globularisation
finishes before achieving an aspect ratio of one [142]. This situation is illustrated in Figure
24(a,c,e). On the other hand, it can also occur that the aspect ratio is one while the globularisation
fraction is smaller than one, Figure 24d.
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Figure 24: lllustration of the globularisation of an a-platelet for the 2D-case (a,c,e), and 3D-case
(b,d,f). a) the formation of an insufficient amount of boundaries within a-platelet and c) the
separation of the globularised particles, lead to e) formation particles with an aspect ratio higher
than 1. In the 3D-case, b) the formation of boundaries leads to d,f) division of the platelet in
particles smaller than its thickness.
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The formed o/ interfaces divide the a-platelets into ng .y, a-particles of a particle size ¢,
thus incorporating the three-dimensional aspect of the problem. In the two-dimensional case (2D-
case), the particle size is larger than the thickness of the a-platelet. The formed boundaries within
the platelet (Figure 24a) are rapidly consumed (Figure 24c) and the formed particles after the
completion of a/f interface formation do not exhibit an aspect ratio of 1. The thickness of the
formed a-phase increases with a velocity vgowin Until reaching an aspect ratio of 1. Thus, the final

thickness in the steady-state that can be notably larger than the initial thickness.

On the other hand, the division of the a-platelet into “layers” in the three-dimensional case
(3D case) as schematically shown in Figure 24(b,d,f) leads to a progressive decrease of the
lamellar thickness. All boundaries within the a-platelet are consumed, and the final thickness at
the steady-state can be notably smaller than the initial thickness.

Therefore, the globularisation of a-phase starts in the “2D-case” (aspect ratio larger than
one), and once the aspect ratio reaches one, the evolution occurs in the “3D-case”.

Semiatin et al. [175] proved that the growth of the spherical particles during dynamic
globularisation is an Ostwald-Ripening process with an accelerated diffusion due to pipe diffusion.
Here, the shape of the a-particles varies during the process, and the growth is simplified adopting
a mean velocity of thickening, vgowin. The growth of the a-platelets is calculated according to

Equation 101 [142].
dt

a _

It 2fg10b Vgrowth Equation 101

The thickening is a diffusion-related process, where the a/f movement during growth with
Vgrowth 1S related to the transport of matter of a and 3-phases to minimise the surface energy of the

formed a-phase. In fact, during Ostwald-Ripening of non-spherical particles [176], complex
solutions are necessary. Here the vgowin IS simplified and related to the climb velocity of the mobile

dislocation density in the B-phase, Equation 102. The vy is dependent on the mobile
dislocation density in the B-phase, inter-diffusion coefficient and other material properties,
Equation 76 [142].

Vgrowth = BglochIimb Equation 102

o “2D-case” (AR>1)
The particle size (¢,) is calculated according to the formed Sy, during dynamic
globularisation, Equation 103.
2w2

_— Equation 103
SglobW?x + 2Wa

04=

Furthermore, the width is calculated according to Equation 104 [142].

dwg 2.3 dtq .
—__ 9 __ - Equation 104
at ARty It q

Finally, the aspect ratio of the a-particles is calculated using Equation 105 [142].
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©

AR = -2 Equation 105

tq
o “3D-case” (AR=1)

The updated thickness is calculated for the iteration i+1 (ti(;”) as a function of the density
of the o/ interface formed during dynamic globularisation of the a-phase (Syo) and the thickness

from the iteration i (t,), Equation 106 [142].

. At
t'(;'1 =6,= + Equation 106
Sglobtot + 4tc
Although the aspect ratio and thickness evolutions can be predicted, the model cannot
predict the decrease in thickness due to plastic deformation nor the interspace between the formed

a-grains.
7.3. Static recrystallisation model

The model comprises the simultaneous phenomena of SRV, subgrain evolution and grain
growth of the deformed B-phase. The modelling strategy shown here was already published in
[146] for the Ti-17. The model is based on strain induced boundary migration (SIBM) and is
separated into nucleation and growth. Static grain growth independent on the recrystallisation
grade is considered. The procedure to obtain the fitting parameters is schematically discussed in
Figure F. 1 (see Appendix F).

7.3.1. Static recovery

The SRV of mobile as well as of immobile dislocations is modelled according to
corresponding terms in Equation 73 and Equation 74, respectively.

7.3.2. Subgrain evolution

The proposed model is based on the simultaneous role of subgrain coarsening and
subgrain nucleation from the reorganisation of dislocations within the subgrain [146], as proposed
by Ghoniem et al. [104]. The rate of growth of subgrains is considered as the product of driving
pressure and mobility. The smallest subgrains can collapse their boundaries, coalescing and
joining adjacent boundaries during subgrain growth [104]. The pressure for subgrain growth is
given according to Equation 107 [104].

4 .
PLacB = §Gb2pw Equation 107
The mobility of a subgrain is described as a form of the climb due to lattice diffusion [104],

Equation 108.

21nDsQ ]
Miags = “bkaT Equation 108

The presence of a-phase in the a+f domain is considered as a Zener back pressure
opposing the motion of the LAGBs [177]. Therefore, the pressure for subgrain growth must satisfy
Equation 109.
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F>LAGB 2 PZener Equation 109
The Zener pressure is given according to Equation 110 [178].

3f, AR

Zener = Equation 110
2t,

If Equation 109 is satisfied, the subgrain growth can be calculated according to
Equation 111.

dSG,
dt growth

=Macs (PLacs - Pzener) Equation 111

The nucleation of subgrains is the result of the tendency of dislocations for self-
organisation, and it is assumed to be dominated by the dislocation climb [104]. The time for
nucleation (1,,c) is given according to Equation 112 [104].

kgTQ

Knuc)
= o +p - ;
Tnuc Gr]Knuc pm+ pIDS ( pm p| SGS Equat’on 112

Knuc i @ constant with a value of around 10 [179,180]. The change of the mean subgrain
size due to nucleation is then SGs- (Knuc/ [P, * pi). Therefore, the subgrain size refinement due

to nucleation is given according to Equation 113 [104].

Knuc
dSGs _ GnknueSCs [V Pm* Pi - (SGS)] D, Equation 113
dt nucleation kBT

The overall subgrain size evolution is given according to Equation 114.

dSG; _dSG, , 9SGs
dt dt nucleation dt

Equation 114
growth

7.3.3. Strain induced boundary migration

SRX is assumed to occur via SIBM. The bulging of a subgrain occurs by the movement of
the HAGB that forms the subgrain. Original grain boundaries, transition bands and shear bands
are favourite sites for nucleation [121]. Inhomogeneous distribution of recrystallisation nuclei can
also happen due to variations in stored energy withing the grain [121]. A modified SIBM model is
proposed to account for the non-randomly distributed nucleation due to the large prior B-grain size
[146].

The nucleation model is adapted from the work of Kashif Rehman and Zurob [136], while
the definition of recrystallised volume fraction is modelled according to the classical Mehl, Avrami,
and Kolmogorov (JMAK) model [178].

7.3.3.1. Nucleation

The subgrain size of the deformed microstructure has a Rayleigh distribution, pg;(X),
Equation 115 [136].

_m W .
Psg 0 = S Xexp|-—— Equation 115
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X is the normalised subgrain size by its mean value. A critical subgrain size (SG;) is
necessary to overcome the capillary forces for a nucleus to grow, Equation 116 [136].

SG, = Huacs

Equation 116
Esiam

Esigm is the stored energy for the spherical cap of diameter SG;, with specific boundary
energy, Yyags: 1ne Esiem is the stored energy due to the difference in the dislocation density
between the bulging subgrain and the adjacent subgrain minus the capillarity energy of the
opposite subgrain boundary, Equation 117 [146].

Gb?(Py* P * Py) ~Hiacs

E = Equation 117
SIBM 2 SG,

Y acg IS the LAGB energy and given according to Equation 118 [181,182].

_ GbBacs

Yiace = (1 -v) (0.23-In(6Lacs)) Equation 118

The model predicts an incubation time until the critical subgrain size for nucleation is
reached. The largest subgrain is 2.5 times the average subgrain size assuming a Rayleigh
distribution for the subgrain size, Equation 115. Therefore, incubation is over if the largest subgrain

(2.5-SGq) is larger than the critical subgrain size (SG;), Equation 119.

*

SG,
2.5

Equation 120 [136] is proposed to incorporate the heterogeneity of deformation into the
nucleation kinetics. A heterogeneity factor (X4ef) is calculated as a function of the subgrain size
(SGs), the mean deformed grain size (G;), the mean diameter of the bulging grains (hereon named
recrystallised grain size) (Gggp) and the number of nuclei (Ngigm). Xger describes the localisation
of formation of subgrain boundaries and higher dislocation density in the vicinity of the prior -
HAGBs [146].

SG > Equation 119

Xget =1 - Ngipm Equation 120

TG38uGs
12SG,

Nucleation will only occur if X4 > 0. Additionally, the sets (n) of aligned dislocation walls
forming a LAGB with an average misorientation (8 agg) that is used to calculate the wall
dislocation density (Equation 41) is recalculated phenomenologically in the SRX model according
to Equation 121 to describe the heterogeneity of the deformation within the B-grains [146]. Thus,
a difference in dislocation density between the region that promotes nucleation and the remaining
portion of the material is predicted [146]. The update of n only occurs after the recrystallised grains
consumes the region in the vicinity of the prior 3-HAGBs (Xgef < 0).

n=2+ (nmax- 2) exp| - m Equation 121

1-Xo
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Xo is the recrystallisation fraction achieved when Xyt = 0. npay is the initial sets of aligned
dislocation walls forming a LAGB, and varies according to the applied strain rate, Equation 122.
In the a+B domain, the effect of a-phase is taken into account in a simple way given in Equation
123 and Equation 124. Figure 25 illustrates the evolution of n decreasing asymptotically to 2 as
well as pw for a deformed grain.

Nmax = €XP(Agrx) + éBSRX Equation 122
Asrx = 4 - 5fy Equation 123
0.3-2f, if (0.3-2f,)>0

Bsrx = { 0 if (0.3-2f,) <0 Equation 124

Finally, the nucleation rate can be calculated according to Equation 125 [136].

#\2
N SG,
BNsitXaer €XP ( %) exp (- ")

Equation 125

N =
o TGq (SG;)2

Nsigm is the nucleation frequency and fitting parameter, the fraction of subgrains that are

2
larger than the critical subgrain size is represented by exp (-'IT(SGS) /4SG§) and Qggy is the

activation energy for nucleation or bulging.

n
| |
nmax H i
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Figure 25: Schematic representation of the distribution of n and p, for a typical microstructure:
a) gradient of grey indicates the regions with higher wall dislocation density (darker) and with low
wall dislocation density (lighter), b) evolution of the set of dislocations forming the dislocation
walls as well as the evolution of the wall dislocation density from the grain boundary towards the
centre of the grain.

7.3.3.2. Growth

The growth of the recrystallised grains (dGggy/dt) is modelled analogue to precipitate
growth [159], Equation 126. The formed recrystallised grains grow with a velocity vggwm
(Equation 127) while the new recrystallised grains of a diameter of 2.5-SG formed at a rate Nggu
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are taken into account normalising their contribution to the average grain size by the total number

of recrystallised grains (NSIBM= f(; NSIBM dt)

dG N ]
SIBM — Vsim* SIE (2.5-SGg - Ggigm) Equation 126
dt Nsigm
Vsiem = Muace (Esiem - Pzener) Equation 127

Muacs is the mobility of the HAGBs given according to Equation 89. The recrystallised
fraction is given by Equation 128 using the classing JMAK approach [121].

_41TNS|BM (GS|BM)3>

Xsrx = 1- exp( 3 Equation 128

7.3.4. Static grain growth

The static grain growth is modelled for the static recrystallised grains as well as for the
deformed ones. The main reason for the assumption of HAGB movement for deformed grains
aims to consider the growth of formed grains by CDRX and the movement of prior B-grains
boundaries. Especially after deformation at low strain rates, it is not clear if a subgrain is bulging
and promoting the formation of a dislocation-free grain or if it is a formed grain via CDRX and is
moving due to capillary [146]. Therefore, all existing HAGBs apart from the ones taking part in
SIBM are considered to have a typical curvature radius, and static grain growth occurs due to
capillary, Equation 129 [183].

4 .
% Deformed grains
S .
Equation 129
4 . .
hack  Recrystallised grains
M

The static grain growth of the deformed (Gs) or recrystallised grains (Gggy), are given
according to Equation 130 and Equation 131 [183], respectively.

dG .

dts = Muace (Ece - Pzener) Equation 130
dG .
—thBM = Muace(Ece - Pzener) Equation 131

An average subgrain (SG) and grain sizes (G;) are calculated as representative for the
whole material (deformed plus recrystallised fractions) and are expressed in Equation 132 and
Equation 133, respectively (see Appendix G).

_ G SG
SGg = SIBW= =S Equation 132
XsrxSGs + (1 - Xsrx)Gsiam
- GsimGs

" XsrxGs + (1 - Xsrx)Gsiam

Equation 133

Ricardo Henrique Buzolin 60



PhD thesis Phase transformation in a Ti-6Al-4V

8. Phase transformation in a Ti-6Al-4V

This chapter comprises the investigations about the competitive formation of agg, dsec and
the growth of ap for the Ti-6Al-4V alloy during continuous cooling. The formation kinetics of the
different morphologies of the a-phase is related to the nucleation rate of acs and asec as well as
with the V supersaturation at the 3 matrix. The described mesoscale physical model in section 7.1
for the formation of age and asec as well as the growth of the ap primary a is implemented.
Continuous cooling tests are performed at two different holding temperatures in the a+f field,
930°C and 960°C, and five different cooling rates, 10, 30, 40, 100 and 300°C/min. Additionally,
interrupted tests are conducted at different temperatures to determine the progress of growth of
ap and formation of age and asec during cooling. The results and discussions shown here were
already published in [140].

8.1. Methodology

The performed dilatometry experiments are summarised in section 6.2, and the model is
described in 7.1. The microstructural data is used for the investigation of the phase formation
sequence as well as for the model validation. The constants and parameters used in the model
are given in Appendix A.

8.2. Results and interpretation

Figure 26a and b show representative microstructures of the Ti-6Al-4V argon quenched
after holding at 930°C and 960°C for 1h, respectively. The measured area fractions of a, are 38.6
1 2.8 % and 18.2 £ 3.3% for the heat treatment at 930°C and 960°C, respectively [140]. Sparsely
and nearly separated q, particles are found in a matrix of martensite (a’), originally a matrix of -
phase [140]. The agglomeration of a,, defined as the fraction of the a-grains that are visibly
connected, is higher for the heat treatment at 930°C, Figure 26a. No trace of asec is observed.
However, the a, particles slightly deviate from an ideal spherical shape particle.

Figure 26: Representative BSE micrographs of the investigated Ti-6AI-4V after 1h at: a) 930°C
followed by argon quenching; b) 960°C followed by argon quenching.

8.2.1. Experimental results
8.2.1.1. Influence of the cooling rate

Representative micrographs of the continuously cooled microstructure after holding for 1 h
at 930°C and 960°C are shown in Figure 27. The cooling rate of 10°C/min leads to a nearly entirely
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equiaxed microstructure in both cases. The shape of the a, exhibits lower circularity at 960°C due
to the formation of bumps [140]. It is difficult to distinguish the lamellas of asec or ags from the
globular a, for samples cooled down at 10°C/min. A growth of a; is also observed for the cooling
rate of 30°C/min. The formation of asec, as well as of ags phase, is promoted at higher cooling
rates. The ags exhibit bulges at the interface by cooling at 300°C/min, as well as the a, phase.
Higher cooling rates lead to less pronounced growth of ap.

30°C/min 300°C/min

PN

A 7 o

e ) N\ T 1" Nhrerr |
,7—‘\_{ — — \\ ) il =4

Figure 27: Representative SE micrographs of the investigated Ti-6Al-4V after holding at 930°C and
960°C for 1h followed by continuous cooling at: 10, 30 and 300°C/min. The red arrows highlight the

agcs.

The microstructure is shown in detail in Figure 28 after continuous cooling from 930°C and
960°C. The ags and asec are highlighted with dashed red and green lines, respectively. Fine
acicular-like martensite (a’) is marked in yellow. Plate-like asec is observed in the vicinity of a’. The
morphology of asec deviates slightly from a typical flat plate-like morphology. Irregular and
discontinuous interlamellar B-phase is observed, especially for the cooling rate of 30°C/min.
Moreover, the above-mentioned irregularities of the shape of apr and acgg are observed [140]. The
serrations at the interfaces of ap are related to the surface instability due to competitive growth of
ocs, Osec and ap [8]. When the asec or ags are formed in the vicinity of an ap particle, it either
hinders the local movement of the interface of the ap and/or changes the local supersaturation of
V needed for its growth. Comparably, if asec nucleates from ags it also changes its interface
movement kinetics and supersaturation field for growth. The serrations are more pronounced at
30°C/min than 300°C/min due to higher time for diffusion. A nearly flat plate-like acsis observed
for the cooling rate of 300°C/min.
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7 100°C/min 300°C/min

P,

Figure 28: Representative SE-SEM micrographs of the investigated Ti-6Al-4V after holding at 930°C
and 960°C for 1h followed by continuous cooling at 30°C/min, 100°C/min and 300°C/min.
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Figure 29: Normalised distributions of the measured: a) diameter of ap; b) circularity of ap;
c) thickness of ags; and d) thickness of asec.

Figure 29 illustrates the effect of the cooling rate on the distributions of the diameter of ap
(Figure 29a), the circularity of ap (Figure 29b), and the thicknesses of ags (Figure 29 c) and asec
(Figure 29d). The distributions were normalised to the sum of counts and fitted using a lognormal
distribution. The diameter of ap increases with the decrease in cooling rate, and The circularity of
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ap decreases with decreasing cooling rate due to the formation of bumps and bulges. The
thickness of ags or asec is smaller with narrower distribution for higher cooling rate. The
distributions for the cooling rate of 10°C/min are not shown due to the difficulty to distinguish ap
from agg or asec. [140]

8.2.1.2. The sequence of phase formation

Figure 30 exhibits the typical micrographs after interrupted heat treatments. The ap, dcs
and asec are highlighted in blue dashed line, red dashed line and green dashed line, respectively.
The age forms from the globular a, as well as from triple points of the B grains. The fraction of the
grain boundary that is occupied by ags is very low for 900°C. At 850°C, the grain boundaries are
nearly completely decorated with ags. Irregular growth of ags seems to occur at 800°C, being this
effect more pronounced for 10°C/min. Nucleation and growth of acs do not seem to be significant
at temperatures higher than 900°C for the two investigated cooling rates, leading to comparable
evolution behaviour of the ags after holding at temperatures of 930°C and 960°C. The asec
formation is not pronounced before 850°C. Although Figure 30 shows the presence of asec for
10°C/min, its area fraction is notably smaller in comparison to cooling at 100°C/min.

900°C 800°C

——(p ——— (R == OgEcC

Figure 30: Representative SE-SEM micrographs of the interrupted heat treatments after holding at
960°C for 1h, followed by continuous cooling at 10°C/min, and 100°C/min. The tests were
interrupted at: 900°C, 850°C and 800°C.

Figure 31 shows the inverse pole figure maps (IPF) of the EBSD measurements for four
interrupted heat treatments. The presence of age formed from the ar is highlighted by a dashed
white circle. In this case, none or very small (below 2°) misorientation angle is observed between
the ap and the formed ags. The presence of HAGBs is highlighted with white lines. Two nucleation
sites were identified for ags [140] a) a bulge from the ap, and b) at (3 triple boundaries and flat 3-
grain boundaries. It seems that the local supersaturation and surface energy determine the
different nucleation sites. At B triple points, the high surface energy can promote the nucleation of
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oce, While the nucleation of ags at the flat B grain boundaries is promoted by a high local
supersaturation due to large interspacing between the ap.

1010

P

S , 0001 2110
Figure 31: EBSD-IPF maps with apr and acs. Dashed white circles indicate the bulged acs from ap.
The heat treatments correspond to an isothermal for 1h at 960°C followed by continuous cooling
at: a) 10°C/min interrupted at 800°C b); 100°C/min interrupted at 800°C; c) 10°C/min interrupted at
875°C; d) 100°C/min interrupted at 875°C. The martensitic phase was erased for easier
visualisation. The TD and ND correspond to cogging and normal direction, respectively.

8.2.2. Model performance

The fitting parameters shown in Appendix A are in the same range as reported in other
investigations [10,23]. The results corroborate the work of Semiatin et al. [9] for the growth of ap
and Meng at al. [10] for the formation of asec. This work adds the competitive growth of ap, ags
and asec [140]. Despite not considering the thermo-history included in the model proposed by
Meng et al. [10] and despite not accounting for complex supersaturation fields that are possible to
predict when using phase-field models [19], the adoption of a ledge constant to the exact solution
showed to be sufficient to achieve notably accuracy in a simple coupled model.

8.2.2.1. Influence of the cooling rate

The mean diameter and area fraction of a,, mean thickness and area fraction of age and
mean thickness and area fraction of age are plotted in Figure 32 for the holding temperature of
960°C. The growth of the a-phase morphologies for temperatures lower than 600°C is negligible.
The formation of age starts close to 920°C. Figure 32(b,e) shows a high growth rate for age at
around 900°C down to 800°C. These evolutions are in good agreement with the experimental
observations depicted in Figure 30. The asec formation starts at 875°C, with a significant growth
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until 700°C, explaining the micrographs in Figure 30. Figure 32f shows that the fraction of asec
abruptly decreases when the cooling rate increases from 100°C/min to 300°C/min. The low
nucleation rate and low time for diffusion explain this behaviour and are confirmed by the presence
of martensite in the microstructure after cooling down at 300°C/min. Rae [184] proposed a time-
temperature-transformation diagram for Ti-6Al-4V where the martensitic starting temperature is
~850°C [185] and martensite is formed if this temperature is achieved within ~5 s. In order to
obtain a fully martensitic microstructure, the temperature of ~700°C should be achieved within ~1s
from the holding temperature [184]. The lower formation of asec for cooling at 300°C/min yields a
significant remaining (“retained”) B-fraction, interpreted here as the formation of martensite in
Ti-6Al-4V.
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Figure 32: Simulation results for the holding temperature of 960°C during continuous cooling:

a) mean ap phase diameter; b) mean thickness of ags; ¢c) mean thickness of asec; d) phase fraction
of ap; e) phase fraction of ags; f) phase fraction of asec.

The simulated area fraction of a,, mean a, diameter, mean thickness of ass and mean
thickness of asec are in good agreement to the experimental results. The differences between
measured and simulated data are dependent on measurement limitations and model assumptions
[140]. The stereological procedures adopted for phase quantification have an inherent error. For
instance, the asegc that exhibit a disc-shape or irregular morphology leads to an error on the
assumption that all asec are semi-infinite platelets neglects. The assumption of a, as isolated
spherical particles directly impacts the prediction of a, growth. The a, particles are slightly
elongated due to initial cogging process and have a certain degree of interconnectivity. Those
differences can explain the deviations and relatively large standard deviation observed in Figure
33.
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Figure 33: Measured (M) and simulated (S) microstructural features of ap during continuous
cooling and after holding at 930°C and 960°C: a) average phase fraction at 10 and 100°C/min
(holding temperature of 960°C); b) average phase fraction; ¢c) mean diameter.

The cooling rate plays a vital role in the formation of the different morphologies of a-phase.
The following statements can be inferred [140]:

e During continuous cooling, the fraction of a, increases rapidly until 800°C is reached
(Figure 33a and Figure 32d). The area fraction of a, increases for decreasing cooling rate.
The model describes the area fraction evolution accurately apart from 30 and 40°C/min for
the holding temperature of 960°C (Figure 33b).

e The mean diameter of a, increases with decreasing cooling rate (Figure 33c and
Figure 32a).

e The thickness of the ags are in the range of 1-4 um and increases with decreasing cooling
rate (Figure 34a and Figure 32b). Slightly thicker acs is observed for the holding
temperature of 960°C. The higher supersaturation grade of the matrix at 960°C compared
to 930°C, in addition to the faster growth after nucleation during the initial stages at high
temperatures, can explain this difference with respect to the sample cooled from 930°C.

The thickness of asec was in the range of 0.5-2 um, and it increases with decreasing cooling
rate (Figure 34b and Figure 32c). The different holding temperatures less influence its formation

since asec is formed at temperatures where the supersaturation of V in B-phase is comparable
despite the different holding temperatures [140].
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Figure 34: Measured (M) and simulated (S) microstructural features during continuous cooling
after holding at 930°C and 960°C: a) mean thickness of ags; b) mean thickness of ascc.

8.2.2.2. Additional physical features

Figure 35 shows the nucleation rate of ags (Figure 35a) and asec (Figure 35b) for the
holding temperature of 960°C. The supersaturation of V within the B-phase matrix is shown in
Figure 35c. The predicted nucleation rate of ags is significantly lower compared to asec because
only the grain boundaries are sites for nucleation and ags [140]. The estimated prior B grain size
is 35 um. Therefore, the number density number of for agg is notably smaller compared to asec.
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Figure 35: Simulated results for the holding temperature of 930°C and 960°C for the cooling rates
of 10, 30 and 300°C/min: a) nucleation rate of ags; b) nucleation rate of asec; and c) supersaturation
of Vin the B-matrix.

A summary with the temperature for the beginning of nucleation and for the maximum
nucleation rate is shown in Figure 36. The ags nucleates and then asec is formed when there are
no changes in ags. The temperature for the onset of nucleation tends to increase with decrease
cooling rate. An exception is calculated for the 10°C/min cooling rate. In this case, the predominant
growth of ap leaves no supersaturation to activate earlier nucleation of ags. A similar tendency is
observed for the asec. The slightly lower temperatures for nucleation in the case of 10°C/min is
more pronounced, as expected due to the higher free energy for nucleation (Equation 12, in
comparison to Equation 23). The dependency on the cooling rate in the case of the nucleation rate
follows similar behaviour compared to the beginning of nucleation. The incomplete formation of
asec for high cooling rates (Figure 28 and Figure 32) is also predicted in the current model since
the temperature for maximum nucleation rate of asgc lies close to 800°C. Furthermore, the notable
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low amount of asec formed during low cooling rates is also observed (Figure 27) and agrees with
the model prediction.
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Figure 36: Simulated nucleation temperatures for the cooling rates of 10, 30, 40,100 and 300°C/min
at isothermal treatments at 930°C and 960°C: a) temperature for the beginning of nucleation,
b) temperature for maximum nucleation rate.

8.3. Summary

The sequence of formation and growth of the different morphologies of a-phase (primary,
secondary and allotriomorphic) in Ti-6Al-4V were fully described during cooling from isothermal
treatments below the B-transus temperature. A mesoscale physical model to account for the
competitive growth of the different morphologies was developed. Nucleation and growth of ags as
well as of asec are modelled based on the nucleation and growth of platelets. The growth of ap is
modelled as the growth of a spherical particle. The conclusions are shown below. Innovative
aspects with respect to the literature are highlighted in bold:

a) Conclusions from the simulation:
o The growth rate of ap is more pronounced for slow cooling and until 800°C.

o The nucleation rate dependency with respect to the cooling rate is more pronounced
for the asec than for ags.

o Asharp increase of V supersaturation in the B matrix is predicted between 830 and 850°C,
which is attributed to contributing to the formation of asec, especially for cooling rates higher
than 10°C/min.

b) Conclusions from the experiments:

¢ Regular (planar) interface shape of ace is observed decorating the prior B-grain
boundaries for high cooling rates. For low cooling rates, irregular
ace/B interfaces are observed.

e dage nucleates preferentially from existing a, phase at low cooling rates. For higher cooling
rates, nucleation occurs preferentially at triple B-boundaries and /B grain boundary.

e asec nucleates from the already existing ags, and it nucleates at the interface with the ap.
c) General conclusions:

e Formation of aGB occurs first followed by the formation of asec.
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9. Prediction of hot deformation behaviour of Ti-5553

This chapter presents the results of the physical based on Kocks-Mecking formalism [170]
described in section 7.2. The rate equations for the dislocation reactions are shown in section
7.2.6.1. Mean subgrain size, grain size, dislocation densities and boundary misorientation are
calculated. The model is validated with hot compression experiments of a Ti-5553 alloy at
temperatures between 800°C to 920°C and strain rates between 0.001 s and 10 s (see section
6.3). The microstructure results and their interpretation that are shown here were already
published in [141]. The simulated results shown here are interpreted using the work published in
[141]. The constants and parameters used in the model are given in Appendix B.

9.1. Results and interpretation

9.1.1. Microstructure before deformation

001 101 AR
Figure 37: Typical microstructures of the Ti-5553 obtained by backscattered electron (BSE) after
15 min annealing at: a) 800°C; b) 820°C; c) 840°C. The globular a-phase appears dark grey. Inverse
pole figure (IPF) maps after 15 min annealing at: d) 820°C; and e) 920°C. Black lines indicate
HAGBSs, while LAGBs are indicated by white lines; ND and TD correspond to the normal and
cogging directions, respectively.

The microstructure of the investigated Ti-5553 prior to deformation is shown in Figure 37.
Globular a-phase is observed embedded in a recovered 3-matrix after 15 min annealing below the
B-transus temperature (Figure 37(a-d)). The subgrain size of the B-phase in the a+f domain is
assumed to have a similar size than the interparticle distance among a phases, Ajnterspace Equation
83.

Once achieved the B-transus temperature, the globular a-phase that hinders the movement
of the boundaries of the B-phase dissolves. Besides, the mobility of boundaries increases due to
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higher temperatures. Both effects lead to a fully recrystallised B-microstructure, as shown in
Figure 37e.

9.1.2. Flow stress evolution
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Figure 38: Measured (M.) and simulated (S.) flow curves: a) 800°C, b) 840°C, c) 880°C, and d) 920°C.

Figure 38 shows that the simulated and the measured flow curves are in good agreement.
The measured flow curves are corrected for the adiabatic heating. The model can predict the
nearly constant flow stress in the B-domain and the flow softening in the a+p domain [141].
Deviations for the high strain rate results must be related to local behaviours of the material that
cannot be described with the mesoscale model a) local increment of the temperature and phase
transformation, b) local softening and c) local misorientation accumulation.

The evolution of the stress components is exemplarily shown for the deformation at 800°C
and 10 s in Figure 39. According to the constitutive equation (Equation 44), the flow stress is a
sum of oy, and o4,. The thermal stress of the is considered constant for a given strain rate and
temperature. However, due to the change in load partitioning in the a+@ domain, the strain rate of
the a-phase decreases and the B-phase increases, thus varying the yield stress (Equation 43) and
consequently oy, (Equation 48). The variation of thermal and overall stresses in the B-phase is
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near negligible (Figure 39a) since the small increase in strain rate for that phase leads to a small
increment in yield stress in B-phase, Figure 39c. However, the reduction of strain rate due to
change in load partitioning leads to a notable decrease in the yield stress in a-phase (Figure 39d),
thus decreasing the thermal stress (Equation 48), and consequently overall one (Figure 39b).
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Figure 39: Stress components evolution for the temperature of 800°C and strain rate of 10 s for
both: a) B-phase, b) a-phase; calculated yield stresses for both: c¢) -phase, d) a-phase

9.1.3. Microstructure after deformation in the a+ domain

BSE-micrographs of Ti-5553 deformed below the B-transus temperature are shown in
Figure 40. The globular primary a phase is slightly elongated compared to the microstructure prior
to deformation. From an aspect ratio of 1.6 £ 0.5, 1.6 £ 0.7, and 1.8 + 0.9 for the heat-treated
samples at 800°C, 820°C, and 840°C, respectively, the values increased after deformation at
0.001s't02.3+1.2,2.0+1.2,and 1.9 + 1.4 for the respective deformation temperatures [141].
The aspect ratio measured for the deformed a-phase for the strain rate of 1 s for 800°C, 820°C,
and 840°C are 1.8 £ 0.8, 1.7 + 0.6 and 2.1 + 1.1, respectively [141]. The dissolution of a-phase
was not considered in the model.
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Figure 40: Typical BSE micrographs for Ti-5553 deformed in the a+f3 phase domain: a,b) 800°C;
c,d) 820°C; e,f) 840°C; (a,c,e) strain rate of 0.001 s'; and (b,d,f) strain rate of 1s™'. ND and TD
corresponding to the compression and transversal directions, respectively.

Figure 41 shows the EBSD-IPF maps of the indexed B-phase deformed in the a+ domain
for the strain rates of 0.001 s (a-c), 0.01 s* (d-f) and 1 s (g-i) for the temperatures of 800°C
(a,d,g), 820°C (b,e,h) and 840°C (c,f,i). A larger fraction of HAGBs is observed for 1 s, and 800°C
(Figure 41g) compared to 840°C (Figure 41i). However, the difference is less evident at 0.001 s™.
The size and morphology of the formed substructure differ between the different deformation
conditions. Higher slip activity, DRV and lower a-phase fraction, as well as the higher velocity of
the HAGBs, are characteristic of the higher temperature. The subgrain size decreases with
increasing strain rate and decreases temperature. The globular a-phase has a notable impact on
the microstructure evolution of the B-phase in the a+B domain. The fraction of globular a-phase
influences directly the pinning pressure at both low and high angle grain boundaries. Nearly flat
prior 3-grain boundaries are observed (Figure 41 a and d) and indicated by the white arrows.
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Figure 41: Electron backscattered diffraction (EBSD) inverse pole figure (IPF) maps of typical
microstructures of Ti-5553 samples deformed in the a+B-phase domain at: (a-c) 0.001 s;
(d-f) 0.01 s%; (g-i) 1 s%; at the temperature of: (a,d,g) 800°C; (b,e,h) 820°C and (c,f,i) 840°C. Black
lines indicate HAGBs and white lines indicate LAGBs; ND is the compression direction, and TD is
the transversal direction. Black arrows indicate new HAGBs, and the white ones the prior
B-HAGBs.

Several microstructural parameters can be obtained using the developed microstructure
model. The evolution of grain and subgrain sizes as well as fraction of HAGB during deformation
at 800°C and 840°C is shown in Figure 42 for the strain rates of 0.001 s and 1 s for the B-phase
(Figure 42(a,b)) and the a-phase (Figure 42(c,d)). The mean a-grain size (Gs) is assumed to be
constant and equal to the particle size (3 um). The 3 subgrain size (SGs) decreases slightly at the
beginning of deformation. The lower temperatures result in a larger volumetric fraction of interface
boundaries, increasing the production of immobile dislocation densities (Equation 62, Equation
65) and promoting the formation of smaller subgrains (Equation 84).
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Figure 42: Simulation results of the developed model. Evolution of SG; and G, for both B (a) and
a phases (c) as well as the fraction of HAGB for 8 (b) and a (d) for the temperature of 800°C and
840°C and the strain rates of 0.001 s’ and 1 s up to a true strain of 1.

The fraction of HAGBSs is interpreted as the recrystallisation fraction. The initial strongly
recovered microstructure of the B-phase exhibits an increase in boundary surface density at the
early stages of deformation due to DVR. Consequently, subgrain size decreases. The progressive
increase in the misorientation angle at boundaries leads to a progressive increase in the HAGB
fraction. Higher strain rates result in lower recrystallisation grade at the same strain. The a-phase
shows the scarce formation of LAGBs by a fraction of ~0.05.

9.1.4. Microstructure after deformation in the f domain

Figure 43 shows the EBSD-IPF maps of the B-phase deformed above the B-transus
temperature. Similar to the a+ domain, a well-established, equiaxed-like substructure is observed
for the strain rates of 0.001 s (Figure 43(a-c)) and 0.01 s* (Figure 43(d-f)). Isolated HAGBs
located within the B grains are also formed by CDRX, as indicated by the black arrows. Due to
intensive DRV, the fraction of newly formed HAGB is notably low for 0.85 true strain for the strain
rates of 0.001 s? and 0.01 s*. The subgrain size is ~10 times smaller for 1 s compared to
0.001 s*. Furthermore, regions with large misorientation spread as well as low amplitude serration
of the HAGB are observed for 1 s, as well as deformation bands. The fast increase in dislocation
density at high strain rates due to the short time for DRV results in the formation of misorientation
spread and LAGBs localised close to the prior -HAGBs indicated in Figure 43(e,f) by the black
rectangles. Similar findings are reported in the literature [64,65,186-188]. The band-like
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substructures are observed preferentially parallel to the B-grain boundaries or perpendicular to the
compression axis and are also reported as ribbon-like grain structure [61,189].

Figure 43: Electron backscattered diffraction (EBSD) inverse pole figure (IPF) maps of typical
microstructures samples deformed in the B-phase domain at: (a,b) 0.001 s*; (c,d) 0.01 s%;
(e,f) 1s%; at the temperature of: (a,c,e) 900°C and (b,d,f) 920°C. Black lines indicate HAGBs and

white lines indicate LAGBs.

The IPF maps of the hot torsion tests up to 7.3 of strain are shown in Figure 44. A more
refined microstructure is observed compared to the hot compression tests up to 0.85 strain
(Figure 43). The microstructure after torsion exhibits equiaxed-like subgrains surrounded by both
LAGBs and HAGBs. The intensive DRV that lead to the formation of a substructure composed by
LAGBs at lower strains (Figure 43) is combined with the local lattice rotation that leads to increase
in boundary misorientation forming a dynamically recrystallised microstructure at larger strains
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(Figure 44). However, a fully recrystallised microstructure formed by CDRX was not reached.
LAGBs and misorientation spread within the subgrains are still observed in the samples after hot
torsion, Figure 44.

001 1010000 O

Figure 44: Electron backscattered diffraction (EBSD) inv
microstructures samples after hot torsion in the B-phase domain at: a) 0.01 s and 880°C;
b) 0.01 st and 920°C; c¢) 1 s and 920°C. Black lines indicate HAGBs. ND is the radial direction of
the hot torsion sample, and TD is the longitudinal direction

The evolution of B grain and subgrain sizes during deformation above the
B-transus temperature is shown in Figure 45. Figure 45a shows a substructure evolution starting
with a fully recrystallised microstructure with fractions of HAGBs obtained from a Mackenzie
distribution. Once the B-phase begins to deform plastically, LAGBs are rapidly formed, explaining
the sharp decrease in subgrain size in Figure 45a. The HAGBs fraction of the B-phase deformed
in the B-domain shows a minimum value at the early stages of deformation, while a steady-state
is reached at large strains, Figure 45b. [141]
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Figure 45: Evolution of subgrain and grain sizes in the B-domain (a) as well as fraction of HAGB for

both B (b) for the temperatures of 880°C and 920°C and the strain rates of 0.001 s" and 1s" up to a
true strain of 10.

Figure 46 shows the predicted dislocation density for the B-phase deformed at 920°C. The
mobile dislocation density is considered constant for all conditions. The immobile dislocation
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density saturates at around 0.2 of strain after a sharp increase. The saturated value of immobile
dislocation density increases with increasing strain rate and decreasing temperature as a result of
a higher ratio between the production and consumption of dislocations. The rates of dislocation
densities are affected by the size and fraction of a-phase. With the evolution of the deformation,
the substructure will either coarsen or refined depending on the applied strain rate. Higher strain
rates decrease the initial subgrain size, increasing the boundary density.
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Figure 46: Dislocation densities evolution for the B-phase during the deformation at 920°C:
a) immobile dislocation density and b) wall dislocation density.

9.1.5. Microstructure validation

Figure 47 and Figure 48 show the simulated and measured microstructural values for the
B-phase after deformation at a local strain of 0.85 and 8.1, respectively. The modelled and
measured subgrain and grain sizes, as well as fraction of LAGB and wall dislocation density for
different deformation conditions, present similar orders of magnitude and non-linear tendencies
with respect to temperature and strain rates. Discrepancies can be attributed to the following
aspects:

e Model assumptions: The main limitation is the phenomenological description of the
HAGB velocity and its power-law dependency uniquely on the strain rate (Equation 93). It
impacts the prediction of the boundary density evolution, consequently the subgrain and
grain sizes evolutions as well as the misorientation angle distribution evolution.

¢ Measurements issues: limited measurement area size impact the statistical significance
of the measured values. The large prior B-grain size limits the accuracy on the
determination of the fraction of HAGBs. The formation of the substructure occurs
heterogeneously within the 3-grain since recovery occurs preferentially in the vicinity of the
prior B-HAGBs (explained in chapter 9). Thus, it can affect the subgrain size and fraction
of HAGBs by having more/less formed boundaries within the measurement area.
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9.2. Discussion

The deformation of the B-phase via CDRX and the role of the a-phase are discussed.

9.2.1. Dynamic restoration mechanism: CDRX

001

Figure 49: Typical microstructure of the deformed Ti-5553 for the “A1”, “A2”, and “A3” regions
highlighted in Figure 41: a,d,g) IPF maps after deformation at 800°C and 0.001 s, 800°C and 1 s,
and 840°C and 1 s, respectively; b,e,h) KAM maps for the material deformed at 800°C with
0.001 s, 800°C with 1 s, and 840°C with 1 s, respectively; c,f,i) pole figures for the material
deformed at 800°C with 0.001 s, 800°C with 1 s, and 840°C with 1 s, respectively. White and
back indicate LAGBs and HAGBSs, respectively in (a,d,g).

As shown in [141], formation of the LAGBs via DRV, the increment of the LAGB boundary
misorientation angles, and eventual the occurrence of new fine grains is how CDRX manifests
during hot deformation [62,190-192]. The highlighted “A1”, “A2” and “A3” regions in Figure 41 is
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shown with higher spatial resolution in Figure 49. The IPF maps of the hot deformed Ti-5553 at
these conditions show the presence of LAGBs and HAGBs in all cases. The kernel average
misorientation (KAM) maps in Figure 49(b,e,h) show a notable dependency of the strain rate. The
spread in orientation within the observed grains are shown in the pole figures (PF) in Figure 49
(c,f, and i). The formation of the observed microstructure occurs via continuous rotation of the
lattice. In Figure 49a, two prior B-grains are highlighted with “A” and “B”. The grain “A” with a larger
surface density of LAGB and new HAGB exhibits larger misorientation spread than grain “B”
(Figure 49c). The formation of the misorientation spread within a 3-grain is used to accommodate
the plastic deformation. Dislocations are rearranged into LAGBs, and the simultaneous increase
in LAGB misorientation leads to the formation of new HAGBs. The formation of a substructure
consisting of LAGBs and HAGBs (Figure 49(a,d,g)) where the subgrains experience a progressive
misorientation spread (Figure 49(c,f,i)) evidences the role of CDRX as active recrystallisation
mechanism for the Ti-5553 alloy.

9.2.2. Role of a-phase in the deformation

As shown in [141], the a-phase has an impact on the starting B-microstructures. Elongated
prior B-grains and a fined substructure are observed in the a+p domain, and recrystallised p-grains
are observed in the B-domain. A more equiaxed-like substructure, homogeneously distributed
within the B-grain is observed in the a+p domain compared to the 3-domain after deformation. An
equiaxed-like substructure composed of LAGBs and HAGBSs is observed in the a+p domain, while
elongated B-grains with a heterogeneous formation of the substructure are presented for the
deformed Ti-5553 in the B-domain.

The presence of the a-phase impacts the fractions recovered dislocations that are
produced and recovered (Equation 62 and Equation 65, respectively), consequently increasing
the amount of dislocations that takes place in CDRX (Equation 68). Higher o/ interface density
increases both the formation of LAGBs and their misorientation during the iso-power load partition
regime. The change in load patrtitioning from iso-power to iso-stress results in flow softening and
a decrease of the strain rate in the a-phase, thus an increase of the strain rate in the $-phase. The
increase in strain rate in the B-phase further promotes the formation of new LAGBs and the
increase in their misorientation.

9.3. Summary and conclusions

A physically-based model considering CDRX and DRV as main restoration mechanisms
developed as described in section 7.2 using the dislocation rate equations describe in section
7.2.6.1 is applied to predict the hot deformation of the Ti-5553. The conclusions are shown below.
The innovative aspects are highlighted in bold:

a) Conclusions from the simulations:

e The model predicts an increase in wall dislocation density from a fully recrystallised
microstructure and their progressive evolution into HAGBs by CDRX.

¢ The fraction of HAGBs can be interpreted as recrystallisation fraction.

e Subgrain size decreases faster at low strains, followed by a slight increase up to the
steady-state value at large strains.
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o The a-phase promotes CDRX and increases the kinetics of the multiplication and
recovery of dislocations.

b) Conclusions from the experiments:

e A homogeneous nearly equiaxed substructure forms at low strain rates. Regions with a
high density of LAGBs and new HAGBs in the vicinity of prior B-HAGBs are formed after
deformation at high strain rates. It occurs to localisation of plastic deformation in the vicinity
of prior B-HAGBs Misorientation spread is observed within B-phase and is more
pronounced for high strain rates due to the lack of time for DRV promoting reorganisation
of dislocation into LAGBs

c) General conclusions:

o The size of subgrains increases with increasing temperature due to higher HAGB mobility
and faster CDRX.

o The formation of equiaxed-like subgrain surrounded by LAGBs and HAGBs within the B-
grains evidence the role of CDRX. The increase of the fraction of HAGB is faster for higher
strain rates up to a specific strain. Then, the lower the strain rate, the smaller the strain
required to reach a fully recrystallised microstructure. A fully recrystallised microstructure
is predicted for large strains.

o The change from iso-power plastic strain rate between the two phases to the iso-
stress regime is considered as the main reason for the flow softening in the a+f
domain. The decrement in thermal stress in the a-phase plays a major role in the
decrement in the overall stress.
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10. Improved predictability of the hot deformation of Ti-5553

This chapter presents a comparison between the physically-based model following
Ghoniem’s rate equations for the dislocation reactions [104] (described in section 7.2.6.2) and the
model based on Kocks-Mecking dislocation formalism section 7.2.6.1. It corresponds to a
comparison between the results and discussion published in [141] and the simulation results using
the Kocks-Mecking formalism. In this chapter, this comparison is emphasised aiming to discuss
the usability of both models. The first model (named “Model G” in this chapter) and the second
one (named “Model KM” in this chapter) can describe DRV and are correlated to CDRX in a similar
way. However, the more dislocation interactions prediction with the Model G enables the
guantification of other phenomena, such as the elastic strain rate and SRV. The flow stresses of
both a and B-phases are calculated using the same constitutive equations and the change in load
partitioning between the a and B-phases like is described as in chapter 9. Hot compression
experiments of a Ti-5553 alloy shown in chapter 9 are used for validation. The constants and
parameters used in the model are given in Appendix D.

10.1. Results
The microstructure before and after deformation are presented in chapter 8.
10.1.1. Flow stress

The comparison between the measured flow curves corrected for the adiabatic heating and
the simulated flow curves is shown in Figure 50 for both Model KM and Model G. A more detailed
interpretation of the flow stress behaviour is present in section 9.1.2.
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Figure 50: Comparison between the measured flow curves corrected for the adiabatic heating and
the simulated flow curves for both Model KM and Model G: a) 800°C; b) 840°C; c) 880°C; and
d) 920°C.

The overall differences in the flow stress evolution between the Model KM and the Model
G are minor. However, differences can be large for the derivative of the flow stress with respect
to the strain, is shown in Figure 51 for deformation at 920°C for the strain rate of 10 s*. The Model
G predicts a notably faster work hardening at the beginning of the deformation compared to the
Model KM.
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Figure 51: Derivative of the total stress with respect to the strain for the Ti-17 deformed at 970°C
with the strain rates of 0.001 s and 10 s and for the “Model KM” and “Model G”.

The mobile dislocation density is considered constant and independent on temperature
and strain rate for the hot deformation modelled using the Model KM. Thus, the increase in strain
rate leads to the same proportional increment in glide velocity in Model KM following Orowan’s
relationship, Equation 60. Model G predicts an initial near-elastic regime, where the plastic strain
rate is negligible, Figure 52(c,d). With an increase in stress, mobile dislocation starts to glide once
the thermal stress becomes positive. A peak in the glide velocity and a sharp increase in the plastic
strain rate are predicted once the yield stress is reached. Fast multiplication of mobile dislocations
follows this peak in the glide velocity. Finally, the reduction of glide velocity and stabilisation of the
plastic strain rate occurs. A steady-state value of mobile dislocation density, plastic strain rate and
mobile dislocation density is reached at very low strains. The sharp increase in mobile dislocation
density at the beginning of deformation is responsible for the fast work-hardening predicted by the
Model G (Figure 51) since the predicted mobile dislocation density is higher than immobile one in
Model G (shown later in the text in Figure 54). Thus, the evolution of the flow stress shown in
Figure 52(a,b) for the Model G is related to the mobile dislocation density evolution with a minor
influence of the wall and immobile dislocation density.
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Figure 52: Evolution of the thermal and overall stress components predicted by Model G (the
difference is the athermal stress) for deformation at 920°C: a) 0.001 s, b) 10 s*. Evolutions of the
mobile dislocation density, glide velocity and plastic strain rate predicted by Model G for
deformation at 920°C: a) 0.001 s%, b) 10 s™.

10.1.2. Model predictions of the microstructure of B-phase

The grain and subgrain size, as well as the fraction of HAGB evolutions, are shown in
Figure 53 for the Ti-5553 deformed at 920°C. For both models, a fast decrease in subgrain size
and fraction of HAGBSs is predicted at the beginning of deformation due to formation of LAGBs.
After a specific strain, the average grain size starts to decrease due to the formation of new
HAGBSs, also leading to a progressive increment of the fraction of HAGBs. The grain size finally
decreases with lower kinetics at larger strains reaching the subgrain size at the steady-state. The
slight difference in kinetics between the Model KM and the Model G is associated with the
difference in the amount of dislocations that contribute to cDRX predicted by both models. They
are adjusted by the constant foprx for Model G, while the behaviour and kinetics are given by
dcprx and 8. However, negligible differences can be observed in the behaviour since the same
cDRX rate equations are used for both models.
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Figure 53: Predicted grain and subgrain size, as well as the fraction of HAGB, evolutions for
deformation at 920°C using the Model KM and the Model G.

The evolutions of the wall and immobile dislocation densities are shown in Figure 54(a and
b, respectively). The evolution of the wall dislocation density (Figure 54a) can be directly related
to the fraction of HAGBs (Figure 53c) and the evolution of the grain and subgrain sizes (Figure
53(a,b)). Wall dislocations are rapidly produced due to reorganisation of immaobile dislocations in
the case of the Model KM and due to reorganisation of mobile and immobile dislocations via SRV
and DRV in case of the Model G. Higher strain rates lead faster kinetics initially for the formation
of wall dislocation due to the higher rates of DRV. A maximum wall dislocation density follows the
rapid increase. It corresponds to the strain where the consumption counterbalances the production
of new LAGBSs. After this maximum, a progressively decrease occurs. Higher strain rates form
smaller subgrains sizes. Consequently, a higher rate of dislocation is required to evolve the formed
LAGBs. Thus, the higher the strain rate, the slower the wall dislocation density reach the steady-
state. The fraction of HAGBs shows a fast initial decrease related to the formation of new LAGBS,
followed by a valley that corresponds to the strain where the boundary misorientation distribution
yields the maximum fraction of LAGBSs.

The differences are more marked in the evolution of the immobile dislocation density
between Model KM and Model G, Figure 54b. The Model KM predicts a rapid increase in immobile
dislocation, followed by saturation. Thus, the fast production of immobile dislocations at the early
stage of deformation is balanced by their annihilation via DRV. The Model G predicts a more
complex behaviour for the immobile dislocation density evolution. An initial increase occurs due
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to the immobilisation of mobile dislocations at LAGBs and HAGBs. The immobilisation competes
with consumption of immobile dislocations via SRV due to climb, DRV and movement of HAGBs.
The immobile dislocation density does not reach an apparent plateau because the subgrain size
varies during deformation, so does also the immobilisation rate. It is also notable that the predicted
immobile dislocation density using the Model G is smaller compared to the Model KM. The main
difference is that Kocks-Mecking formalism [170] adopted in Model KM considers the production
of immobile dislocations to be independent on the microstructure features. In contrast, in Model G
the production rate of immobile dislocation density is dependent on the boundary density.

The mobile dislocation density is considered constant in the Model KM and independent
on temperature and strain rate. The model G predicts the formation and a steady-state mobile
dislocation density, Figure 52(c,d).
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Figure 54: Simulated evolutions of a) wall dislocation density b) immobile dislocation density;

c) steady-state mobile dislocation density predicted by the Model G for different strain rates and
temperatures compared with the assumed invariable mobile dislocation density for the Model KM.

CINAN

One notable difference between the Model KM and the Model G is the capability of
describing the evolution of the mobile and immobile dislocation density due to clear physical
phenomena. Figure 55 shows the evolution of the different dislocation reactions for the mobile
(Figure 55(a,b)) and immobile dislocation densities (Figure 55(c,d)) for the deformation at 920°C.
The production of mobile dislocations due to interactions with the existing one (pﬁ{zvg) is balanced
mainly by the DRV term (BDRme(pm+pi)vg). A small contribution of the immobilisation rate
(P,,Vg/Psg), SRV due to climb (8p Ve, /An) and consumption of mobile dislocations due to
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movement of HAGBs (p,,S.fhaceVHage) are also predicted. The immobilisation of mobile
dislocations (p,,vg/®sg) is the source of immobile dislocations, and its production is balanced by
DRV (8prvP,,P;), Figure 55(c,d). A minor contribution of the annihilation due to SRV (8 p,v¢;/A\)
and consumption of mobile dislocations due to movement of HAGBs (p;S,f4aceVHace) are also

predicted. A higher strain rate (Figure 55 (b,d)) yields a lower annihilation rate of dislocations via
SRV compared to a lower strain rate (Figure 55(ac)) for both mobile and immobile dislocation
density.
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Figure 55: Evolution of the dislocation densities predicted by the Model G for deformation at 920°C
and a,c) 0.001 s*; and b,d) 10 s. a,b) mobile dislocation density reactions; c,d) immobile
dislocation density reactions. The production terms are indicated with a “+” while the deduction
ones with a “-"“.

The comparison between measured and simulated subgrain size and the fraction of
HAGBs is shown in Figure 56 and Figure 57 for the hot compression and hot torsion experiments,
respectively. The differences between Model KM and Model G are mainly due to the adopted
values of acprx, 89, fcprx. The simulated and measured values exhibit non-linear behaviours, i.e.
an intricate relationship between strain, strain rate and the temperature is attained. The developed
models are robust to predict the evolution of any initial microstructure up to any strain, temperature
and strain rate.

The deviations are related to both modelling and measurements issues:

o Model assumptions: the mobile dislocation density is considered constant in the Model
KM, and no term to describe its influence on the CDRX is given. This issue is overcome in
the Model G but with the assumption that the mobile dislocation is adjusted to yield a
constant value once a maximum value is achieved. Also, its calculation is performed,
assuming constant thermal stress for a given temperature and strain rate. Another
limitation is the phenomenological description of the HAGB velocity and its power-law
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dependency uniquely on the strain rate (Equation 93). In the case of the Model G, the
dependence of the boundary evolution on the applied strain rate is greatly influenced by
the phenomenological description of the dpry (see Appendix D).

Fitting parameter adjustments: The differences between the Model KM and the Model
G are mainly related to the adjustment of the fitting parameters of the model, especially
the ones related to the CDRX model (see Appendix D). Thus, the error between
measurement and simulation could be further minimised using a systematic and automatic
fitting algorithm.

Measurements issues: The formation of the substructure occurs heterogeneously within
the B-grain since recovery occurs preferentially in the vicinity of the prior B-HAGBs. The
large prior B-grain size limits the accuracy on the determination of the fraction of HAGBs
since more/less initial B-HAGBs can be considered depending on the measurement site.
The limited measurement area size impacts the statistical significance of the measured
values. Thus, it can affect the subgrain size and fraction of HAGBs by having more/less
formed boundaries within the measurement area.
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Figure 56: Measured and simulated results for the strain of 0.85 (hot compression): a) subgrain
size, b) grain size, c¢) fraction of HAGBs.
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Figure 57: Measured and simulated results for the strain of 8.3 (hot torsion): a) subgrain size,
b) grain size, c) fraction of HAGBs.

10.2. Discussion

The low contribution of the athermal stress in the proposed models is mainly due to the
small value of Taylor constant (a = 0.1). The value of 0.1 for the Taylor constant is related to the
lattice resistance due to the interaction between parallel dislocations as the main barrier for
dislocation movement [193]. Different values have been proposed in the literature [193], attributed
to the operating deformation and strengthening mechanisms. In the case of precipitate hardening
or strong interaction with forest dislocation, the Taylor constant can acquire higher values [193].
The corollary is that thermally activated glide of dislocations is the primary attributed mechanism
for plastic deformation, in agreement with the literature for the investigated strain rate and
temperature ranges [194].

The Taylor factor is an essential parameter for the calculation of the glide velocity, as well
as the athermal stress. The Taylor factor value changes with the crystallographic texture [195].
For simplification, the proposed model considers that the average Taylor factor is constant and
independent of the deformation conditions. Despite the inherent error from this assumption, the
simulated and measured flow curves of the deformed Ti-5553 are in good agreement, especially
in the B-domain. A fully coupled model would require to consider the texture evolution in the Taylor
factor.

Model G quantifies the amount of mobile and immobile dislocation involved in several
reactions. Despite limitations on the calculation of mobile dislocation density related to the
assumption related to the algorithm described in Appendix C, the Model G predicts a dependency
of the mobile dislocation for the strain rate, Figure 54c. A difference of five orders of magnitude in
strain rate leads to a difference in one order of magnitude, Figure 54c. This model output
corroborates to the small value of Taylor constant since the thermally activated glide of
dislocations is the primary mechanism for plastic deformation. It assumes that the drag of the
mobile dislocations occurs by the presence of other mobile dislocations and the interspace is
sufficiently large that the effect of one gliding dislocation on the neighbour one is small. Therefore,
an increase in strain rate leads to faster gliding without notable multiplication of mobile
dislocations.
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10.3. Summary

Two physically-based models were developed to predict the flow stress and microstructure
evolutions and validated for a Ti-5553 alloy. A simpler dislocation density reaction approach
(Model KM) is compared to a comprehensive one (Model G). SRV, DRV and CDRX are considered
as main restoration mechanisms. The evolution of mean grain size, mean subgrain size, boundary
misorientation distribution, and dislocation densities of all phases can be predicted during
deformation. The model can predict the evolution of any starting condition of the initial
microstructure and the change in load partitioning in the a+ domain is considered the reason for
the flow softening. The conclusions are shown below. The innovative aspects are highlighted in
bold:

a) Conclusions from the simulations:

o The mobile dislocation density can be estimated by the Model G for any deformation
condition, while needs to be adjusted of assumed for the Model KM.

e The immobile dislocation density evolves together with the subgrain size for the
Model G, while the Model KM predicts a fast increase followed by saturation.

e CDRX is coupled with the dislocation reactions in the same manner for the Model KM and
Model G: recovered dislocations are the source for the formation of new boundaries and
increase in their misorientation.

e The influence of the dislocation reaction approach on cDRX related variables
(subgrain and grain sizes, misorientation distribution, the fraction of HAGBS) is
negligible since the rate equations of the cDRX model are nearly non-independent
of the mobile and immobile dislocation density reactions.

b) General conclusions:

¢ Change of load partitioning can represent the overall flow softening in the a+f
domain, and this change describes the phenomena related to: decrease in
dislocation density; the decrease of strain rate; and the stress of the a-phase.
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11. Hot deformation and dynamic globularisation of a-phase
of the Ti-17

This chapter shows the investigations about the hot deformation behaviour of a Ti-17 alloy
using hot compression tests combined by micro characterisation, in-situ synchrotron radiation
diffraction, and post mortem metallography. The results of the equations for the dislocation
reactions [104], as described in section 7.2 are also shown, combined with the model of dynamic
globularisation of the a-platelets (section 7.2.9). The deformation in the a+B domain was
investigated by hot compression experiments from 810°C to 850°C, and in the B domain from
930°C to 970°C. Strain rates between 0.001 s to 10 s were tested. The results of the flow stress,
measured microstructure of the B-phase deformed in the B-domain, as well as the discussions that
are shown here, were already published in [142]. This chapter strengths the results shown on the
B-substructure formation, especially the tole of the a-phase and the deformation at high strain
rates. Insights on B-microstructure evolution during hot compression using in-situ synchrotron
radiation diffraction is also complementary to [142]. The model predictions that were published in
[142] are also strengthened. The constants and parameters used in the model are given in
Appendix E.

11.1. Methodology

The performed hot compression tests using the Gleeble® 3800 device are described in
section 6.3. EBSD measurements were conducted on selected hot compressed samples.
Additionally, the in-situ hot compression testing using synchrotron X-Ray diffraction was
performed during hot compression, as described in section 6.4.

11.2. Results

11.2.1. Initial microstructure and a-phase morphology

The typical a-lamella are exhibited in the BSE micrographs in Figure 58(a, b and c) after
holding for 15 min at 810°C, 830°C and 850°C, respectively. The a-phase area% fractions are
measured after holding at 810°C, 830°C, and 850°C, resulting in 22.9 £+ 1.0, 10.8 +1.2, and 2.5
0.8, respectively [142]. A plate-like morphology of the a-phase is observed in all cases. The
interconnectivity of the platelets is higher at 810°C (Figure 58a) and nearly negligible at 850°C
(Figure 58c).

annealed for 15 min at: a) 810°C; b) 830°C; c) 850°C. a-phase is dark, 3-phase is bright.
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The typical microstructure of the B-phase prior to deformation at 810°C, 850°C, and 970°C
is shown in Figure 59(a, b and c), respectively, and consists of partially recrystallised grains.
Despite more recrystallised grains after holding at 970°C, the differences among the initial 8-
microstructure for the heat treatments at 810°C, 850°C and 970°C are minor [142].

annealed for 15 min at: a) 810°C; b) 850°C; c) 970°C. The a-phase is not resolved at this
magnification.

11.2.2. Flow stress

Figure 60 shows the experimental and simulated flow curves at 810°C, 850°C, 930°C and
970°C. After the elastic regime, a plateau is achieved at the early stages of plastic deformation in
the B-domain. Flow softening due to dynamic globularisation of the lamellar a-phase is observed
in the a+p domain. The globularisation of the a-phase leads to the progressive transformation of
the iso-strain load transfer regime into the iso-stress regime, causing a notable reduction of the
stress withstood by the a-phase and consequently by the material. The larger volume fraction of

a-phase at lower temperatures leads to a more pronounced flow softening for 810°C compared to
850°C [142].
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Figure 60: Measured (M) and simulated (S) flow curves: a) 810°C, b) 850°C, c) 930°C, and d) 970°C.

11.2.3. The measured microstructure of the B-phase deformed in the
B-domain

Typical microstructures of the B-phase deformed in the 3-domain are shown in Figure 61
for 970°C. The IPF maps (Figure 61 (a-d)), their respective grain reference orientation deviation
(GROD) axis maps (Figure 61(e-h)) and KAM maps (Figure 61(k-n)) are shown for the strains of
0.25 and 0.85. The LAGBs are highlighted in white and the HAGBs in black in the IPF maps.
Figure 61(a,b) reveal that LAGBs forms in a larger amount in the vicinity of the prior $-grain
boundaries, while only misorientation spread is observed within the grains up to 0.25 deformation.
The deformation substructure is well defined for the strain of 0.85 for 0.001 s (Figure 61(b,f,i)),
while misorientation spread within the B-grain is still pronounced for 0.1 s (Figure 61 (d,h,n)).
Although new HAGBs are formed at 0.85 strain for both strain rates, the fraction is small compared
to samples deformed at 810°C [142].

The KAM maps show the organisation of the misorientation spread and the subgrain
boundaries. The wave-like diffuse substructure that is observed at 0.25 strain (Figure 61m), and
at 0.85 strain for 0.1 s (Figure 61n), as highlighted by the marked areas “R1”, “R2”, and “R3". It
is attributed to the reorganisation of the dislocations into sharp walls of dislocations. Despite
exhibiting a low misorientation angle, each subgrain shows a different rotation axis with respect to
the parent B-grain, as shown in the GROD maps (Figure 61(e-h)) indicates that the substructure
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rotates, leading to a progressive increase in boundary misorientation. Finally, the formation of a
smaller substructure is evident at higher strain rates [142].

Figure 61: Inverse pole figure (IPF) maps (a-d), grain reference orientation deviation axis maps
(e-h), and kernel average misorientation maps (k-n) for the deformed Ti-17 at 970°C at 0.001 s
(a,b,e,f,k,l) and 0.1 s (c,d,g,h,m,n) up to 0.25 (a,e,k,c,g,m) and 085 (b,f,1,d,h,n) of strain,
respectively. HAGBs are shown as black lines in the IPF maps and white lines in the KAM maps.

Figure 62a shows the formation of bands for the sample deformed up to 0.25 at 930°C and
10 s*. The misorientation spread within the grains “A” and “B” indicated in Figure 62b is shown in
Figure 62d. The pole figure and the orientations of different regions of the band-like structure are
also highlighted. Despite the formation of HAGBs in this region, the misorientation spread
suggests a periodic change in the crystallographic orientation along the B-grain, forming parallel
‘bands” as seen in the KAM map (Figure 62c). A similar microstructural feature is observed in
Figure 62(e,f).
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S om— ~ 001
Figure 62: Microstructure of Ti-17 deformed at 930°C and 10 s up to 0.25 of strain: a) light optical
micrograph, b) Inverse pole figure map, c) kernel average misorientation map of the marked area
in a). The load axis is vertical d) measured pole figure for the grains “A” and “B”. Black lines
indicate HAGBs.

11.2.4. Insights on B-microstructure evolution during hot compression
using in-situ synchrotron radiation diffraction

The evolution of the B-phase during hot compression was investigated using synchrotron
radiation diffraction during in-situ hot compression. The azimuthal-time plots for the deformation
at 930°C for the strain rates of 0.001 s and 0.01 s are shown in Figure 63(a and b), respectively.
Additionally, the in-situ hot deformation at 970°C was also performed for the strain rate of
0.001 s, and the azimuthal-time plots are shown in Figure 63c.

Similar to the findings of Canelo-Yubero et al. in Ti-6Al-6V-2Sn [195], two main
mechanisms could be distinguished: a local increase in misorientation spread highlighted by the
dashed green circles, and the rotation of the crystals, highlighted by the dashed blue circles. The
increase in misorientation spread occurs due to lattice rotation caused by the bending of the lattice
structure, forming geometrically necessary dislocations and LAGBs [196]. Both phenomena
indicate that DRV and CDRX are the major mechanisms for microstructure evolution of the
B-phase, in agreement with the above-observed microstructures.
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Figure 63: Azimuthal time-plots for the B-phase during deformation at: a) 930°C and 0.001 s’;
b) 930°C and 0.01 s'; ¢) 970°C and 0.001 s'. The dashed green ellipses indicate the misorientation
spread formation within the B-grains. The dashed blue ellipses indicate the subgrain rotation.
ND corresponds to the load direction and TD to the radial direction.

The misorientation spread and the bending of the timelines are more pronounced at 930°C
and 0.01 s than at 930°C and 0.001 s, suggesting a higher degree of lattice and subgrain
rotation for higher strain rates, corroborate by the EBSD results, Figure 61. Furthermore, a later
lattice rotation and formation of misorientation spread is observed by decreasing the strain rate.
This critical strain is related to the deformation needed to form a dislocation structure within the
material that is then, reorganised in sharp LAGBs for low strain rates (Figure 61(a,b,e,fk,l)) and
bands for higher strain rates (Figure 61(c,d,g,h,m,n) and Figure 62).
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11.2.5. Role of the a-phase on the formation of B-substructure
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Figure 64: Inverse pole figures (IPF) maps obtained from EBSD measurements for Ti-17 deformed
at: a) 810°C at 0.001 s, b) 850°C at 0.001 s, ¢) 810°C at 1 s”', d) 850°C at 1 s”. The a-phase (black
spots) are embedded in the B-phase matrix. Black boundaries are HAGBs. The dashed black
rectangles indicate the areas where the inserted pole figures “PF1”, “PF2”, “PF3” and “PF4” are
measured. ND corresponds to the compression direction and TD to the transversal direction.

Figure 64 shows the typical microstructure of the B-phase after deformation up to 0.85 at
810°C (Figure 64(a,c)) and 850°C (Figure 64(b,d)) at 0.001 s (Figure 64(a,b)) and 1 s* (Figure
64(c,d)). Fine B-substructure is observed for the temperature of 810°C for both strain rates. On
the other hand, relatively large B-subgrains are observed at 850°C for 0.001s™. The dashed black
rectangles indicate regions from where the inserted pole figures are calculated. In all cases, only
one prior B-grain is highlighted, so the pole figure reveals the orientation spread within this grain.
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A large misorientation spread is observed for the strain rate of 1 s for both temperatures
(Figure 64(c,d)). A large misorientation spread is observed for the strain rate of 0.001 s™* at 810°C
(Figure 64a) compared to the sample deformed at the same strain rate and 850°C (Figure 64Db).

0

Figure 65: Inverse pole figures (IPF) (a,d,g) and kernel average misorientation (KAM) maps
(b,c,e,f,h,i) of both a and B phases after deformation Ti-17 at: (a-c) 810°C at 0.001 s, (d-f) 810°C at
10 s, (g-i) 850°C at 10 s.

v

Figure 65 shows KAM maps of both a and B phases for the Ti-17 deformed up to 0.85 at
810°C and 0.001 s* (Figure 65a) and 10 s* (Figure 65b), as well as at 850°C and 0.001 s*
(Figure 65c¢) and 10 s (Figure 65d). The accommodation of the plastic deformation in the a-phase
occurs via rotation, as observed by Canelo-Yubero et al. [118]. Here, the KAM maps show the
presence of accumulation of deformation (misorientation) near the interfaces in the a-phase and
between neighbour interconnected globular grains for low strain rates (Figure 65a) as well as large
misorientation values for bent-like non-globularised a-lamellas at high strain rates
(Figure 65 (b,d)). The B-matrix accommodate the plastic strain via DRV followed by CDRX. The
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rotation of a-phase promotes locally the B-lattice rotation, but the formed dislocations are
rearranged into LAGBs instead of being accumulated at a/B interfaces.

11.2.6. Dynamic globularisation of the a-phase
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Figure 66: Backscattered electron (BSE) micrographs of the deformed Ti-17 at 830°C for the strain
rates of 0.001 s, 0.1 s" and 10 s* up to 0.25, 0.5 and 0.85 strain.

Figure 66 shows an overview of the microstructure observed after deformation at 830°C
evidencing the presence of dynamic globularisation of the a-phase. The formation of isolated and
relatively homogenously distributed globular-like a-phase is observed only for the strain rate of
0.001 s. With an increase in strain, the platelets are partially transformed into globular a-phase.
Moreover, the bending of the a-phase platelets is observed for the strain rates of 0.1 s* and
10 s as indicated by the green arrows.

- AR AR, eV P TR b . ‘: e DR e o
Figure 67: Detailed backscattered electron (BSE) micrographs of Ti-17 deformed at 810°C up to
0.85 strain for the strain rates of: a) 0.001 s, b) 0.1s, ¢c) 10 s™.
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A detailed view of the fragmentation of the a-phase and formation of globular-like particles
is shown in Figure 67. The interface between globular particles of a-phase is made by a thin layer
of B-phase and is indicated by red arrows. Ti-17 deformed at 810°C for 0.001 s (Figure 67a)
shows larger a-grains, indicating coarsening.

11.2.7. Model predictions
11.2.7.1. B-phase

The simulated results for the evolutions of subgrain and grain sizes as well as the fraction
of HAGBs are plotted in Figure 68(a,c) for the B-phase for the deformation in the a+B and
B-domain, respectively. The investigated condition (“real”) is compared to a hypothetical condition
where a-phase is not present (“no a”) for the deformation at 810°C in Figure 68a. A fine
microstructure is achieved for both 0.001 s?, and 1 s and a notable difference is observed
between “real” and “no a”, evidencing the role of a-phase in promoting cDRX and refining the
microstructure in the a+B domain [142]. Despite of differences in the kinetics, the evolution
behaviour of the B-phase for the Ti-17 is comparable to the one predicted for the Ti-5553 in
chapters 9 and 10, i.e. a fast initial production of LAGBs followed by a progressive increment in
boundary misorientation that leads to a steady-state microstructure at large strains [142]. The
simulated and measured data are compared in Figure 68(e,f) for different investigated conditions.
Despite the differences, especially for 850°C and 0.001 s and 850 and 10 s, the model depicts
well the non-linear dependency of the microstructure evolution on the strain rate and temperature.
The reasons for the differences are similar to the ones discussed in section 10.1.2.
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Figure 68: Simulated results for the deformation at: a,b) 810°C for the investigated condition
(“real”) and without the presence of a-phase (“no a”) for the: a) subgrain and grain sizes;
b) fraction of HAGBs; c,d) 970°C for the: c) subgrain and grain sizes; d) fraction of HAGBs.
Simulated and measured results for different investigated conditions for the: e) subgrain size,

f) fraction of HAGBs.
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11.2.7.2. a-phase

The box-plots of the measured aspect ratio and thickness of the a-grains are compared
with the predicted values in Figure 69 for the strains of 0.25 and 0.85 for the deformation at 810°C
(Figure 69(a,b)) and 830°C (Figure 69(c,d)) at 0.001 s?, 0.1 s? and 10 s*. The results of
deformation at 850°C exhibits similar behaviour than 830°C. The decrease in aspect ratio with the
strain is pronounced for 0.001 s*. Comparable behaviour is observed for the strain rates of
0.1 s*and 10 s™. The model does not consider the decrease in thickness observed at high strain
rates due to the mechanical plastic deformation. On the other hand, the increase in the a-thickness
at low strain rates is slightly overestimated at 830°C. The presence of many measurement outliers
and the relatively large range within 1.5IQR indicates that a-globularisation does not occur
homogeneously throughout the microstructure as the model considers [142].
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Figure 69: Measured and simulated features of a-phase for deformation at 810°C (a,b) and 830°C
(c,d): a,c) aspect ratio; b,d) thickness. A indicates the annealed state before hot compression, the
strain rates of 0.001 s, 0.1 s and 10 s are shown for the strains of 0.25 and 0.85.

The evolution of aspect ratio is compared with measured values for interrupted tests in
Figure 70a. The thickness evolution at 0.001 s for 810°C, 830°C and 850°C is shown in
Figure 70b. The initial increase at 0.25 strain is well-predicted, but the model overestimates the
other values. The deviations for the predicted thickness are larger compared to the predicted
aspect ratio. Figure 70(c and d) shows the measured and simulated values of aspect ratio and
a-thickness, respectively.
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The simulated evolution of the aspect ratio, thickness and fraction of high angle grain
boundary within the a-phase is shown in Figure 71(a,b,c). An initial thickness of 0.3 um is used as
a representative thickness for the a-platelets for the investigated Ti-17. For comparison, an initial
thickness of 5 um is considered to illustrate the predictability of the model, Figure 71(d,e,f). The
model predicts the formation of HAGBs within the a-platelets Figure 14(c,f) firstly as illustrated in
the stages ‘I, ‘I and ‘V’. The formation of the a/f interfaces leads to a decrease in the aspect
ratio. Additionally, the formation of the a/f interfaces leads to an increase in thickness (‘I and
‘IB’) due to a/B interfaces movement, and it occurs at lower strains by lower strain rates.
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Figure 70: Comparison between measured and simulated results: a,b) aspect ratio and a-thickness
evolutions, respectively; ¢,d) measured and simulated values of aspect ratio and a-thickness,
respectively, for the strain rate of 0.001 s™.

The migration of the a/p interfaces consumes fast the formed HAGBs within a-phase for a
small initial thickness of the a-platelets (‘llIA’ and ‘llIB’). The globularisation fraction reaches 1
before the aspect ratio does. However, the formation of new LAGBs within a-phase and their
evolution into HAGBs occurs until boundaries are not formed within a-phase [142]. If the initial
thickness of a-platelet is of 5 um, the formation of the HAGBs within a-platelet (Figure 71f) leads
to its division into particles of a-phase smaller than the initial ones as illustrated in ‘VI'. The aspect
ratio evolves fast to 1 (Figure 71e), followed by a progressive decrease in thickness (‘VII') until the
steady-state is reached (Figure 71d) illustrated by ‘VII'.
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Figure 71: Simulated aspect ratio (AR) (a,d), thickness (b,e) and the fraction of HAGB in a-phase
for different deformation conditions and initial thickness of a-platelet: a,b,c) 0.3 um; d,e,f) 5 um.

11.3. Discussion

The hot deformation of the Ti-17 with a starting lamellar microstructure was used to
understand the influence of the a-phase in the stress evolution as well as in the dynamic
restoration of the 3-phase.

11.3.1. CDRX in the B-phase

The azimuthal-time plots (Figure 63) shows two distinct but simultaneous phenomena:
subgrain rotation and misorientation spread formation [142]. Due to the lower dislocation densities
achieved at lower strain rates for a given temperature and the longer time for DRV, the produced
dislocations can be reorganised in sharp subgrain boundaries (Figure 61(a,b,e,fk,)), forming a
well-established equiaxed-like substructure. On the other hand, with an increase in strain rate, the
dislocation density increases, and the time for DRV decreases. Therefore, the -phase is not able
to accommaodate the plastic deformation in a well-established network of LAGBs. The deformation
localizes in the triple points or regions along the prior B-high angle grain boundary. This is
extended to the formation of a band-like structure with large lattice rotation between band to band,
leading to the formation of low and eventually new HAGBs (Figure 62). The model is limited to the
mesoscopic scale. Thus, it cannot predict the localisation of deformation within the B-grains.
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11.3.2. Role of the a-phase in the deformation of the B-phase

As reported in the literature, CDRX is enhanced in the B-phase deformed in the o+ domain
[49]. The pole figures in Figure 64 indicate a large misorientation spread within the formed
B-subgrains at large strain rates. The rotation of the a-phase [195] during dynamic globularisation
increases the lattice rotation of the B-phase. The local deformation due to the rotation of the
a-phase in the B-phase matrix is geometrically accommodated by the formation of new LAGBs
[42], instead of a pile-up of misorientation at the a/f interfaces, as evidenced in Figure 65. This is
considered in the model as an increment in the fraction of recovered dislocations that contribute
to the formation of LAGBs (Equation 81).

At the lowest strain rate of 0.001 s, the dynamic globularisation of the a-phase and the
long time for DRV of the B-phase lead to the formation of a coarser and more established network
of low and new HAGBs. With an increase in strain rate to 0.1 s, the formation of isolated globular
a-phase due to dynamic globularisation is limited, thus limiting the [(-subgrain size to
approximately the inter-lamellar spacing. With further increase in strain rate to 10 s, the formed
microstructure is smaller than the typical inter-lamellar spacing.

11.3.3. Dynamic a-globularisation

The increase in inter-diffusion due to an increase in dislocation density and pipe diffusion
is indirectly present in the simplified model of the growth of the a-grains. The total globularisation
of thin platelets is achieved when all the formed boundaries within the a-phase are consumed
while the steady-state is reached when the aspect ratio of the formed a-particles is 1 [142] as
illustrated in Figure 72. The deformation of thick a-platelets forms particles that are smaller than
its initial thickness.
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Figure 72: Evolution of the dynamic globularisation as a function of the initial thickness and strain.
fLacs: THacs: P;» Sv: Sgion, @and t, are the fraction of LAGB, the fraction of HAGB, immobile

dislocation density, boundary density, a/f interface density, and thickness of the a-phase,
respectively.
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11.3.4. Flow softening and load partitioning
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Figure 73: Simulated flow stress evolution for the Ti-17 deformed at 810°C for: a) 0.001 s,
b) 10 s. 0%, 0¥, and o* are athermal, thermal and total stress in each phase, respectively, ois
the total stress and f,qp, is the fraction of a-globularisation.

The flow softening observed in the a+B domain is attributed to the change in the load
partitioning mechanism due to a-globularisation, as is illustrated in Figure 73. The lamellae
withstand the stresses in the iso-strain regime, while a fully globularised microstructure, is under
an iso-stress regime. The evolution of the thermal and athermal stresses for both phases for the
strain rate of 0.001 s (Figure 73a) and 10 s (Figure 73b) at 810°C are shown. The fraction of
globularisation is also shown for each deformation condition.

The effective strain rate and the stress of the a-phase are maximum at the beginning of
the deformation, and both are minimum once the globularisation is achieved. Despite the increase
in strain rate in the B-phase due to decrease of strain rate in the a-phase, the increase in the stress
in the B-phase is nearly negligible in comparison to the decrease in stress in the a-phase. Thus,
two main contributions for the softening behaviour can be listed [142]:

e Progressive decrease of the mobile and immobile dislocation density due to a decrease in
strain rate and consumption of the formed walls of dislocation by the migration of the a/
interfaces reducing the overall athermal stress;

e A reduction of the strain rate leads to a reduction of the yield stress, and finally to a
decrease in the thermal stress.

11.4. Summary

The hot compression behaviour of a Ti-17 was investigated and modelled. The complex
mechanisms of dislocation reactions and the simultaneous role of DRV, CDRX, SRV and dynamic
globularisation of the a-platelets as considered in the developed model, as well as dynamic
globularisation of a-phase and the role of the a-morphology in the load partition. The combination
of ex-situ EBSD investigations of hot compressed samples and in-situ synchrotron radiation
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diffraction measurements during hot compression provide the validation of the developed model.
The conclusions are shown below. The innovative aspects are highlighted in bold:

a) Conclusion from the simulations:

o Dynamic a-globularisation can be predicted for any initial thickness and aspect
ratio, and the fraction of globularisation, thickness and width of a, and the fraction
of HAGBs within a-phase are calculated.

o Flow softening was attributed to a change in the mechanism of load transfer
between a and -phases from an iso-strain to an iso-stress condition. The dynamic
globularisation of the a-phase promotes this progressive change in load transfer.

b) Conclusions from the experiments:

e Dynamic globularisation of the a-phase is a diffusion process, and therefore more
pronounced at lower strain rates and higher temperatures, resulting in thicker and more
equiaxed a-phase at lower strain rates and higher temperatures.

e a-phase increases local lattice rotation and boundary formation within the B-phase,
enhancing CDRX in the B-phase in the a+B domain. Notably finer subgrains and
larger fraction of HAGB are observed in the a+f domain in comparison to the
B-domain for a given strain and strain rate.

o Formation of sharp LAGBs and subgrains with negligible misorientation spread in the
B-phase is only observed at low strain rates (0.001 s). On the other hand, a band-like
structure is observed at high strain rates in the B-field, due to localisation of deformation
within the B-grains.
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12. Mesoscale model for the static recrystallisation of Ti-17

This chapter investigates the SRX behaviour of a Ti-17 alloy using ex-situ and in-situ
experiments to understand the operating mechanisms as well as to establish the recrystallisation
kinetics. The results and discussions shown here were already published in [146]. This chapter
strengthens the simulation results, where possible explanations for the deviation are added and
the results for the dislocation densities evolution during SRX are compared to the in-situ
synchrotron results.

12.1. Methodology

The microstructure of the as-deformed Ti-17 is investigated in chapter 11. Mesoscale SRX
described in section 7.3 is coupled to the hot deformation model described in chapter 7.2. For
simplification of the calculations, the rate equations based on the Kocks-Mecking approach
described in section 7.2.6.1 were adopted for the hot deformation model. The constants and
parameters used in the model are given in Appendix F.

The conditions for the performed annealing tests after hot compression using the Gleeble®
device are described in section 6.5. A systematic investigation of the post-mortem annealed
microstructure is performed using SEM/EBSD. Additionally, in-situ synchrotron radiation diffraction
during hot compression followed by annealing was performed, as described in section 6.4.

12.2. Results

12.2.1. Static recrystallisation after isothermal treatments

The microstructures after hot deformation at 930°C and 970°C at 0.001 s followed by
annealing at each respective temperature are shown in Figure 74. The elongated and deformed
B-grains are observed at 930°C up to 20 min of heat treatment. Comparable behaviour is observed
for the deformation and heat treatment at 970°C. After 60 min, the isothermal heat treatment at
930°C exhibits a few large recrystallised grains. On the other hand, the deformed substructure is
consumed by the formation of a recrystallised microstructure for the heat treatment at 970°C for
60 min.

The recrystallised microstructures after hot deformation at 930°C and 970°C at 0.1 s
followed by isothermal annealing are shown in the IPF maps in Figure 75. Compared to the
recrystallisation behaviour after deformation at 0.001 s, faster recrystallisation is achieved. The
recrystallisation starts at prior -grain boundaries, and the difference in recrystallisation kinetics is
notable between 930°C and 970°C [146]. The presence of a near fully recrystallised microstructure
is observed at 970°C after 5 min heat treatment, while it is in an intermediate stage at 930°C. A
fully recrystallised microstructure is observed after 20 min at 930°C or 970°C. Slight grain
coarsening is observed for 970°C after 20 min.
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Figure 74: Inverse pole figure (IPF) maps of Ti-17 at compressed 930°C and 970°C at 0.001 s
followed by isothermal annealing at the respective deformation temperatures. The black lines
indicate the HAGBs while the white ones, the LAGBs. TD and ND indicate the transversal and
compression direction, respectively.

Figure 75: Inverse pole figure (IPF) maps of Ti-17 compressed at 930°C and 970°C at 0.1 s
followed by isothermal annealing at the respective deformation temperatures. The black lines
indicate the HAGBs, the white ones the LAGBs.

12.2.2. Static recrystallisation during continuous cooling treatments

The microstructures of the material after hot deformation at 930°C at 0.001 s™* and 0.1 s
followed by continuous cooling at 2°C/min, 5°C/min and 30°C/min and interrupted at 810°C are
shown in the IPF maps in Figure 76. The recrystallised microstructure observed for the deformed
Ti-17 at 0.001 s and cooled at 2°C/min are comparable to the longer times isothermal heat
treatment at 930°C after deformation at 0.001 s in Figure 74. The recrystallisation grade is small
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for the Ti-17 deformed at 0.001 s and cooled at 30°C/min. Likewise, a few recrystallised grains
are observed at 0.1 s and cooled at 30°C/min. Thus, the faster the deformation and the higher
the cooling rates, the larger the remaining stored energy [146].

Figure 76: Inverse pole figure (IPF) maps of Ti-17 compressed at 930°C at 0.001 s* and 0.1 s
followed by continuous cooling treatments interrupted at 810°C. The black lines indicate the
HAGBs, the white ones the LAGBs.

12.2.3. Insights on static recrystallisation using in-situ synchrotron
radiation diffraction

Figure 77(a, b, and c¢) shows the results for the in-situ experiments during compression at
930°C up to 0.5 true strain at 0.001 s?, 0.1 s, and 5 s followed by 10 min holding at 930°C. Due
to the short time of deformation in comparison to the exposure time, the deformation stage (‘¢’) is
only depicted in the time-lines in Figure 77a for 0.001 s. A visible spreading in orientation during
deformation leading to a relatively stable microstructure due to minor changes in the time-lines
during holding is observed in Figure 77a for 0.001 s*. On the other hand, a progressive weakening
of the time-lines is visible after deformation at 0.1 s* and 5 s in Figure 77(b and c), respectively.
The appearance of new timelines is indicated by the blue arrows, evidencing new grains nucleate
during SRX for the 0.1 st and 5 s [146]. The blue arrows indicate the appearance of new timelines
at different times. It is more pronounced up to 60 s and visible up to ~120 s. It can be correlated
to the formation of the onset of SRX for the 0.1 s> and 5 s™.
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Figure 77: Azimuthal-time (AT) plots for the (110) and (200) of the in-situ synchrotron diffraction

during hot compression at 930°C up to 0.5 strain for: a) 0.001 s*; b) 0.1 s%; ¢) 5s™?. The heating

cycle, deformation, and holding are indicated by ‘H’, ‘¢’, and ‘R’, respectively. CD indicates the

compression direction, and the dashed blue rectangles are shown in Figure 84. The blue arrows
indicate the appearance of new grains to the illuminated volume.

5 min
10 min
5 min
10 min
5 min
10 min
5 min
10 min
5 min
10 min

Figure 78 shows the FWHM (left) and normalised interplanar distance (right) evolutions
during the isothermal heat treatments for the samples deformed at 930°C with strain rates of
0.001 s (upper) and 5 s (bottom). The FWHM, which contains information related to the size of
the coherently scattering domains and the microstrains or mean square strain <¢?>, shows an

Ricardo Henrique Buzolin 116



PhD thesis Mesoscale model for the static recrystallisation of Ti-17

almost constant behaviour for the lower strain rate while evident variations are distinguishable for
the 5 s strain rate. Thus, SRX, in a first approach, cannot be detected for the 0.001 s conditions
for the tested holding time. Concerning the normalised interplanar distances, the 0.001 s* exhibits
a constant behaviour up to the first 200 s with subsequent slight relaxation of strains, more
pronounced for the plane (110). In contrast, there is a decrease of FWHM for the 5 s strain rate
during approximately the first 70 — 100 s probably as a result of both nucleation for SRX and strain
relaxation [146]. It is important to remark that these evolutions must be merely seen as trends
because mainly for the 5 s strain rate, the Debye-Scherrer rings become spotty as time proceeds.
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Figure 78. FWHM (left) and normalised interplanar distance (right) evolutions during the isothermal
heat treatments after deformations at 0.001 s* (a and b) and 5s™ (c and d).

12.2.4. Simulation results

The measured and simulated results for the recrystallisation fraction (fsrx), the SRX grain
size (GSgrx), the average subgrain size (SGS,ean) and the average grain size (GSyean) are
shown in Figure 79(a, b, ¢, and d), respectively, for the deformation for 930°C and 970°C at 0.001
stand 0.1 s followed by isothermal heat treatment at the same temperature. The model predicts
well the recrystallisation kinetics for the isothermal heat treatments. Once the incubation time is
reached, nucleation and growth are very fast, leading to a sharp increase in the recrystallisation
fraction [146]. The recrystallisation kinetics is finally reduced due to the consumption of the stored
energy in the form of dislocation within the B-phase. The observed inflexion of the recrystallisation
curves for 0.1 s at high recrystallisation fraction is related to the end of nucleation and decrease
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in dislocation density. A slight underestimation of the simulated recrystallised grain size is
observed, Figure 79b. However, the tendency with respect to the measured values is reproduced,
i.e., fast initial increase leading to slower growth, and once full recrystallisation is achieved, static
grain growth takes place. The overall mean subgrain and grain sizes as well predicted and exhibit
a similar trend of the recrystallised grain size, Figure 79(c,d).
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Figure 79:Simulated (S) and measured (M) results for the isothermal heat treatments:
a) SRX fraction, b) mean recrystallised grain size, ¢c) mean subgrain size, d) mean grain size.
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Figure 80: Simulated (S) and measured (M) results for the continuous cooling heat treatments:
a) SRX fraction; b) mean recrystallised grain size.
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The simulated and measured data for the continuous cooling heat treatments at 2°C,
5°C/min and 30°C/min after deformation at 970°C for 0.1 s are shown in Figure 80. The evolution
of the recrystallisation fraction is underestimated by the model at high cooling rates (30°C/min)
and overestimated at slow cooling (2°C/min).
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Figure 81: Simulated evolution of the fraction of recrystallisation and measured values for different
maximum grain orientation spread (GOS) values defining a recrystallised grain.

The discrepancies between measured and simulated results can be attributed to:

e The relatively small measured areas compared to the initial B-grain size, resulting in low
statistics. There may be a systematic error by choosing areas close to triple grain
boundaries

e Both nucleation and growth of grains are dependent on the stored energy of the material
and is given as a function of the dislocation density. This stored energy is adjusted with
respect to the set of dislocations for the wall dislocation density (Equation 121), distributed
homogeneously through the microstructure. The local experimental driving force might be
higher than in the simulation leading to smaller simulated recrystallised grain sizes.

e The driving force for HAGB movement during static recrystallisation depends on several
parameters that influence the difference in stored energy between neighbour grains such
as the difference in normal crystallographic direction between neighbour grains [197-199]
or the difference in dislocation density [200]. In the developed model, only the difference
in dislocation density is considered, and the mean velocity is considered as representative
for the average normal crystallographic directions.

e The maximum grain orientation spread (GOS) attributed to a recrystallised grain that is
considered for the measured results is 2°. Figure 81 shows the variation of the measured
fraction of recrystallisation for different maximum GOS defining a recrystallised grain.

The evolution of the internal variables of the model is shown in
Figure 82 for the same conditions tested in-situ (section 11.2.2). Static recovery and consumption
of the deformed B+phase by the recrystallised grains explains the sharp decrease in dislocation
density [146], reaching their minimum value when full recrystallisation is achieved, Figure 82a.
The velocity of the HAGBs formed during SRX (Vggm, Figure 82b) decreases with the decrease

Ricardo Henrique Buzolin 119



PhD thesis Mesoscale model for the static recrystallisation of Ti-17

dislocation density of the deformed material due to static recovery and consumption of the
deformed region (Xge ). On the other hand, the velocity for grain growth (Vgg.srx and
Ve -NON srx. Figure 82b) is nearly constant at the early stages and progressively decreases with
the static grain growth after longer holding times, Figure 82b.
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Figure 82: Simulated results for the isothermal heat treatments at 930°C after hot compression at
0.001 s* and 5 s up to strain of 0.5: a) mobile (p,,), immobile (p,) and wall (p,) dislocation
densities; b) HAGB velocity for the recrystallised grains (Vgigy), static grain growth of the

recrystallised grains (Vgg.srx), and static grain growth of the deformed grains (Vgg.non-srx):
¢) nucleation rate; d) critical and maximum (2.5x the mean value) subgrain sizes.

The nucleation rate (Figure 82c), given by Equation 125, is maximum at the beginning of
the treatment and decreased with a decrease in stored energy by consumption of the deformed
region, Equation 120. Once X4 = 0, the nucleation is finished, and only growth of the formed
grains occurs. The nucleation time of ~200 s for deformation at 930°C and 5 s inferred in Figure
78(b,d) is well depicted in the simulations, that predict a fast consumption of dislocation after ~150
s (Figure 82a). The evolution of the critical subgrain size and the maximum subgrain size (2.5x
the mean subgrain size) is shown in Figure 82d. The critical subgrain size is minimum at the
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beginning of deformation and smaller than the simulated required subgrain size for nucleation
[146]. Thus, the incubation time is not related the time required for subgrain coarsening until the
critical subgrain size is achieved but to the low number of formed nuclei formed for the investigated
conditions at the early stages of SRX. Once the number of SRX grains increases, the
recrystallisation fraction becomes notable, and the stored energy for SIBM reduces notably,
increasing the minimum subgrain size sharply for nucleation.

12.3. Discussion

A physically-based model to predict the hot deformation of a Ti-17 alloy is coupled with a
physically-based model for the SRX behaviour using the same internal variables. Nucleation
occurs via bulging of the formed subgrains during hot deformation, and its growth is driven by the
stored energy due to dislocations.

12.3.1. SIBM

Figure 83: Highlighted maps with an image quality (IQ) background (a,c,e) and measured inverse
pole figures (b,d,f) for Ti-17 isothermally heat-treated after deformation at 0.1 s: a,b) annealing at
930°C for 1 min; c,d) annealing at 970°C for 15 s; e,f) annealing at 970°C for 1 min. The grains were

highlighted with a misorientation spread of 5°. White and black boundaries indicate LAGBs and

HAGBSs, respectively.
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DRV forms a substructure within the B-grains accompanied by continuous lattice rotation
between the adjacent subgrains leading to the progressive transformation of LAGBs into HAGBS.
The subgrains formed during hot deformation are the active nuclei for bulging by SIBM during
SRX.

Figure 83((a,b), (c,d), and (e,f)) show grew nuclei in advanced condition after isothermal
heat treatments at 930°C for 1 min, 970°C for 15 s, and 970°C for 1 min, respectively. As expected,
[121] there is a large misorientation between the formed subgrain and the deformed B-grains [146].
The different highlighted subgrains indicate the ones with different boundary misorientations with
respect to the deformed B-grain are observed in Figure 83(a,b), highlighted in grey as well as
corresponding to the non-highlighted regions (black regions in Figure 83b). The inverse pole
figures in Figure 83(b,d,f) indicate that the formed recrystallised grains belong to the dispersion in
orientation spread formed due to plastic deformation in the vicinity of the prior B-HAGBs with a
high orientation axis deviation with respect to the deformed parent grains.

Figure 84 shows a magnified view of the dashed blue rectangles in Figure 77. The formed
timelines during deformation at 0.001 s are not modified during holding for 10 min at 930°C, a,
which it indicates the microstructure was fully preserved during the isothermal heat treatment.
Eventual static recovery and subgrain growth do not cause a visible modification of the grains in
the azimuthal position ¢. On the other hand, the onset of SRX during isothermal treatment modifies
the grain structure of the Ti-17 deformed at higher strain rates (Figure 84(b,c)). The appearance
of new spots during the holding stage for the 0.1 s* and 5 s is indicated by the blue arrows. They
suggest the formation of recrystallised grains during the first seconds of the heat treatment [146].
The formation of new recrystallised grains is correlated to the existence of a nucleation rate with
finite incubation time. The disappearance of some spots, indicated by the white arrows, is related
to grain coarsening. Nucleation via SIBM and growth of the formed nuclei reduces misorientation
of the parent microstructure. Thus, sharper regions (or bands) are progressively formed as
indicated by the dashed white lines in Figure 84. Similar findings are also reported for a Ti-64 alloy
[148].
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Figure 84: Highlighted areas in Figure 77 of the azimuthal-time (AT) plots of the in-situ synchrotron
diffraction tests during and after compression at 930°C up to 0.5 of true strain for: a) 0.001 s%;
b) 0.1 s%; ¢) 5. The white arrows indicate the disappearance of timelines, while the dashed white
lines, the decrease in orientation spread.
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Despite the variation in the FWHM due to dislocation changes (mostly by decreasing the
p,, and p,, Figure 82a), the fact that no strain relaxation is observed can be ascribed to the larger
population of wall dislocations that only relaxes when the nucleated grains grow up. Thus, the time
of the end of nucleation is ~70-100 s as inferred from the evaluation of the normalised interplanar
distances (Figure 78d). The end of nucleation is larger for higher deformation temperatures and
lower strain rates.

12.3.2. Role of prior deformation condition and heterogeneous deformation
of the B-phase

The main drawback of the proposed mesoscale model for microstructure evolution is the
non-predictability of the heterogeneity of deformation within a B-grain and between B-grains [146].
To overcome this issue, an empirical correction of the number of aligned dislocations forming a
wall of dislocations is proposed for the calculation of the wall dislocation density, Equation 122.
Moreover, the nucleation is assumed to occur only in a limited volume of deformed material (Xgef)
to compensate for the heterogeneous distribution of the wall of dislocations. Figure 85 shows the
kernel average misorientation (KAM) maps of the isothermal heat treatments at 930°C for the
holding times of 15 s (Figure 85a), 1 min (Figure 85b), 5 min (Figure 85c), and 20 min
(Figure 85d). Nucleation starts in regions with high KAM (Figure 85(a,b)) and that the recrystallised
grain grows consuming the existing region with high KAM (Figure 85c). Once these regions are
consumed, the stored energy for further growth decreases, slowing the recrystallisation, as shown
in Figure 85d.

This issue has been addressed in the literature [121,201] as a deviation for the
homogeneous nucleation. For the investigated Ti-17 alloy, the nucleation is relatively homogenous
when compared to the difference in stored energy at the beginning and in a later stage of
recrystallisation [146]. Therefore, the IMAK model can still be used (Equation 128) for calculation
of the SRX fraction, and the corrections in nucleation rate and stored energy aim to incorporate in
a simple way the effect of the heterogeneous deformation within a large B-grain. The measured
Avrami exponents are shown in Table 6.

Table 6: Measured Avrami coefficients

Avrami coefficients

930°C 970°C
0.001 s™ 0.41+0.18 0.51+0.16
0.1s™ 1.15+0.10 1.51 +0.66

Low values for the Avrami exponent are related to grain boundary surface nucleation, while
large values can be associated with grain corner nucleation [201]. The change in stored energy
modified the nucleation mechanism. Larger strain rates provoke higher stored energy for a given
strain and temperature, resulting in initial nucleation at grain edges. With the development of the
recrystallised structure, the nucleation mechanism changes towards grain boundary surface
nucleation.
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Figure 85: Kernel average misorientation (KAM) maps for Ti-17 deformed at 930°C at 0.1 s
followed by isothermal annealing at 930°C for: a) 15s; b) 1 min; ¢) 5 min; d) 20 min. The white lines
indicate the HAGBSs.

12.4. Summary

The isothermal and continuous cooling heat treatments after the hot deformation of a Ti-
17 alloy were investigated after the deformation in the B-domain. The recrystallisation kinetics was
obtained by systematic ex-situ experiments. In-situ synchrotron radiation diffraction during hot
compression shed lights on the recrystallisation mechanisms. A simple mesoscale model that
couples the hot deformation and the SRX behaviours is proposed. The phenomena of DRV and
CDRX are considered as restoration mechanisms during hot deformation. At the same time, static
recovery, nucleation, and growth via strain-induced boundary migration and grain growth are
regarded as restoration mechanisms during annealing. The conclusions are subdivided
accordingly, and the new ones with respect to the literature are highlighted in bold:
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a) Conclusions from the simulations:

e Ti-17 deformed at higher strain rates leads to higher nucleation rate and thus, to faster
recrystallisation kinetics.

b) General conclusions:

o Higher strain rates produce smaller subgrains as well as higher stored energy, and the
deformation within the B-grain is more heterogeneous.

¢ A nucleation time is needed and evidenced by the ex-situ and in-situ experiments, and the
process of SRX is attributed to occur via strain induced boundary migration.

e The stored energy reached within the tested conditions was insufficient for grain
refinement due to the low nucleation rate.
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13. Discussion on the predictability of the models

This chapter aims to discuss the performance of the models even beyond the experimental
validation conditions. The results obtained for each model are related to the initial microstructure
and processing parameters, aiming to describe the predicted overall behaviour. These maps can
be used to tailor microstructures as a function of local processing parameters and initial
microstructures.

13.1. Phase transformation in Ti-6Al-4V

The phase transformation of f—a+p was modelled using the exact diffusion equations.
The current model does not allow the prediction of interaction of complex supersaturation fields,
nor the prediction of irregularities on the shape of the formed particles of a-phase. Despite the
limitations, it is novel on the prediction for the formation of three investigated morphologies of
a-phase: ap, Ocs, Osec. The mean diameter of ap, the mean thickness of aes and asec, as well as
the fraction of each morphology, are the outputs of the model. The contour maps for the evolution
of the fraction of ap, ags, asec, as well as the diameter of ap and the thickness of ass and asgc are
shown in Figure 86 as a function of the cooling rate and the size of ar immediately before cooling
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Figure 86: Contour maps for the phase transformation model for the Ti-6Al-4V as a function of the

cooling rate and size of a» immediately before cooling (a%): a) fraction of ar, b) mean diameter of
dp, c¢) fraction of acg, d) mean thickness of acs e) fraction of asec, f) mean diameter of asec.
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Small sizes of a3 promote the fast growth of ap, and inhibits the formation of acs and asec.
The increment of the volume of a small sphere during diffusion occurs faster than that of a larger
sphere since its growth is inversely proportional to its radius (Equation 5). The fraction of ap is a
cubic function of the radius of the ap (Equation 9). Therefore, large a3 growths slower, promoting
supersaturation of V in the matrix, and the nucleation and growth of dasec and dgs.
Figure 86 (a,b) shows that for initial sizes of ar smaller than ~4 ym, only growth of ar occurs. For
the cooling rate of 40°C/min, the fraction of ap can vary from 82% up to 37% for the initial primary
a-phase size of 5 ym and 9 uym, respectively. Therefore, strict microstructure control is challenging
for this range of ap. A small variation in the initial microstructure or a slight difference in cooling
rate can promote the formation of a different microstructure.

Figure 86(c,d) shows that the predicted fraction of ags is larger than 3% only for cooling
rates lower than 20°C/min and for initial ap sizes larger than 10 ym. The increase in cooling rate
leads to a decrease in ags thickness and fraction. This relationship is nearly independent on the
initial ap size for ap sizes larger than 14 ym. Figure 86(e,f) shows that the predicted fraction of
asec exhibits a maximum, and its peak is a function of the initial ap size and cooling rate. Larger
initial ap promotes the formation of a larger fraction of asec for a given cooling rate. The cooling
rate that leads to the maximum formed fraction of asec decreases with increase in initial ap size.
The reduction in the formed fraction of asec with an increase in cooling rate is related to the lack
of time for nucleation. It leads to larger remaining B-phase. In practice, it is related to the formation
of a’.

13.2. Hot deformation behaviour

A CDRX-based model for hot deformation was developed to predict the evolution of the
mean microstructural features of the material, i.e. the grain size, subgrain size and fraction of
HAGB. In this chapter, the model used in chapter 112 is discussed: CDRX is coupled with a model
for the rate equations of dislocation reactions based on Ghoniem’s rate equations (described in
7.2.6.2). The Mackenzie and Rayleigh distributions are coupled to the CDRX model to simulate a
fully recrystallised and a recovered microstructure, respectively. The novel model can start with
any initial microstructure and consider the already existing HAGBs and can be extrapolated up to
large strains.

13.2.1. Influence of the initial microstructure

The initial B-grain size, the initial ratio between low and high angle grain boundaries and
the initial thickness of a-phase are correlated to the evolution of the microstructural features. Here,
the results presented in chapter 112 are extrapolated for any starting microstructure. The
interpretation and discussion of the results that are shown here were already published in
[141,142]. As described in those chapters, deviations between the predicted and measured
microstructure are found. Small subgrain sizes can lead to deviations because the present model
neglected mobility of the LAGBs. Moreover, the formation of deformation bands at high strain
rates, as shown in chapters 9 and 11 will result in larger deviations the large the initial grain size.
Finally, the prediction of the influence of the a-phase is strongly influenced by the mathematical
approaches of the globularisation evolution on the aspect ratio (“2D” or “3D cases”), and on the
empirical calculations of the a/f interface velocity and growth velocity.

Ricardo Henrique Buzolin 128



PhD thesis Discussion on the predictability of the models

13.2.1.1. Initial B-grain size

Figure 87 shows the evolution of the wall dislocation density as a function of the initial
B-grain size and the strain. A maximum of wall dislocation density is reached, corresponding to
the maximum product between low angle grain boundary density and low angle grain boundary
average misorientation, Equation 41.

a °) i
1000 5y 1000 2
T Pw [M™] - Pw [m]
16 16
g 1205 5 00 25
o| X 9.8x10'° N 1.8x101
gl ¢ 8.6x10'5 '@ 1.6x10©
2| & 200 g?xlglg £ 200 1_1,(181@
& 49x1075 g 9.1x107S
5 100 g.gxlglg w 100 2‘?‘]812
= X -4 o) ¢
o 1.2x10" @ 2.3x10'"®
0.0 50 0.0
0 2 4 6 8 10
c)1 000 d) 1000 ¢
= pw [Mm2] = pw [m?]
5 2.3x10"° 5 5.4x10'°
@ 500 27x10" 'g 500 48107
0| 2 |8 2 e
8| & 200 4x107° g 200 :
| S 1.1x10'% & 2.7x10'5
: o o
E 100 aexi0e & 1 11x101®
o 2.3x10™ & 5.4x10™
0.0 50 0.0
0 2 4 6 8 10
e[] €[]

Figure 87: Contour maps for the evolution of wall dislocation density for the B-phase for the Ti-17
with a B-grain size before deformation of 500 um for different initial B-grain sizes during
deformation at: a) 830°C and 0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s, d) 930°C and 1 s™.

The evolution of the fraction of HAGBs as a function of strain and initial B-grain size is

shown in Figure 88. Starting from a partially recrystallised microstructure (fﬂAGB = 0.35), LAGBs
are formed at small strains, leading to a decrease in the fraction of HAGBs. The larger the initial
grain size, the faster the increment in boundary average misorientation (Equation 85). Moreover,
smaller grain sizes promote the consumption of the formed LAGBs due to the movement of
HAGBs (Equation 87). Therefore, larger initial B-grain sizes lead to a fast evolution of the fraction
of HAGB for a given temperature and strain rate.
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Figure 88: Contour maps for the evolution of the fraction of high angle grain boundaries of the
B-phase for the Ti-17 with a B-grain size before deformation of 500 um for different initial 3-grain
sizes during deformation at: a) 830°C and 0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s, d) 930°C
and 1s™.

10

Theoretically, an infinitely large initial B-grain size leads to a rapid formation of a
microstructure formed by HAGBS, as the result of the mathematical assumption that the increment
of the misorientation angle of the LAGBs is proportional to the initial grain size
(Equation 85). It means that the local lattice rotation would lead to a very fast increase in boundary
misorientation. This, however, does not imply that the steady-state microstructure is reached
instantaneously. It means that formed LAGBs evolves fast to HAGBs.

The evolution of the B-grain size as a function of the strain and initial $-grain size is shown
in Figure 89. A large difference in grain size is observed between 830°C and 930°C, showing the
enhancement of CDRX due to the presence of a-phase at 830°C. The microstructure evolves
faster towards its steady-state, the larger the initial B-grain size and the lower the strain rate for a

given temperature are. A refinement of the microstructure can occur at deformation at large
strains.
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Figure 89: Contour maps for the evolution of grain size of the B-phase for the Ti-17 with a B-grain

size before deformation of 500 um for different initial B-grain sizes during deformation at: a) 830°C
and 0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s, d) 930°C and 1 s™.

The B-subgrain size evolution as a function of strain and initial B-grain size is shown in
Figure 90. Larger initial B-grain sizes lead to the formation of larger subgrain sizes for a given
strain, temperature and strain rate. Although the higher consumption of the formed LAGBs due to
the movement of a larger surface density of HAGBs for smaller initial §-grain sizes, the evolution
of the boundary misorientation requires more recovered dislocations to promote the same
increment in boundary misorientation. That and the slowest evolution of HAGB can explain the
higher wall dislocation density for smaller initial B-grain sizes that was shown in Figure 87.
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Figure 90: Contour maps for the evolution of B-subgrain size for the Ti-17 with a B-grain size
before deformation of 500 um for different initial 3-grain sizes during deformation at: a) 830°C and
0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s%, d) 930°C and 1 s™.

Finally, the stress evolution as a function of the strain and initial f-grain size is shown in
Figure 91. Note the large differences in the scales by deforming in a+f and 3 domains. A fast
increment at early stages followed by a slight decrement due to consumption of the dislocation
walls of low misorientation angle is observed up to achieving a steady-state in the B-domain
(Figure 91(c,d)). A fast strengthening is followed by flow softening due to change in load
partitioning mechanism in the a+p domain due to dynamic a-globularisation (Figure 91(a,b)). The
flow softening is pronounced up to strains < 1. The subsequent hardening and flow softening
observed for strains > 1 in the a+f domain is related to the increment of wall dislocation density
and the effect of its strengthening on the overall athermal stress (Equation 48). The strengthening
caused by the dislocation walls is more pronounced in the a+@ domain compared to the f-domain,
and it increases with a decrease in initial B-grain size.
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Figure 91: Contour maps for the evolution of stress for the B-phase for the Ti-17 with a B-grain size
before deformation of 500 um for different initial 3-grain sizes during deformation at: a) 830°C and
0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s%, d) 930°C and 1 s™.

13.2.1.2. Initial B-subgrain size

The influence of the initial subgrain size is translated into the fraction between the initial
surface density of HAGBs (S0 ) and the initial surface density of LAGBs (S0

VHAGB VLAGB
initial B-grain size of 500 um and an initial LAGB average misorientation of 1°. Small subgrain size

/S

VLAGB '’

) for a fixed

means smaller fractions S°

VHAGE while a fully static recrystallised microstructure

corresponds to large SsHAGslseLAGB values. The results are influenced by the assumption that only

the mobility of the HAGBSs is considered [33].

Figure 92 shows the immobile dislocation density evolution as a function of the strain and
ST ASY

VHAGB VLAGB *
dislocations, thus higher immobile dislocation density is produced. This difference is more

<0.1.

Smaller initial subgrain size leads to higher immobilisation rate of mobile

£ a0 0
pronounced if Sy, .o/Sv xs
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Figure 92: Contour maps for the evolution of immobile dislocation density for the B-phase for the
Ti-17 with a B-grain size before deformation of 500 um for different initial ratios between high angle

grain boundaries (SVHAGB) and low angle grain boundaries (S,,LAGB) during deformation at: a) 830°C
and 0.01 s, b) 830°C and 1 s¥, ¢) 930°C and 0.01 s, d) 930°C and 1 s™.

Figure 93 shows the evolution of the wall dislocation density as a function of the strain and
SSHAGB/SVLAGB for a fixed initial B-grain size. The proposed model predicts that formation of LAGBs
continuously occurs, and the larger the surface density of boundaries, the slower the increase in
mean boundary average misorientation angle (Equation 84). Therefore, a small initial subgrain

size leads to slower evolution of the microstructure via CDRX, consequently a higher wall
dislocation density.
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Figure 93: Contour maps for the evolution of wall dislocation density for the B-phase for the Ti-17

with a B-grain size before deformation of 500 um for different initial ratios between high angle grain

3HAGB) and low angle grain boundaries (SﬁLAGB) during deformation at: a) 830°C and

0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s%, d) 930°C and 1 s™.

boundaries (S

The evolution of the fraction of HAGB as a function of strain and S° /s? is shown in

VHAGB' “~VLAGB
Figure 94. The smaller the initial subgrain size, the larger the strains required to achieve a certain

fraction of HAGB. The continuous formation of new LAGBs and the slow increment of boundary
misorientation for small subgrain sizes (Equation 85), leads to a retardation of CDRX. The
influence of the initial subgrain size on the evolution of the microstructural features becomes

negligible if the 2 /S2

vinca!/Sviacs 1S larger than 10.
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Figure 94: Contour maps for the evolution of the fraction of high angle grain boundaries the

B-phase for the Ti-17 with a B-grain size before deformation of 500 um for different initial ratios
between high angle grain boundaries (SeHAGB) and low angle grain boundaries (SeLAGB) during

deformation at: a) 830°C and 0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s, d) 930°C and 1 s™.

The evolution of the B-grain size as a function of strain and SSHAGB/SSLAGB

95 for the initial B-grain size of 500 um. Here, similar behaviour is observed as for the evolution of
HAGB (Figure 94). The decrease in grain size due to the formation of new HAGBs via CDRX
requires larger strains for small initial B-subgrains due to the slower increase in boundary
misorientation. Grain refinement occurs at large strains and is more pronounced, the higher the
strain rate and the lower the temperature are.

is shown in Figure
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Figure 95: Contour maps for the evolution of grain size of the B-phase for the Ti-17 with a B-grain
size before deformation of 500 um for different initial ratios between high angle grain boundaries

0 ) during deformation at: a) 830°C and 0.01 s,

VLAGB

b) 830°C and 1 s7, ¢) 930°C and 0.01 s, d) 930°C and 1 s™.

(SﬂHAGB) and low angle grain boundaries (S

Figure 96 shows the evolution of B-subgrain size as a function of the strain and
/Sd

VLAGB "

SO

VHAGB

SSH AGB/SSLAGB. The transformation of LAGBSs into HAGBs and the movement of the formed HAGBs
leads to a small increase of the subgrain size at large strains up to its steady-state value, i.e. the

steady-state grain size.

An initial decrease in subgrain size is predicted and is more pronounced for larger
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Figure 96: Contour maps for the evolution of subgrain size of the -phase for the Ti-17 with a

B-grain size before deformation of 500 um for different initial ratios between high angle grain

3HAGB) and low angle grain boundaries (SSLAGB) during deformation at: a) 830°C and

0.01 s, b) 830°C and 1 s, ¢) 930°C and 0.01 s%, d) 930°C and 1 s™.

boundaries (S

The evolution of the stress in the B-phase as a function of the strain and SSHAGB/SSLAGB is

shown in Figure 97. A fast increase due to production of mobile dislocations is observed at the
early stages. It is followed by a nearly steady-state in case of deformation in the 3-domain and to
flow softening in case of deformation in the a+f domain. The second increase in stress at strains

> 1 is observed in the a+p domain for small values of sd s

viace! Sviacs- Similarly, a peak in stress is

observed in the B-domain for larger strains and small values of SeH AGB/SSLAGB.

strengthening caused by the presence of wall dislocations with small misorientation angle. Those
contribute to athermal stress (Equation 45). The strengthening caused by the wall dislocation

It corresponds to the

density at strains higher than 1 is negligible for higher values of sd s

vince!Sviage (INitial recrystallised

microstructure).
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Figure 97: Contour maps for the evolution of stress for the B-phase for the Ti-17 with a B-grain size

before deformation of 500 um for different initial ratios between high angle grain boundaries
0 ) during deformation at: a) 830°C and 0.01 s,

VLAGB

b) 830°C and 1 s, ¢) 930°C and 0.01 s, d) 930°C and 1 s™.
13.2.1.3. Initial a-thickness

(SeHAGB) and low angle grain boundaries (S

Different initial thickness leads to different kinetics of formation of boundaries within the
a-platelets and, consequently, different kinetics of a/f migration. Figure 98 shows the contour
maps for the evolution of the aspect ratio of a-phase as a function of strain and the initial
a-thickness. The initial aspect ratio of a-phase is considered as 15, and the initial grain size of
B-phase is 500 um. A fast decrease of aspect ratio is observed for either small or large initial
thickness of a-phase. Smaller thickness leads to a larger number density of a-lamellas, and a
larger amount of boundary density. Once a boundary is formed, the movement of a/p causes the
separation of the lamellas into smaller particles, and the evolution of the aspect ratio is faster for
smaller initial a-thickness. The increase in a-thickness leads to a progressive migration from a 2D
case of dynamic globularisation into a 3D case of dynamic globularisation. Thus, the formed
boundaries within a-phase lead to a division of the lamellas in particles with smaller thickness
compared to the initial one.
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Figure 98: Contour maps for the evolution of aspect ratio of the a-particles during hot
compression at 830°C for the Ti-17 with a B-grain size before deformation of 500 um for different
initial a-thickness for the strain rates of: a) 0.001 s, b) 0.1s?,¢) 10s™.

Larger strains are required to achieve an aspect ratio of 1 with an increase in strain rate
for lower initial a-thickness. However, the impact of the strain rate on the aspect ratio evolution is
not so pronounced for large initial a-thickness. The required boundary density to divide a platelet
into particles of an aspect ratio of 1 decreases with increase in a-thickness. Since the growth of
the particles occurs via a diffusion-based processed, higher strain rates require larger strains to
achieve a similar aspect ratio.

Numerical artefacts more than the physical behaviour of the material can be highlighted:

e The increase in strain rate leads to a shift of the peak in aspect ratio to lower initial values
of initial a-thickness for a given strain and temperature. The calculations change from the
“2D case” to the “3D case” once the aspect ratio reaches the value of 1 and leads to the

inflexion point in Figure 98.

¢ Once the a-particles are globularising in a “3D case”, the dependency of the evolution of
the aspect ratio on the strain rate is negligible. On the other hand, in the 2D case, the
boundaries formed within a-phase are consumed before achieving an aspect ratio of 1.

The evolution of the immobile dislocation density in B-phase is shown in Figure 99(a,b) as
a function of the strain and initial a-thickness. An empirical correlation between initial a/f boundary
density and the fraction of dynamically and statically recovered dislocations that form new LAGBs
or contribute to the increase in boundary misorientation is proposed, Equation 81. Therefore, finer
a-platelets leads to a higher density of a/p interface density, and CDRX in B-phase occurs faster.
It can be understood as the influence of the a-particle interspacing that contributes to both mobile
dislocation production and mobile dislocation immobilisation as well as an increase in local lattice
rotation, promoting the formation of new LAGBs and increasing their misorientation. Thus, the
smaller the a-thickness, the larger the immobile dislocation density in 3-phase for a given strain,
strain rate and temperature. A peak in immobile dislocation density is predicted as a function of
deformation, and the corresponding peak strain increases with increase in a-thickness.

The evolution of the wall dislocation density is shown in Figure 99(c,d) as a function of
strain and initial a-thickness. A peak in the wall dislocation density increases with a decrease in
a-thickness and is displaced at lower strains with a decrease in a-thickness since CDRX in occurs
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faster in B-phase for thinner a-platelets. Higher strain rates lead to higher values of wall dislocation
density, and larger strains are required to achieve the peak.

The evolution of the fraction of HAGB in the B-phase as a function of strain and initial
a-thickness is shown in Figure 99(e,f). The faster CDRX in the B-phase for thinner a-platelets due
to larger a/p interface density leads to a faster evolution of the fraction of HAGB in the B-phase
with a decrease in a-thickness.
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Figure 99: Contour maps for the B-phase during hot compression at 830°C for the Ti-17 with a
B-grain size before deformation of 500 um for different initial a-thickness for the strain rates of
a,c,e) 0.01 s%; and b,d,f) 1 s%; and for the evolution of a,b) immobile dislocation density; c,d) wall

dislocation density; e,f) fraction of HAGB.

Faster CDRX in the B-phase and faster decrease in the aspect ratio of the a-phase for
thinner a-platelets is also related to the faster globularisation kinetics of the a-phase. The evolution
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of the fraction of globularisation is shown in Figure 100 as a function of strain and initial a-
thickness. The evolution of the aspect ratio, as described in Figure 98 exhibits notably different
tendency in comparison to the evolution of the fraction of globularisation. The fraction of
globularisation is achieved at low strains for the smallest thickness of a-platelet, while a large
aspect ratio is predicted for the same conditions. Afterwards, the growth of the formed elongated
a-particles occurs until they reach an aspect ratio of 1.

A numerical artefact more than the physical behaviour of the material can be highlighted:

e The proposed model assumes that the fraction of globularisation is related to the fraction
between newly formed o/f boundaries and the total amount of boundaries in a-phase. Not
necessarily an aspect ratio of 1 is achieved when the fraction of globularisation is 100%.
The formation of boundaries in thicker a-plates (3D case) is accompanied by the reduction
of aspect ratio, reaching the value of 1 before achieving 100% globularisation for large a-
thickness.

Therefore, the proposed model can take into account the separate phenomena of
formation of boundaries within a-phase, the formation of a/B boundaries that lead to separation of
the a-platelets into smaller particles, and growth of the formed particles.
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Figure 100: Contour maps for the evolution of high angle grain boundaries for the B-phase during
hot compression at 830°C for the Ti-17 with a B-grain size before deformation of 500 um for
different initial a-thickness for the strain rates of: a) 0.001 s, b) 0.1 s%, ¢) 10 s

The evolution of the grain size of the B-phase is shown in Figure 101(a,b) as a function of
the strain and the initial a-thickness. Thinner initial a-platelets promote not only a faster CDRX but
also the formation of a finer B-microstructure. Increasing the fcprx With an increase in a/f surface
density leads to an increase in the formation of new LAGBSs, thus, promoting the formation of finer
grains. The 3-grain size and the p-subgrain size as a function of strain and initial a-thickness show
the same tendency, as shown in Figure 101(c,d).
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Figure 101: Contour maps for the B-phase during hot compression at 830°C for the Ti-17 with a
B-grain size before deformation of 500 um for different initial a-thickness for the strain rates of
a,c) 0.01 s%; and b,d) 1 s%; and for the evolution of a,b) grain size; c,d) subgrain size.

The evolution of the overall stress as a function of strain and initial a-thickness is shown in
Figure 102. The dynamic a-globularisation leads to progressive change in load partition from iso-
strain into iso-stress. The slower evolution of the fraction of a-globularisation with an increase in
a-thickness leads to slower kinetics of flow softening. The increase in strain rate leads to an
increase in strain for the steady-state stress due to lower time for o/ migration and larger density
of formed boundaries within the a-phase.
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Figure 102: Contour maps for the overall stress evolution during hot compression at 830°C for the
Ti-17 with a B-grain size before deformation of 500 um for different initial a-thickness for the strain
rates of: a) 0.001 s, b) 0.1s?,¢)10s™.
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Finally, the evolution of the thickness of the formed a-phase as a function of strain and
initial a-thickness is shown in Figure 103. The model is not able to predict the separation of the a-
particles. Thus, the growth is considered as a function of the climb velocity instead of a more
rigorous physical description of the Ostwald-ripening effect of the formed particles. Therefore, a
steady-state a-thickness is predicted instead of a progressive increase with strain. Despite the
model limitations, the formation of a/f boundaries and the migration up to the formation of particles
of an aspect ratio of 1 are well-described. The division of the thicker a-platelets into finer particles
with lower thickness is predicted and occurs more pronouncedly up to the strain of ~2 and for initial
a-thickness larger than 1.5 um. For a lower initial thickness of a-phase, the dynamic globularisation
occurs mainly in the 2D-case. Thus, the formation of new a/p boundaries followed by growth is
observed. Lower strain rates lead to a lower strain required to achieve the steady-state a-thickness
due to longer time for growth.

A numerical artefact more than the physical behaviour of the material can be highlighted:

e The evolution of the a-thickness is a result of the intricate relationship between the
formation of a/B interface and the growth of the non-spherical particles up to a particle of
an aspect ratio of 1, which is possible only in the 2D case. An inflexion point is visible for
the initial a-thickness in the range between 0.5 um to 2 um for the strain rate of 0.001 s-1,
Figure 103a. The increase in thickness up to the maximum is related to the growth due to
diffusion. The maximum thickness is reached once the aspect ratio is 1. From this strain
on, the decrease in thickness is related to the formation of new boundaries within the a-
particles that lead to decrement in thickness. Therefore, the inflexion point observed in
Figure 103a is a result of a mathematical model and cannot be directly related to a physical
process.
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Figure 103: Contour maps for the a-thickness evolution during hot compression at 830°C for the
Ti-17 with a B-grain size before deformation of 500 um for different initial a-thickness for the strain
rates of: a) 0.001 s?, b) 0.1s?, ¢) 10s™.

The initial thickness of a-phase is related to the heat treatment performed before the
deformation step. As shown in chapter 8 and in section 13.1 for the continuous cooling
transformation in Ti-64, thicker a-platelets are produced at lower cooling rates. Thus, depending
on the initial a-thickness distribution, the dynamic globularisation of a-phase, as well as the CDRX
and microstructure evolution in the B-phase, can be notably different. A more homogeneous
microstructure will be obtained when the a-thickness is small.

Ricardo Henrique Buzolin 144



PhD thesis Discussion on the predictability of the models

13.3. Static recrystallisation behaviour

A mesoscale model for SRX is developed and fully coupled with the hot deformation model.
The heterogeneities observed in the microstructure of the 3-phase lead to the adoption of empirical
correlations. However, the current model enables the prediction of the microstructure as a function
of the initial microstructure after any deformation condition.

The coupled model to describe the microstructure evolution during SRX after hot
deformation is discussed in this section in terms of the influence of the initial microstructure prior
to deformation on the SRX behaviour. The extrapolation of the results to different values from
those used in chapter 12 could result in notable deviations. However, general behaviour and
overall conclusions can be drawn, showing the robustness of the coupled models developed in
this work to predict the evolution of any starting microstructure for any thermo-mechanical
treatment. The interpretation and discussion of the results that are shown here were already
published in [146].

13.3.1. Influence of deformation before SRX

The influence of the total deformation on the evolution of the recrystallisation fraction is
shown in Figure 104(a,b). The increase in stored energy due to an increase in dislocation density
promotes nucleation (Equation 125) and increase the B-HAGB velocity (Equation 117). Thus,
larger deformation and higher strain rates promote SRX. A decrease in wall dislocation density is
predicted once the newly formed LAGBSs transform in HAGBs. However, this effect occurs at strain
larger than 2 at 930°C for the give strain rates.

The influence of the deformation before SRX on the mean grain size is shown in Figure
104 (c,d). The initial grain size for SRX is the final grain size predicted for hot deformation. Thus,
the larger the deformation, the smaller the initial grain size for SRX and the higher stored energy.
Higher stored energy promotes faster nucleation and growth rates. Considering the deformation
and heat treatment temperature of 930°C, grain refinement due to larger deformations is nearly
not achievable since the initial grain size is 500 um and a minimum value of ~210 um is predicted
for the strain rate of 1 s and strains larger than 1 when heat-treated at 930°C for ~2h.

The influence of the deformation before SRX on the statically recrystallised grain size is
shown in Figure 104(e,f). Similar to the mean grain size, larger deformation leads to larger stored
energy and smaller recrystallised grain sizes. Likewise, higher strain rates lead to the formation of
finer recrystallised grains.

Ricardo Henrique Buzolin 145



PhD thesis Discussion on the predictability of the models

a) 0.01s" b) 15" —

2.0 . 2.0 -é- (1)8

1.8 _18 S 08
- i k3] :
=16 < 18 s 07
(2] (2] c .

1.2 012 2 0.5
£1.0 1.0 a 0.4
=} o =
w 0.6 w 0.6 o 8%

gg 8‘21 03 S 00

10 100 1000 10000 10 100 1000 10000
c) Time [s] d) Time [s]

2.0 2.0

1.8 1.8 —_
Z 16 T16 £
& 1.4 14 g

1.2 ”nq2 o
8 ° c
5 1.0 = 1.0 E
£ 08 208 o
w 0.6 206 g

0.4 12 0.4 =

0.2 ! 4;.?0— : | 021 : tcU : 490" 5|

10 100 1000 10000 10 100 1000 10000
e) Time [s] f) Time [s]

2.0 2.0 _

18 18 § g 700
=16 =16 o |1 630
x > N 560
@ 1.4 2 14 7]

P12 W) £ [4%0

e - o g 420

= 1.0 T 1.0 o 350

208 208 b

=0 c 0. . 280

w 0.6 w 0.6 = 210
0.4 04 ‘.;; 140
0.2 02 g B 70

10 100 1000 10000 10 100 1000 10000 & 0
Time [s] Time [s]

Figure 104: Contour maps for the recrystallisation fraction (a,b), mean grain size
(c,d), recrystallised grain size (e,f) evolutions for the Ti-17 with a B-grain size before deformation of
500 um for different strains of hot compression followed by annealing at 930°C for the strain rate
of a,c,e) 0.01s?; b,d,f) 1s2.

13.3.2. Influence of B-grain size prior to deformation

The influence of the B-grain size before deformation on the SRX fraction evolution is shown
in Figure 105(a,b) for the deformation and annealing temperature of 930°C. Smaller prior 3-grains
exhibit slower CDRX (section 13.2.1.1) due to:

e Formation of smaller subgrain.
e The larger density of HAGB surface sweeps the formed boundaries and dislocations.

e The lower wall dislocation density (Figure 87).
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On the other hand, larger initial grains form faster a dynamically recrystallised
microstructure via CDRX. The maximum in mean grain size for a given strain is, thus, related to a
combination of insufficient formation of nuclei and their fast growth.

The influence of the B-grain size before deformation on the mean grain size formed during
SRX is shown in Figure 105(c,d) for the material deformed at 930°C up to a strain of 1. It is shown
in section 13.3.1 that increase in stored energy not necessarily leads to grain refinement. The
higher nucleation is counterbalanced by the faster growth. Thus, the formation of small
recrystallised grains is difficult to be achieved after deformation at 930°C up to strain of 1. Figure
105(c,d) shows that a peak is recrystallised grain size as a function of the B-grain size prior to
deformation. It corresponds to the stored energy where the growth of the formed recrystallised
grains has a more decisive influence over nucleation.
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Figure 105: Contour maps for the recrystallisation fraction (a,b), mean grain size
(c,d), recrystallised grain size (e,f) evolutions for the Ti-17 for different prior B-grain sizes for hot
compression followed by annealing at 930°C up to 1 of strain for the strain rate of a,c,e) 0.01 s;

b,d,f)1s.
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Similarly to the influence of the B-grain size on the mean grain size during SRX, the effect
of the B-grain size on the recrystallised grain size during SRX exhibits nearly the same tendency,
Figure 105(e,f).

13.3.3. Influence of temperature

The influence of the temperature on the SRX fraction evolution is shown in Figure 106(a,b)
for an initial grain size of 500 pm and up to deformation of 1. The dependency of the HAGB mobility
on the temperature is given by the Arrhenius relationship.
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Figure 106: Contour maps for the recrystallisation fraction (a,b), mean grain size
(c,d), recrystallised grain size (e,f) evolutions for the Ti-17 with a B-grain size before deformation of
500 um for different temperatures up to 1 of strain for the strain rate of a,c,e) 0.01 s?; b,d,f) 1 s
Hot deformation and annealing temperature are the same.

The influence of the deformation and annealing temperature on the formed mean 3-grain
size during SRX is shown in Figure 106(c,d). Two combined factors can explain the increase in
grain size with an increase in temperature:
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e Higher mobility of the HAGBs.
o Lower stored energy due to pronounced annihilation of dislocations via DRV and SRV.

For example, considering an initial grain size of 500 pum, a mean grain size of ~210 pum is
predicted if the material is deformed at 870°C and 1 s* followed by annealing at the same
temperature for 2 h. On the other hand, if the material is deformed at 1000°C and 0.01 s followed
by 2 h annealing also at 1000°C, the final mean grain size is predicted to be larger than 500 pm.

The influence of the temperature on the recrystallised grain size is shown in Figure 106 for
an B-grain size before deformation of 500 um, for a deformation up to the strain of 1. The iso-lines
and the trends are as similar as for the mean grain size Figure 106(c,d).
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14.

Conclusions

Despite the complexity in terms of nucleation site localisation, supersaturation field

description for the formation of the different morphologies of a-phase, the —a transformation can
be described as a competitive formation of different morphologies. The new conclusions with
respect to the literature are highlighted in bold:

Small ar grow faster than large o particles and ags and asec. A slight increase in radius
for small ap by the volumetric diffusion growth lead to higher consumption of the
supersaturation of V compared to larger ap

The nucleation of asec increases with increasing cooling rate up to a limit around
300°C/min. Higher cooling rates promote the formation of o’ and is related to the
supersaturation of V in the B-phase

Small variations in the cooling rate or the size of ap lead to significant differences in
the final fraction of the different a-morphologies

Formation of age occurs before asec. However, its growth kinetics follows the same
tendency than that of the asec

The hot deformation behaviour of two near-$ alloys was investigated, and a physically-

based model that couples the simultaneous role of SRV, DRV, CDRX, dynamic globularisation of
the a-phase and load transfer is proposed. The new conclusions with respect to the literature are
highlighted in bold:

CDRX is the mechanism followed for B-phase during deformation that involves HAGB
movement

The formation of the substructure and the annihilation of the dislocations by DRV are the
source mechanisms involved in the CDRX.

CDRX can be understood as the accommodation of the misorientation spread within
the B-phase during deformation by the formation of LAGBs and its progressive
increase in misorientation angle

CDRX does not occur homogeneously within the B-phase. Higher strain rates lead to
localisation of the misorientation spread along the prior p/B boundaries

High strain rates and a large fraction of a-phase lead to kinking and bending of the lamellas

The formation of boundaries within a-platelets promote grooving and migration of o/
interfaces. The separation of the formed a-grains occurs due to the flow of material during
plastic deformation

Globularisation kinetics of the a-phase is defined by the initial morphology and size
of the a-platelets and the load transfer between a/ phases

The rotation of a-phase with respect to the B-phase increase the misorientation
spread formation in the vicinity of the a/f interfaces, accelerating CDRX of the
B-phase

Ricardo Henrique Buzolin 151



PhD thesis Conclusions

Finally, the SRX behaviour of a Ti-17 alloy was investigated, and a coupled model with the

hot deformation behaviour was developed. The conclusions are subdivided accordingly, and the
new ones with respect to the literature are highlighted in bold:

High strain rates produce high stores energy due to higher immobile dislocation density
and finer substructure (higher wall dislocation density)

Localisation of the deformation within the (-phase results in a heterogeneous distribution
of dislocation within the B-grains. Different kinetics of strain induced boundary migration
kinetics occurs: the regions near the prior B-HAGBs accumulate higher stored energy, and
the nucleation is fast. Low stored energy at the centre of the B-grain leads to a decrease
in the HAGB velocity of the formed recrystallised grains

The dependency of the velocity of HAGB on temperature is more pronounced for
SRX than for CDRX.

14.1. Novel insights from the simulations to be taken into account
for microstructure design

14.1.1. Phase transformation in Ti-6Al-4V

Strict microstructure control is probably not achievable for sizes of ap ranging between 5
pim to 15 um, typically observed in commercially hot deformed Ti-6Al-4V. A small variation
in the initial microstructure or a slight difference in cooling rate results in the formation of
different microstructures.

14.1.2. Hot deformation behaviour

Larger initial B-grain sizes lead to a fast evolution of the fraction of HAGB for a given
temperature and strain rate. However, It does notimply that the steady-state microstructure
is reached instantaneously for an infinitely large B-grain size. The average boundary
misorientation increases rapidly, but a reasonable strain is required for the steady-state
condition.

The strengthening caused by the dislocation walls is typically small but can be pronounced
in the a+B domain compared to the f-domain due to the role of a-phase on enhancing
CDRX in the B-phase. The strengthening increases with a decrease in initial B-grain size
due to the slower microstructure evolution for larger initial B-grain size, respectively.

The influence of the 3-grain size on the hot deformation behaviour of the B-phase follows
an opposite tendency if compared to materials where DDRX occurs instead of CDRX. In
DDRX, the amount of nuclei that are formed is proportional to the surface density of
HAGBSs. Thus, finer starting grains leads to faster microstructure evolution in DDRX. In the
case of CDRX, finer initial -grains lead to faster annihilation of dislocations due to HAGB
movement and the formation of a finer substructure. Thus, higher strains are required to
achieve a steady-state condition

The starting condition of the substructure plays a vital role in its evolution due to CDRX.
The microstructure evolves faster via CDRX if the deformation occurs in a fully
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recrystallised microstructure (large sd /sl

viace/Sviace) Considering the same initial grain size

and the same initial mean boundary misorientation angle

A physically-based model is proposed to describe the globularisation of the a-phase: the
separate phenomena of formation of boundaries within a-phase, the formation of a/f8
boundaries, and the growth of the formed a-particles

Thinner initial a-platelets promote not only a faster CDRX but also the formation of a finer
[B-microstructure.

14.1.3. Static recrystallisation behaviour

It can be concluded from the simulated results that a significative grain refinement will not
be achieved with one step of deformation followed by annealing for the investigated Ti-17
alloy. A repetition of deformation at lower temperatures followed by short heat treatments
at slightly higher temperature aiming to maximize the number of formed nuclei could
provide a path for grain refinement and also guarantee that the final microstructure is fully
statically recrystallised.
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15. Outlook

15.1. Phase transformation

A simple coupled model to describe the phase transformation in Ti-6Al-4V is proposed. The
model is based on the exact solution of diffusion equations. It would be interesting to compare the
results with modelling approaches such as phase field that are able to predict the formation of
complex shape phases in complex supersaturation field. Moreover, the formation of martensite is
not implemented in the proposed model. It could be the next step to implement the massive
martensitic transformations into the proposed model.

Despite the investigations being conducted only for continuous cooling, the dissolution of
a-phase during heating is also an issue in the processing. A comprehensive model should be able
to incorporate the dissolution, growth during isothermal or heating (Ostwald-Ripening), and
formation of a-phase during cooling. An extension of this approach would be to include the
transformation of o’ into a-phase, an essential topic for the emerging additive manufactured
components of Ti alloys. The model can also be applied to the near-§ alloys and other a+f alloys
despite becoming more complicated due to the presence of two types of asec: formed inside the
B-grains and from the B/B grain boundaries.

15.2. Hot deformation

The hot deformation of the near-$ Ti alloys was investigated for compression. Here, several
possibilities can be explored in the attempt to develop a unified and comprehensive model as well
as material behaviour understanding:

¢ Investigate the hot tension, hot torsion behaviour and plain strain of the same near-f3 alloys,
to better understand the effect of the dependency of the CRSS on the deformation mode.
Moreover, texture evolution needs to be further investigated

¢ The proposed model is validated for hot compression tests, thus, lower strains. For further
validation, larger strains are required, for example, using torsion experiments

e The model predicts the formation of a homogeneous microstructure. The deformation at
higher strain rates deviates from this assumption. The understanding of the related factors
could be extracted from crystal plasticity or discrete dislocation dynamics modelling

e Despite the physical concepts of each rate equation for the dislocation reactions, some
fitting parameters are still existing in the current modelling approach. A better
understanding of the material behaviour and dislocation mechanics with other approaches
can enable the physical modelling of these parameters

e The role of load transfer and its dependency on the initial microstructure is clarified.
However, it is still unclear the role of the back-stress. More in-depth investigations on this
topic could be of interest

e The proposed model seems to be comprehensive to describe the hot deformation
behaviour of Ti-alloys in general. It would be of interest to be implemented for other alloys,
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especially the a+f3 or near a-alloys to improve the understanding of the hot deformation
behaviour of the a-phase

e More sophisticated algorithms of homogenisation and optimisation can be developed to
enhance the predictability of the developed model

o The fitting parameters of the developed model are currently adjusted manually. Sensitivity
analysis is necessary to understand better the influence of each fitting parameter on the
predictability of the models.

o A criterion and automatization of the fitting routine is necessary and could also lead to a
minimisation of the error between measured and simulated values.

e The current approach needs to be further validated considering other kinetics of
deformation, such as creep, stress relaxation and severe plastic deformation. The
phenomena of CDRX will be not prevalent in most cases.

o Testing the coupled models for an industrial process followed by microstructural validation
is needed.

15.3. Static recrystallisation

e The influence of a-phase on the microstructure evolution during heat treatments in the a+f3
domain is needed to understand and properly model the role of a-phase on pinning the
B-HAGB:s.

e The combination of hot torsion followed by static recrystallisation could lead to a better
understanding of the role of the stored energy on nucleation rate and grain refinement
since the heterogeneity within B-grains can be minimised and the initial p-grain size is
smaller.

e Better predictions and a better understanding of the strain induced boundary migration
could also be investigated using cellular automata or crystal plasticity-based models to
describe further the role of heterogeneity of deformation and the mechanisms for bulging
of the nuclei
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16. Appendixes
Appendix A

A Matlab® routine was developed to implement the model to couple the growth of the a,
and the formation and growth of ags and asec. The used parameters are listed in Table A. 1, and
the procedure for the fitting of the model parameters is schematically shown in Figure A. 1. The
parameters were adjusted manually, aiming to minimise the error between the available measured
data and the simulated one. The accuracy relies on the measured data, and on the equilibrium
fraction of a-phase, calculated using JMatPro® v.10.

Set initial microstructure [ Adjust: NggR: AéB, mMGB ] Input parameters from
and alloy composition: i i literature:
cd rY, RY Adjust: N A, m S(8). Yap- Yaa. Q
M: "a Ra Just- Nosec: Asecr MSEC

Figure A. 1: Schematic procedure for the fitting of the parameters used in the model of phase
transformation in Ti-6Al-4V.
Table A. 1: List of the parameters used for the modelling of the growth of ar and formation and
growth of acs and dsec.

Description Parameter Value Reference
V concentration in the Chemlf:.al
alloy Co 4.21 composition
measurement
V concentration in a-phase  Cp, Cp%®, Cp3E° 2.0 [11]
V concentration at the a/p c Function of temperature Calculated with
interface JMatPro® v.10
Pre-exponent nucleation 4 Empirical from this
parameter for ags Nos 6.910 work
Reference grain size for Fitting parameter.
the nucleation of ags GSo 35 um This work
Pre-exponent nucleation 7 Fitting parameter.
parameter for asec Nosec 6x10 This work

Parameter for the
activation energy of Ace 2.79x10°
nucleation for ags

Fitting parameter.
This work

Parameter for the

R Fitting parameter.
activation energy of Asec 8.35x10° Hnap

: This work
nucleation for asec
Parameter for the
activation energy of
%Y Asym 1.39x10" [10]

nucleation for sympathetic
growth
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Parameter for activation
energy for nucleation at Agg 1.27x10° [23]
a/B interface
a/B interface energy Yop 0.10 J/m? [23]
o/ a interface energy Yoo 0.30 J/m? [10]
Ti atomic volume Q 1.0896x107° [10]
Shape factor S(0) 0.001728 [23]
Activati fi
civa |.on e.nergy of Q 145.17 kJ/mol [11]
diffusion
Activity coefficient NG 0.9 [11]
ctivity coefficie aC,V :
Ledge coefficient for ags m 5 Fitting parameter.
growth cB This work
Ledge coefficient for asec Fitting parameter.
Msec 3

growth

This work
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Appendix B

A Matlab® routine was developed to implement the hot deformation model described in
section 7.2 with the rate equations described in section 7.2.6.1 for the Ti-5553 alloy. The used
parameters are listed in Table B. 1, and the procedure for the fitting of the model parameters is
schematically shown in Figure B. 1. The parameters were adjusted manually, aiming to minimise
the error between the available measured data and the simulated one. The parameters related to
the change in load partitioning (Aiso.c and ng) depends on the morphology and distribution of the
a-phase, thus on the initial microstructure. The other constants and parameters are material
properties and can be considered independent on the thermomechanical history of the material.
However, different solutions can be obtained for those material parameters, especially the n and

8. If n is selected as 2, a large value of 8, is adjusted, and vice-versa.
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Figure B. 1: Schematic procedure for the fitting of the parameters used in the model of hot
deformation applied to the Ti-5553, as discussed in chapter 9.
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Table B. 1: Internal variables, parameters, constants and initialisation parameters used in the
developed model for the hot deformation of the Ti-5553 alloy.

a-phase B-phase
GS in a+B domain [um] 3 pm 300 um
GY in B domain [um] - 200 pm
Initial microstructure SGg (;n P domf’:lin ) Swm O ey
SGg in B domain [um] - 200pum
Og in a+B domain [°] 0.1° 4°
Bg in B domain [°] - 0.1°
acprx [-] 0.4 0.2
_ Qeq [3/mol] 1.97x10° 1.97x10°
Parameters fitted from a
range established in the ntl 30 30
literature % ['] 1 0.8
0¢c [°] 12° 12°
Eref [S7] 1x10° 1x10°
Parameters obtained b [nm] 0.295 0.286
from literature M ° 3.05
tuacs [M] [202] 3.6x10° 3.6x10°
Qs [J/mol] 1.58x10° 2.38x10°
Parameters obtained ays [MPal] 2.85x10°3 1.16x102
experimentally Avs [s7] 2.22x10° 2.17x10°
nys [] 3.33 3.23
Q4 [J/mol] 1.2x10* 1.2x104
Q, [J/mol] 1.2x10* 1.2x104
h3 [(m?] 2x1016 4.80X101
h [-] 0.3 1.3
EYos [W/m] 6x10* 3.5x10?
Parameters fitted Nuacs [-] 0.4 0.4
Fo [ 0.03 0.03
mq [] 0.33 0.33
my [] 0.33 0.33
Aiso-stress [] 0.06
Ng ['] 3
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Appendix C

An algorithm is developed to limit the thermal stress to a constant value for a fixed strain
rate and temperature (Equation 48 in the B-domain and Equation 58 in the a+p domain),

Figure C. 1.

Y

N, W\ 5thQ ,
Aimis to ajust vg [ vg =aqexp| - kB_T kT according to oy,

Oip, is assumed constant for a given strain rate and temperature |

L 2

Here, strain rate (€) corresponds to plastic strain rate (£p)

L 2

Next iteration

- bpmvg
Ep— M

L 2
lim

A limiting value of Oth needs to be defined, Oih

¥

lim__ Oys ~ Ugth — B—domain

Uth = -

U%(SX - Ugthx' x=a,B;z=¢ W, o — a+p domain

¥
calc

However, oy, is an output ( oyy™) from:

6=E(é—tp)—>0’th=O'—Uath—>0;([:halc=0th ]

Thus, two glide velocities can be calculated, one for crtcﬁlc, and
another for the G!EW]

¥

W 0caIcQ
Vgalc=a1 exp(— g) th

kgT) kgT
> i bl
WM = 4 exp (_WQ) Oth O
9 s kgT/) kgT
For the calculation of ¢p and rate equations in the next iteration,
a harmonic average of the two glide velocities is considered:
Voo = 2
’ cl\lc * % ]
vg v
L 2
Finally, a new value of aq is calculated:
R 2
v
4= S
_Wg\oih Q +
P\ "kgT) kgT

Figure C. 1: Algorithm developed to limit and link the thermal stress with the glide velocity.
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Appendix D

A Matlab® routine was developed to implement the hot deformation model
described in section 7.2 with the rate equations described in section 7.2.6.2 for the Ti-5553 alloy.
The used parameters are listed in Table D. 1, and the procedure for the fitting of the model
parameters is schematically shown in Figure D. 1. The parameters were adjusted manually, aiming
to minimise the error between the available measured data and the simulated one. The parameters
related to the change in load partitioning (Aiso.c and ng) depends on the morphology and
distribution of the a-phase, thus on the initial microstructure. The other constants and parameters
are material properties and can be considered independent on the thermomechanical history of
the material. However, different solutions can be obtained for those material parameters,

especially the n and 6y as mentioned in
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Appendix B.
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Figure D. 1: Schematic procedure for the fitting of the parameters used in the model of hot

deformation applied to the Ti-5553, as discussed in chapter 10.

Table D. 1: Internal variables, parameters, constants and initialisation parameters used in the

developed model for the hot deformation of the Ti-5553 alloy.

a-phase B-phase
Gg in o+ domain [um] 3 um 300 pm
GY in B domain [um] - 200 pm
0. .
+3d 3 pum 1.5xA\; i
Initial microstructure SGs (I)n o+ domain [Lm] H interparticle
SGg in B domain [um] - 200pm
Og in a+p domain [°] 0.1° 4°
O in B domain [°] - 0.1°
a - 0.4 0.2
Parameters fitted corx [
Qgq [J/mol] 1.97x10° 1.97x10°
from a range
n[-] 30 30

Ricardo Henrique Buzolin

163



Appendixes

PhD thesis
established in the 0o [°] 1 0.8
literature Oc [] 12° 12°
Eref [S7] 1x10° 1x10°
Parameters b [nm] 0.295 0.286
obtained from M > 3.05
. Q [m3] 1.7668x10%° 1.7668x10%°
literature
thace [M] [202] 3.6x10° 3.6x10°
Parameters Qys [J/mol] 1.58x10° 2.38x10°
_ ays [MPal] 2.85x10°3 1.16x107?
obtained
. Ays [sY] 2.22x10° 2.17x10°
experimentally
Nnys [-] 3.33 3.23
W [J/mol] 2.1x10° 2.1x10°
6DRV [m2] 6.75x1 0-7(é/éref)-0'125 5.62x1 0_7(é/éref)-0'125
HI[-] 0.002 0.002
Evios [W/m] - 60
Parameters fitted Nhacs [ - 0.65
feprx [] 0.02 0.125
Arer [-] - 1 x10%
Aiso—stress [‘]
Ns [‘]
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Appendix E

A Matlab® routine was developed to implement the deformation model described in
section 7.2, with the rate equations described in section 7.2.6.2. The dynamic globularisation, as
described in section 7.2.9, is also implemented for the hot compression behaviour of the Ti-17
alloy. The used parameters are listed in Table E. 1, and the procedure for the fitting of the model
parameters is schematically shown in Figure E. 1. The parameters were adjusted manually, aiming
to minimise the error between the available measured data and the simulated one. Different from
the Ti-5553, here the process of change in load partitioning is correlated with the physically-based
process of dynamic a-globularisation. Thus, the constants and parameters are material properties
and independent on the thermomechanical history of the material. However, different solutions

can be obtained for those material parameters, especially the n and 8, as mentioned in
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Appendix B. Moreover, the adjustment of the parameters related to the dynamic a-
globularisation (Agion and By ) is strongly influenced by the initial aspect ratio considered for the
a-platelets prior to deformation.

Adjusted in the B-domain B-phase

( Flow stress ] Microstructure

[ Adjust YS values: Qyg, ays, Ay, Nys ] Setnto 2 and initigll ve(t)lues of 8,
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nterface 0 q: 9CDRX: Pj » Pm C
Set fgiobular - ieorx: N EMog: 356G+
SpRry- and F‘?V to zero

/'Set the initial
microstructure
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measured data:

c2, s, 6

Adjust n, acpry: Qeq: EYos
and nyagg by minimizing the
error between the simulated
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measured values

A A

[ Progressively increase Spry, N, F\?v by A
minimizing the error between the
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zero :
data: 2, AQ > = < [ Adjustn, acprx: Aglob: h Adjust
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R 5 FO b g0 globular DY
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parameters between the simulated evolution and the error between
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De E Algorithm for adjustment dg Maintaining pm the measured
\ S J Otp, @1 and vg constant values
o " s /

Figure E. 1: Schematic procedure for the fitting of the parameters used in the model of hot
deformation applied to the Ti-17, as discussed in chapter 11.

Table E. 1: Internal variables, parameters, constants and initialisation parameters used in the
developed model oh hot deformation for the Ti-17 alloy.

a-phase B-phase
Gg in o+ domain [um] - 500 pm
Gg in B domain [um] - 500 pm
Initial SGS in o+ domain [um] - 250 pm
microstructure SGS in B domain [um] - 250 pm
ta [um] 0.3 ]
Og in a+p domain [°] 0.4° 0.5°
6k in B domain [°] - 0.01°
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p ¢ AcDRX [-] 0.15 0.19
arameters Qqq [I/mol] 1.97x10° 1.97x10°
fitted from a

range n [ 15 30
established in go 'l o, o
the literature e [’
Eref [S] 1x10° 1x108
b [nm] 0.295 0.286
Parameters M 5 3.05
obtained from '
a Q [m3] 1.7668x10%° 1.7668x10%°
literature . )
tuace [M] [202] 3.6x10° 3.6x10°
P arameters Qys [J/mol] 1.58x10° 2.38x10°
) ays [MPa?] 2.80x1073 1.85x10°2
obtained
. Ays [sY] 1.78x10° 1.80x10°
experimentally
Nys [-] 4.24 2.94
W [J/mol] 2.1x10° 2.1x10°
Sprv [M?] 3.20x107 (£/£,61) 0065 3.50x107 (£/£,) 007756
N[ 0.002 0.002
Parameters E,(\)AOB [W/m] - 24000
fitted Nuace [ - 0.65
2orx [] 0.02 0.0075
Agiob [*] 400 -
Bglob [‘] 0.03
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Appendix F

A Matlab® routine was developed to implement the deformation model described in section
7.2, with the rate equations described in section 7.2.6.1. The dynamic globularisation, as described
in section 7.2.9, is also implemented for the hot compression behaviour of the Ti-17 alloy. The
model is coupled with the mesoscale model for SRX, as described in section 7.3. The used
parameters for the hot deformation are listed in Table F. 1, and the procedure for the fitting of the
model parameters is schematically shown in Figure F. 1. The parameters were adjusted manually,
aiming to minimise the error between the available measured data and the simulated one. Here,
Asrx and Bgrx are adjusted using the simulated deformation model. Thus, different adjustments
on the hot deformation model can lead to variations on the fitting of Agrx and Bgrx. The other
constants and parameters are material properties and independent on the thermomechanical
history of the material. However, different solutions can be obtained for those material parameters,
especially the n and 6. If n is selected as 2, a large value of 0, is adjusted, and vice-versa.

Set the initial

microstructure
according to the
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Figure F. 1: Schematic procedure for the fitting of the parameters used in the model of hot

deformation followed by static recrystallisation (SRX) applied to the Ti-17, as discussed in chapter

12.
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Table F. 1: Internal variables, parameters, constants and initialisation parameters used in the
developed model for hot deformation of Ti-17 alloy.

a-phase B-phase
GY in a+B domain [um] - 500 pm
G2 in B domain [um] - 500 pm
SGg in a+B domain [um] - 250 pym
Initial microstructure SG in B domain [um] - 250 um
t [um] 0.3 -
Og in a+B domain [°] 0.06 0.1
Bg in B domain [°] - 0.1
dcprx [ 0.25 0.215
Parameters fitted Qgq [J/mol] 1.97x10° 1.97x10°
from a range n[-] 15 18
established in the 8o [°] 0.8 0.8
literature 0c [°] 12° 12°
Eref [S7] 1x10° 1x10°
b [nm] 0.295 0.286
Parameters obtained M [-] 5 3.05
from literature Q [m3] 1.7668x10%° 1.7668x10%°
tuacs [M] [202] 3.6x10° 3.6x10°
Qs [J/mol] 1.58x10° 2.38x10°
Parameters obtained ays [MPal] 2.80x10°3 1.85x102
experimentally Avs [s7] 1.78x10° 1.80x10°
nys [] 4.24 2.94
Q; [J/mol] 1.2x10* 1.2x10%
Q, [J/mol] 1.2x10* 1.2x10%
hY [m? 2.2x10%6 4.0x10%
h? [ 0.003 11
Evos [W/m] - 2x10*
Parameters fitted NHace [-] - 0.65
FO [ 0.01 0.01
my [-] 0.08 0.08
my [-] 0.6 0.08
Aglob ['] 400 -
Bglob [-] 0.003
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The additional or modified parameters for the SRX model are listed in Table A.2.

Table A.2: Internal variables, parameters, constants and initialisation parameters used in the
developed model for SRX of Ti-17 alloy.

Parameters fitted from a range Qeq [J/mol] 4.12x10°
established in the Iiterature? Qsipw [J/mol] 6.25x10°
YHAGB [J/mz] 1
Parameters obtained from the ¢
literature Hacs (M} [202] 15
Parameters fitted Nsigm [-] 1.5x10%

Appendix G

During SRX the average subgrain size is calculated considering the average boundary
density using a simple law of mixture for the recrystallised fraction (Xsrx) and deformed one
(1-Xsrx), Equation D. 1 to Equation D. 3.

S, = XSRX§VSIBM+(1 - Xsrx)Sy Equation D. 1

2
— =X +(1 - Xgrx) Equation D. 2
G, SRX G SRX SG, q
— G SG
SG; = SIBM®™ s Equation D. 3

XsrxSGs + (1 - Xsrx)Gsiam
Similarly, the average grain size is calculated considering the average HAGB density using
a simple law of mixture for the recrystallised fraction (Xsrx) and deformed one (1 - Xgrx), Equation

D. 4 to Equation D. 6

Svace = XSRX§VHA683|BM+(1 - XSRX)SVHAGB Equation D. 4

2 X +(1-X )2 Equation D. 5
= = - o~ uation D.
G, SRX G SRX G, q

_ G G

G SIBM Zs Equation D. 6

" XsrxGs + (1 - Xsrx)Gsiem
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