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KURZFASSUNG

Auf der ganzen Welt spielen wiederaufladbare Li-Ionenbatterien seit den frühen

90er-Jahren eine wichtige Rolle in unserem täglichen Leben. Unabhängig

von Alter, sozialer Stellung, Einkommen oder Wohnort kommen Menschen

mit elektronisch betriebenen Geräten, Autos oder gar Flugzeugen in Kon-

takt. Betrachtet man die Sicherheit solcher Batteriesysteme, dann stellen

thermische Belastungen für die derzeit verfügbaren Produkte ein großes Prob-

lem dar und arten in Bränden oder gar Explosionen aus. Ursache für diese

Zwischenfälle sind die standardmäßig verwendeten organischen Flüssigelek-

trolyte. Die in den letzten Jahrzehnten vorgestellten Festelektrolyte, beste-

hend aus Keramiken oder Polymeren, stellen eine adequate Lösung dieser

Probleme dar. Auf der Suche nach Zelltypen mit hoher Energiedichte und gle-

ichermaßen hoher thermischen Belastbarkeit, wurde die Wissenschaft immer

häufiger auf potenzielle Festelektrolyte aufmerksam. Um auf Zellebene hohe

Energiedichten zu erreichen, bedarf es ähnlich schneller Ionendynamik in fes-

ten Elektrolytmaterialien wie sie derzeit in flüssigen Medien vorzufinden sind.



Die zweite wichtige Anforderung, nämlich thermische Belastbarkeit, hängt

jedoch weitgehend von den chemischen Ursprüngen der Materialien ab.

Oftmals wird die hohe ionische Leitfähigkeit der Elektrolyte als Haup-

tanforderung zur Realisierung von Festelektrolytbatterien genannt. Ebendiese

Leitfähigkeit wird von einer Vielzahl von Eigenschaften wie Defekten, Kristallini-

tät und Kristallstruktur oder der chemischen Zusammensetzung beeinflusst.

Um diese Eigenschaften leichter beeinflussen zu können stehen adaptierbare

Syntheserouten hoch im Kurs. Allerdings bedarf es zur Verbesserung derzeitig

bekannter Materialien einer aufwendigen Untersuchung der Ionendynamik

samt zugrunde liegender Diffusionspfaden.

Zeitgleich arbeitet die Wissenschaft mit Hochdruck an der Verbesserung

von Batterien auf Zellebene. Da das Zellpotential, welches die Anwendungs-

bereiche der Batterie maßgeblich beinflusst, hauptsächlich von den verwende-

ten Elektrodenmaterialien abhängt, ist genaues Verständis des Interkalation-

sprozesses bei neuen Materialien von enormer Bedeutung.

Diese Arbeit beschäfigt sich hauptsächlich mit Ionendynamik in oxidis-

chen Festelektrolyten und Elektrodenmaterialien. Hierbei wurde, vom Fes-

telektrolyten im inneren der Zelle ausgehend, jeder Bestandteil einer Zelle, bis

hin zu den Stromableitern, analysiert. Zuerst wurde mit einer Kombination aus



Impedanzspektroskopie und Kernspinresonanz (NMR) die Ionendynamik von

Li7La3Zr2O12 (LLZO) Festelektrolyten, im makroskopischen wie mikroskopis-

chen Maßstab, aufgeklärt. Hierbei wurden erstmalig Al- und Ga-substituierte

LLZO Einkristalle auf ihre Ionendynamik hin untersucht. Diese Einkristalle

eignen sich durch ihre chemische Homogenität und das völlige Fehlen von

Korngrenzen besonders gut zur Analyse von elementaren Sprungprozessen.

In beiden Fällen konnte eine weitaus bessere Auflösung der Sprungprozesse

erreicht werden als in polykristallinen Proben Proben mit ähnlicher Zusam-

mensetzung.

Weiters wurde eine umfangreiche NMR-Studie zur Phasenbildung in

chemisch sodiiertem Li4Ti5O12 (LTO) durchgeführt. Im Gegensatz zur In-

terkalation von Li, findet sich in der Literatur zur Interkalation von Na in LTO

ein weitaus komplexerer Phasenbildungsprozess wieder. Ergebnisse zeigen

die Bildung einer solid solution, welche beide Ladungsträger beherbergt und

einen Übergang zwischen lithiumreichen und natriumreichen Regionen des

Materials bildet. Die Dynamik des jeweiligen Ladungsträgers hängt hierbei

stark von der Quantität des eingebrachten Natriums ab. Diese Abhängigkeit

wurde anhand von mehreren Proben mit unterschiedlichen Sodiierungsgraden

mittels 7Li und 23Na NMR Messungen ermittelt.



In einer weiteren Studie wurden die Aluminium Stromableiter in Na-

Ionenbatterien auf etwaige Schäden durch Reaktionen mit anderen Zellkom-

ponenten untersucht. Hierbei wurde der Einfluss auf die Leistung der Systeme

mittels elektrochemischer Analysemethoden und der Zustand der verwende-

ten Elektroden mittels Rasterelektronenmikroskopie festgestellt.

Nach einer kurzen Einführung in die Grundlagen zu Batterien und Fest-

körperdiffusion werden die Ergebnisse kumulativ in Form von Publikationen

in Fachzeitschriften und Manuskripten vorgestellt.



ABSTRACT

Since the early 1990s, rechargeable Li-ion batteries play an essential role in the

everyday life of people all around the globe. Regardless of age, social position,

income or place of residence, people come in contact with portable electronic

devices, electric vehicles or even electric aircrafts on a daily basis. In terms

of safety, however, commercial products pose a high risk of thermal runaway

that results in catching fire or even explosions. To overcome those issues,

mainly related to the organic liquid electrolyte, alternatives like polymer or

solid electrolytes were introduced during the last decades. In search for high

energy densities at similarly high thermal stability, various solid electrolytes

materials entered the spotlight of research throughout the years. To achieve the

former, fast ion dynamics close to those of liquid-based systems are needed,

whereas the latter feature largely depends on the chemical origins of the solid

electrolyte.

High ionic conductivity in solid electrolytes is often regarded as the key

feature to realize all-solid-state batteries. The overall conductivity, however,



is heavily influenced by properties like defects, crystallinity, crystal structure,

and chemical composition. Therefore, versatile synthesis routes to yield tailor-

made products are highly sought after. Optimization of available materials

requires sophisticated ion dynamics studies to accurately determine the un-

derlying diffusion pathways.

Simultaneously, research brings to light new electrode materials to en-

hance battery performance on a cell level. The interaction between the two

electrode materials determines the operating potential of a battery and has,

therefore, a significant impact on application of a particular cell type. To make

the most of newly developed electrode materials, it is essential to fully elucidate

their storage processes.

This thesis is devoted to ion dynamics in oxide solid electrolyte materials

and electrode materials. Here, battery cell components are regarded one step

at a time, starting from a solid electrolyte through to the current collector ma-

terials. At first, impedance spectroscopy and 7Li nuclear magnetic resonance

(NMR) were employed to provide an in-depth look into ion dynamics of the

garnet-type Li7La3Zr2O12 (LLZO) solid electrolyte. In this process, a combina-

tion of both analysis methods is a prerequisite to fully disclose ionic motion

on a macroscopic level and, in addition, provide information on microscopic



hopping processes. Here, ion dynamics in novel single crystalline Al-stabilized

and Ga-stabilized cubic LLZO garnets were probed for the first time. Due to

their high homogeneity and absence of grain boundary contributions to the

overall diffusion, these single crystalline samples are considered perfect model

systems to probe elementary jump processes. Compared to polycrystalline

analogs, both single crystals provided much better resolution of the funda-

mental hopping processes in LLZO-type garnets and, therefore, enable deeper

understanding of the fast ionic motions in such systems.

Furthermore, a comprehensive NMR study sheds light on the phase for-

mation processes in Li4Ti5O12 (LTO) upon chemical sodiation. In stark contrast

to lithiation of LTO, a more complex phase formation process is initiated by

incorporation of Na-ions. Results suggest the formation of a solid solution that

contains both charge carriers and acts as a connection between Li-rich and

Na-rich regions. 7Li and 23Na NMR relaxation measurements performed on

several samples with differing sodiation ratios revealed that the Li mobility,

however, largely depends on the sodium content.

Moreover, the impact of Na-ion cell components on the surface of alu-

minum current collectors was studied. Here, special attention was directed to

the influence on cell performance and post-mortem analysis of the electrodes.



Information on the former was gathered by electrochemical analysis methods,

whereas the effects on current collector and electrode material were thoroughly

studied by scanning electron microscopy.

In this thesis, a brief introduction to historical and theoretical back-

ground is followed by the obtained results, which are presented in a cumu-

lative approach including published articles in peer-reviewed journals and

manuscripts.
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1
INTRODUCTION

The worldwide energy demand is steadily increasing and, even though the

generation of electricity from fossil fuels stagnates and the share generated

from renewable sources grows continuously, serious questions arise that need

to be answered in the near future [1]. Generation of electricity from renewable

resources, i.e., wind, solar, water and tidal energy, relies on the energy input

from the environment and is, therefore, highly time dependent. Energy storage

systems satisfy the need to separate the moment of energy generation from the

moment of energy consumption. Among these storage systems, rechargeable

electrochemical energy storage devices achieve high energy densities and,

therefore, drastically reduce the required space to store large amounts of energy.

1



CHAPTER 1. INTRODUCTION

Even though this group of devices comprises a large variety of battery systems,

the most promising candidates to fulfill the aforementioned task are batteries

based on Li-ions or Na-ions. Today, sodium-ion batteries are highly regarded

as stationary grid storage systems that can accumulate high amounts of energy,

whereas the Li-ion technology is mainly used to power portable electronic

devices or electric vehicles. Such batteries rely on shuttling of Li ions from

cathode to anode and vice versa. External charge balance enables charging

and discharging of the cell, even though performance of such Li-ion batteries

depends largely on the individual cell components. Here, research focusses

mainly on electrode materials and electrolyte materials and compositions,

respectively. While a couple of electrode materials are well established and

commercially available, liquid electrolyte systems caused some serious issues

in the recent past. Commercially available cells make use of liquid electrolytes

that are based on organic solvents to enhance ionic transport, although they

pose a serious threat in terms of flammability.

Novel systems that are under development for a few years solely consist of

solid materials and, therefore, significantly reduce the risk of thermal runaway.

Solid-state electrolytes consist of materials that can either be assigned to the

class of polymers, ceramics or glasses. Requirements for solid materials match

2



CHAPTER 1. INTRODUCTION

those for liquid systems, namely, high ionic conductivity, stable interfaces

with electrode materials, temperature resistant, high chemical stability and

high electrochemical stability window. In the class of oxidic ceramic solid-

electrolytes, that are considered inherently stable and temperature resistant,

ionic conductivities determine the suitability as electrolyte material. In such

ceramic electrolytes, ionic conductivities are governed by many properties like

defects, chemical composition, crystal structure and crystallinity.

This thesis is subdivided into an introductory part and an experimental

part. The former consists of a historical recapitulation and provides basic

knowledge of diffusion and the utilized analysis methods. The experimental

part aims at introducing several diffusion phenomena to the overall ion dy-

namics in electrolyte materials, accurate determination of the phase formation

processes in electrode materials and reactivity of cell components with current

collector materials.

To resolve ion hopping mechanisms in the fast ion conductors Al-substitut-

ed and Ga-substituted Li7La3Zr2O12 (LLZO), impedance spectroscopy and

NMR were employed. The combination of these two methods enables analysis

of both macroscopic and microscopic ion dynamics. Comparison of empirical

data with results from simulations leads to suggestion of possible diffusion

3



CHAPTER 1. INTRODUCTION

pathways of the lithium ions through the LLZO lattice. NMR was employed to

elucidate the phase formation mechanism in chemically sodiated Li4Ti5O12.

In the end, an electrochemical study revealed the impact of aluminum anode

current collectors on the overall performance of sodium-ion batteries.

4
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2
HISTORICAL EVOLUTION AND STATE

OF THE ART SYSTEMS

The first heartbeat of a commercial primary lithium battery took place in

US-laboratories of Wilson Greatbatch Ltd in 1972. Researchers aimed at an

increase in volumetric capacity to achieve a severe reduction in size compared

to its predecessor, the Zn–HgO battery. After extensive research, the so-called

Model 702E found its way into the bodies of clients all over the world [2]. Re-

garding its advantage in size, weight and extended lifetime of up to 7 years,

this system superseded previous technologies. This type of Li-iodine battery,

consisting of a metallic lithium metal anode and an iodine cathode embedded

5



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

in a poly-2-vinylpyridine matrix, still powers many pacemakers all over the

world [3]. Meanwhile, Japanese researchers at Matsushita Electric Inc. found a

combination of Li metal, carbon fluoride and organic electrolyte that is oper-

able as primary battery [4]. This company, which was renamed to Panasonic

later on, produced such batteries in coin-type housings to power watches,

calculators and wall-mounted clocks.

Suddenly, the strive to implement the latest technologies in military

equipment promoted exploration of more advanced battery systems. At this

point, research focused mainly on high energy and high power energy storage

devices for military applications. Between 1972 and 1990, 44 patents compris-

ing lithium storage devices were filed by research departments associated to

the US armed forces. Most patent specifications focus on cell components,

in particular electrolyte mixtures [5] and electrode engineering [6], while oth-

ers approach cell design and connections between cells using modules [7].

Niche sulfur-based liquid electrodes like SOCl2 or SO2Cl2 were thoroughly

investigated during this time period.

In 1978, extensive research yielded a new class of electrode materials,

viz., intercalation compounds [8]. These materials are able to temporarily

incorporate foreign atoms into their crystal structure and release them at a sub-

6



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

sequent moment. In order to operate these cells efficiently, such intercalation

compounds need to maintain high reversibility. Additionally, good electronic

conducting properties are requested to ensure electronic balance. The most

prominent examples for this class of compounds are TiS2, V2O10, LiCoO2 and

LiC6. Intercalation properties of titanium disulfide were thoroughly investi-

gated by Whittingham and his coworkers at Exxon in 1978. First attempts

included chemical insertion of Li into the TiS2 host using n-butyl lithium. In

good agreement with Bichon et al., intercalation of Li with contents ranging be-

tween 0 ≤ x ≤ 1 was found for Lix TiS2 in absence of any phase transformations

[9]. To avoid energy loss during cell reactions, the absence of phase transfor-

mation processes was considered beneficial. Extensive testing revealed the

formation of dendrites on metallic lithium anodes. These dendrites are able to

pierce through separator materials and short circuit the cell. Depending on

cell housing, short circuits lead to either ignition or explosion of the cell. Since

both events cause severe damage to the cell and its environment, alterations

to the metallic anode were necessary. In situ formation of an alloy, consisting

of aluminum and lithium, during cell assembly finally resulted in commer-

cialization of LiAl
∣∣∣LiClO4 (THF:DME)

∣∣∣TiS2 coin cells [10]. Even though this

setup accomplished shuttling of Li ions in absence of pure lithium metal, the

7



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

initial 10 cycles of its battery life were accompanied by severe capacity loss.

This effect is caused by excessive volume expansion of almost 200 % during

formation of the Al-Li alloy. As a result, the active alloy layer develops cracks

and, therefore, loses its contact with the current collector. To improve reli-

ability of secondary lithium based batteries, research was in need of novel

Li bearing anodes that exhibit high reversibility. LiC6 was explored and the

strive for new stable anode materials found a sudden end [11]. Graphite-based

anodes exhibit a structure of stacked planes and are able to incorporate Li

ions between them. Various preparation methods are carried out at room tem-

perature and benefit from low-cost natural carbon resources. The invention

of a rechargeable battery cell containing the lithiated carbon compound, i.e.,

Graphite
∣∣∣LiPF6 (org. solvent)

∣∣∣LiCoO2, was patented by Sony Corp. in 1991 and

thereafter successfully brought to market [12]. Figure 2.1 sketches a cell, similar

to the one patented by Sony, that comprises two intercalation electrodes. In a

first attempt, the anodes were usually temperature treated soft carbon deriva-

tives obtained from coke that, in combination with propylene carbonate (PC)

based electrolytes, were prone to capacity fading when charged above 4.1 V.

Close investigation of the storage process revealed expansion of the interplanar

spacing from 335 pm to 372 pm during lithium insertion. Researchers focused

8
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Figure 2.1: Schematic of a Li-ion cell that comprises 2 intercalation-type electrodes that
are ionically connected to each other by an organic liquid electrolyte. Mobile Li ions are
depicted as aqua colored marbles that move from one electrode to the other.

on other types of carbon, viz., hard carbon, to overcome this issue. Soft carbon

is considered graphitizable and exhibits similar interplanar spacing as graphite,

whereas the hard carbon counterpart is considered non-graphitizable and

reveals plane gaps larger than 372 pm. Hence, synthesis of hard carbon was

refined with much effort to yield a novel anode material for the second genera-

tion of Sony’s Li-ion battery. Regarding energy density, an increase of almost

50 % was achieved by switching anode materials. Additionally, an increase in

charging voltage to 4.2 V was achieved, and is nowadays considered a standard

charging voltage for Li-ion batteries. Compared to discharge capacities of first

generation cells hard carbon anodes can only compete when opting for low

cutoff potentials around 2.5 V. Since electric devices, like cellular phones, often

9



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

require cutoff voltages higher than 3 V, further optimization of carbonaceous

anodes was necessary. A combination of novel graphite preparation and com-

pletely redesigned ethylene carbonate (EC) based electrolyte finally met the

desired requirements [13]. Carbon-based anodes, however, suffer from low

gravimetric energy density, i.e., 350 mA h g−1, compared to metal alloy anodes

or even pure lithium metal (3800 mA h g−1).

In order to find suitable alternatives, alloys consisting of Al, Sn or Si were

thoroughly investigated. Elements like tin and silicon enable reversible reac-

tions with 4 or more Li ions. In the recent past, Si attracted loads of attention

due to its high specific capacity of almost 3600 mA h g−1. An attempt to com-

pensate its volume expansion of 320 % during lithiation, which is considered

the bottleneck for application of this material, was made by nanostructuring

of the electrode [14]. Developing a nano-sized structure comprises formation

of particles, rods, tubes or hollow spheres and an interconnection thereof. Re-

cent publications report on SiOC electrodes, composed of silicon oxycarbide

glass particles embedded in a carbon matrix, which maintain a capacity of

588 mA h g−1 throughout 1000 cycles [15]. Hence, the main challenge to estab-

lish alloy anodes is to overcome issues connected to massive volume expansion.

Similar approaches were first realized by Sony Corp., viz., encapsulation of Sn-

10



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

Co nanoparticles in carbon matrix [16]. Due to its nanostructured texture, this

system inhibits contact loss between electrode material and current collector

by buffering volume changes. Furthermore, said material combination also

maintains the capability of the carbon matrix to form a stable Solid Electrolyte

Interphase (SEI) with Li and electrolyte components. Formation of a thin SEI

film, on the one hand, protects the anode surface from unwanted reactions

with the electrolyte and dendrite formation and, on the other hand, promotes

Li diffusion towards the electrode [17]. Figure 2.2 illustrates the structure of

an SEI layer. Compared to LiC6, the SEI on alloy anodes is exposed to strain

during cell operation. Mechanical load on the SEI can lead to cracks and,

therefore, loss of its protective properties. As a result, SEI formation on such

materials consumes up to 50 % of the initial capacity during the first cycles

[18]. To optimize stability and performance of available Li-ion systems, re-

search focused on new intercalation cathode compounds. First alternatives,

viz., LiFePO4 and LiMn2O4, entered the spotlight in 1996 [19, 20]. The for-

mer comprises an olivine 2-dimensional structure that accommodates Li ions

in a channel-like structure. Iron phosphate is considered inherently stable

and batteries consisting of said cathodes and graphite anodes are often used

to replace environmentally hazardous lead acid systems. Spinel-structured

11
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Figure 2.2: Illustration of an SEI layer close to the electrode surface. Aqua colored marbles
represent Li ions that are able to trespass the SEI in both directions.

LiMn2O4 systems exhibit much smaller capacities, about two thirds compared

to LiCoO2, but offer enhanced safety and thermal stability. Its structure enables

3-dimensional ion transport through the crystal lattice. Modern approaches,

i.e., blends of multiple transition metals like Li[NixMny Coz]O2 (NMC), favor

tailor-made cathode compositions to meet specific requirements. Such NMC

electrodes, usually described by the three letters x, y and z that indicate ratios

between Ni, Mn, and Co, can serve as electrodes in power cells and energy

cells, respectively. Even though the initial composition was set to NMC111,

the increase in cobalt demand encouraged manufacturers to find Co-poor

compositions that still offered high capacities in battery cells. Cost-efficient

12
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tuning of electrochemical properties and its high versatility assured successful

commercialization of this material class. Enhanced discharge capacities, an

essential feature for high energy systems, are mainly achieved by increasing Ni

contents and result in high demand for NMC811 that exhibits capacities up to

200 mA h g−1. Nowadays, NMC is one of the most popular cathode materials in

Li-based battery systems [21]. Alterations to this system comprise the exchange

of Mn with Al. The obtained Li[NixCoy Alz]O2 (NCA) electrodes exhibit high

discharge capacities, good reversibility and long storage calendar life. Their

drawbacks are limited to rapid capacity loss at elevated temperatures [22]. In

contrast to NMC, alterations to this material class only result in slight perfor-

mance increases, whereas temperature dependent disadvantages can only be

compensated on a cell level. Nonetheless, since electric vehicle manufacturer

Tesla Inc. currently uses 18650 cells equipped with NCA cathodes and carbon

anodes, this cathode material found its success in the market.

The latest change in commercially available electrode materials occurred

in 2008, when the anode material Li4Ti5O12 (LTO) surfaced. Known since the

late 1980s, LTO exhibits outstanding cycle life and excellent low-temperature

characteristics [23]. In stark contrast to other intercalation materials, its spinel-

type structure enables reversible insertion of lithium ions at negligible volume

13
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expansion [24–26]. All of the above mentioned benefits result in excellent

withstanding of rapid charging rates, a feature that renders LTO a highly potent

anode material for electric mobility. As a result of its low nominal cell potential

of 2.4 V, when paired with NMC cathodes, this cell type is a very expensive

option for large scale application [27].

2.1 Electrolytes

The electrolyte is considered a crucial, not yet discussed, component of the

Li-ion battery. The absence of active hydrogen atoms is obligatory for its oper-

ation in lithium batteries. Decomposition of aqueous electrolytes would lead

to failure of the cell, regarding operation voltages of the anode, 0−1.5 V, and

the cathode, 3−4.5 V, and takes place in a potential range of 2 V to 4 V. Hence,

different compositions of non-aqueous electrolyte systems were used through-

out Li-ion battery history. Such electrolyte systems consist of a conducting

lithium salt that is dissolved in a solvent or solvent-mixture. Therefore, the

spectrum is limited to aprotic substances that contain polar groups, such as

nitrile, carbonyl, sulfonyl and ether-links, to ensure dissolution of sufficient

amounts of lithium salt. Furthermore, these solvents should
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• exhibit low viscosity (η),

• be considered chemically inert to other cell components,

• cover a wide temperature range in liquid state,

• operate safely (high flash point Tf) and environmentally friendly.

Thorough investigations of a wide spectrum of non-aqueous polar solvents

revealed two classes, i.e., organic esters and ethers, of potential electrolytes

for battery application. Polarity, usually quantified by the dielectric constant ε,

and viscosity range in the same order of magnitude for all applicable ethers.

Regarding esters, these two parameters largely depend on the structure. Cyclic

esters facilitate solubility of lithium salts, whereas linear analogs exhibit low

viscosity and, therefore, promote ion transport [28, 29]. This drastic difference

is attributed to intramolecular strain of cyclic esters [30]. Directly after the first

successful lithium electrodeposition experiments from dissolved LiClO4 in PC

in 1958, propylene carbonate soon became a state of the art electrolyte solvent

for lithium batteries [31]. PC combines a high dielectric constant with a low

melting point and a high boiling point. Even though static stability with lithium

anodes is obtained by formation of a protective layer, PC suffers from severe

capacity fade during cycling [32, 33]. This effect is attributed to non-uniform
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deposition and dissolution of Li on the metal anode surface leading to contact

loss of lithium particles. To overcome this issue, cyclic ethers were employed

as solvents and provided much better cycling efficiencies [34]. As reported by

Koch and his co-workers, such systems sufficiently suppress the formation of

dendritic lithium until charging rates exceed 10 C cm−2 [35]. Compared to PC,

which is stable up to 5 V vs. Li, the most promising ether candidate, tetrahydro-

furane (THF), already exhibits oxidation at 4 V vs. Li [36]. High voltage cathode

application, and catalytic surface properties of the same, severely affect the

oxidation of this electrolyte and render it unusable for advanced cell composi-

tions [37]. The strive to find electrolyte solvents that unite all requirements set

research and manufacturers back to ester based systems. Even though the first

report on EC dates back to 1964 [38], its application remained unconsidered

until Pistoia et al. first described its electrolyte properties at room temper-

ature [39]. To prepare the reported electrolyte, almost 27 wt% LiClO4 were

dissolved in EC at 40 ◦C and resulted in a molal lowering of the freezing point

to an average of 5.5 ◦C. Due to the simplicity of the system, Blagden’s law (1.1)

can be applied to describe the freezing point depression that is related to the

introduction of the conducting salt.

∆TF = KFbi (1.1)
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Here, KF denotes the cryoscopic constant, b indicates the molality of conduc-

tive salt dissolved per kg of solvent and i is defined as the van ’t Hoff factor.

According to experimental determination, KF equals 5.55 K kg mol−1 and i, in

case of LiClO4, is assumed to be 2 [40]. Calculation, within the boundaries

set by Bonner et al., yields a freezing point of 6.7 ◦C. Further suppression of

the freezing point was achieved by addition of co-solvents to EC electrolyte

mixtures, or in reverse, using EC as co-solvent to enhance existing electrolytes.

Sony largely benefitted from adding EC to the existing PC electrolyte during

commercialization of the first generation Li-ion battery. In 1990, formation of

the SEI at the interface of graphitic anodes was attributed to the EC content

of the electrolyte [41]. To improve the state of the art PC:EC mixture, several

co-solvents, including THF derivatives, diethoxyethane and dimethoxyethane,

were investigated [42–44]. None of the alterations to the existing formula

proved to be a suitable replacement. PC mixtures exhibited severe irreversible

capacities during the first cycles, whereas ether mixtures suffered from oxida-

tion reaction at the cathode surface [45]. Tarascon and Guyomard successfully

mixed EC with its linear relative dimethyl carbonate (DMC), added various

conducting lithium salts to the resulting solution and finally analyzed the

properties of these mixtures [46, 47]. Published in 1994, this comprehensive
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study established 1 M LiPF6 in EC:DMC (1:1) electrolyte as state of the art in

Li-ion cells. It features a voltage breakdown of more than 5.1 V against Li at RT,

ionic conductivity of 11 mS cm−1 and a freezing point equal to −20 ◦C. Changes

in ratio between the 2 solvent components leads to different conductivities

and also affects the boiling point of the mixture. Except some variations to

the component ratio, also considering 3 component mixtures, this electrolyte

composition is still used in many commercial cells today as it was introduced

to the 3rd generation of Sony’s Li-ion battery in 1994. LiPF6 is a commercially

unchallenged electrolyte solute, it combines stability against high voltage cath-

odes with the ability to successfully passivate aluminum current collectors

[48, 49]. Its major drawbacks are described as thermal instability and high

sensitivity towards moisture. Operation at temperatures exceeding 50 ◦C leads

to severe decrease in conductivity, which is a result of electrolyte decompo-

sition and formation of fluorinated derivatives [50, 51]. Several alternatives

surfaced throughout the years, but none of them covers the wide range of

distinct requirements as successfully as LiPF6.
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2.1.1 Lithium Borate Salts

In parallel to the investigation of LiPF6, other lithium conducting solutes were

explored. After commercialization of the first Li-ion cell, LiBF4 was studied in

more detail to expand the thermal operation window of Li-ion systems [47, 52].

This solute ensures operation at a maximum temperature of 60 ◦C, which is

a slight increase compared to É 50 ◦C for LiPF6. Additionally, lower capacity

fade was observed at moderate temperatures from 20 to 25 ◦C [53]. At low

temperatures, however, suppression of the freezing point is not sufficient to

enable cell operation at −20 ◦C without severe capacity fade. An effect that can

easily be ascribed to lower charge-transfer resistance resulting from presence

of LiBF4 in the electrolyte mixture [54]. Furthermore, electrochemical stability

exceeding 3.5 V vs. Li is not granted and, as a consequence, renders this solute

incompatible with high voltage cathode materials [55].

To boost stability at high potentials, the more complex lithium bis(oxalate)-

borate (LiBOB) was introduced [56]. Unexpectedly, LiBOB forms a highly po-

tent electrolyte with PC that is able to generate an SEI on graphite to prevent

exfoliation. Due to the absence of fluorine-ions, corrosion of the aluminum

current collector is successfully reduced and a passivating layer is formed dur-

ing cycling [57]. In combination with a LiFePO4 cathode and EC as solvent,

19



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

LiBOB enables stable cycling at temperatures as high as 100 ◦C [58]. Regarding

electrochemical stability of resulting electrolytes, application of potentials up

to 5 V vs. Li does not entail electrolyte decomposition [59]. As reported by Cui

et al., a 1 M LiBOBγ-butyrolactone / sulfolane / DMC (1:1:1) electrolyte mixture

performed 100 cycles retaining 85.9 % of the initial discharge capacity in a

LiNi0.5Mn1.5O4/Li half-cell arrangement [60]. Its major disadvantages com-

prise extensive SEI formation, which leads to increasing resistance at the anode

surface, and low solubility compared to LiPF6 [61, 62]. Alongside these adverse

effects, which limit LiBOB to certain operation conditions, the enhancement

of temperature stability in LiPF6 containing electrolytes renders this material

an excellent electrolyte additive [63].

Advanced understanding of decomposition processes in lithium borate

electrolytes concluded in creation of LiBF2C2O4 (LiODFB). Figure 2.3 provides

the structure formula of both LiBOB and LiODFB. The latter carries a mixture

of both oxalate and fluorine terminations at the boron based anion. This

feature empowers LiODFB to merge the advantages of LiBF4 and LiBOB. Hence,

LiODFB extends thermal stability (> 60 ◦C and <−10 ◦C), efficiently passivates

the Al current collector up to potentials of 6 V, reduces irreversible capacities

during formation of a temperature stable SEI and enhances performance in
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PC containing solvent mixtures [64–67]. Considering the requirements for

battery application, this material exceeds the performance of the commonly

used LiPF6-based electrolytes. However, presence of moisture and oxalate

impurities in the electrolyte mixture, originating either from synthesis of the

material or electrolyte solvents, adversely affect cell performance [65].
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Figure 2.3: Structural formula of LiBOB and LiODFB

2.1.2 Lithium Imide Salts

Lithium imides, and their most prominent representatives LiN(SO2CF3)2 (LiTFSI)

and LiN(SO2F)2 (LiFSI), exhibit enhanced low and high temperature stability

and form durable SEI layers. Futhermore, this class of solutes is considered

highly stable against hydrolysis at standard operating conditions [68, 69]. Incor-

porated heteroatoms, in the structures of LiTFSI and LiFSI, respectively, grant

high conductivity and serve as charge centers. In addition, −CF3 groups draw

electrons to increase solubility in carbonate solvents. Regarding DMC-based

solutions, LiFSI solute concentrations of up to 5 M can be accomplished [70].

21



CHAPTER 2. HISTORICAL EVOLUTION AND STATE OF THE ART SYSTEMS

As reported by Krause et al., electrolytes containing lithium imides are prone

to corrode aluminum current collectors at potentials between 3.6 V and 4.5 V

[71]. On one hand, this aspect renders LiTFSI and LiFSI unusable in combi-

nation with high voltage cathodes, on the other hand, systems equipped with

LiFePO4 cathodes largely benefit from the enhanced temperature stability and

outstanding conductivity of those solutes [70].

The most suitable LiPF6 replacement among lithium imide representa-

tives is LiN(SO2C2F5), often referred to in its abbreviated form LiBETI, which

combines all previously mentioned advantages and enhanced corrosion sta-

bility towards Al current collectors [72]. Figure 2.4 highlights the differences

between the exact structures of the aforementioned lithium imide salts. Com-

pared to its previously discussed relatives, corrosive properties of LiBETI are

shifted towards much higher potentials, viz., from 3.55 V (LiTFSI) to 4.5 V [71].

Corrosion stability towards Al is granted by formation of a passivating layer

with a thickness ranging between 500 nm and 1µm [72]. These features fa-

cilitate its utilization as electrolyte salt in state of the art cells equipped with

cathode materials like LiCoO2.
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Figure 2.4: Structural formula of LiFSI, LiTFSI and LiBETI

2.2 Solid Electrolytes

First records of ionic conduction in solids date back to the early 19th century

when Michael Faraday reported on conduction in heated Ag2S and PbF2 [73].

The foundation for solid-state electrolytes and their application in battery sys-

tems was lain in 1943, when Kato and Yamaguchi first synthesized Na−β−Al2O3

(Na2O · 11Al2O3) [74]. J.T. Kummer and his team recognized the potential of this

2D sodium-ion conductor and developed the first Na–S solid-state battery. In

1966, a patent comprising the construction of an all-solid-state battery (ASSB),

which uses molten Na metal as anode and a molten sulfide-based cathode

material, was filed by the Ford Motor Company [75]. To achieve sufficient ionic

conductivity and surface wetting of the Na−β−Al2O3 electrolyte, operation
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temperatures of these cells were kept steady at 300 ◦C. First steps to improve

this system included application of FeCl2 or NiCl2 embedded in an iron ma-

trix that is surrounded by NaAlCl4 electrolyte. This cathode material enables

lowering of the operating temperature to 250 ◦C [76, 77]. Molten sodium bat-

teries comprising these metal chloride cathodes were given the name ZEBRA,

an abbreviation for Zero Emission Battery Research Activity, the name of its

founding research facility. Protection of intellectual property and, therefore,

the interest in commercialization of this technology was already evinced in

1974 by ESB Inc. [78]. Advantages in safety such all solid state systems aroused

growing interest in room temperature application of solid-state electrolytes

(SSE). In general, suitable electrolyte materials are divided into organic and

inorganic SSEs.

2.2.1 Polymer-Based Solid Electrolytes

In the 80s first attempts pursued the application of organic, viz., polymer, elec-

trolytes by investigating various compositions based on poly(ethylene oxide),

furthermore abbreviated as PEO [79]. Polymer electrolytes are classified in

three systems, viz., dry polymer, gel polymer and composite polymer. Since dry

polymer electrolytes, i.e., a mixture of PEO and a conducting salt, suffer from
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conductivity depression below the melting point of PEO, multi-component

mixtures entered the focus of research [80]. Adding another component yields

gel polymer electrolytes that usually consist of a polymer matrix (PEO), a con-

ducting salt (LiClO4 or LiCF3SO3) and a plasticizer (EC, PC, Polyethylene glycol

(PEG) or derivatives thereof) [81]. Even though these improvements lead to

an increase in conductivity, PEO based polymer electrolytes cannot exceed

a limit of 10−3 S cm−1. To further enhance the conductivity of polymer elec-

trolytes, numerous reports suggested alternatives to the PEO polymer matrix,

such as, polyacrylonitrile (PAN) [82], poly(methyl methacrylate) (PMMA) [83],

poly(vinyl sulfone) (PVS) or poly(vinylidene fluoride) (PVdF) [84, 85]. Replace-

ment of the aforementioned plasticizers and conducting salts by classic liquid

electrolyte mixtures was considered a beneficial change in composition of gel

polymer electrolytes. A combination of several optimization steps granted

conductivities up to 10−2 S cm−1 [84]. A contrary approach, viz., incorporation

of ceramic fillers in the polymeric host material, yielded the class of compos-

ite polymer electrolytes. Here, a differentiation between active and passive

filler materials must be drawn. Active fillers affect the conduction mechanism,

whereas their passive analogs only affect the glass transition temperature of

the polymer matrix [86]. In combination with a conducting salt (LiCF3SO3),
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the most prominent example of the former, viz., γ−LiAlO2, achieved reason-

able cycling efficiency [87]. Inert fillers, such as TiO2, Al2O3, SiO2 or BaTiO3,

enhance the electrolyte properties by decreasing the interfacial resistance be-

tween electrode and electrolyte. In further consequence, this reduction in

resistance leads to improved cycling performance [88, 89]. Composite polymer

electrolytes, regardless of the filler activity, are often dosed with Li conducting

salts to enhance ionic conductivity of the overall mixture. To further increase

the performance, ceramic-in-polymer electrolyte compositions were created

by incorportation of ceramic electrolyte particles, viz., those exhibiting high

ionic conductivity, into polymer matrices. Figure 2.5 sketches a ceramic-in-

polymer electrolyte and compares it to its close relative polymer-in-ceramics,

which will be discussed later on. Extensively investigated polymers like PEO

and PAN were used as matrices for nanostructured oxide electrolyte ceramics,

such as, Li0.33La0.56TiO3 or Li6.4La3Zr1.4Ta0.6O12, and yielded conductivities

Figure 2.5: Comparison between polymer-in-ceramics and ceramics-in-polymer systems.
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in the mS cm−1 range [55, 90]. Besides high conductvities, reports show that

dendrite growth is suppressed when omitting Li conducting salts in PEO-based

ceramic-in-polymer electrolytes [90]. Three dimensional structuring of the

used ceramics can lead to enhanced stability of the electrolyte mixture and

plating and stripping of Li can be ensured for at least 1000 cycles [91]. Latest

progressions head towards polymer loaded ceramic electrolytes, viz., polymer-

in-ceramic, that make use of polymers to enhance connection between ceramic

particles to overcome low grain boundary conductivities [92]. Additionally,

these mixtures enable facile and scalable preparation of thin flexible films by

simple processing methods like spray painting [93].

2.2.2 Thin Films

In parallel to its organic relatives, advanced processing techniques for inor-

ganic solid-electrolytes, in particular lithium phosphorous oxynitride (LiPON),

caught attention in this field of research [94]. Bates et al. introduced radio-

frequency sputtering as suitable method to prepare thin film battery systems

based on LiPON electrolyte [95]. This method enables direct application of

thin layered amorphous LiPON on a broad variety of electrode materials and,

therefore, facilitates implementation of such batteries in micro-devices [96,
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97]. To optimize the performance of such thin film batteries, alternatives like

lithium borophosphate were investigated to replace the state of the art glassy

LiPON electrolytes [98, 99]. Its main advantages over LiPON constitute of a

less sophisticated sputtering process, resulting in better reproducibility, and

enhanced ionic conductivity [100]. Further proceedings substituted the radio-

frequency sputtering process by atomic layer deposition and accomplished an

optimization of the deposited layers [101]. This method made a large variety of

materials, i.e., (Li, La)xTiy Oz [102], LixAl2O3 [103], Li3PO4 [104], LiPON [105],

and LixAly SizO [106], accessible for electrode application in thin layer batter-

ies. Among this variety, LiPON is the most successful commercially available

thin film electrolyte that provides high cycling, electrochemical and chemical

stability. Cells containing LiNi0.5Mn1.5O4 cathodes and Li anodes were tested

for 10,000 cycles at high charging rates (5 C) and achieved excellent capacity

retention [107]. Ceramic electrolytes First compounds considered for applica-

tion as solid electrolytes, as already mentioned, were different compositions of

Na−β−alumina and already known in the 1940s. Its first class of competitors,

viz., NaM2(PO4)3 with M = Ge, Ti or Zr, entered the spotlight in the late 60s

[108]. Clearfield et al. assigned the ability of ions to diffuse through its lattice

to zeolite-like cavities that provide enough room to accommodate ions [109].
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At temperatures exceeding 850 ◦C, XRD proved an irreversible crystallographic

change of KTi2(PO4)3 from its cubic polymorph to a rhombohedral phase that

is also accompanied by a change in color from blue to white [110]. In 1976,

J.B. Goodenough et al. reported on high ionic conductivity of rhombohedral

Na1+xZr2P3−xSixO12 in which Na+ ions could easily be exchanged with Li+,

Ag+ or K+ ions. These findings laid the foundation for the class of NASICON

materials, an abbreviation for Na super ionic conductors, with a general for-

mula of AxMM′(XO4)3. A sites can be occupied by the previously mentioned

cations, M and M′ transition metals like Fe, V, Ti, Zr, Sc, Mn, Nb or In occupy

the centers of M(′)O6 octahedra, and X denotes S, P, Si or As cations residing on

center sites of XO4 tetrahedra [111]. Large freedom to tailor the properties of

this material class led to growing research interest and spawned a large variety

of compounds crystallizing in NASICON structure.

At first, several research groups focused on synthesis of new electrode

materials by incorporation of Fe or V on the M(′) lattice site and P, S, Mo or W

in the tetrahedral centers [112–115]. Operation of Li based systems is granted

at stable conditions with a mixture of PO4 and SO4 (LiFe2(SO4)2(PO4) [116].

Electrodes equipped with MoO4 or WO4 are able to intercalate Na+ or Li+

and perform a two-electron transfer that yields a storage capacity of roughly
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120 mA h g−1 [117–119]. Replacement of Fe with Vanadium results in a cath-

ode material commonly known as LVP, an abbreviation for Li3V2(PO4)3, which

exhibits high cyclability at equally high operation potentials [120]. However,

LVP suffers from low electric conductivity that is usually overcome by carbon

coating to establish good electric contact [121, 122]. After this optimization

process, the material is operated at potentials as high as 4.8 V and yields re-

versible capacities of 197 mA h g−1, although the cycle life is not very long due

to electrolyte instability [123].

A small change in composition, viz., exchange of V by Ti, yields LiTi2(PO4)3,

one of the most successful NASICON electrolytes [124–126]. However, in direct

contact with metallic lithium this electrolyte material is prone to reduction

of the Ti4+ centers to Ti3+, whcih results in electronic conduction [127]. This

detrimental factor was suppressed by partial substitution of Ti4+ for Al3+ and,

therefore, yielding Li1+xAlxTi2−x(PO4)3 [128]. Optimization of the preparation

method, as well as the composition, yielded an enormous increase in long

range ion mobility that results in bulk contributions up to 3.4 × 10−3 S cm−1

and grain boundary contributions up to 8.9 × 10−6 S cm−1 at room temperature

[129–131]. Latest reports pursue the back to the roots approach and focus on

compositions like Na3Zr2(SiO4)2(PO4) [132]. Substitution of Zr, which resides
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on octahedral lattice sites, with small quantities of Sc results in enhanced

room-temperature ionic conductivities up to 4 × 10−3 S cm−1 [133, 134]. Its

high thermal and chemical stability as well as its fast ion dynamics render this

material a highly potent candidate for ASSB application.

2.2.3 Perovskite Systems

Similar adverse effects are observed for the perovskite class of solid electrolytes.

In the early 90s Li3xLa2/3−xTiO3, a well known representative of the perovskite

class that was first reported in 1953 [135], caught up with NASICON materials

in terms of room temperature bulk conductivity [136]. As a consequence of

high grain boundary resistances, the total conductivities of these compounds

settle around 10−5 S cm−1 [137]. Additionally, the aforementioned reduction of

Ti4+ in direct contact with Li metal renders this class of materials unusable for

battery application. Electrochemical characterization performed by Bohnke

et al. determined short circuit conditions at cathodic potentials above 2.8 V.

Furthermore, application as electrode material is limited by its ability to in-

tercalate only small amounts of Li [138]. The success of early approaches to

implement perovskites in fuel cells pushed further research activities into other

directions [139–142]. Latest developments in ASSB and beyond Li-ion research
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show recurring interest in perovskite and antiperovskite electrolytes [143–147].

2.2.4 Garnet-Type Solid Electrolytes

Garnet-type materials refer to the general garnet formula A3B2Si3O12, in which

A exhibits eightfold coordination and B is sixfold coordinated. Known as gem-

stone for thousands of years, the lithium diffusivity of a close relative, viz.,

Li5La3M2O12 (M = Nb or Ta), was first reported by Thangadurai et al. in 2003

[148]. This garnet electrolyte featured total conductivities up to 10−6 S cm−1 at

RT and was, therefore, highly competitive to other solid electrolytes. In order

to optimize the ionic conductivity, connections to the origin of the ion diffu-

sivity had to be drawn. A Li3-phase, viz., Li3Ln3Te2O12 (Ln = Y, Pr, Nd, Sm-Lu),

published in 2006 exhibited much lower conductivity [149]. Further experi-

ments revealed low mobility of tetrahedrally coordinated Li as opposed to its

analog residing on octahedral sites. The introduction of lithium to unoccupied

octahedral sites, achieved by addition of lithium and partial substitution of Te

with Sb, leads to an increase in conductivity by 2 orders of magnitude [150].

Hence, research focused on optimization of the Li5-phase reported in 2003.

Structural elucidation identified the cubic space group of the garnet Ia3̄d and

located Li ions on 24d and 96h/48g lattice sites [151]. Figure 2.6 represents the
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crystal structure in its cubic phase and highlights the most important features.
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Figure 2.6: Crystal structure of cubic garnet-type LLZO. Lithium ions and dopants are
indicated by color and labels.

Partial or full substitution of Nb/Ta in Li5La3M2O12 yields an increase in lat-

tice parameters, but does not beneficially affect conductivity [152, 153]. The

Li6-phase is introduced by substitution of La3+ with divalent cations like Ca2+

or Ba2+. This operation does not only increase the lattice parameter, it also

affects the occupation shares of lattice sites. In Li5-phases the charge carriers

reside, to an extent of about 80 %, on tetrahedral 24d lattice sites and smaller

amounts, viz., 14 %, can be located at the 48g octahedral sites. When higher
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amounts of Li+ and alkaline earth metals are introduced to the structure, i.e.,

Li5+xBaxLa3−xTa2O12 with x = 1.6, the occupation of 24d sites decreases to

14 % and 48g lattice sites are predominantly filled to an extent of 57 % [154].

This effect is a result of changes in lattice parameters and affects ion mobil-

ity. Further, increasing lattice parameters and the negative impact on ionic

conductivity are closely connected to increasing sintering temperatures [155].

Assuming that introduction of more Li+ into the garnet structure will lead

to enhanced ionic conductivity, the first Li7 garnet phase, viz., Li7La3Zr2O12

(LLZO) entered the spotlight in 2007 [156]. Samples annealed at 1230 ◦C exhibit

total conductivities between 2.44 × 10−4 S cm−1 and 7.74 × 10−4 S cm−1. As

reported by Awaka et al., minor changes in the synthesis route, such as, an-

nealing samples at 980 ◦C, leads to formation of the tetragonal polymorph in

the space group I 41/acd . Tetragonal garnets exhibit much lower bulk conduc-

tivities of ≈ 10−6 S cm−1 at 300 K, a fact that is evidentially attributed to site

occupancy of Li atoms [157]. Whereas the Li – vacancy disordering between

tetrahedral and octahedral lattice sites enables fast ionic motion in the cubic

polymorph, the completely ordered Li – vacancy site occupancy and lack of

equivalent Li positions entail much slower ion dynamics in the tetragonal

structure [157, 158]. These differences were also backed by ab-initio molecular
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dynamics simulations, which differentiate between synchronous collective

mechanism and asynchronous mechanism of single-ion jumps, as reported

by Meier et al. [159]. Striving for higher conductivities, heterovalent doping

was reported as suitable method to stabilize the preferred cubic polymorph

at much lower annealing temperatures, i.e., between 900 ◦C and 1100 ◦C [160,

161]. Introduction of Al3+, which supposedly resides on Li+ lattice sites, to the

LLZO structure results in creation of 2 Li+ vacancies and, therefore, enhances

conductivity [160]. To reveal the location of Al ions in the LLZO lattice, 27Al

magic angle spinning (MAS) nuclear magnetic resonance (NMR) was employed.

Alongside other experimental techniques and calculations, the residence of

Al ions was located at 24d lattice sites, and to a smaller extent also 96h sites,

and entails beneficial effects on ionic conductivity [162–164]. Furthermore,

partial substitution of Li+ with Ga3+ or Zr4+ with Ta5+ stabilizes the cubic LLZO

polymorph and leads to increased conductivities of 3.5 × 10−4 S cm−1 and 8.7

× 10−4 S cm−1, respectively [165, 166]. On one hand, within certain boundaries

increasing dopant concentrations were proven to beneficially affect ionic con-

ductivity and phase stabilization [162, 167]. On the other hand, simultaneous

co-doping at Li and Zr sites results in lower ionic conductivities, suggesting

that the Li pathway is adversely affected by aliovalent dopants at 24d lattice
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sites [166]. Bottke et al. employed NMR spectroscopy on Mo-doped LLZO

to resolve the 96h −24d −96h′ Li conduction path in the cubic polymorph

[168]. These findings overlapped with results from an investigation of single

crystalline Ta substituted LLZO that exhibited correlated Li ion motion along

the same path [169]. Wachter-Welzl et al. reported on the highest effective

conductivity, viz., 5.7 × 10−4 S cm−1 at 25 ◦C, by substituting 0.25 Li per formula

unit (pfu) with Al [170, 171]. Moreover, they demonstrate that inhomogeneous

substituent distribution in Al-stabilized polycrystalline materials results in

conductivity variations of more than one order of magnitude. This theory is in

good agreement with recent simulations that reveal blocking of Li ion motion

in close proximity to Al ions [172]. Substitution by Ga, however, enables lim-

ited Li diffusion in its close surrounding and, therefore, exhibits higher ionic

conductivities [172–174]. A variety of techniques, including single crystalline

XRD, powder XRD, SEM, NPD and 7Li NMR, was used to closely investigate

structural properties of Ga-stabilized LLZO and revealed its acentric cubic

I −43d (no.220) structure [175]. Outstanding chemical and thermal stability,

as well as high ionic conductivity render Al, Ga or Ta stabilized cubic LLZO

ceramics highly potent candidates for ASSB application. Interfacial issues

related to fabrication of Li-metal ASSB, especially concerning poor wettabil-
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ity of garnet electrolyte surfaces, posed a problem during the past few years

[176–178]. Suggested solutions to this problem are application of an interlayer

[179, 180] and surface treatment, i.e., polishing [181]. Recent publications also

address dendrite growth through dense LLZO ceramics [182] and even single

crystals [183] and suggest application of an interlayer to prevent such events

[184].

2.2.5 Sulfide-Based Systems

Sulfide based solid electrolytes entered the research spotlight in 1986, when

Kennedy et al. performed first conductivity measurements on SiS2 – Li2S

glasses [185]. Before the last heating and quenching step, Li-salts like LiCl, LiBr

or LiI were added to the ground glass to enhance its ionic conductivity. Such

glassy solid electrolytes bearing LiI contents of 30 molar %, exhibit ionic con-

ductivities of 8.2 × 10−4 S cm−1 at 25 ◦C [186]. In 2000, Kanno et al. introduced

a new class of fast Li-ion conducting electrolytes called thio-LISICON, an ab-

breviation for Li superionic conductor, based on the composition Li2S-GeS2.

Materials that belong to this class crystallize in an orthorhombic system closely

related to γ−Li3PO4. As demonstrated in the case of Li4GeS4, these ceramic

systems are capable to reach ionic conductivities as high as 2 × 10−7 S cm−1 at
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25 ◦C [187]. Further refinement of the system, i.e., substitution of Ge4+ + Li+

with P5+, resulted in formation of Li2S-GeS2-P2S5 that is accompanied by an

enormous boost in conductivity. The general formula for the thio-LISICON

family was determined to be Li4−xM1−xM′
xS4 with Si or Ge residing on M sites

and P, Al, Zn or Ga located at M ′ sites. The structure offers a 3-dimensional

framework for Li diffusion that is composed of MS4 and M ′ S4 tetrahedra. Sub-

stitution with x = 0.75 P (M′) in a Ge-based system leads to conductivities

as high as 2.2 × 10−3 S cm−1 at 25 ◦C. Additionally, this composition exhibits

high thermal, viz., up to 200 ◦C, and electrochemical stability from −0.5V

up to 5V vs. Li [188]. Aiming for faster ion dynamics, a glass ceramic elec-

trolyte based on the system Li2S-P2S5, usually described by mol% of the 2

components, exhibited an increase in Li diffusivity. Changes in the preparation

procedure of 70Li2S·30P2S5, in particular the change from mechanical milling

to melt quenching, resulted in increase of the ionic conductivity from 3.2 ×

10−3 S cm−1 to 4.1 × 10−3 S cm−1 at 25 ◦C [189, 190]. In 2013 Liu et al. reported

on a highly conductive nanocrystalline phase of Li3PS4 that is considered the

most stable compound emerging from the Li2S-P2S5 system [191]. Alongside a

reasonable RT conductivity of 1.6 × 10−4 S cm−1, β−Li3PS4 exhibits negligible

interfacial resistance and outstanding cycling behavior in Li plating and strip-
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ping experiments at elevated temperatures. Mixtures of said phase with cubic

LLZO, in a molar ratio of 7 : 3, facilitate the mechanochemical manufacturing

process, improve mechanical stability and result in an increase in diffusivity

[192]. Introducing lithium halides, in particular LiI, to the β−Li3PS4 structure,

yields a Li7P2S8I phase that withstands reactions with Li up to a potential of

10 V and triples the initial conductivity [193]. Nowadays, thio-LISICON and

β−Li3PS4 systems are still in the spotlight of research. Introduced in 2011,

Li10GeP2S12 reaches conductivities as high as commercial organic electrolytes

[194]. Nonetheless, major drawbacks of sulfide-based solid electrolytes consist

of sensitivity towards moisture as well as the tendency to form decomposition

layers at the electrodes to maintain electrochemical stability [195, 196].
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3
FUNDAMENTALS OF DIFFUSION

3.1 Diffusion in Solids

Solid electrolytes rely on the hopping of a mobile species along the sites of their

crystal lattice. High performance is granted by open lattice, channel or layered

structures that enable free motion of small cations. Similar to gases, glassy

solids, polycrystalline materials without texture and most liquids, diffusion in

cubic solid electrolyte materials is of isotropic nature and regarded as a scalar

quantity. Hence, one can make use of Fick’s laws to describe ionic motion

in these materials. According to Fick’s first law, the diffusion flux (Jx) in one
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dimension (x) is connected to the ion concentration (C ).

Jx =−D
∂C

∂x
(1.1)

Diffusion is considered a process to equalize concentrations and, therefore,

the negative sign next to the species dependent diffusion coefficient (D), viz.,

the right-hand side term, indicates changes in concentration opposite to that

of the diffusive flux. A closer look at the units for C (mol m−3), x (m) and D

(m2 s−1) reveals the unit of the diffusive flux (mol m2 s−1). A three dimensional

approach utilizes vector notation to apply Fick’s first law.

J =−D∇C (1.2)

Here, the vector of the diffusion flux J is in antiparallel orientation to the

concentration-gradient vector ∇C . This vector is expressed by an interaction

of the nabla operator ∇ with the scalar concentration field C(x, y, z, t). Thus,

the magnitude of ∇C equals the maximum rate of increase in concentration at

the point where the concentration field undergoes the fastest increase. Diffu-

sion processes in an ideal system conserve the amount of diffusion particles,

whereas the continuity equation is applied for species that obey a conserva-

tion law. This equation links the accumulation rate, i.e., the material balance

between inflow and outflow, to the partial time derivative of the concentra-
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tion. The specification of an infinitesimal sized test volume introduces the

divergence ∇· that expresses the vector of the diffusion flux.

−∇ · J = ∂C

∂t
(1.3)

Fick’s second law, often referred to as the "diffusion equation", combines (1.2)

with (1.3) and is, therefore, a partial differential equation of second-order.

Hence, linearity of the equation solely depends on the diffusion coefficient. In

case of diffusion governed by a chemical composition gradient, D is labeled

interdiffusion coefficient and the resulting equation is considered non-linear.

∂C

∂t
=∇ · (D∇C ) (1.4)

In ideal solutions or chemically homogeneous systems, diffusivity is indepen-

dent of ion concentration and denoted as Dtr. These boundaries simplify Fick’s

second law to a linear second-order partial differential equation in which the

Laplace operator ∆ acts on the concentration field C(x, y, z, t).

∂C

∂t
= D tr∆C (1.5)

In anisotropic materials diffusion properties are heavily influenced by diffu-

sion direction. Anisotropy in non-cubic single crystals, composite materials,

textured polycrystals and decagonal quasicrystals manifests in interactions
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between the concentration gradient and the diffusion flux. More precisely, the

direction of the diffusion flux is not square to the surface of constant concen-

tration. Fick’s first law for anisotropic materials drastically differs in boundary

conditions from that for isotropic media, as seen in (1.2).

J =−D∇C (1.6)

Here, D is a symmetric second-rank diffusivity tensor [199]that can be trans-

formed to its three orthogonal principal axes
D1 0 0

0 D2 0

0 0 D3

 , (1.7)

in which D1, D2 and D3 denote principal diffusion coefficients. Additional

independent parameters p, i.e., related to symmetry of the crystal structure

and present in variable quantities p É 6, affect diffusion by defining p –3

orientations of the principal axes in anisotropic media. Integer values for p

ascend from 1 to 6 according to the structure and the progression

cubic <

hexagonal

tetragonal

rhombohedral

< orthorhombic < monoclinic < triclinic
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Assuming the case that diffusion flux J and the concentration gradient ∇C

point towards different directions, relevant components of J and principal

diffusion axes (x1, x2, x3) yield the relations

J1 =−D1
∂C
∂x1

,

J2 =−D2
∂C
∂x2

,

J3 =−D3
∂C
∂x3

.

(1.8)

For defined directions of the principal diffusion axes, obtained diffusion co-

efficients completely describe anisotropic diffusion. Starting from direction

anglesΘ1,Θ2,Θ3

α1 ≡ cosΘ1, α2 ≡ cosΘ2, α3 ≡ cosΘ3 (1.9)

the diffusion coefficient for the defined direction can be described by

D(α1, α2, α3) =α2
1D1 +α2

2D2 +α2
3D3. (1.10)

Crystals that defined by p Ê 3 exhibit 3 different principal diffusivities. Even

though principal axes of diffusion coincide with the axes of crystallographic

symmetry in orthorhombic structured materials, the previously mentioned

relation, viz., (1.11), applies.

D1 6= D2 6= D3 (1.11)
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The relation between diffusion coefficients in uniaxial materials, which are

characterized by p = 2 and exhibit a unique axis that is arranged in parallel to

the x3–axis, is described by

D1 = D2 6= D3. (1.12)

Due to existence of only one angle Θ between diffusion flux and crystal axis,

(1.10) simplifies to

D(Θ) = D1sin2Θ+D3cos2Θ. (1.13)

In isotropic systems the diffusivity tensor reduces to a scalar quantity and

boundaries of isotropic diffusion apply. For these systems the relation holds.

D1 = D2 = D3 ≡ D (1.14)

3.2 Diffusion at the Atomic Scale – Random Walk

Theory

Regarding unforced uniaxial diffusion of an atom to one of its 6 nearest inter-

stitial sites displays, in a simple but effective way, that the diffusion coefficient

is a product of jump rate and the square of the jump distance. Considering an
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atomic flux J between two lattice planes at a certain jump rate Γ

J = Γn1 −Γn2, (2.1)

and taking into account that the quantitites n of the interstitials can also be

expressed as concentrations C per jump length λ

Ci = ni

λ
, (2.2)

in combination with a Taylor expanded concentration-distance function

C1 −C2 =−λ∂C

∂x
, (2.3)

a diffusion equation similar to that of Fick’s first law can be composed.

J =−λ2Γ
∂C

∂x
(2.4)

Compared to (1.2), the diffusion coefficient can be denoted as

D = Γλ2, (2.5)

and considering a simple cubic lattice as diffusion medium, in which the total

jump rate can be regarded as Γtot = 6Γ, a diffusion coefficient

D = 1

6
Γtotλ

2 (2.6)

is obtained.
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R

1

2

3

n−1

Figure 3.1: Uncorrelated random walk of a species along the lattice sites. Each grey arrow
indicates a hopping process from one lattice site to the other. The total displacement is
highlighted by a big aqua colored arrow from the initial site, drawn as a dashed circle, to
the final site and the letter R. This illustration is based on Ref. [197].

3.2.1 Einstein-Smoluchowski Relation

The composition of the total displacement of particles, as illustrated in Fig-

ure 3.1, is described along the axes of a coordinate system as

R2 = X 2 +Y 2 +Z 2. (2.7)

For the sake of simplicity, atomic motion in the following derivation is only

regarded in X-direction. Furthermore, the distribution function W (X , τ) is

introduced to describe the probability of a atomic displacement along the

x-projection X during a time τ. According to τ= t − t0, τ is defined as the time

of the random walk. A concentration of diffusing particles C in a plane x at the

time t +τ can be regarded as the sum of the same particles diffusing from other
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planes following a certain distribution function.

C (x, t +τ) =∑
X

C (x −X , t )W (X ,τ) (2.8)

Expanding concentration related terms around X = 0 and τ= 0 and defining

the normalized distribution function in nth-moments of X

〈X n〉 =∑
X

X nW (X ,τ), (2.9)

yields an expression for the change in concentration by time

∂C

∂t
=−〈X 〉

τ

∂C

∂x
+ 〈X 2〉

2τ

∂2C

∂x2
, (2.10)

assuming that higher order terms on the both sides are negligible due to very

small values of τ. The magnitude of τ governs higher order terms of left-hand

side term due to its expansion around τ= 0, and the right-hand side term by

increasing localization of the distribution function around X = 0. A closer look

at the first term on the right-hand side of 2.10 reveals its purpose as drift term

and considering the absence of driving force allows reduction of the equation

according to Fick’s second law (1.4) and yields the following expression for the

diffusion coefficient

Dx = 〈X 2〉
2τ

. (2.11)
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Analogous equations can be formulated along other directions of the coordi-

nate system, viz., y and z. Regarding diffusion in an isotropic medium, e.g., a

cubic crystal, symmetry simplifies the displacements to

〈X 2〉 = 〈Y 2〉 = 〈Z 2〉 = 1

3
〈R2〉, (2.12)

and yields the Einstein-Smoluchowski relation

Dx = 〈R2〉
6τ

. (2.13)

The random walk theory differentiates in two cases of motion, viz., correlated

and uncorrelated random walks. The former, as illustrated in Figure 3.1, distin-

guish jump directions by probability, i.e., the reciprocal coordination number

1/Z , and jump lengths seldom exceed the nearest-neighbor distance. The aver-

age squared net displacement of an ensemble of particles executing correlated

random walks can be denoted as

〈R2
correlated〉 =

n∑
i=1

〈r 2
i 〉+2

n−1∑
i=1

n∑
j=i+1

〈ri r j 〉, (2.14)

where i denotes individual jumps and j considers follow-up jumps of the

respective particle. In the case of an uncorrelated walking particle, all jumps

are independent of each other. This jump sequence, as illustrated in Figure 3.1,

is often called Markov sequence or memory free walk and implies that for every
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ri r j consecutive jump another particle of the ensemble executes the exact

same jump in the opposite direction. This yields a trimmed equation for the

uncorrelated random walk

〈R2
uncorrelated〉 =

n∑
i=1

〈r 2
i 〉. (2.15)

In both cases, jump vectors are limited to the coordination lattice Z and can

only take a few definite values. Regarding the much simpler uncorrelated case,

a reduction to the average number of jumps 〈n〉 and its squared jump length d

can be performed.

〈R2
uncorrelated〉 = 〈n〉d 2 (2.16)

Furthermore, definition of the jump rate Γ and the mean residence time of an

atom τ̄ gives a description for the diffusion coefficient in uncorrelated walk

systems.

Γ≡ 〈n〉
Z t

(2.17)

τ̄= 1

ZΓ
(2.18)

Duncorrelated = 1

6
d 2ZΓ= d 2

6τ̄
(2.19)

Taking into account that the jump length d and the lattice parameter a exhibit

lattice based relation to each other, the diffusion coefficient for primitive cubic
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systems can also be described as

Duncorrelated = a2Γ. (2.20)

Considering atomic diffusion mechanisms that are affected by memory effects,

viz., correlated random walks, the successful jump of an atom ensues the

movement of a, so-called, diffusion vehicle in opposite direction. Tracing the

atom that diffuses through a defect bearing lattice reveals that such exchange

processes are considered reversible and, thus, memory effects are considered

detrimental. Nonetheless, fast ionic diffusion in solids is often defect-mediated,

either by vacancies, vacancy pairs, self-interstitials or other diffusion vehicles.

To relate both diffusion mechanisms to each other, the correlation factor was

introduced in the early 50s [200, 201].

f = lim
n→∞

〈R2
correlated〉

〈R2
uncorrelated〉

= 1+2 lim
n→∞

∑n−1
i=1

∑n
j=i+1〈ri r j 〉∑n

i=1〈r 2
i 〉

(2.21)

Here, the former term (+1) is associated to fully uncorrelated motions, whereas

the latter term doubles the contribution of the correlated motions. Moreover,

the latter term often yields negative values caused by higher probability of

correlated jumps in reverse direction when compared to uncorrelated ones.

Hence, the correlation factor f attains values between 0 and 1. Therefore, the

correlation factor links the diffusivity of traced atoms to those that perform an
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uncorrelated walk through the lattice

f ≡ Dcorrelated

Duncorrelated
. (2.22)

The tracer diffusion coefficient Dtr, first introduced in (1.5) and meanwhile de-

noted as Dcorrelated, can also be defined as the f corrected diffusion coefficient

for uncorrelated motion, also known as self-diffusion Dsd, previously defined

in (2.19) and (2.20).

D tr = 1

6
f d 2ZΓ= f a2Γ= f Dsd (2.23)

3.2.2 Temperature Dependence

Regardless of diffusion mechanism, mobile atoms have a finite probability

to overcome an energy barrier and perform a successful jump to the next

lattice site or interstitial site. This probability can be denoted as e−∆Hm/kBT , in

which the change in migration enthalpy ∆Hm corresponds to the activation

energy Ea. Changes in migration entropy ∆Sm solely result from the lattice

vibrations generated by the atoms overcoming the Ea. Hence, the jump rate

can be described as

Γ= ν0e
−∆Sm

kB e
−∆Hm

kBT . (2.24)
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The attempt frequency, denoted as ν0, ranges in the order of 1013 Hz and

represents the vibration frequency of an atom around its equilibrium site in

the target direction of its next jump. Figure 3.2 illustrates atoms hopping in a

potential landscape.

EA

ΔE

Figure 3.2: 1D Atoms jumping along energy landscape

3.3 Diffusion Mechanisms

Jumping processes of atoms in solid materials depend on a variety of factors.

The most prominent and obvious among them are crystal structure, size and

charge of the jumping atom and diffusion mediation by defects. The previously

discussed correlation effects, i.e., a series of jumps that occur in accordance

with individual jump probabilities, play vital roles in some diffusion mecha-

nisms, whereas others rely solely on uncorrelated motion.
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The interstitial mechanism describes the mo-
tion of a small foreign atom in a crystal struc-
ture in the absence of external influences. This
mechanism solely relies on uncorrelated and
unmediated motion of atoms on interstitial
sites and interaction with the lattice only oc-
curs by passing a saddle-point between two en-
ergetically favored interstitials. The event of a
mobile species passing a saddle-point leads to
lattice strain, but does not irreversibly affect the
lattice. This diffusion mechanism is considered
fairly fast.

The vacancy mechanism is vital to describe dif-
fusion of atoms through metals as well as ionic
crystals. It establishes a connection between
elevated temperatures and enhanced ion diffu-
sion via inducing atomic defects in the crystal
lattice. At high temperatures additional vacan-
cies are generated and move along the lattice
by undergoing exchange processes with tracer
atoms. A series of exchanges between vacancy
and tracer atom enables jumping throughout
the crystal and results in diffusion. The diva-
cancy mechanism is considered a special form
of this procedure. At high temperatures two,
sometimes even three, vacancies agglomerate
due to binding energy and move as a pair. Even
though this behavior was reported for fcc met-
als in particular, the monovacancy mechanism
dominates the overall diffusion at temperatures
2/3 below the melting point.
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The interstitialcy mechanism is also called the
indirect interstitial mechanism and only occurs
when the tracer atoms are comparable in size
to lattice atoms. Here, tracer atoms exchange
their positions on interstitial sites with those
of lattice atoms, so that, lattice atoms finally
reside on interstitial sites. These novel intersti-
tials are referred to as self-interstitials and can
also be generated by radiation, which leads to
formation of vacancies on original lattice sites.
Diffusion originating from such treatment is
called radiation-induced diffusion and relies
on vacancies formed during radiation. The
collective nature of these interstitial exchange
processes requires simultaneous motion of, at
least, 2 atoms.

Collective Mechanisms. Direct exchange and
the ring mechanism are regarded as further
collective mechanisms. The former describes
the simultaneous exchange of a tracer atom
by a lattice atom while both reside on lattice
sites. Considering closely packed crystal struc-
tures, this process entails enormous lattice dis-
tortions and requires high activation energy.
The ring mechanism defines the simultaneous
exchange of 3 or more atoms in the next neigh-
borhood to each other. Compared to the single
direct exchange, activation energies for such
collective jump patterns are much lower and
less lattice distortions occur.
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3.4 Origins of defects [202]

Mediated diffusion mechanisms rely on diffusion vehicles that are further-

more referred to as defects. These defects severely affect the diffusion of a

mobile species through the crystal lattice and be classified according to their

dimensionality.

3.4.1 Point defects (Zero-dimensional)

The simplest class of defects reposes on a missing atom on its original lattice

site in a monatomic crystal structure. The absence of an atom at its original

lattice site consigning a vacant site, as well as the occupation of an interstitial

site, are considered two types of the same phenomenon. These defects can ei-

ther occur naturally during crystal growth or, as mentioned earlier, are induced

by radiation. At high temperatures, viz., during annealing of the crystals, the

amount of intrinsic point defects is increased. Vacancies in crystals composed

of differently charged ions exhibit Schottky defects and Frenkel defects. As illus-

trated in Figure 3.3 Schottky defects comprise anionic and cationic vacancies

to maintain charge neutrality. Frenkel defects are generated by an ion mov-

ing from either the anion sublattice or the cation sublattice to an interstitial

site and leaving behind a vacant lattice site. Another mechanism to generate
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point defects is the substitution of ions by foreign atoms that is widely known

as doping. Depending on the size of the foreign atom, doping entails either

lattice expansion or compression. Introduction heterovalent dopants to the

lattice system enhances vacancy formation to maintain charge neutrality of

the overall system.

a b c

Figure 3.3: Illustration of point defect generation according to (a) Schottky, (b) Frenkel
and (c) doping mechanism.

3.4.2 Dislocations (1-dimensional)

The class of linear defects is governed by dislocations that lead to an increase

in entropy. The fact that dislocations are never in thermodynamic equilibrium

with their surroundings renders them extrinsic defects. This class of defects is

divided in subclasses that consist of edge dislocations, see Figure 3.4a, screw

dislocations, as illustrated in Figure 3.4b, and mixed dislocations. Introduction

of half planes in ionic crystals results in charged regions of positive or negative
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nature, see red triangle in Figure 3.4a, that are able to affect the reactivity of the

crystal when exposed at the surface.

a b cc

Figure 3.4: Non-zero-dimensional defects of the crystal lattice. (a) illustrates edge dislo-
cations in ionic crystals exposing a charged tip. (b) represents a screw dislocation and (c)
two mismatched lattices combined by a grain boundary.

3.4.3 Planar defects (2-dimensional)

Planar defects can be separated into external and internal surfaces; the latter

are more prominent when topics like solid-state electrolytes are under inves-

tigation. The most popular case of internal surfaces is approached in grain

boundaries. Here, the crystal lattices of at the edges of two grains build an

interface, the so-called grain boundary. Besides the fact that a mismatch of

crystal lattices at the interface of two grains is highly probable, impurity atoms

tend to aggregate in said regions. Compared to the bulk, grain boundaries

often exhibit diminished diffusivity, but tend to affect chemical reactivity and

58



3.5. EXPERIMENTAL PROBES FOR ION DYNAMICS

other physicochemical properties in a beneficial way. Figure 3.4c illustrates a

schematic of two mismatching grains at a grain boundary.

3.5 Experimental Probes for Ion Dynamics [197,

198, 203]

The most commonly used analysis technique for ionic conductivity is impedan-

ce spectroscopy. It is considered a powerful tool to probe dynamics in a broad

frequency range and, therefore, elucidate long-ranged ion diffusion throughout

the whole sample. To reveal localized jumps or dynamics on a shorter time

scale, NMR is employed. This technique is very sensitive to hopping of a

defined species and is often used to shed light on diffusion pathways in solid

materials. Nowadays, a combination of both techniques is used to accurately

characterize ion dynamics in a broad variety of materials.

3.5.1 Impedance Spectroscopy

Impedance spectroscopy, often denoted as electrochemical impedance spec-

troscopy (EIS) or complex electrical resistance, relies on a simple concept best
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described by Ohm’s Law

R = U

I
. (5.1)

Nonetheless, this relationship is only valid for ideal resistors which obey the

rule at any circumstance. That said, the electrical resistance R of said circuit

element is independent of alternating-current (AC) frequency and the phases

of its current I and voltage U signals are not shifted towards each other, i.e., in

phase. When external voltage is applied to a completely homogeneous sample

that fills the entire space between two current collectors, a uniform current

passes through the sample and the resistance can be described by

R = ρ d

A
. (5.2)

Here, the resistance is composed of the dimensions of the sample, viz., the area

A of the electrodes and the thickness of the sample d, and the characteristic

electrical resistivity of the sample ρ. The latter is defined as the inverse of the

conductivityσ. The conductivity reflects a materials ability to conduct charged

species and is widely known as a variable to describe the performance of solid

electrolytes.

The capacitor, or inductor, is another vital circuit element to describe impedan-

ce spectroscopy. In an ideal case it rejects any flow of current and stores
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magnetic energy, generated by the applied electric field, at its electrodes that

are separated by the dielectric sample. This system is expected to exhibit U

and I responses that are completely out of phase. A characteristic variable for

such elements is the capacitance, which can be denoted as

C = ε0εA

d
. (5.3)

It introduces a ratio between the dielectric constant in vacuum ε0 and the ma-

terial related relative permittivity ε, i.e., defined as a multiplier of ε0 . However,

actual impedance spectroscopy seldom deals with ideal resistors or capacitors.

The majority of materials show influences of both systems and, on one hand,

resist flow of the electrical current and, on the other hand, store electrical

energy. This behavior is considered by definition of a resistive, real part, and

a capacitive, imaginary part, of the impedance. Figure 3.5 illustrates the ex-

perimental setup that applies an AC voltage signal U of small amplitude U A

at a certain frequency f and detects the current response I that is of smaller

amplitude I A and shifted in phase φ.

U (t ) =VA sin(2π f t ) =UA sin(ωt ) (5.4)

I (t ) = I A sin(ωt +φ) (5.5)
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As executed in (5.4), the AC frequency can be converted to the radial frequency

ω by multiplication with 2π. The measurement setup and the resulting in-

teraction between variables is depicted in Figure 3.5. Furthermore, the afore-

mentioned relation between voltage and current is only valid for linear or

pseudo-linear systems. Formulating an expression for the complex impedance

U

I

−+

I ( )t
U ( )t

t

φ

I0

U0

Figure 3.5: (a) impedance experiment setup depicting a sample with 2 gold current
collectors attached to top and bottom surface, respectively. (b) plots the applied potential
signal (aqua) and corresponding current signal (orange). Illustration based on figures
published in Ref. [202, 203]

that comprises both terms, viz., that for input voltage and output current,

yields an equation analog to Ohm’s Law

Z∗ = V (t )

I (t )
= VA sin(ωt )

I A sin(ωt +φ)
= |Z | sin(ωt )

sin(ωt +φ)
. (5.6)

Using Euler’s relationship, (5.7), enables to distinguish between real and imagi-

nary contributions to the complex impedance.

eiωt = cos(ωt )+ i sin(ωt ) (5.7)
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Moreover, updated expressions for applied voltage and the corresponding

current

V (t ) =VA eiωt (5.8)

I (t ) = I A ei (ωt−φ) (5.9)

are defined. Finally, the impedance can be denoted as complex number and

the intermediates can be assigned to imaginary and real part of the impedance

Z∗ = V

I
= ZA eiφ = ZA (cos(φ)+ i sin(φ)) = Z ′+ i Z ′′, (5.10)

whereas the phase angle φ is defined as the ratio of both components of the

complex impedance

φ= arctan(
Z ′′

Z ′ ) (5.11)

Plotting −Z ′′ against Z ′ illustrates the dependency on the radial frequency

and yields a semi-circle. However, the absolute impedance |Z | stretches from

the center of the system of coordinates to the maximum of the semi-circle

including the contiguous angle φ.
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3.5.1.1 Immitance Functions

Measurement of the complex impedance Z∗ enables determination of further

sample properties that are closely connected to each other. These relations to

the complex impedance are called immittance functions. In order to express

them in a proper way, it is obligatory to determine the capacity of the empty

measurement cell C0. Regarding a simple parallel-plate capacitor geometry, in

which a cylindrical pellet separates two current collectors, this variable can be

described by

C0 = ε0 A

d
. (5.12)

In this case, the capacity of the empty cell is solely based on cell geometry. Fur-

thermore, introduction of the complex admittance, Y =−Z∗, and the complex

capacitance, C∗ = Y /iω, is vital to relate further immittance functions to the

complex impedance.

Complex permittivity ε∗ consists, analog to the complex impedance, of a

real and an imaginary component. Dielectric analysis is employed to determine

its magnitude that consists of contributions from dipole alignment ε′ and ionic

conduction ε′′. Considering definitions for resistance R, (5.2), capacity for the

empty cell C0, (5.12), and capacitance C , (5.3), facilitates expression of the ε∗
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in various ways.

ε∗ = Y

iωC0
= ε′− iε′′ (5.13)

ε′ = C d

ε0 A
= C

C0
(5.14)

ε′′ = d

R Aωε0
= 1

ρωε0
= σ

ωε0
(5.15)

The last operation, viz., that yields an expression for the conductivityσ, is based

on (5.2) and exploits the relationship between ρ and σ that was previously

mentioned. Regarding the complex conductivity σ∗, definitions analog to

those for the complex permittivity are obtained.

σ∗ =σ′− iσ′′ = 1

ρ∗ = Y

C0
= Y d

ε0 A
(5.16)

Both parameters, ε∗ and σ∗, and their contributions to the overall impedance

largely depend on the experimental setup. This includes material temperature,

AC frequency and the magnitude of the sinusoidal voltage signal. The complex

modulus represents another way to describe properties of a material with data

gathered from dielectric analysis

M∗ = M ′− i M ′′ = iωC0Z = 1

ε∗
. (5.17)

Analysis of Experimentally Obtained Impedance Data [204–207] Considering

the field of application of materials investigated during this work, analysis
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and illustration of the acquired data as conductivity isotherms and in complex

plane plots is of great interest.

For a measurement performed at constant temperature such isotherms

are obtained by plotting the real part of the conductivity σ′ against the fre-

quency ν. Figure 3.6 depicts a classic form obtained for monocrystalline ma-

terials that is best illustrated by logarithmic representation of both variables.

In general, a decrease in temperature results in shifting of the isotherms to-

wards lower frequencies. Thus, at appropriately high temperatures and at

reasonably low frequencies polarization effects at the current collectors can

be observed. In such an event, these effects are referred to as electrode polar-

ization, and arise from accumulation of ionic species at the electrode surfaces

and, consequently, limited ionic conductivity. At intermediate frequencies

to high frequencies, frequency independent conductivity plateaus σDC are

obtained. These areas correspond to long-ranged ionic motion inside the

material and can be, depending on the frequency, assigned to bulk or grain

boundary diffusion processes. Provided that grain boundary diffusion in single

crystals is negligible, the obtained plateau in Figure 3.6 is fully assigned to bulk

conductivity. Analog to the temperature dependence of the diffusion in solids,
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Figure 3.6: Conductivity isotherm of a single crystalline material. Specific regions are
indicated by arrows or marked by color.

σDC enables calculation of the activation energy for long-ranged ion diffusion

σDCT ∝ e
− EDC

A
kBT . (5.18)

Moreover, σDC can be used to describe a coefficient that corresponds to the

ionic conductivity Dσ. This coefficient is not described by Fick’s First Law

and, even though it exhibits units similar to a diffusion coefficient, cannot

be denoted as a diffusion coefficient. Its definition is derived from the the

Nernst-Einstein equation, and is given by

Dσ = kBTσDC

N q2
. (5.19)
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Here, N is considered the charge carrier density and q specifies the charge of

the carrier ions. Furthermore, Dσ is linked to the tracer diffusion coefficient

D tr via the Haven ratio [208].

HR = D tr

Dσ
(5.20)

In the case of uncorrelated random walks of a single species a connection to the

correlation factor f is established HR = f = 1. Thus, both diffusion coefficients,

viz., tracer and self diffusion, and the conductivity coefficient Dσ are equal.

In case of divacancies the Haven ratio exhibits values > 1, whereas correlated

motion and contributions of electrical conductivity lead to values < 1.

Leaving the DC-region of the conductivity isotherm an upcoming in-

crease in σ introduces the dispersive region. Since σDC can be regarded as the

maximum of the current response during impedance measurements, the dis-

persive region can be referred to as dielectric loss. In 1977 Jonscher formulated

a relation to describe this transition

σ(ω) =σ0 +ε0ωχ
′′(ω), (5.21)

and suggests proportionality between σ(ω) and ωn . This is considered the

Jonscher power law, in which ω= 2πν, and ν denotes the frequency. Values of

n range between 0 and 1 and can be used to estimate the dimensionality of the
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underlying diffusion mechanism [209]. Here, values below 0.4 point towards

1D diffusion, 0.45 É n É 0.6 describe 2D motion and n-values exceeding 0.66

are characteristic for 3-dimensional ion transport. In addition, temperature

dependence of the real conductivity decreases with increasing temperature

and exhibits a linear region, for which σ′ ∝ ν holds, called nearly constant

loss (NCL). Taking this into account, yields an equation that describes the

dispersive region and adds a linear term to include contributions from NCL,

which is assumed to take place at very high frequencies.

σ(ν) =σ0

[
1+

( ν
ν0

)n]
+ A f (5.22)

Figure 3.7 plots −Z ′′ against Z ′ yielding complex plane plot, which is often

referred to as Nyquist plot or Cole diagram. As mentioned earlier, the complex

impedance depends on the radial frequency and, therefore, complex plane

plots are characterized by illustration of one or more semi-circles. Here, each

of the semi-circles can be assigned to a particular phenomenon that occurs at

certain conditions. A noteworthy detail is the descending frequency from the

left side to the right side. To describe one of the depicted semi-circles, a parallel

circuit comprising an ohmic resistance R and a capacitance C is regarded

Z∗ = R

1+ iωC R
, (5.23)
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Figure 3.7: Illustration of a complex plane plot obtained from a ceramic sample. The
equivalent circuit diagram is depicted in the top section of the graph and characteristic
features are indicated either by text, color or arrows. This plot is based on Ref. [197].

with the angular frequency given as ω. This equation differentiates between

three extreme cases, viz., the two intersections with the x-axis and the maxi-

mum of the semi-circle. Therefore, left minimum can be referred to as ω−→∞,

the right one as ω = 0 and the maximum of the semi-circle is defined by

ω = (RC )−1. The latter are used to calculate characteristic capacitance val-

ues that can, futhermore, be ascribed to a specific phenomenon in the sample

[210]. In general, bulk responses lead to much lower capacitances than any

other phenomenon.
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3.5.2 Solid-State Nuclear Magnetic Resonance [198, 211]

Nuclear Magnetic Resonance (NMR) is a nondestructive and potent tool to

study diffusion properties of broad variety of materials. Its working principle

relies on the sensitivity to localized field variations that are introduced by

the interaction of the nuclear magnetic moment with the external magnetic

field. Since the first reports on the impact of ion motion inside materials on

the field variations measured by NMR [212], the influence of this technique

on studies concerning ion dynamics grew continuously. In stark contrast to

impedance spectroscopy, which measures a macroscopic electrical response

caused by diffusing ions, NMR senses ion dynamics on a microscopic scale, viz.,

by resolving short-ranged and medium-ranged ion hopping through the crystal

lattice. Fundamentals of NMR Atomic nuclei are often illustrated as spherical

objects that exhibit a rotational axis and, for the sake of simplicity, the following

expressions will stick to that theory. These nuclei carry an intrinsic angular

momentum P that, according to quantum mechanics, can be quantisized to

P =
√

I (I +1)×. (5.24)

The Planck’s constant h is taken into account by ×= 2πh and I is often referred

to as nuclear spin and represents the angular momentum quantum number.
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Usually, I is described by the values 0, 1/2, 1, 3/2, etc.. Thus, atoms that feature a

nuclear spin equal to 0 are considered NMR inactive. To establish a connection

between P and the magnetic moment µ, a constant that attains unique values

for each nuclide, viz., the gyromagnetic ratio γ, is introduced

µ= γP . (5.25)

Due to the role as proportionality factor, its magnitude severely affects the

sensitivity of NMR towards certain nuclides. Nuclides that exhibit higher γ

values are easier to detect than those showing low values.

Application of an external magnetic field B 0 that is of static origin, leads

to the orientation of P point towards the direction of said field. A part of the

angular moment, namely, the part Pz facing z-direction, is aligned with the

external field and best described by an integral or half-integral multiple of ×

Pz = m×. (5.26)

Directional quantization occurs and the orientation of the magnetic moment,

as well as the angular frequency, is restricted to (2I +1) different directions.

Furthermore, the same quantity of values also defines the directional quantum

number m. In the case of 7Li or 23Na nuclei, both exhibit nuclear spins of 3/2,

this calculation yields 4 m-values (−3/2,−1/2, + 1/2, + 3/2). A combination of (5.25)
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and (5.26) defines the magnetic moment along the z-axis and, therefore, the

external magnetic field B 0

µz = mγ× (5.27)

Analog to a spinning top, the external magnetic field exerts a torque on the

magnetic moment that results in precession of the nuclear dipoles. The fre-

quency of the precession, the so-called Larmor frequency νL, is best described

by its proportionality to the magnetic flux density B0.

νL =
∣∣∣ γ
2π

∣∣∣B0 (5.28)

Correspondingly, the magnetic moment in z-direction µz experiences splitting

of its energy in (2I +1) energy states the, so-called, Zeeman levels.

E =−µzB0 =−mγ×B0 (5.29)

These energy values are, in the same manner as the Larmor frequency, propor-

tional to the magnetic flux density. Figure 3.8 highlights the relation between

the splitting of the angular momentum in z-direction and the creation of Zee-

man energy levels. Here, the difference ∆E of two energy levels that only differ

in sign, increases proportional to the magnetic flux density B0. At thermal

equilibrium, the entirety of spins is unequally distributed among the two pos-

sible orientations. This phenomenon is best described by Boltzmann statistics
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Figure 3.8: Energy splitting of a I = 3/2 nucleus into its Zeeman levels. Dotted lines
establish the connection to directional quantization of the angular momentum Pz . This
representation merges several figures from [211]

that relate the occupation of the energy levels, referring to N+ as the lower

energy level and N− as the upper energy level, to one another. Furthermore,

the temperature dependence of the occupancy ratio is described as

N−

N+ = e
− ∆E

kBT ≈ 1− ∆E

kBT
. (5.30)

At reasonably high absolute temperature T , both energy levels are equally

occupied. Here, the temperature-dependent term yields such low values that

the ratio of the two occupancy numbers almost equals 1. Any other case is

described by N−/N+ < 1 and, therefore, results in unequally occupied energy

levels. NMR is highly sensitive to these differences that occur to extents in the

parts per million range. As a result of the inability to probe isolated spins, an
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amount of spins that experiences the same magnetic field strength is defined

as spin ensemble. Regarding such ensembles, the magnetic moments of the

particular spins can be added to define a net magnetization vector M0. In a

thermal equilibrium state, said vector M0 solely consists of contributions in z-

direction Mz and is, therefore, aligned with the external field B 0. Contributions

in x-direction, as well as y-direction, are averaged by the rotation of the system.

To perform relaxation measurements on the aforementioned system, a radio

frequency (rf) pulse is applied to disrupt the thermal equilibrium state. As

a consequence, the net magnetization vector is deflected from its original z-

direction. This operation results in a pseudo-equilibrium that characterized by

M0

ω

B0

z

x

y

Figure 3.9: Precession of the net magnetization vector M0 in a magnetic field B 0. This
schematic is based on an illustration in [211].
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equal occupation of both energy levels. The application of the pulse is limited

to a certain, usually very short, amount of time and is followed by relaxation

of the excited system to its initial state. Two of those relaxation mechanisms,

viz., spin-lattice and spin-spin, are of utmost importance to shed light on ion

dynamics.

The spin-lattice relaxation time T1, also known as longitudinal relaxation,

defines a characteristic time that describes the materials ability to pass the

energy, i.e., formerly absorbed from the rf-pulse, to its crystal lattice without

radiation. This process is best described by the first order expression

d Mz

d t
= M0 −Mz

T1
. (5.31)

Spin-lattice relaxation performed in the laboratory frame of reference is widely

used to study strictly localized ionic motion at frequencies in the MHz range.

Weaker external magnetic fields, viz., in the kHz range, are applied to observe

hopping processes on a larger time scale. These, so-called spin-lock, exper-

iments yield spin-lattice relaxations times in the rotating frame of reference

T1ρ.

d My ′

d t
= Mρ

T1ρ
(5.32)

To process and analyze the resulting characteristic times T1 and T1ρ Arrhe-

nius representation is considered the state of the art. Kuhn et al. published
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a comprehensive work that accurately describes the underlying principles of

the phenomena depicted in Figure 3.10 [213]. As already mentioned, interpre-

tation of relaxometry data was substantially influenced by the pioneer work

of Bloembergen, Purcell and Pound (BPP)[212]. In the ideal case, Arrhenius
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Figure 3.10: Arrhenius plot of spin-lattice relaxation data acquired in the laboratory frame
of reference and rotating frame of reference, respecively. This illustration is based on a
figure from Ref. [213].

representation of relaxometry data, regardless of the frame of reference, de-

picts a rate peak. Its maximum provides vital information on the jump rate

τ that is within a factor of 2 identical to the correlation rate τc . Furthermore,
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the maximum indicates a certain temperature at which the frame of reference

dependent relation, which is denoted as ω0τc ≈ 1 for T1 and ω1τc ≈ 0.5 for

T1ρ, holds and in which ω = 2πνL. The BPP model is based on the Fourier

transformation of the motional correlation function G(t ) = exp(−(|t |/τc)), i.e.,

in its single exponential form valid for 3D uncorrelated motion, and results in

a Lorentzian-shaped spectral density function

J (ω) = 2τc

1+ (ωτc)2
, (5.33)

that is proportional to the rates acquired from spin-lattice relaxation measure-

ments. Considering the presence of defects or Coulombic interactions of the

spins, the correlation function deviates from its single exponential form and is

described by G(t ) = exp(−(|t |/τc)α). Here, α is a stretching exponent with val-

ues ranging between 0 and 1. Fourier transformation yields the corresponding

spectral density function

J (ω) = 2τc

1+ (ωτc)1+α . (5.34)

Literature often introduces the correlation factor β, which is defined as β =

1+α, to describe three dimensional correlated motion. In Figure 3.10, BPP

modeling of the rate peak discloses details on dimensionality of the jump

processes, as well as correlation of the motion. The former are revealed by the
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slope of the high-temperature flank (ω0τc ¿ 1) and (ω1τc ¿ 0.5), respectively.

Regarding the slope of the low-temperature flank, defined as (ω0τc À 1) or

(ω1τc À 0.5), enables differentiation between correlated and uncorrelated ion

hopping. Considering an Arrhenius relationship, the previously discussed

slopes are highly useful to determine activation energies for the previously

discussed ion dynamics.
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4
RESULTS

4.1 Ion Dynamics in Aliovalently Substituted

Garnet-Type Li7La3Zr2O12 Single Crystals

These two manuscripts, of which one is already under review (supporting infor-

mation can be found in the Appendix section), focus on elementary Li hopping

processes and elucidation of diffusion pathways in supervalently stabilized

cubic Li7La3Zr2O12 (LLZO) single crystals. LLZO, that usually crystallizes in its

tetragonal polymorph, can be stabilized in its cubic form by substitution of Li+

and Zr4+, respectively. The most popular option to yield the cubic structure is

to exchange 3 Li+ ion by 1 Al+3 or Ga3+ ion. This exchange is accompanied by
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SINGLE CRYSTALS

a steep increase in overall conductivity of at least 2 orders of magnitude. The

overall conductivity of polycrystalline samples, however, is always quantified

as a combination of bulk and grain boundary contributions. Additionally, the

effect of inhomogeneous polycrystalline samples on the overall conductivity

was recently discussed in literature. Here, Czochralski grown single crystals

were probed to assure determination of bulk properties in a homogeneous

sample. To resolve ion dynamics in a broad frequency range, impedance spec-

troscopy results were combined with those obtained from time-dependent

7Li spin-lattice relaxation NMR. The latter is a powerful technique to sense

short-ranged to medium ranged ionic motions. Checked against computa-

tional simulation, the acquired data provide even deeper insights in diffusion

and enable the assignment ion diffusion paths.

The first article exposes the influence of Al3+ substitution, which re-

sides on 24d lattices sites, on ionic motion. The investigated monocrystalline

Li6.46Al0.15La3Zr1.95O11.86 garnet exhibits ionic conductivities of 8.3× 10−5 S cm−1

at 20 °C. Regarding long-ranged bulk dynamics, the material yields an acti-

vation energy of 0.36 eV and is, therefore, in good agreement with medium-

ranged ion dynamics (0.35 eV to 0.38 eV) as sensed by 7Li spin-lattice relaxation

NMR in the rotating frame of reference (1/T1ρ). Furthermore, strictly localized
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ionic motion between 24d and 96h sites, as seen in the laboratory frame of

reference (1/T1), is characterized by considerably lower activation energies

ranging from 0.18 eV to 0.2 eV. In agreement with computational studies, we can

assume that blocking of Li+ diffusion in close proximity to the Al3+ ions, viz.,

residing on 24d lattice sites, open the possibility of bypassing jumps between

neighboring 96h −96h′ sites.

The second article, a manuscript, focusses on ionic motions in the acen-

tric cubic (space group I4̄3d, No. 220) polymorph Ga0.2Li6.54La2.92Zr2O11.95.

This single-crystalline material features a much higher room-temperature con-

ductivity, viz., 1.1 mS cm−1, than its Al-stabilized analog. Activation energies

for long-ranged diffusion match with data obtained from the electric mod-

ulus, both methods yield 0.3 eV. Medium-ranged ion dynamics (1/T1ρ) are

governed by two jump processes that both exhibit rate maxima well below am-

bient temperature and, therefore, point towards very fast ion dynamics. This

work in progress aims at assignment of said jump processes to Li+ hopping

between defined lattice sites and is, therefore, largely dependent on dynamics

simulations.
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Abstract

Li7La3Zr2O12 (LLZO) garnet-type ceramics are considered as very promising candidates for
solid electrolytes and have been extensively studied in the past few years. Several studies report
on an increase in ionic conductivity by doping with ions, such as Al3+ and Ga3+, to stabilize
the cubic modification of LLZO. Unfortunately, so far ion dynamics have mainly been studied
using powdered samples. Such studies may suffer from chemical heterogeneities concerning Al
distribution. Here, we took advantage of Al-stabilized LLZO single crystals to throw light on the
elementary steps of ion hopping. We used 7Li nuclear magnetic resonance (NMR) spin-lattice
relaxation measurements and conductivity spectroscopy to probe dynamic parameters from both
a microscopic and macroscopic point of view. At 293 K the total conductivity turned out to be
0.082 mS cm−1, which is remarkably good for LLZO exhibiting an Al-content of only 0.37 wt%.
Most importantly, 7Li NMR spin-lock transients revealed two overlapping diffusion-induced
processes. Overall, activation energies from spin-lock NMR excellently agree with that from
conductivity measurements; both techniques yield values around 0.36 eV. The corresponding
diffusion coefficients deduced from NMR and conductivity measurements almost coincide. The
magnetic spin fluctuations sensed by NMR provide an in-depth look at the elementary jump
processes, which can barely be revealed by macroscopic impedance spectroscopy. In particular, we
were able to precisely measure the local hopping barrier (0.20 eV) characterizing forward-backward
jumps between the sites 24d and 96h.

Keywords: garnets; single crystal; NMR; dynamics; conductivity
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I. Introduction

By signing the Kyoto Protocol in 1999, 84
industrial nations agreed on subsequent
reduction of greenhouse gas emissions

[1]. Achieving these goals is accompanied by a
drastic decrease of our annual fossil fuel con-
sumption. One possibility to reduce such emis-
sions is to store energy that is generated from
renewable resources [2]. In recent decades,
electrochemical energy storage devices have
proven to be suitable candidates for this pur-
pose [3]. It is envisaged that such devices
will find applications in static power plants
as well as in automotive industry and the avia-
tion sector. Li-ion batteries (LiBs) belong to the
so far leading products used in our daily life
[4]. Improvements are, however, needed if we
want to meet the current demands formulated
by automotive industry [5, 6]. Commercial
LiBs, independent of their size and energy den-
sity, may suffer from stability issues caused
by flammable liquids used as electrolytes [7].
Solid electrolytes [8] may significantly improve
both safety and lifespan of batteries using Li+

[9] or even Na+ [10] as ionic charge carriers.
To realize the next generation of Li batteries

with ceramic electrolytes, battery research faces
the request to explore electrochemically stable
and non-flammable ceramics that feature very
high Li-ion conductivities [9–11]. Replacing
aprotic liquid electrolytes will, however, only
be successful if we have economically friendly
ceramics at hand that offer ion conductivities
comparable to that of liquids [12, 13]. Com-
bined with low activation energies for ionic
transport such systems can be operated over
a large temperature range. Most importantly,
they will withstand much higher temperatures
than conventional batteries. Clearly, the most
suitable candidates should also exhibit neg-
ligible electronic conductivity, high chemical
stability and low area specific resistances at
the electrolyte

∣∣ electrode interfaces [14]. From
the broad variety of different materials, garnet-
type [15, 16] electrolytes are regarded as the
most promising choice for all-solid state LiB.

Since the first report of Murugan et al. on

Li7La3Zr2O12 (LLZO) garnet, which exhibited
a room-temperature ionic conductivity in the
order of 10−3 to 10−4 S cm−1, the interest in
garnet-type materials with cubic symmetry
grew rapidly [12]. The ionic conductivity of
the cubic form of LLZO is by two orders of
magnitude higher than that of the tetragonal
polymorph (space group I41/acd) [17–19]. Stabi-
lization of cubic LLZO is possible by appropri-
ate doping [20]. Li7La3Zr2O12 first prepared by
Murugan et al. was stabilized by Al3+ doping
[12]. Depending on the dopants, such as Al3+

or Ga3+, cubic LLZO crystallizes with differ-
ent symmetries (space groups Ia3̄d and I4̄3d)
[21]. Meanwhile a huge number of studies can
be found in literature that deal with the ques-
tion which dopants are best suited to achieve
a high conductivity of the cubic form [16, 19,
21–23]. These studies also investigate the pos-
sibilities to substitute La3+ and Zr2+ by alio-
and isovalent cations [20].

Aliovalent doping with Al3+, i.e., substitu-
tion of 3 Li+ ions by one Al3+ cation, became
the most popular method to stabilize cubic-
LLZO and to create Li-ion vacancies [24]. To-
gether with Li+ the aluminium ions occupy
the tetrahedral 24d sites in an irregular manner.
As a consequence, cation and bond disorder
is produced affecting the site preference of the
Li ions. This effect is assumed to significantly
boost ionic conductivity [25].

In a recent comparison, Wachter-Welzl et al.
address the interaction between dopant quan-
tity and synthesis conditions [26]. In numerous
reports, aluminium contents range from 0.17 to
0.35 Al3+ ions per formula unit (pfu). Nonethe-
less, conductivities peak around 0.2 pfu [26].
Furthermore, co-doping with Ta further en-
hances Li+ ion dynamics by shifting the Al3+

ions to 96h sites resulting in a reduction of Li+

diffusion pathways blocked by the immobile
Al3+ ions [27]. Quite recently, we reported on
a single long-range Li+ ion transport process
through the lattice of Al-free single crystalline
Li6La3ZrTaO12 [28].

While doping is known to severely affect
the Li ion transport behaviour, the preparation
conditions also seem to have an enormous im-
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pact on the properties of the final product. In
2014, an overview to which extent the proper-
ties of LLZO may vary has been presented by
Pinzaru et al. [20]. Synthesis routes like field as-
sisted sintering technique (FAST), hot isostatic
pressing or sol-gel preparation lead to quite
different dynamic properties of the resulting
material [23, 29, 30]. This can mainly be at-
tributed to the density of the material affecting
grain boundary ionic conductivities. As shown
by Kim et al., lower sample density leads to
increased grain boundary resistance, and thus,
lowers the overall conductivity of the material
[31][31].

To understand the elementary steps of ion
hopping in Al-stabilized LLZO independent
of the preparation and post-preparation condi-
tions we take advantage of single-crystalline,
Czochralski-grown Li7La3Zr2O12. We used
contactless 7Li nuclear-magnetic resonance
(NMR) spectroscopy [18, 28, 32–36] to probe
the electric and magnetic field fluctuations the
Li spins are exposed to during self-diffusion.
The resulting diffusion-induced 7Li NMR spin-
lattice relaxation rates, if studied as a function
of temperature, entail information on both lo-
cal hopping processes as well as long-range ion
transport [35, 36]. Throwing light on the un-
derlying diffusion mechanisms that govern fast
translational Li ion dynamics in Al-stabilized
LLZO is expected to assist in the design of
improved LLZO ceramics [20]. We compare
our NMR results with results from alternating
current (AC) conductivity measurements [37],
which are widely used to characterize long-
range ion motions. This comparison helps us
to describe the motional correlation functions
controlling the fast cation exchange processes
in LLZO-type materials.

II. Methods

Sample Preparation and Characterization

The Al-stabilized LLZO single-crystal was
grown directly from the melt using the
Czochralski method. The raw materi-
als, Li2CO3 (5N, Alfa Aesar), La2O3 (4N5,

Treibacher Industrie AG), Al2O3 (4N, HAM)
and ZrO2 (4N, Johnson-Matthey Chemicals),
were dried and afterwards mixed in a stoi-
chiometric ratio. The powder was pressed
isostatically at 2 kbar and calcined at 680 ◦C
for 70 h. The so-obtained body was melted
in an inductively heated iridium crucible. On
top of the crucible an active afterheater closed
by a ring disc was placed; this arrangement
was embedded in ceramic alumina insulation.
The process chamber was rinsed with 5N ni-
trogen at a rate of 21 l/h. An iridium wire
served as crystallization seed that was pulled
with 1.5 mm h−1 and rotated at 10 rpm. In-
ductively coupled plasma mass spectrometry
(ICP-MS) showed that the aluminium con-
centration in our single crystal was [Al]S =
0.37 wt.-%. Comparing this value with the
aluminium amount in the initial melt, [Al]L
= 0.92 wt.-% gives a first estimate for the alu-
minium distribution coefficient during the crys-
tallization of the garnet phase from the melt:
kAl = [Al] S/[Al] L = 0.4. The concentration
of 0.37 wt.-% yields a chemical composition of
the crystal of Li6.46Al0.15La3Zr1.95O11.86, which
refers to 3 La3+ ions per formula unit. The
single crystals (space group symmetry Ia3̄d)
were characterized by X-ray diffraction(see also
Fig. S1); information on crystal data, structure
refinement, atomic coordinates, bond lengths
and occupation factors are shown in the Sup-
porting Information (SI) section (Tables S1 to
S3). All the crystals investigated turned out
to be single crystalline in nature and of good
quality with sharp Bragg reflections. We found
no evidence for any kinds of intergrowth or for
diffuse streaks indicative for chemical inhomo-
geneity.

One of the slightly yellow crystals (EK_Al3,
see Tables S1 to S3, SI) was cut into smaller
pieces of approximately 5 mm × 5 mm × 1 mm.
These pieces were polished with a Struers
LaboPol-25 device equipped with 300, 800,
1200, 2400 grit SiC abrasive paper at a speed of
300 rpm. Two gold electrodes, with a thickness
of approximately 100 nm, were applied on top
and bottom of one sample by using a Leica
sputter device. For static 7Li NMR measure-
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ments another sample (EK_Al3, see SI) with
dimensions of 1 mm × 1 mm × 8 mm was pol-
ished and then fused in a Norell SEPR250S
quartz tube with a length of approximately
1.5 cm.

AC Conductivity Measurements

A Novocontrol Concept 80 broadband di-
electric spectrometer was used to investigate
impedance properties at frequencies ranging
from 10 MHz to 0.1 Hz. In order to reveal tem-
perature dependent properties, the device is
equipped with a QUATRO cryosystem (Novo-
control) to vary the temperature. Here, we
recorded conductivity isotherms in a temper-
ature range from 173 K to 453 K. The cryo-
stat works by vaporization of liquid N2 that
is stored in a dewar vessel. A heating element
is used to create a constant gas flow of N2.
This setup allows us to control the tempera-
ture inside the sample cell with an accuracy of
± 0.1 K.

NMR Measurements

7Li spin-lattice relaxation NMR measurements
were performed using an Avance III spectrome-
ter connected to an Ultrashield 500-MHz wide-
bore magnet with a nominal field of 11 T. Ad-
ditionally, we used an Avance III spectrometer
in combination with an Ultrashield 300-MHz
magnet (7 T). The magnetic fields correspond to
7Li Larmor frequencies of ω0/2π = 194 MHz
and 116 MHz, respectively. A ceramic probe
head, constructed to withstand high tempera-
tures, was used for all experiments. Depending
on temperature, the π/2 pulse length varied
from 2.4 µs to 3.4 µs maintaining a constant
power output of 200 W throughout the mea-
surements. The well-known saturation recov-
ery sequence was used to acquire spin-lattice
relaxation rates 1/T1. We also performed so-
called spin-lock spin-lattice relaxation NMR
measurements to study the temperature de-
pendence of 1/T1ρ. For this purpose we took
advantage of the spin-lock pulse sequence in-
troduced by Lowe and Ailion. The locking
frequency ω1/2π was set to 33.3 kHz.

III. Results & Discussion

7Li NMR Motional Line Narrowing

The fastest method and, in most cases, the first
step to probe Li ion dynamics in solid materi-
als is the acquisition of 7Li NMR line spectra
[32, 38, 39], see Figure 1. 7Li is a spin-3/2 nu-
cleus and consequently, as its quadrupole mo-
ment is small compared to other quadrupolar
nuclei, the 7Li NMR signal of single crystals
is expected to be composed of a central line
(spin quantum transition +1/2 ↔−3/2) and two
quadrupole satellites (+1/2 ↔ +3/2,
−1/2 ↔ −3/2). In the case of a vanishing elec-
tric field gradient, because of cubic symmetry
around the Li nucleus, the Zeeman energy lev-
els remain, however, undisturbed and the three
lines collapse to a single one. Here, only at low
temperatures, particularly at T = 213 K, we
notice quadrupole intensities of rather weak
intensities. The intensities of the lines do not
change much even if we use spin echo experi-
ments to overcome receiver dead time effects.
At very low temperature we observe a broad
distribution of satellite transitions. With in-
creasing temperature the broad hump sharp-
ens, because of dipole-dipole averaging effects
(see below), and distinct lines show up. We at-
tribute these signals to the electrically inequiva-
lent Li ions sensing non-vanishing electric field
gradients (EFGs). In cubic LLZO the Li+ ions
reside on 24d and 96h sites. Moreover, some of
the ions sense the Al3+ cations (24d) in their di-
rect neighborhood. Full averaging of the EFGs
is only seen at sufficiently high temperatures,
i.e., when the Li jump rate reaches values com-
parable to the quadrupolar splitting (50 kHz)
[40]. Here, if temperatures up to 453 K are
considered, they completely disappear.

The width of the central line is determined
by homo- and heteronuclear spin interactions;
in the case of 7Li, homonuclear dipole-dipole
interactions play the dominant role. At suffi-
ciently low temperatures, i.e., at temperatures
where the Li diffusivity is frozen with respect
to the NMR time scale, the width reaches its
largest value, ∆νR. For many materials, dipo-
lar coupling leads to values in the order of
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Figure 1: a) 7Li NMR line narrowing of Al-stabilized Li7La3Zr2O12. Line widths (full width at half maximum,
fwhm) have been determined from 7Li NMR spectra obtained with a single pulse experiment.
The line width is independent of the external magnetic field used to acquire the spectra. To
record lines at temperatures below 200 K we used a cryo-probe. The solid line represent a fit
according to Abragam’s formula to describe averaging of homonuclear dipole-dipole interactions.
Dashed, dotted and dashed-dotted lines indicate the position of line narrowing curves of powdered
tetragonal LLZO, powdered Ga-stabilized LLZO and Li6La3ZrTaO12 (LLZTO) single crystals. b)
7Li NMR spectra of Al-stabilized LLZO single crystals recorded at the temperatures indicated; see
text for further explanation. Again, at temperatures below 200 K spectra have been recorded at a
Larmor frequency of 116 MHz.

3 to 15 kHz [39]. The onset of diffusive mo-
tions with rates in the order of 103 s−1, that is,
hopping of Li ions between magnetic inequiv-
alent (and equivalent) sites, causes the line to
narrow due to averaging of the effective dipo-
lar couplings. This effect is similar to that of
Brownian motion in the liquid state. Hopping
between electrically inequivalent sites results
in the above-mentioned averaging of EFGs.

Here, the so-called rigid lattice regime of the
7Li NMR central line of single crystalline Al-
LLZO is reached at 163 K. This regime features
a constant line width ∆νR of approximately
8.7 kHz, see Figure 1a). With increasing temper-
ature the full width at half maximum (fwhm)
of the NMR line continuously decreases, finally
reaching a motionally narrowed line at 350 K.

The change in fwhm shown in Figure 1 a) fol-
lows the behavior predicted by Abragam; it
obeys the relationship

∆(T)=∆νR

[
1+

(
∆νR

B −1
)

exp
Ea,A
kBT

]−1
+D (1)

which can be used to estimate a mean activa-
tion energy that governs motional line narrow-
ing. B is a fitting parameter and kB denotes
Boltzmann’s constant. Here, Ea,A turned out to
be in the order of 0.17 eV. This value perfectly
agrees with that seen by 7Li NMR spin-lattice
relaxation measurements, which were carried
out in the laboratory frame of reference, see
below. At the inflexion point of the narrow-
ing curve, the mean Li+ jump rate (τ−1) is
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expected to be in the order of

τ−1 = ∆νR × 2π (2)

With ∆νR = 8.7 kHz eqn. (1) yields a rate of
(τ−1 ≈ 5.5 × 104 jumps per second at T =
233 K. The position of the whole narrowing
curve of single crystalline Al-LLZO is highly
comparable to that seen for Li6La3ZrTaO12
single crystals (see the dashed-dotted line in
Fig. 1a), which has been stabilized in its cubic
form by replacing one half of the Zr (16c) ions
by Ta. Both materials also exhibit very simi-
lar ionic conductivities. Although similar in
shape and in ∆νR, the corresponding curve of
polycrystalline, tetragonal Li7La3Zr2O12 [28],
see the dashed line in Fig.1a), is shifted toward
much higher temperature; the onset of line nar-
rowing has been observed at T = 280 K point-
ing to the well-known difference in ion conduc-
tivity by a factor of 100 when compared with
Al-stabilized LLZO. For comparison, also the
motional narrowing curve of a Ga-stabilized
LLZO powder sample has been included in
Figure 1a), see the dotted line. Depending on
the kind and the amount of substituents, Ga3+

or Al3+, the onset of the line narrowing curve
can be shifted down to temperatures as low
as 150 K. Optimized garnet-type LLZO will
then exhibit ionic conductivities of at least 1 mS
cm−1 at room temperature.

7Li NMR Spin-Lattice Relaxation Rates

To throw further light on the underlying Li+

diffusion mechanisms in Al-LLZO single crys-
tal, we recorded diffusion-induced 7Li NMR
spin-lattice relaxation rates (1/T1), see Fig 2a).
At low temperatures (T < 250 K), the 1/T1
rates recorded at ω0/2π = 116 MHz show
a non-diffusive, weaker-than-activated back-
ground (0.03 eV). All the magnetization tran-
sients, some of them are shown in Fig. 2b), fol-
low almost single exponential behavior. If we
use stretched exponential to approximate longi-
tudinal recovery, we found the stretching expo-
nents γ1 to take values very close to 1, see the
upper graph of Fig. 2a). Above 280 K rates 1/T1
pass into the so-called low-temperature flank
of the diffusion-induced rate peak 1/T1 (1/T)

that shows up at Tmax = 500 K. The activation
energy Ea,NMR1 of the low-T flank is 0.20(1) eV,
the same value is, as expected, found for 1/T1
measured at a higher Larmor frequency of
ω0/2π = 194 MHz. Most likely, Ea,NMR1 is
to a large extent influenced by local Li+ jump
processes in the garnet structure. Li+ ions
jump have access to a 3D network of diffusion
pathways generated by the 24d and 96h sites.

In the low-T regime characterized by ω0τc �
1, with τc being the motional correlation time,
the rate 1/T1 depend on frequency. For 3D un-
correlated motion the model of Bloembergen,
Purcell and Pound predicts 1/T1 ∝ ω

−β
0 with

β = 2. As ω0τc ≈ 1 is valid at the tempera-
ture, Tmax, at which the peak appears, the peak
shifts toward higher T the higher ω0 has been
chosen. As with our setup we are limited in
reaching temperatures above 500 K, we could
only detect the peak maximum at a frequency
of 116 MHz. According to ω0τc ≈ 1 we esti-
mate that the mean Li+ jump rate 1/τ, which
is within a factor of 2 expected to be equal to
1/τc, is in the order of 7.3 × 108 s−1.

Slower Li motional processes can be probed
if ω0 is drastically reduced. Typically, the so-
called spin-lock technique is applied to record
diffusion-induced spin-lattice relaxation rates
at frequencies in the kHz range. By using a
locking frequency of 33 kHz the absolute rates
increase and the peaks shift toward lower T.
This change can be clearly seen in Fig. 2a). If we
parameterize the spin-lock magnetization tran-
sients with a single stretched exponential we
recognize that the corresponding rates 1/T1ρ

seem to pass through two relaxation peaks. A
similar behavior has recently been observed for
polycrystalline Li6.5La3Zr1.75Mo0.25O12. The
peak at lower temperature, viz. that show-
ing up at 265 K, reveals an activation energy of
0.35 eV in the low-T regime. In contrast to R1,
relaxation in the presence of the much weaker
spin-lock field is sensitive to long-range ion
transport rather than to short-range motional
processes in LLZO. At Tmax = 265 K the asso-
ciated motional correlation jump rate can be
calculated according to ω1τc ≈ 0.5; here we
obtain 4.1 × 105 s−1.

6



Ion Dynamics in Al-Stabilized LLZO • August 2019 • under review

4

3

2

1

0

-1

87654321

1.0

0.6

0.2

854321

lo
g

(
s

)
1

0
1

,1
−

1
R

r
×

1000/ / KT
-1

g
1

g
r

g
1,r

194 MHz

116 MHz

33 kHz0
.3

8
(8

) 
e
V0
.3

8
(4

) 
e
V

0.20(1) eV
0.18(1) eV

R1r

R1

7Li

a) b)

1.0

0.8

0.6

0.4

0.2

0.0
1086420

waiting time / s

1000 / / KT
-1

M
(a

rb
. 
u
n
it
s
)

0.
30

(1
) 
eV

0
.3

5
(1

)
e
V

waiting time / s

1.0

0.8

0.6

0.4

0.2

0.0

233 K 413 KM
ρ

(r
e
l.
 a

m
p
lit

u
d
e
s
) single decay

step
two-step
decay

10-7 10-5 10-3 10-1 10-7 10-5 10-3 10-1

waiting time / s

213 K

453 K

( increases in steps of 20 K)T

Mρ, slow

Mρ, fast

slow ions

fast ions

c)

0.031(2) eV
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Interestingly, careful inspection of the spin-
lock transients shows that their shape can be
best described with a two-step decay behavior.
If we do so and use a sum of two stretched
exponential functions to parameterize Mρ, we
obtain the rates shown by crosses in Fig. 2a).
Obviously, the rates 1/T1ρ corresponding to the
slower spin-lock relaxation process, marked as
Mæ,slow in the two-step decay curve shown in
Fig. 2c), represent the high-temperature flank
of the rate peak located at T = 265 K. Its high-T
activation energy of 0.3 eV points to an almost
symmetric 1/T1ρ (1/T) rate peak. Symmetric
peaks, whose low-temperature flank is char-
acterized by a slope not smaller than that in

the high-T regime (ω1τc � 0.5), are expected
for uncorrelated Li ion diffusion. If we extrap-
olate these rates to higher temperatures we
see that they almost coincide with those of the
1/T1 (1/T) peak recorded at 116 MHz. Hence,
the 1/T1ρ (1/T) peak showing up at 265 K cor-
responds to the peak seen by the laboratory-
frame spin-lattice relaxation measurements.

The spin-lock peak seen at higher temper-
atures, viz. at T = 336 K, points to an acti-
vation energy of 0.38 eV. This value is similar
to that seen by T1ρ NMR at low temperatures.
The rates extracted from our analysis with two
stretched exponentials agree well with the rates
obtained if we simply use a single (stretched)
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Figure 3: a) Conductivity isotherms of single crystalline Al-stabilized Li7La3Zr2O12. Isotherms were con-
structed by plotting the real part σ′ of the complex conductivity versus frequency ν. Solid lines
show fits with Jonscher’s power law; p = 0.6 indicates 3D Li diffusion. At room temperature the
frequency independent conductivity plateau yields 8.3 × 10−5 S cm−1. b) Permittivity spectrum
of Al-stabilized Li7La3Zr2O12 recorded at 173 K. c) Electric modulus spectra; the characteristic
frequencies at the top of the peaks, if analyzed in terms of an Arrhenius diagram, reveal almost the
same temperature dependence as σDC, see Figure 5b).

exponential function. This agreement is be-
cause the amplitude of this fast relaxation pro-
cess, Mρ,fast, is larger than Mρ,slow (see Fig.2c))
and, thus, dominates the fitting results when
analyzing the transients this way. While Mρ,fast
is characterized by stretching exponents rang-
ing from 0.75 to 0.82; the exponents for Mρ,slow
range from 0.92 to 1. It is difficult to decide
whether Mρ,fast is to a certain extent already
influenced by transversal spin-spin relaxation.
Nevertheless, 7Li NMR spin-spin relaxation is
expected to be governed by the same activation
energy as spin-lock relaxation in the regime
ω1τc � 1. Again, the activation energy of
0.38 eV, as seen in the limit ω1τc � 1, reflects
long-range Li ion transport in Al-stabilized
Li7La3Zr2O12. This interpretation is supported
by the fact that conductivity measurements on
the same sample reveal a very similar value.

Conductivity measurements

In Fig.3a) conductivity spectra σ′(ν) of Al-

stabilized LLZO are shown. While electrode
polarization dominates the electrical response
at low temperatures and low frequencies, well-
defined frequency independent plateaus show
up at higher frequencies. From these plateaus,
which are marked by arrows, we read off
direct current ionic conductivities σDC (see
Figure4b)). Permittivity spectra (see Figure 3b))
and Nyquist plots (Figure 4a)) reveal that σDC
refers to capacitance values that are charac-
teristic for bulk electrical relaxation processes.
ε′(ν → 0) shows values in the order of 100
as expected for bulk ion dynamics, see the
dashed line in Fig. 3b). The curvatures seen
at frequencies lower than the main dc plateau,
marked by a circle in Figure 3a), correspond to
permittivities in the order of 105. Thus, we do
not attribute this response to bulk properties.
As expected for such large permittivities (and
capacitances) the corresponding peak in elec-
tric modulus spectra is reduced by a factor of
104 compared to the main peaks shown in Fig-
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ure 3c). Most likely, a small poorly conducting
layer between the Au electrode and the LLZO
single crystal is responsible for this response.

The σDC plateaus pass into dispersive re-
gions that roughly follow Jonscher’s power
law. Solid lines in Fig. 3a) represent fits us-
ing σ′(ν) ∝ νp to approximate the frequency
dependence in these regimes. At 193 K we ob-
tained p = 0.6. Values ranging from 0.6 to 0.8
are typically expected for 3D motions of the
charge carriers. In general, dispersive regions
are indicative for non-independent hopping of
the ions; furthermore, they point to time-scale
dependent dynamic parameters. Here, at least
at low temperatures, the ions are subjected to
correlated motions involving the partly occu-
pied 24d sites (occupation factor of approxi-
mately 0.58, see SI, Table S2 (EK_Al3)) and the
96h sites (occupation factor of ca. 0.34, see
also SI, Table S2) in LLZO. It is likely that they
sense a heterogeneous potential energy land-
scape and are exposed to forward-backward
jump processes. Thus, depending on the time
scale the method used to study ion dynamics
is sensitive to, different results for activation
energies and jump rates are expected. From
this point of view it is possible to understand
why also R1 and R1ρ, recorded either at fre-
quencies in the MHz or kHz range, deliver
quite different activation energies (0.2 eV (R1)
vs. 0.38 eV (R1ρ)). Dispersive regions in σ′(ν)
result in (slightly) depressed semi-circles when
impedance data are presented in a complex
plane plot. In Figure 4a) the imaginary part,
−Z′′, of the complex impedance is plotted
against its real part Z′. At the apex frequencies
ωa = 1/(RC) we estimate that the capacitance
associated with the electrical response is given
by C = 7.5 pF, R denotes the resistance that can
be determined from the intercept with the Z′

axis. Values in the pF range show that any con-
tributions from gain boundary regions, which
would be characterized by capacitances larger
than 100 pF, are absent, as expected for a single
crystal. Solid lines in Figure 4a) represent fits
using an equivalent circuit consisting of the
resistance R connected in parallel to a constant
phase element (CPE). The shape of the curves

in the Nyquist plots does not vary much with
temperature. Thus, in the range of low temper-
atures no change in ionic transport process is
seen by impedance spectroscopy.

At room temperature, the ionic conductiv-
ity is slightly lower than 10−4 S cm−1 (σDC =
8.3 × 10−5 S cm−1). Compared to values re-
ported in the literature for Al-LLZO, this value
is lower because the amount of Al3+ in our
single crystal corresponds to only 0.15 mol per
formula unit (pfu), as determined by ICP-MS.
The optimal Al content to reach conductivities
up to 10−3 S cm−1 should be between 0.2 and
0.3 Al3+ pfu.

In Fig. 5b) the temperature dependence
of σDCT is shown. The activation energy of
Ea,DC = 0.36(6) eV is very similar to that seen
by spin-lock (R1ρ) NMR (0.35 to 0.38 eV, see
above) showing that 7Li NMR spin-lattice re-
laxation if carried out in the rotating-frame of
reference is able to probe long-range ion trans-
port. Both, σDC and (R1ρ take advantage of
a frequency window with values in the kHz
region to sense the electrical and magnetic fluc-
tuations associated with ionic transport. A
very similar activation energy is also obtained
if we analyze the temperature dependence of
the characteristic relaxation frequencies from
the electric modulus peaks of Fig. 3b). In the
upper graph of Fig. 4 the change of the rate
ωmax (= 2πνmax) with increasing temperature
is shown in an Arrhenius diagram. The fact
that Ea,DC is a bit higher than Ea,M points to a
temperature dependent charge carrier concen-
tration N. Obviously, N slightly increases with
increasing temperature.

Comparison of Jump Rates from NMR and with
Results from Conductivity Spectroscopy

To further compare our results from conduc-
tivity measurements with those from NMR re-
laxometry we converted σDC into Li+ jump
rates using the Nernst-Einstein equation which
connects σDC with the solid-state diffusion co-
efficient Dσ.

Dσ =
σDC · kBT

q2N
(3)
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where q denotes the charge of the ions and N
the number density of the charge carriers. Dσ

is related to the macroscopic tracer diffusion
coefficient via Dσ = (1/HR) Dt. Dt itself is
linked to the self-diffusion coefficient D, which
is available by NMR, according to Dt = f D.
HR as well as f represent the Haven ratio and
the correlation factor, respectively. With D =
DNMR = a2/(6τ), where a denotes the jump
distance, we obtain

τ−1 = (HR/ f )
6kBT
q2Na2 σDC (4)

1/τ rates from either σDC or NMR have been
plotted vs. the inverse temperature in Fig. 5b).
If we first consider the jump rates only deduced
from the maxima of the two relaxation rate
peaks associated to each other, their position
in Fig. 5b) suggests an activation energy com-
parable to that seen by σDCT (0.36 eV). Results
from molecular dynamics simulations, suggest-
ing concerted ion movements, agree with this
value [41, 42].

The rates 1/τσ were calculated by assuming
two different jump distances. If we use the
24d-96h distance of 1.67 Å the rates 1/τσ, if
referenced to 1/τNMR(T1) are larger by a fac-
tor of HR/ f = 0.44 (≈ 0.5) pointing to corre-
lated ionic motion. Agreement between 1/τσ

and 1/τNMR(T1) is achieved if a is increased
from 1.67 Å to 2.5 Å. The latter distance serves a
good approximation to also include jumps per-
forming 24d− [96h]− 24d hopping processes
and/or jumps between two 96h sites bypass-
ing the 24d site (see below and Figure 5a) and
Figure 6a)).

We also notice that 1/τNMR(T1ρ) takes
a value that is lower than expected by
1/τNMR(T1) and 1/τσ. This small difference
can be explained by the influence of local mag-
netic fields that need to be taken into account
when estimating 1/τNMR via ω1τNMR = 0.5 at
the maximum of the 1/T1ρ(1/T) peak. Replac-
ing ω1 by an effective frequency ωeff = 2ω1 in-
creases 1/τNMR(T1ρ) such that 1/τNMR agrees

10
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with 1/τσ if calculated using a = 2.5 Å.

Diffusion Pathways and Assignment of Activation
Energies

Coming back to the activation energies seen
by NMR spin-lattice relaxation measurements,
which range from 0.18 eV to 0.38 eV, and con-
sidering possible Li+ diffusion pathways also
discussed in the literature, we suggest the fol-
lowing assignment to Li+ jump processes. In
LLZO, the Li+ ions are distributed over the
24d and 96h sites. The latter is a so-called split-
atom site; only one of the neighboring 96h sites
is occupied by one Li+ ion because of strong
repulsive interactions. Li+ moving in the 96h–
96h (= [96h]) cage (see Figure 5a) and 6a)) is pre-
sumably characterized by activation energies
lower than 0.1 eV. Such localized motional pro-
cesses might influence the 1/T1 rates governing
spin-lattice relaxation at temperatures below
250 K, as suggested before. The 1/T1 flank seen
above 250 K is, however, assumed to reflect the
hopping barrier connecting the sites 96h and
24d (Figure 5a) and 6a)). The corresponding
activation energy (0.18 eV to 0.20 eV, 0.37 wt.-%
Al3+) is in good agreement with calculated val-
ues that have been presented in literature for
Al-LLZO [43]or related structures [44]. If we
compare activation energies extracted from the
low-T flank of the 1/T1(1/T) NMR spin-lattice
relaxation peaks of Al-LLZO powder samples
with varying Al content, we see that lower ac-
tivation energies (0.12 eV (0.9 wt.-% Al3+) [17];
0.13 eV (0.5 wt.-% Al3+) [21]) are obtained for
samples with higher amounts of Al3+ ions.
Hence, Al3+ incorporation does not only stabi-
lize the cubic crystal structure, it also seems to
influence the mean activation energy of the ele-
mentary, local 24d-96h forward-backward jump
process. However, this conclusion has to be
taken with great care as powder samples pre-
pared by sintering in many cases suffer from
chemical inhomogeneity. As has been shown
recently for powdered samples, Al3+ tends to
heterogeneously distribute over the crystallites
[26]. Such heterogeneous distribution has even
been found inside the µm-sized grains. Here,
for the dense single crystal investigated a ho-

mogenous distribution is present.
The activation energy seen by 1/T1ρ mea-

surements in the limit ω1τc = 1 (0.3 eV) is ex-
pected to be governed by long-range transport
processes, thus taking into account 24d-[96h]-
24d hopping processes (Figure 5a)). The activa-
tion energy of 0.3 eV agrees with those calcu-
lated for this type of pathway [45].

Even higher values ranging from 0.35 to
0.38 eV, which perfectly agree with Ea,DC, are
anticipated to reflect further exchange pro-
cesses. Although still under debate, direct Li+

jumps between two [96h] voids (a = 0.234 Å),
using a curved pathway, might contribute to
the overall ion transport in Al-LLZO, too [43].
As has been shown recently by García Daza et
al. [46] using molecular dynamic simulations,
Li+ diffusivity in the direct neighborhood of
Al3+ (see Figure 6a)) is decreased compared
to the regions farther afield. They showed that
vacancies generated by trivalent doping remain
in the direct vicinity of Al3+ without any effect
in enhancing the Li+ diffusivity of the adja-
cent Li+ ions. We also suppose that the second
1/T1ρ NMR peak yielding an activation energy
of 0.38 eV reflects less mobile Li+ ions that are
indeed influenced by the blocking effect of the
Al3+ ions. As Al3+ is almost immobile with
respect to the rapidly diffusing Li+ ions, the
pathway 24d− [96h]− Al3+(24d)− [96h]− 24d
in its direct vicinity is blocked [47]. This block-
ing effect might force the ions to bypass the 24d
position, thus directly jumping between two
[96h] voids – possibly these jumps occur in the
outer spheres of the regions blocked by Al3+.

Single Crystals versus Powder Samples

Finally, we compare 7Li NMR 1/T1ρ data from
powder samples with that obtained in this
study, see Figure 6b). It has been a mys-
tery why the response in powders samples
prepared by solid-state reaction always lead
to an extremely broad 1/T1ρ “peak” [17, 21].
Most likely, chemical inhomogeneity concern-
ing Al3+ distribution, as mentioned above,
leads to a superposition of several 1/T1ρ(1/T)
peaks hindering the very accurate determi-
nation of activation energies. For the single
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crystal studied here, this distribution is much
smaller leading to sharp diffusion-induced 7Li
NMR rate peaks.

Interestingly, heterogeneous Al3+ distribu-
tion is only reflected in long-range ion dynam-
ics, to which T1ρ NMR is sensitive. The shape
of the 1/T1(1/T) rate peaks, on the other hand,
seem to be less influenced by the overall distri-
bution of the trivalent cations.

IV. Conclusion

Ion dynamics in Al-stabilized Czochralski-
grown single crystals of the composition
Li6.46Al0.15La3Zr1.95O11.86 was studied by both
7Li NMR relaxometry, including line shape
measurements, and broadband conductivity
spectroscopy. As compared to powder sam-
ples, which are usually prepared by solid-state

reaction and, thus, may suffer from chemical
inhomogeneities, we benefit here from a highly
dense sample whose Al3+ distribution is as-
sumed to be homogeneous. While conductivity
spectroscopy probes long-range ion transport
that is governed by an overall activation en-
ergy of 0.36 eV, 7Li NMR spin-lattice relaxation
measurements provided details about activa-
tion energies (0.18 eV – 0.38 eV) that describe
both local barriers of the elementary jump pro-
cesses and diffusion on a larger length scale. In
particular, Li+ exchange between the vacancy-
rich crystallographic sites 24d and 96h turned
out to be characterized by relatively low acti-
vation energies ranging from 0.18 eV to 0.20 eV.
From an experimental point of view, we can-
not exclude that also direct jumps between two
neighboring 96h-96h′ voids bypassing the tetra-
hedral 24d sites do also participate in overall
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ion dynamics.
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Abstract

High Li-ion conductivities in combination with high electrochemical stability are the prerequisites
for solid electrolytes needed to enable future solid-state batteries with high power density and
energy density. Among known solid electrolytes, Li7La3Zr2O12 (LLZO) belongs to the most
promising candidates fulfilling these requirements. Despite of all the research performed on this
class of materials, in particular questions about the fundamental Li-ion transport properties remain
unanswered. Therefore, we employ 7Li nuclear magnetic resonance (NMR) spin-lattice relaxation
and conductivity spectroscopy of Czochralski grown single crystals of acentric cubic structured
Ga-stabilized LLZO to shed light on diffusion processes over a broad time frame. Long-ranged ion
dynamics exhibit an overall conductivity of 1.1 mS cm−1 at 293 K with an activation energy of
0.3 eV. Diffusion processes on shorter ranges, as sensed by the spin-lock NMR technique, can be
divided into 2 Li+ hopping pathways. These two processes can be assigned to Li+ motion between
distinct sites by using computer assisted simulations. One of these motional processes is activated
at much lower temperatures than the other one, viz., 203 K opposed to 243 K. At even smaller
time frames, as sensed by spin-lattice relaxation NMR, an energy barrier of 0.13 eV characterizes
local forward-backward Li+ jumps between 12a and 48e sites of the lattice. To fully elucidate Li
dynamics in the highly conductive acentric garnet modification, identification of the individual
hopping processes is of utmost importance.

Keywords: LLZO, single crystal, Ga-substituted, NMR, dynamics

I. Introduction

Mobility and transportation play vital
roles in our modern economy [1, 2].
Electric mobility taps new markets

all over the globe and throughout all classes
of society [3–5]. Latest reports on incidents

with electrochemical energy storage devices,
especially such comprising flammable liquid
electrolytes, call manufacturers to action [6–
8]. All-solid-state batteries (ASSBs) emerge
as highly potent candidates to resolve this is-
sue [9, 10]. Centerpiece of such ASSBs is the
solid-state electrolyte that connects the batter-
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ies electrodes via ion diffusion. A variety of
solid electrolyte materials, including sulfides,
oxides and polymer based systems, entered
the spotlight in the last decade [11–13]. To be
considered suitable replacements, such elec-
trolytes must exhibit wide electrochemical sta-
bility windows, good stability at ambient con-
ditions and reasonably high ionic conductiv-
ity [14, 15]. A promising candidate for com-
mercialization is garnet-type Li7La3Zr2O12 [16].
The three common polymorphs of LLZO gar-
nets were established so far, viz., the tetragonal
structure (I41/acd), the cubic phase with cen-
tric space group (Ia3̄d) and the acentric cubic
polymorph (I4̄3d), are illustrated in Figure 1
[17–19]. However, the high conductivity re-
quirements for solid-electrolyte application are
only met by the cubic polymorphs that exhibit
room-temperature (RT) conductivities of more
than 2 magnitudes higher (σtotal > 10−4) than
their tetragonal analogs (σtotal > 10−6) [16].
Luckily, stabilization of said cubic phases at RT
is accomplished by introducing small amounts
of supervalent cations to the structure. Initi-
ated by unintended incorporation of Al3+ from
alumina crucibles [20, 21], a multitude of other
cations surfaced that served the same purpose

[22–27]. Furthermore, said substitution with
supervalent cations entails formation of Li+

vacancies according to 3 Li+→M3+ + 2�Li or
Zr4+ + Li+→M5+ +�Li. The site preference
of the introduced stabilization cations is a con-
troversially discussed topic. Aside from initial
thoughts, recent reports show that the garnet-
type structure (Ia3̄d) also exists in an acentric
cubic modification (I4̄3d, No. 220) [19]. This
novel polymorph, i.e., only formed by incorpo-
ration of Ga3+ or Fe3+ ions, comprises a reduc-
tion in symmetry that is most probably caused
by the site preference of the substituents [28].
The assumption that supervalent substituents
that reside on Li+ sites adversely affect the Li
diffusion by blocking lattice sites does not hold
for Ga3+ and Fe3+ stabilized LLZO garnets,
which exhibit the highest conductivities ever
reported for this class of materials. However,
the particular influence of substituents on the
ion dynamics in Li bearing garnets is yet un-
clear. The complexity to study these Li-ion
dynamics in ion conducting ceramics as a fun-
damental material property, rather than sample
specifics, is strongly related to chemical inho-
mogeneities within samples and is governed
by strong sample-to-sample variations [29, 30].

b

a

c I4 /1 acd I -3a d I-43d

Li

Zr

La
Al/Li Ga/Li

Figure 1: Crystal polymorphs of Li7La3Zr2O12, tetragonal I41/acd (left), centric cubic Ia3̄d (middle) and
acentric cubic I4̄3d (right). ZrO6 octahedra are depicted in light blue, whereas the LaO8 trigonal
dodecahedra are shown in dark blue. Lithium ions are illustrated as white spheres and occupy
several lattice sites in the particular structures. In Ia3̄d Li+ ions reside on 24d tetrahedral sites and
hop between 4-fold coordinated 96h and distorted 6-fold coordinated 48g sites. In the acentric
polymorph, those 24d sites are split into 12a and 12b positions that are connected by 6-fold
coordinated 48e, viz., an equivalent to 48g, sites. Foreign atom stabilization of the cubic polymorphs
with Al3+ on 24d sites in Ia3̄d and Ga3+ on 12a sites in I4̄3d is indicated by open circles.
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These inhomogeneities, that also occur among
the particles of polycrystalline samples, entail
difficulties in accurate description of the under-
lying structural and dynamic properties.

Therefore, this work is dedicated to disclo-
sure of bulk ion dynamics of Ga-stabilized
LLZO single crystals grown by Czochralski
method. We sense long-range ionic motion
with the help of alternate current (AC) con-
ductivity spectroscopy. To resolve ion hopping
in smaller time frames, 7Li nuclear magnetic
resonance (NMR) is employed. Temperature
variable spin-lattice relaxation measurements
are carried out in both, the laboratory and the
rotating frame of reference to enhance compa-
rability with AC conductivity data. In stark
contrast to ion dynamics in polycrystalline ma-
terials, experiments performed in the rotating
frame of reference sense 2 distinctive jump pro-
cesses in the single crystalline sample.

II. Methods

Synthesis

The widely known Czochralski method was
used to grow single crystalline Ga-substituted
LLZO directly from the melt. Li2CO3 (99 %
Merck), La2O3 (99.99 %, Aldrich), Ga2O3
(99.0 %, Aldrich) and ZrO2 (99.0 %, Aldrich)
were dried and subsequently used as reagents
for the synthesis. A stoichiometric mixture,
consisting of the aforementioned educts and
an excess of 10 wt% Li2CO3, was uniaxially
pressed into pellet form and annealed at 1123 K
for 4 h. The heating rate was set to 5 K per
minute. Afterwards, the sintered pellet was
melt in an inductively heated iridium cru-
cible that was combined with a 25-kW mi-
crowave generator. In inert nitrogen atmo-
sphere, the crystal was pulled from the melt
at constant rotation and speed, viz., 10 rpm
and 1.5 mm h−1, respectively. An iridium rod
served as crystallization seed. Inductively cou-
pled plasma mass spectrometry (ICP-MS) was
carried out to determine the exact chemical
composition of the crystal. Considering its
Ga3+ weight content of 1.67 % and normaliz-

ing the formula to 2 Zr4+ yields a composition
of Ga0.2Li6.54La2.92Zr2O11.95.

Sample Preparation

The colorless crystal was cut to smaller pieces
of approximately 3 mm× 4 mm× 2 mm, which
were then polished using a Struers LaboPOL-
25 device. SiC abrasive paper with a large
variety of grits, viz., 500, 800, 1200, 2400 and
4000, was employed to smoothen the surface
before polishing with 3 µm diamond suspen-
sion to yield a high shine finish. A Leica sput-
ter device was used to apply 100 nm thick gold
electrodes on top and bottom surfaces of one
crystal. To prepare another crystal for static
7Li NMR measurements, its dimensions were
reduced to approx. 1 mm× 1 mm× 4 mm to fit
the Duran NMR-tube. Leftover pieces of What-
man GF/B glass filters were used to center the
sample and shield it from overheating during
the fire sealing process.

AC Conductivity

Conductivity measurements were performed
using a Novocontrol Concept 80 broadband an-
alyzer. The device was connected to a BDS 1200
cell that sported an active ZGS cell interface
for precise tuning of the measurement envi-
ronment. Temperature-variable measurements
were carried out with the help of a QUATRO
cryosystem that evaporates liquid nitrogen in
a dewar vessel. At specified pressures, the
gaseous nitrogen flows through the measuring
cell and enables precise control of the temper-
ature with deviations lower than ± 0.1 K. This
setup is used to record data at frequencies rang-
ing from 100 mHz to 10 MHz at temperatures
between 173 K and 453 K.

7Li Nuclear magnetic resonance

An Avance III spectrometer, in combination
with an Ultrashield 300 MHz widebore magnet,
was used to acquire 7Li spin-lattice relaxation
data. At a nominal field of 7 T, the Larmor
frequency (ω0/2π) of the 7Li nucleus equals
116 MHz. A ceramic probe head is employed to
perform temperature-variable measurements
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ranging from 183 K to 573 K. Temperatures
were set by a Eurotherm temperature controller
and measured by a Cu-CuNi thermocouple in
close proximity to the sample. At a power out-
put of 200 W, π/2 pulse lengths varied between
2.02 and 2.23 µs. Measurements between 116 K
and 183 K were performed with a cryo probe
head that makes use of freshly evaporated liq-
uid N2 to reach cryogenic temperatures. The
latter is controlled by a Lakeshore Model 311
that is equipped with two Cernox resistance
sensors to keep track of the temperature at
the cryostat and close to the sample. The use
of this probe head enables measurements at
an output power of 80 W and corresponding
π/2 pulse lengths between 4.28 and 4.65 µs.
7Li spin-lattice relaxation rates (R1) in the lab-
oratory frame of reference were acquired by
employing the renowned saturation recovery
pulse sequence, 10 × π/2− td−π/2− acquisi-
tion (acq.) [31]. Multiple initial π/2 pulses are
applied in a fast destructive manner to observe
the relaxation of Mz as a function of delay time
(td) and free from remaining longitudinal mag-
netization. Spin-lock NMR experiments were
carried out with the help of a pulse sequence in-
troduced by Ailion and Slichter [32–34]. Here,
a spin-lock pulse p(tlock)) is employed directly
after a π/2 pulse to lock the magnetization
(Mρ) in the (x, y)′-plane. The decay of said
magnetization in the locking field B1, in our
case γB1 = ω1 = 207 kHz, follows the duration
of the locking pulse in functional dependency
and is usually induced by slow Li ion motion.
The acquired data shed light on correlation
rates and energy barriers of aforementioned
ionic motions.

III. Results & Discussion

7Li line shape measurements and motional
narrowing

Prior to spin-lattice relaxation measurements,
temperature variable static 7Li NMR line spec-
tra of Ga-stabilized LLZO, as shown in Fig. 2,
provide initial insight into ion dynamics. These
lines are, as a consequence of 7Li being a 3/2

spin nucleus with a rather small quadrupole
moment, expected to consist of a central tran-
sition and two quadrupolar satellite signals.
In our case, however, only collapsed lines can
be observed; a clear indication for cubic sym-
metry surrounding the Li nucleus. Other-
wise, disturbance of the Zeeman energy lev-
els would lead to the expected line splitting.
An attempt to employ a solid echo pulse se-
quence (π/2 − td − π/2 − td − π/2 − acq.),
usually applied to overcome receiver dead
times and resolve satellite signals, results in
similar line spectra. However, at temperatures
below RT electrically inequivalent Li ions re-
spond to non-vanishing electric field gradients
(EFGs), which results in broadening of the
central transition. At much lower tempera-
tures, viz., below 203 K, a wide distribution
of satellite transitions takes part in generat-
ing a very broad central signal. Many ma-
terials enter the rigid lattice regime at suffi-
ciently low T, i.e., total immobilization of the
Li ions in the material, as seen by NMR. Figure
1a shows that monocrystalline Ga stabilized
LLZO leaves the rigid lattice regime, exhibit-
ing a line width of ∆νRL ≈ 9 kHz, at approx-
imately 110 K. This material specific tempera-
ture is often referred to as the onset tempera-
ture. It represents a fast and qualitative method
to compare ion mobility in various materials.
To make use of this feature, the graph also il-
lustrates motional narrowing of other garnet
single crystals, viz., Li6La3ZrTaO12 (LLZTO)
and Li6.46Al0.15La3Zr1.95O11.86 (Al-LLZO), that
both exhibit an onset temperature of 163 K at
a ∆νRL of 8.7 kHz. Additionally, motional nar-
rowing of its unsubstituted tetragonal ancestor
Li7La3Zr2O12 is represented in light grey dot-
ted lines and reveals an onset temperature of
280 K at similar ∆νRL. Li ions start hopping
between magnetically equivalent and inequiva-
lent sites and line narrowing sets in. After its
slow start, motional narrowing picks up speed
and reaches the inflection point. At this point,
the mean Li+ jump rate, τ−1, can be calculated
according to the relation τ−1 = ∆νRL × 2π.
Hence, τ−1 yields 5.7 × 104 jumps per second
at T = 195 K at a frequency ∆νRL of 9 kHz. As
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Figure 2: a) 7Li NMR line measurements carried out at Larmor frequency of 116 MHz. a) illustrates motional
narrowing behavior of monocrystalline Ga-substituted LLZO (solid blue), Li6La3ZrTaO12 (LLZTO,
dashed black), Al-LLZO (solid grey) and polycrystalline tetragonal LLZO (dotted grey) samples. b)
depicts line narrowing of a Ga-substituted LLZO single crystal. Aqua colored background indicates
cryogenic temperatures.

a consequence of comparable line widths in
the rigid lattice regime, calculations of the dif-
ferent materials yield almost similar Li+ jump
rates. The corresponding temperatures of the
inflection points, however, reveal tremendous
differences in Li diffusivity. Slowest movement
of Li ions can be observed in tetragonal LLZO,
which exhibits τ−1 = 5.5 × 104 s−1 at 280 K.
The temperature dependence of the inflection
points ranks Ga-LLZO > LLZTO > Al-LLZO
> tetragonal LLZO in terms of Li+ diffusivity
from fast to slow. Previous studies report con-
ductivity differences of 2 orders of magnitude
between tetragonal and cubic LLZO symme-
tries, which will be discussed in more detail
later on [35]. At sufficiently high T the line
width is mainly governed by inhomogeneities
of the external magnetic field. In this, so-called,
regime of extreme narrowing further increase
in temperature does not affect the line width
and Li jump rates almost equal quadrupolar
splitting frequencies. The latter results in van-

ishing of the EFG contributions to the line
shape. Fully developed motional narrowing
curves enable simulation of the motional nar-
rowing curve using different approaches [36,
37]. The obtained datasets are best described
by the Abragam relationship:

∆ν(T)=

√√√√√∆ν2
RL

2
π arctan

[
ς∆ν(T)τMN

0 exp

(
Ea,A
kBT

)]−1

+∆ν2
inf

Here, ς is considered a fitting parameter, kB is
an acronym for the Boltzmann constant and
τMN

0 denotes the pre-exponential factor of the
corresponding correlation time. Conducting
a fit according to this relationship yields
an activation energy Ea,A of 0.13 eV, a value
almost identical to the one obtained from
spin-lattice relaxation rates (R1). Compared to
the other members of the LLZO family, Ea,A
can be ranked in an ascending order Ga-LLZO
> Al-LLZO > LLZTO > tetragonal LLZO.
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7Li spin-lattice relaxation

To better understand Li+ diffusion mecha-
nisms indicated by previously presented data,
diffusion-induced 7Li NMR spin-lattice relax-
ation rates (R1) were recorded over a wide tem-
perature range at ω0/2π = 116 MHz. Magneti-
zation transients (Mz) acquired during these ex-
periments can be well described by exponential
functions. To obtain better results, stretched ex-
ponential functions were employed and yield
stretching factors (γ) between 0.94 and 1. Char-
acteristic relaxation times τ can be extracted
from the transients and inverted to attain the
rates plotted in Fig. 3a. These rates follow un-
correlated 3D motion that is best described
by a model established by Bloembergen, Pur-

cell and Pound (BPP) in 1948. For such three-
dimensional diffusion processes, the model pre-
dicts β-values close to 2 and obeys the rela-
tionship R1 ∝ ω

−β
0 . The frequency ω0, which

can be directly derived from the Larmor fre-
quency, is connected to the mean correlation
rate 1/τc in direct proportionality (ω0τc ≈ 1).
Equality of the mean correlation rate and the
mean Li+ jump rate, 1/τ, within a factor of
2, enables calculation of the latter. This rela-
tion only applies at the maximum of the rate
peak, therefore, ion jump rates can only be
derived at a certain temperature. Here, the
calculation yields a rate in the order of 7.3 ×
108 s−1 at 493 K. At the low-T flank of said rate
peak, a regime where ω0τc � 1 applies, an

g
1

r

5

4

3

2

1

0

987654321

1.0

0.5

0.0

−1

−2

g
r

R1r

7
Li

116 Mhz
cryo

116
MHz

R1

lo
g

(
s

)
1

0
1

,1
−

1
R

r
/

1000 / / KT
-1

2003301000 1 04 110T / K

413 K

223 K

two diffusion pathways

single diffusion pathway

M
r,fast

M
r,slow

1.0

0.8

0.6

0.4

0.2

0.0

10
−4

10
−3

10
−2

10
−1

10
0

waiting time / s

1.0

0.8

0.6

0.4

0.2

0.0

M
ρ

(r
e
la

ti
v
e
 a

m
p
lit

u
d
e
)

M
ρ

(re
la

tiv
e
 a

m
p
litu

d
e
)

0.07 eV
inversion recovery

0.13(6) eV

a) b)

0.
19

(2
) e

V

0
.5

1
(8

)
e
V

0
.5

3
(3

) e
V

Figure 3: 7Li NMR spin-lattice relaxation measurements carried out in the laboratory (R1) and rotating frame
of reference (R1ρ) at 116 MHz and 33.3 kHz, respectively. a) plots obtained rates against inverse
temperature. Black crosses indicate double exponential fitting curves, whereas blue and white
circles are derived from single exponential curves. The BPP model is employed for both techniques.
Aqua background denotes measurements in a cryogenic regime. b) depicts magnetization decay
(Mρ) in the rotating frame of reference. Data in the upper part is best described by single exponential
decay, whereas the lower part needs an additional exponential function to be fitted sufficiently.
Mρ,fast and Mρ,slowindicate two simultaneously happening diffusion processes.

6



Ga-Substituted LLZO Dynamics • August 2019 • Manuscript No. 1

activation energy Ea,NMR of 0.13(6) eV of the
underlying ion jump process can be derived.
This energy barrier mainly describes local Li
ion hopping between neighboring energetically
inequivalent lattice sites. At much lower tem-
peratures, the model reveals another ion hop-
ping process that can be assigned to very fast
motion between almost identical lattice sites.
Its activation energy is, therefore, negligibly
low exhibiting a barrier of only 0.07 eV. Energy
barriers in this order of magnitude usually ori-
gin from weaker than activated backgrounds,
in this case, au contraire, a local maximum at
around 170 K can be detected. Inversion re-
covery experiments confirm rates acquired by
saturation recovery pulse sequence. Obtained
data are almost identical to R1 rates and exhibit
similar activation energy, both facts suggest ob-
servation of the same Li hopping process. At
significantly lower frequencies, viz., in the kHz
range, slower Li dynamics are sensed by the
so-called spin-lock technique. Here, a locking
frequency of ω1/2π = 33.3 kHz is employed to
resolve diffusion processes at comparatively
low temperatures. The obtained transients, as
seen in Fig.3b, are best described by stretched
single exponential functions up to a tempera-
ture of 263 K. Exceeding this limit reveals an
additional slow Li diffusion process that is in-
dicated by an arrow and the letters Mρ,slow in
the lower plot of Fig.3b. These transients ex-
hibit a decay behavior similar to a blend of 2
stretched exponential functions. Regarding the
amplitudes of the decay processes separately,
a much larger amplitude can be obtained for
Mρ,slow. Stretching factors for Mρ,fast range
from 0.94 to 1, while values for Mρ,slow fluc-
tuate between 0.81 and 1. When executing
calculations within these boundaries, we ob-
tain the R1ρ rates plotted in Fig. 3a. Double
exponentially processed data is indicated by
black crosses, single exponential analogues are
drawn as blue circles and white circles, respec-
tively. These rates consist of 2 ion diffusion
processes whose contributions can be perfectly
separated from each other by applying the BPP
model. A narrow symmetric peak, which ex-
hibits a maximum at Tmax = 203 K, catches the

eye. According to ω1τc ≈ 0.5, a Li jump rate
of 4.2 × 105 s−1 can be determined at Tmax. Re-
garding the activation energies at the low-T
flank Ea,low = 0.53(3) eV and its high-T flank
opponent Ea,high = 0.51(8) eV, points towards
a very fast uncorrelated Li diffusion process
in the material. At higher T another diffusion
process, with Tmax = 243 K, becomes apparent.
In stark contrast to its predecessor, this peak
appears to be much broader. Calculating an ac-
tivation energy of 0.19(2) eV at its high-T flank
verifies this initial thought. A closer look at
the BPP models used to describe the rates in
the rotating frame of reference (R1ρ) as well
as the laboratory frame of reference (R1) re-
veals convergence of both curves at very high
temperatures. This leads to the assumption
that the peak at Tmax = 243 K, sensed by the
spin-lock technique, corresponds to the same
diffusion process as the peak obtained in the
laboratory frame of reference at 493 K. Spin-
lattice relaxation measurements confirm line
shape results that already pointed towards a
very fast solid ion conducting material.

Conductivity measurements

Figure 4a illustrates conductivity isotherms
acquired from monocrystalline Ga-stabilized
LLZO in a frequency range of 0.01 Hz to
107 Hz. Frequency independent plateaus that
shift towards higher frequencies can be de-
tected. Their visibility turns out to be best
between 173 K and 333 K. These plateaus en-
able determination of direct current ionic con-
ductivity σDC, viz., 1.1× 10−3 S cm−1 at 293 K.
After passing the plateau region, towards low-
T, isotherms enter a dispersive region that can
be well described by the Jonscher power law
[38, 39]. According to the relation between
plateau and dispersive region, this model de-
scribes the dimensionality of the ionic diffu-
sion by the parameter p. Typical values for
3D motion, as introduced earlier by the BPP
model, range between 0.6 and 0.8. Fitting of
2 isotherms with said model, depicted as red
lines in Fig. 4a, both yield p-values of 0.64 for
173 K and 193 K, respectively. Dispersive re-
gions of these isotherms indicate correlated
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Figure 4: AC conductivity measurements of Ga-stabilized LLZO at oscillating potential Vrms = 100 mV. a)
shows conductivity isotherms at temperatures from 173 K to 473 K. An overall conductivity of
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ion hopping and time-scale dependent ion dy-
namics. Regarding differences in energy bar-
riers sensed by NMR and conductivity mea-
surements, observation of ionic motion signif-
icantly depends on the time frame. Nonethe-
less, compared to previously published data on
Al-stabilized LLZO, we obtain weaker disper-
sive regions at much lower temperatures. At
temperatures below 233 K, Li ions most likably
sense a heterogeneous potential landscape and
undergo forward-backward jump processes.
These ionic motions, as detected by conduc-
tivity measurements, purely consist of bulk ion
dynamics, which is confirmed by the permit-
tivity isotherm at 173 K in Figure 4b. Here, ε′

values around 50, at frequencies approaching 0,
clearly point towards bulk ion dynamics. Nor-
malized data of the electric modulus is plotted
in the upper graph of Fig. 4b. In perfect agree-
ment with NMR rates, the acquired modulus
data verify two diffusion processes that merge
with increasing temperature. The second pro-
cess, which is shifted to higher frequencies, is

indicated by dashed circles.
Capacitances calculated from the complex

plane plot at 193 K, seen in Fig. 5a, corrobo-
rate absence of grain boundary contributions
and are highly feasible for single crystalline
materials. These graphs plot the real part of
the impedance (Z′) against its imaginary an-
tagonist (−Z′′). Dispersive regions, as seen
in Fig. 4a, tend to compress the shape of the
obtained semi-circles. To gather more infor-
mation and enhance visibility of these semi-
circles, data are fitted using an equivalent cir-
cuit that features a resistance (R) shunt in par-
allel to a constant phase element (CPE) and
depicted in solid orange lines. At its apex,
for which ωapex = 1/RC holds, the correspond-
ing frequency is indirectly proportional to re-
sistance R and capacitance C. An R value of
621 kΩ is determined at its intercept with the
abscissa. The capacitance values were calcu-
lated using the relation C = (R1−nCPE)1/n,in
which n is the fitting value that indicates the
deviation from an ideal behavior. This yields
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a capacitance of 3 pF, which is typical for a
bulk process and similar with the value pub-
lished for its single crystalline Al3+-stabilized
analog (single-crystalline(sc) Al-LLZO; see in-
set Fig. 5a). Compared to monocrystalline
Al-LLZO, the obtained conductivities for Ga-
stabilized LLZO single crystals differ by more
than one order of magnitude and, therefore,
indicate superiority of the present sample over
its Al-substituted analog.

Figure 5b plots σDC and ωmax (= 2π × νmax)
against the inverse temperature. A linear fit
is executed on both datasets in order to cal-
culate the activation energy from their slopes.
Results indicate similar activation energy for
Ea,DC= 0.30(4) eV and Ea,M= 0.30(3) eV. Com-
pared sc Al-LLZO (dashed lines), which ex-
hibits a difference in activation energy between
σDC and ωmax, the charge carrier density (N)

in monocrystalline Ga-bearing LLZO does not
vary with temperature. Apart from this fact,
obtained Ea,DCvalues largely differ from Ea,high
acquired at the high-T flank of spin-lock NMR
rates. We assume this difference to origin from
long-ranged diffusion processes that conduc-
tivity measurements are sensitive to. Here,
Ea,high is calculated for one diffusion process
that is sensed almost independently from the
other one, whereas Ea,DC can only give an
overview of both diffusion processes in coexis-
tence. Aqua colored dots in the modulus part
of the graph are obtained from the second pro-
cess in the modulus spectra. These processes
are marked with dotted circles in Fig. 4b, and
their maxima are transferred to this graph to
enhance comparability. The employed linear fit,
which yields an activation energy of 0.12(6) eV,
is extrapolated to high temperatures. At 493 K
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the line approaches the value of the Li+ jump
rate transferred from the R1 maximum sensed
by NMR. We consider this vital evidence for
observation of the same local Li motion using
two different techniques.

Influence of substituents on ion dynamics

Figure 6a represents a comparison of spin-lock
relaxation rates obtained from 3 different single
crystals. Regarding the shape of the rate peaks,
potential landscapes for Li motion do not dif-
fer significantly in all three samples. Address-
ing the role of the substituent, substitution on
the garnet Li-ion sublattice yields higher Li+

mobility, compared to the substitution of Zr4+

by supervalent cations. This can be seen at
first glance by the peak maxima shifts towards
lower temperatures. Rates acquired from a Ta-
substituted LLZO garnet peak at 288 K, which
is slightly higher than 270 K obtained for Al-
bearing garnet. A remarkable difference be-
tween those 2 materials is the significant reduc-
tion in activation energy at the high-T flank.

Here, Al-LLZO generates a vacancy-rich con-
duction path along its 24d and 96h lattice sites

and, thus, yields much lower activation en-
ergy. As shown in the previous chapters, Ga-
LLZO is capable of setting a new benchmark
and exhibits an activation energy of 0.19(2) eV
at its high-T flank. Such low activation en-
ergies for medium-ranged ion transport can
be achieved by formation of an acentric cubic
structure. In this material ion hopping between
12a− 48e− 12b sites leads to much faster ion
dynamics. This is not only indicated by low-
ered activation energy of Li diffusion, but also
by significant shift of rate maximum. Tmax of
the investigated sample can be located at 237 K,
notably, this sample exhibits 2 diffusion path-
ways that are both sensed by spin-lock NMR
in the kHz range. Similar findings are also
observed for the Al-substituted LLZO garnet.
Even though there is only one process shown
in Fig. 6a, contributions of another Li pathway
can be detected at higher temperatures. We
consider this evidence for blocking of diffusion
pathways by the dopant materials. Simulations
performed in the recent past corroborate this
theory [40].
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Figure 6b compares R1ρ rates obtained for
monocrystalline Ga-doped LLZO with others
acquired from a polycrystalline sample. Even
though the powder sample exhibits a local max-
imum towards lower temperatures, the overall
appearance of the rates is broadened through-
out the whole temperature range and shifted
to higher temperatures. Here, the local max-
imum can be assigned to the rate maximum
obtained for our sample. The broad hump ob-
served towards high T in the polycrystalline
sample can be explained by (I) superposition of
the slower hopping process inside the material
and (II) influence of grain boundaries on the
overall diffusion. Regarding the latter option
and taken into account that Ga will, at least
to some extent, block Li diffusion pathways, a
combination of both cases is theoretically fea-
sible. The difference in Ea at the high-T flank
confirms an enormous difference in diffusivity.

IV. Conclusion

To provide deeper understanding of the fun-
damental hopping processes in garnet-type
LLZO materials is considered the key to en-
able tailor-made garnet solid electrolytes. In-
homogeneities in polycrystalline samples ren-
der general statements on ion dynamics in
such samples a highly difficult task. Here,
we employed conductivity measurements and
7Li NMR spectroscopy to gather information
on diffusion properties of Czochralski-grown
Ga0.2Li6.54La2.92Zr2O11.95. This implies obser-
vation of bulk properties only and, therefore,
results in better resolution of the underlying
ionic motion processes. Long-ranged conduc-
tivity yields an overall activation energy of
0.3 eV and is in good agreement with data ac-
quired from the electric modulus. Additionally,
the latter also senses fast forward-backward
ion motions, activated when exceeding 0.12 eV,
that correspond to NMR rates in the labora-
tory frame of reference. Medium-ranged spin-
lattice relaxation measurements, on the other
hand, reveal 2 diffusion pathways in this single
crystalline material. The first one is activated
at temperatures as low as 203 K and senses a

high energy barrier of 0.51 eV in both, its high-
T and low-T, regimes. The second one requires
a much lower activation energy of 0.19 eV and
exhibits a local maximum at 243 K. To further
proceed with the assignment of these results to
diffusion pathways, simulations will be carried
out in the future.
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4.2. PHASE FORMATION IN CHEMICALLY SODIATED SPINEL-TYPE LI4TI5O12

4.2 Phase Formation in Chemically Sodiated

Spinel-Type Li4Ti5O12

Li-ion battery systems comprising spinel-type Li4Ti5O12 (LTO) anode materials

are nowadays well established and commercially available. Application of LTO

as high voltage anode ( ≈ 1.55 V vs. Li/Li+) results in enhanced durability of

non-aqueous liquid electrolyte systems. Furthermore, its negligible lattice

expansion during lithium insertion (lithiation) and de-lithiation extends the

battery lifetime to more than 10,000 cycles and, additionally, provides a stable

system that can handle high cycling rates. Literature provides deeper insights

into the lithiation process that is best described by the formation of a solid

solution intermediate from spinel Li4Ti5O12 to rock-salt Li7Ti5O12 structure.

In Na-ion systems, however, reports specified a three phase sodium insertion

(sodiation) process.

This manuscript provides better understanding of the phase formation

process in commercial spinel-type LTO samples from SüdChemie AG that

were chemically sodiated using 1 M biphenyl−1,2−dimethoxyethane. Specific

sodium insertion amounts, viz., given in mol Na per mol LTO and referred to as

x = 0.1, 0.5 and 1.5, enable accurate determination of changes in 7Li and 23Na
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CHAPTER 4. RESULTS

ion mobility that are resolved by spin-lattice relaxation NMR. Close observation

of 7Li dynamics reveal that Li mobility steadily increases until xNa = 0.5 and

subsequently decreases at higher sodiation ratios. The lack of evidence to

underpin a multi-phase process suggests the formation of a solid solution

that accommodates both Li and Na ions. In addition to this solid solution,

the partial formation of the Li4+xTi5O12 solid solution, i.e., also observed in

lithiated LTO, largely contributes to Li ion dynamics.
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Abstract

Spinel-type Li4Ti5O12 (LTO) is considered a promising anode material for sodium-ion battery ap-
plication. During discharge, the intercalation of Na ions intiates a complex three-phase mechanism
that leads to volume expansion. Starting from the surface of the material, Na occupies 16c sites.
Hence, Li ions, residing on 8a lattice sites, move towards inner regions to form Li4Ti5O12. We
performed solid-state 7Li and 23Na NMR to closely investigate diffusion properties of these nuclei.
Our results suggest the formation of a solid solution interphase between Na-rich and pristine LTO
phases. Compositional changes of this solid solution, initiated by the growth of a Na-rich phase,
have a significant impact on the overall Li diffusivity. High sodium insertion quantities result in
the formation of solid solutions with moderate Li mobility. The formation is accompanied by disap-
pearance of pristine LTO. To further elucidate this mechanism, 6Li magic angle spinning NMR was
employed. We were able to resolve the contribution of each crystallographic Li site to the overall Li
diffusivity. Li residing on 16c sites in Na-rich LTO increasingly contribute to the overall diffusivity,
whereas Li mobility between 8a and 16c sites slows down. Considering Na dynamics, 23Na spin-
lattice relaxation NMR senses two differently activated diffusion pathways at elevated temperatures.

Keywords: NMR, sodiation, LTO, solid solution, phase formation

I. Introduction

Rechargeable energy storage devices in-
crease their impact on our economy day
by day [1–3]. Lithium batteries offer a

large field of application that stretches from
miniature devices to electric transport [4–7].
Gradual exhaustion of lithium resources gives
motive to speculate on the replacement of this
charge carrier. A highly abundant, and there-
fore low-cost alternative would be sodium.
Since early research stages, lithium and sodium
storage devices were investigated in parallel
until the commercialization of the first lithium

ion battery by Sony in 1991 [8, 9]. Recent re-
ports state that sodium batteries become more
and more popular in the research community
[10, 11].

Most reports focus on cathode materials,
like NaxCoO2 or Na3V2(PO4)3/C, while very
little research aims at anode materials [12–
14]. Established anode materials like hard
carbon and Na2Ti3O7 suffer from low inser-
tion potentials and therefore raise the risk of
sodium plating at the electrode surface [15–17].
Well known from lithium battery application
and most famous for its zero-strain properties,
Li4Ti5O12 entered the spotlight as promising
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anode material several years ago [18–20].
Spinel-type LTO crystallizes in the Fd3̄m

space group, in which the lithium ions occupy
16d octahedral and 8a tetrahedral sites. Ac-
cording to the Wyckoff notation, the general
formula is given as [Li]8a[Li1/3Ti5/3]16d[O4]32e
locating lithium atoms at 8a and 16d sites.
During lithium insertion, Li ions residing
at 8a sites move to the initially vacant 16c
sites and form rock-salt coordinated LTO
[Li2]16c[Li1/3Ti5/3]16d[O4]32e [21, 22].

Upon sodiation, first reports suggest
a multi-step insertion of sodium in the
spinel structure; developing a sodium-rich
Na6LiTi5O12 phase and simultaneously enrich-
ing the lithium phase with excess lithium. Ac-
cording to Sun et al., this process leads to
the formation of rock-salt LTO, and a sodium-
rich [Na2]16c[Li1/3Ti5/3]16d[O4]32e phase. It is
stated that the occupation of the formerly va-
cant 16c sites is accompanied by a shift of Li
from 8a to 16c sites and therefore leaving va-
cant 8a sites [23, 24]. Later on, in situ X-ray
diffraction points towards the formation of a
solid solution rather than establishing a net-
work of three coexisting phases [25]. More-
over, transmission electron microscopy (TEM)
investigations of sodiated polycrystalline and
single-crystalline LTO do not only prove coex-
istence of the aforementioned phases but also
reveal sodium-phase growth from the mate-
rial surface to the inner region. Lattice disor-
der, measuring approx. 15 Å in width, can
be observed along the interface of the two-
phase system leading to local strains, dislo-
cations or defects [26]. Latest research points
towards the formation of a sodium-poor phase,
[Na]8a[Li1/3Ti5/3]16d[O4]32e, which is formed
at intermediate to high Na-extraction rates be-
tween 1 and 10 C. Due to small volume changes
between sodium-poor and sodium-rich phase,
purification of this phase is expected to enable
strain-free cycling of LTO in sodium-ion batter-
ies [27].

Here, we shed light on the sodium inser-
tion mechanism in spinel-type LTO. Hence,
a series of chemically sodiated samples (x =
0.1, 0.3 and 1.5) were prepared. To distinguish

between multi-phase and solid solution mecha-
nism, spin-lattice relaxation NMR is employed
for 7Li and 23Na nuclei. To achieve better un-
derstanding of the ion dynamics, relaxation
measurements are carried out in the laboratory
and rotating frame of reference.

II. Methods

Preparation

Polycrystalline Li4Ti5O12 (LTO), EXM 1037 pur-
chased from SüdChemie AG, was mechano-
chemically treated to reduce the grain size of
the initially microcrystalline powder. To ob-
tain nanocrystalline powder, high-energy ball
milling was performed using multiple zirco-
nia balls with a diameter of 4 mm in a ZrO2
beaker in a Fritsch Pulverisette 7 planetary mill.
Milling was carried out in ethanol at rotational
speeds of 600 RPM for 200 minutes. The pow-
der was dried at ambient conditions before
stripping Li2CO3 residues from the particles at
573 K under vacuum. Further handling of the
material was carried out in an Ar-filled glove-
box (MBraun MB-G 200) at inert atmosphere.

Chemical Sodiation

Dimethoxyethane (DME), supplied by
Fluka Chemicals, was mixed with Biphenyl
in stoichiometric amounts to yield 1M
biphenyl−1, 2−dimethoxyethane. To form
a dark blue sodiating agent, ≈ 2.3 g sodium
metal were added to 100 mL of the afore-
mentioned 1M biphenyl-DME solution. LTO
was immersed into the solution at a specific
molar ratio to obtain different insertion states.
Calculated ratios were 0.1:1, 0.5:1 and 1.5:1
mol Na per mol LTO, furthermore referred to
as x = 0.1, 0.5 and 1.5. The higher the sodium
content the more titanium gets reduced,
which results in darkening of the blue color.
The sodiation was carried out by stirring
LTO in reducing medium for several hours.
Unless the sodiating agent is used in excess,
the completion of the sodiation process is
indicated by color fading of the reagent. To
remove all reagent residues, the sodiated
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powder was washed 3 times with DME and
afterwards dried in vacuum for 24 hours.

Nuclear Magnetic Resonance

Sodiated LTO samples were fire-sealed in
quartz NMR tubes (NORELL SEPR250S) with
a length of approximately 2 cm. Quartz wool
was used to center the powder sample in the
tube and prevent the sample from heating dur-
ing the sealing process.

NMR spectroscopy was performed using an
Avance III spectrometer coupled with an Ultra-
shield 500 MHz WB magnet at a nominal field
of 11.7 T. The magnetic field was tuned to Lar-
mor frequencies of ω0/2π = 194 and 132 MHz
for 7Li and 23Na, respectively. A ceramic probe
head was used to perform 7Li measurements.
Sodium measurements, which cannot be per-
formed properly with ceramic probe heads,
were carried out with a teflon probe head. At
constant power output of 200 W, π/2 pulse
lengths vary with temperature in a range from
2 to 4.8 µs for 7Li and 2.2 to 2.9 µs for 23Na.
23Na and 7Li spin-lattice relaxation rates, 1/T1
were acquired by saturation recovery experi-
ments. The well-known saturation recovery
pulse sequence, 10 × π/2 – td – π/2 – ac-
quisition (acq.), set with a time delay (td) five
times longer than T1 is executed [28]. Addi-
tionally, spin-lock spin-lattice relaxation NMR
measurements were performed to investigate
the temperature dependence of 1/T1ρ. This
technique, π/2 p(tlock) – acq., features a vari-
able spin-lock pulse and was introduced by
Ailion and Slichter in 1964 [29–31]. To ensure
comparability, the spin-locking frequency, νlock,
was set to 33.3 kHz for all experiments.

6Li magic angle spinning (MAS) was carried
out using a 2.5 mm probe head (Bruker) and
employ a spinning frequency of 30 kHz. 128
scans of a single pulse sequence were recorded
to accumulate 1D spectra. To ensure longitudi-
nal relaxation of all components, recycle delays
were set to 600 s. LiCl served as reference mate-
rial to correct non material originated chemical
shifts.

III. Results & Discussion

7Li motional narrowing and line spectra

The first approach to study ionic diffusivity via
NMR is to analyze temperature-variable line
spectra. For this purpose, investigation of the
7Li nucleus (spin-quantum number I = 3/2) is of
great advantage. At temperatures well below
ambient, the central transition of the spin 3/2
nucleus is only governed by dipolar interac-
tions. At such temperatures, often called the
rigid lattice regime (δrl), diffusion of Li ions is
too slow to affect the overall line width. As the
temperature is gradually raised, dipolar inter-
actions between the spins average and result
in narrowing of the central line. It can be ob-
served that this effect, referred to as motional
narrowing (MN), sets in at a specific tempera-
ture called the onset temperature. At high T,
the narrowing process is finished and the line
width solely represents the inhomogeneity of
the applied static magnetic field. The inflection
point of the MN curve, defined as exactly half
the difference of δrl and complete narrowing,
can be used to estimate the lithium jump rate
(τ−1) according to the equation τ−1 = δrl × 2π.
Figure 1a shows motional narrowing curves
obtained for samples at several sodiation states
(x = 0, 0.1, 0.5 and 1.5). It can be seen that δrl
values of the samples 0 and 0.1 are almost iden-
tical. LTO structures bearing higher amounts
of sodium, viz., x = 0.5 and 1.5, exhibit an
increased central line width in the rigid lat-
tice regime. According to the relation between
τ−1 and δrl, jump rates of 3.1 × 104s−1 can
be calculated at the inflection points of sam-
ples sodiated with 0 and 0.1 mol Na. Insertion
of sodium into the LTO structure exceeding
amounts of x = 0.1 broaden the line in the
rigid lattice regime and, therefore, lead to an
increased Li jumping rate of ≈ 3.7× 104 s−1.
This increase in line width can either be caused
by paramagnetic interaction between Ti3+ cen-
ters and Li spins, or decrease in Li–Li distance.
The latter originates from movement of Li from
8a to 16c sites, and as a consequence thereof,
increasing dipolar interaction between the par-
ticular ions [32]. As shown by Schmidt et al.,
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Figure 1: 7Li NMR motional narrowing of sodiated NaxLi4−xTi5O12 samples, viz., x = 0.1, 0.5 and 1.5,
compared to unsodiated Li4Ti5O12. a) plots the fwhm in kHz against the temperature in K and
exhibits differences in rigid lattice line width. b) depicts normalized line widths to enhance
comparability of the different samples.

these effects broaden the line to about 23 kHz
when the material is fully converted to rock-salt
LTO, i.e., insertion of 3 mol Li per mol LTO. As
known from previous reports, the sodium-rich
phase, [Na2]16c[Li1/3Ti5/3]16d[O4]32e, stretches
the lattice and leads to volume expansion. We
assume that this expansion increases the dis-
tance between neighboring 16c Li ions, result-
ing in narrowing of the line in the rigid lattice
regime. Most notably, this effect is observed
when exceeding x = 0.5 Na in the LTO structure
(indicated by an arrow in Fig.1a). It verifies the
formation of a sodium-rich phase with larger
lattice constants, viz., a = 8.69 Å opposed to a
= 8.35 Å, as suggested by Kitta et al. [27]. Inter-
esting changes in motional narrowing behavior
are displayed in Fig. 1b. Normalizing the line
width enhances the comparability among the
different samples and greatly accentuates the
temperature shift of the inflection points. It
can be clearly seen that the MN curves shift to-
wards lower temperatures, indicating increased
Li diffusivity, when increasing the sodiation ra-
tio. However, exceeding an insertion amount
of x = 0.5 reverses this behavior, resulting in
a backward shift towards x = 0. Inconsistency

in motional narrowing, predominantly observ-
able at low sodium insertion states, indicates
contribution of a second phase to the overall
Li diffusion. We assign this process to Li mo-
tion in a NaxLi4−xTi5O12 solid solution bearing
small amounts of Na. Considering growth of
the sodiated LTO phase from the surface to the
center of particles, the formation of lithiated
phase is limited to the ions leaving 8a sites.
This mechanism comprises two options (I) the
formation of a lithiated LTO solid solution core,
and (II) a sodium containing solid solution
NaxLi4−xTi5O12 forming an outer shell that
slowly replaces all Li and turns to Na6LiTi5O12.
Interpreting the changes in motional narrow-
ing behavior from x = 0.1 to x = 0.5, a combi-
nation of both options fits the scheme. There-
fore, the low to moderate T part of the MN
curves can be ascribed to sparsely lithiated
Li4+xTi5O12 solid solution that enables much
faster ion diffusion. Further increase in sodium
content to 1.5 mol entails disappearance of the
additional diffusion pathway. We consider this
vital evidence for fading of the combined solid
solution NaxLi4−xTi5O12, and decrease in over-
all diffusivity is explained by moderate to low
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Li motion in highly lithiated LTO. In addition
to shift of the MN curves, line narrowing over
a wide temperature range of said curves can
be monitored. This change in narrowing be-
havior is strongly pronounced at x = 0.5, in
which the full narrowing of the central transi-
tion spans from 230 K to 420 K. This behavior
is a strong indication for the coexistence of
several Li diffusion pathways and, therefore,
a wide distribution of energy barriers inside
the material. A stepwise activation of diffusion
processes is known to cause such narrowing be-
havior. Interestingly, this stretching is reduced
when inserting more Na ions into the lattice,
as for x = 1.5 the effect diminishes. Therefore,
we assume less pathways are involved in the
Li diffusion process at high intercalation states,
which was already suggested by Sun et al. [23].
Figure 2 compares the line widths of the rigid
lattice, intermediate states and fully narrowed
lines for all three samples. A closer look at the
temperatures for fully narrowed and rigid lat-
tice lines implies that line narrowing happens
over a much wider temperature range in x =
0.5. This effect is caused by the coexistence of
highly mobile Li in Li4+xTi5O12 solid solution
and less mobile Li in NaxLi4−xTi5O12. A note-
worthy detail is the less pronounced quadrupo-

lar powder pattern that is usually caused by
interaction of the quadrupole moment of 7Li
spins with a non-vanishing electric field gra-
dient. This is in stark contrast to the findings
for lithiated LTO, which exhibits much more
pronounced quadrupolar powder patterns at
low T throughout the measurement series from
x = 0.1 to x = 3 [32].

6Li magic angle spinning NMR

A comparison between lithium mobility in so-
diated and lithiated LTO is drawn by 1D 6Li
MAS NMR and graphically portrayed in Fig-
ure 3. Pure spinel Li4Ti5O12 was thoroughly
investigated in the past and is displayed on top
of the graph for comparison reasons [33]. Fig-
ure 3a depicts changes in line-shape and shift
of the lines at various lithiation states, viz., xLi
= 0.1, 0.3 and 1, that are used as reference ma-
terials to determine differences in diffusion be-
havior [34]. Paying close attention to the shift
of line closest to 0 ppm, defined as Li8a(16c),
is necessary to understand the phase growth
mechanism of the sodiated phase. Upon lithi-
ation, such a shift is assigned to either Li in-
sertion into Li2TiO3 or interaction with this
superficial amorphous phase. In stark con-
trast to lithiated LTO, sodiated systems omit
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Figure 3: 6Li MAS spectra of treated LTO acquired at 30 kHz spinning frequency and a constant temperature
of 303 K. a) displays published data acquired after chemical insertion of Li that serve as reference.
b) depicts lines with ascending sodium content, in which blue arrows indicate the Li2TiO3 side
phase and red arrows point towards Li+ occupation of the 16d lattice site in NaxLi4−xTi5O12.

these interactions and exhibit no shift of the
Li8a(16c) line with ascending sodium content.
Additionally, the initial peak of said phase at
a chemical shift (δCS) of −0.87 ppm, indicated
by blue arrows in Fig. 3, decreases in intensity
with rising xNa. On the other hand, ascending
lithium contents, as seen in xLi = 0.1, 0.3 and 1,
lead to its intensification and to growing shifts
of the central transition. To evaluate Li diffu-
sivity from line widths is vital to distinguish
between simultaneously occurring processes in
different phases. Regarding the line widths of
the 8a(16c) transition, rising sodium contents
expose an increase in Li diffusivity. Observa-
tion of the same transition at various lithiation
states reveal significant differences in phase
formation. Opposed to steep decrease in line
width from 0.37 ppm to 0.11 ppm at xLi = 0.1,

uniform line narrowing occurs during sodium
insertion. Rock-salt Li7Ti5O12 contributions at
shifts ≈ −11 ppm cannot be observed in sodi-
ated samples with xNa ≤ 1.5. All facts point
towards partial formation of a fast Li4+xTi5O12
solid solution with an additional sodium con-
taining NaxLi4−xTi5O12 phase that lowers over-
all diffusivity of the Li ions. We assign the ad-
ditional peak, which is observable at positive
shifts when exceeding xNa = 0.5 and indicated
by red arrows, to Li residing at 16d sites of
sodium-rich NaxLi4−xTi5O12. Growth of said
peak with increasing sodium content facilitates
the assignment process.

7Li and 23Na spin-lattice relaxation NMR
7Li spin-lattice relaxation measurements of
LTO with Na insertion amounts from x = 0.1
to x = 1.5, performed at a Larmor frequency
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Figure 4: 7Li spin-lattice relaxation NMR of NaxLi4−xTi5O12 after chemical sodiation to x = 0.1, 0.5, 1.5. a)
depicts local relaxation rates acquired in the laboratory frame of reference at a Larmor frequency
of 194 MHz. Circles indicate data from transients best described by double exponential decay. b)
sheds light on medium ranged dynamics of the same samples at a locking frequency 33.3 kHz.
Activation energies are determined by the slope of linear datapoints at the low-T flank, i.e., best
described by ω1τc � 0.5.

of 194 MHz, reveal paramagnetic relaxation be-
havior according to Curie–Weiss [35]. Figure 4a
draws a comparison between the different 1/T1
rates, furthermore referred to as R1 rates, for
each sample.

Similar to motional narrowing, coupling of
Li spins with the Ti3+ centers affect the val-
ues of R1. Therefore, rates are significantly in-
creased from x = 0.1 to x = 0.5, whereas further
sodiation to x = 1.5 leads to a slight decrease
of the obtained R1 rates. These observations
are in good agreement with the ones found in
the rigid lattice regime for the same samples.
In addition, rates at moderate to low T shed
light on the phase segregation of Li4Ti5O12 and
Li7Ti5O12. As verified by neutron diffraction,
phase separation starts at 250 K and becomes
more pronounced at lower temperatures. Fur-
thermore, said phases start to build up sub-
micrometer sized domains [36]. The saturation
recovery pulse sequence senses jump processes
at such small ranges that phase segregation
in these domains can be easily distinguished
from solid solutions. A slight decrease in T,

i.e., below 293 K, entails a change in dynam-
ics for all investigated samples. This change
manifests in description of the transients by
stretched double exponential functions. Hence,
at least two phases take part in the Li diffusion
process with one providing faster ion dynam-
ics than the other. These data match the pre-
viously discussed motional narrowing results
outstandingly well.

Compared to R1, rates obtained from mea-
surements in the rotating frame of reference,
furthermore referred to as R1ρ, detail ion dy-
namics at extended ranges. Hence, presence of
multiple diffusion processes that exhibit differ-
ent energy barriers will lead to a higher mean
activation energy. The spin-lock technique is
able to sense multiple domains simultaneously
to yield diffusion characteristics of the solid
solution throughout the temperature range of
the measurement series. Therefore, activation
energies resemble Li dynamics in solid solu-
tion. A closer look at Figure 4b reveals a drastic
decrease in activation energy at the R1ρ low-T
flank, i.e., described by ω1τc � 0.5, of the sam-
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Figure 5: 23Na relaxometry transients of sodiated LTO acquired in the laboratory frame of reference at a
Larmor frequency of 132 MHz. This behavior occurs most prominently in x = 1.5, but is also
silhouetted in x = 0.5. At temperatures above room temperature, enhanced Li mobility is detected
in a second phase revealing a slower diffusion pathway.

ples x = 0.1 and x = 0.5. Values of 0.38 eV, as
in x = 0.5, have already been assigned to lower
energy barriers originating from formation of
Li4+xTi5O12 solid solution [32]. In addition to
the decrease in activation energy, a shift of the
rate maximum can be observed. The rate maxi-
mum is defined as equilibrium of mean corre-
lation rate (1/τc), which is connected to the Li
jump rate (1/τ) by a factor of 2, and angular
locking frequency (ω1) and is best described
by ω1τc ≈ 0.5. For measurements performed
at ν = 33.3 kHz, and hence ω1 = 209.2 kHz, a
correlation rate of 4.2× 105s−1 can be calcu-
lated. This correlation rate corresponds to a
mean residence time of 2.4 µs for Li ions at the
temperature of the rate maximum. Analogous
to previously shown data, the rate maxima
shift to lower temperatures until x = 0.5 and
experience a shift in backward direction when
exceeding this limit. Hence, a rate maximum
at 393 K reveals fast Li dynamics in x = 0.5,
rate maxima of the other samples are shifted
towards much higher T.

23Na measurements of the same samples

are solely carried out in the laboratory frame
of reference at a Larmor frequency of 132 MHz.
Transient data gathered from saturation recov-
ery experiments point towards existence of
two simultaneously occuring jump processes
at elevated temperatures. Figure 5 depicts tran-
sients of x = 1.5 that are, after exceeding 293 K,
well described by stretched double exponen-
tial functions. This behavior can be assigned
to increased accessibility of crystallographic
sites for Na motion at such temperatures. As
shown in Figure 6a, the availability of these
sites is correlated to the quantity of inserted
sodium. R1 rates obtained for insertion of low
sodium amounts, as in x = 0.1, generates a solid
solution in which Na exhibits limited mobil-
ity and transients can be sufficiently described
by stretched single exponential curves. Even
though Na mobility increases at elevated tem-
peratures, this sample exhibits no diffusion-
induced rate peak until 413 K. Contrary to the
previously regarded sample, additional lattice
sites become available for ion diffusion at an
insertion state of x = 0.5. Temporary occupa-
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Figure 6: 23Na ion dynamics as seen by NMR at a Larmor frequency of 132 MHz in the laboratory frame of
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depicts activation barriers for the fast and slow diffusion process, respectively.

tion of such sites is clearly visible at tempera-
tures exceeding 353 K, hence, splitting of the
single exponentially fitted data is depicted in
the graph. Rates at x = 1.5, shown in Fig. 6b,
bisect at 313 K and reveal the maximum and
low-T flank of a diffusion-induced rate peak.
The mean sodium residence time, which is
obtained the peak maximum, equals 1.2 ns at
393 K. Its low-T flank reveals an activation bar-
rier of 0.24 eV for this diffusion process. We
assign this process to ionic motion between
8a − 16c − 8a′ sites. In addition, the low-T
flank of a slower hopping process discloses an
activation energy of 0.48 eV and is sensed at
much higher rates. This process can either be
ascribed to exploiting of vacant 48f sites, which
results in diffusion along an 8a − 48 f − 8a′

pathway, or hindered Na mobility in Li-rich
NaxLi4−xTi5O12 solid solution.

IV. Conclusion

LTO is widely known as zero-strain anode
material for LiBs and a promising candidate
for future application in sodium batteries. To
elucidate its phase formation process is cru-

cial to unleash its full potential in Na bear-
ing systems. Here, we employed a variety of
NMR spectroscopical methods to probe, both
Li and Na, ion dynamics in chemically sodi-
ated LTO. 7Li line spectra reveal the influence
of Na on Li mobility in a solid solution, i.e.,
NaxLi4−xTi5O12, at low sodium insertion states,
viz., x = 0.1 and 0.5. Furthermore, motional
narrowing confirms the formation of a solid
solution Li4+xTi5O12 phase at x = 1.5. This
behavior is supported by 7Li spin-lattice re-
laxation in the laboratory and rotating frame
of reference, both verifying the existence of
two different diffusion processes. An R1ρ max-
imum can only be obtained for x = 0.5 at
393 K, confirming that Li ion motion decel-
erates at higher and lower sodium content.
6Li MAS was used to resolve different con-
tributions to the central transition obtained by
7Li line measurements. Acquired data points
towards slow and steady conversion to solid
solution Li4+xTi5O12 and additionally reveals
mobility of Li ions in NaxLi4−xTi5O12 solid so-
lution. A prerequisite for investigation of Na
motion is the insertion of a reasonable amount
of sodium into the LTO structure. At x =
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1.5, 23Na spin-lattice relaxation resolves two
sodium diffusion processes at temperatures
above 313 K that expose activation energies
of 0.24 eV and 0.48 eV. These energy barriers
can be assigned to Na motion in the aforemen-
tioned NaxLi4−xTi5O12 solid solution. Varia-
tions in sodium and lithium content of said
phase enable two possible diffusion pathways,
viz., 8a− 16c− 8a′ and 8a− 48 f − 8a′. To pro-
vide better understanding of sodium dynamics
in this material, future investigations should
aim at structural changes in desodiated LTO
and the rearrangement of phases during cy-
cling. Both characteristics are vital for appli-
cation as anode material in future sodium ion
batteries.
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CHAPTER 4. RESULTS

4.3 Is Aluminum a Proper Anode Current

Collector in Na-ion Batteries?

High availability and attractive prices render aluminum a desirable, cost-

efficient, current collector material for Li-ion batteries. However, alloy forma-

tion in contact with lithium at voltages below 0.3 V, as well as severe corrosion

effects initiated by fluorinated electrolytes, largely reduce its field of applica-

tion in state of the art Li-ion batteries. In combination with high voltage anode

materials or less corrosive electrolytes a reduction of these unwanted effects

can be achieved, but also entails a decrease in energy density of the battery

system. To circumvent aluminum related issues, copper is employed as anode

current collector in commercially available Li-ion batteries. Sodium based

battery systems, however, do not exhibit alloying reactions with aluminum

and were, therefore, considered inherently compatible until several groups

reported on corrosion of aluminum current collectors at voltages above 3.5 V.

This manuscript sheds light on the interaction of current collector mate-

rial and cell performance. Sodium-ion half cells were assembled to perform

electrochemical analysis, viz., cyclic voltrammetry and galvanostatic cycling, of

various electrode materials on copper and aluminum substrates, respectively.
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4.3. IS ALUMINUM A PROPER ANODE CURRENT COLLECTOR IN NA-ION

BATTERIES?

Significant reduction in performance of aluminum substrates equipped with

TiO2 active material were determined at high cycling rates. Initial assumptions

implicated delamination of the active layer from the current collector and,

therefore, contact loss. To substantiate these assumptions scanning electron

microscopy (SEM) investigations were carried out and revealed the formation

of an interlayer underneath the surface of the electrode material.
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Abstract

The influence of current collectors on the overall cell performance is often considered negligible.
Due to the inability of sodium to form alloys with aluminum, Na-ion batteries (SIBs) are, opposed
to lithium based systems, regarded fully compatible with Al current collectors. Nonetheless,
corrosion of aluminum substrates is known to occur at voltages exceeding 3.5 V, requiring
either passivation agents or an effective potential limitation. Here, a comparison of several
active materials, on copper and aluminum substrates, sheds light on systematic degradation of
current collectors in SIBs. Electrochemical cycling experiments reveal severe capacity differences
between TiO2 composite electrodes that are operated with aluminum and copper current
collectors, respectively. These differences are recorded primarily at high cycling rates, pointing
towards delamination of active material from the aluminum substrate. Scanning electron
microscopy is employed to acquire cross-section pictures of these very electrodes. Even though
substrate containing layers are found in both TiO2 electrodes, only aluminum derivatives damage
the composite layer. These observations are in perfect agreement with data gathered from
electrochemical characterization, and suggest Na blocking properties of the Al-rich layers at high
currents.

Keywords: sodium ion battery, current collector, aluminum, stability

I. Introduction

Sustainable energy production from renew-
able resources are today in the focus of
society needs and government policies.

However, due to the intermittent character of
renewable energy sources, efficient and cost ef-
fective energy storage is required. Lithium-ion
technology has seen a tremendous evolution

and development during the past two decades.
Various devices, such as mobile phones, note-
books, tablets and electric vehicles carry bat-
teries. Exhibiting high energy densities and
outstanding cycle life, Li-ion batteries cover
the most important requirements and are suc-
cessfully used in these devices. Nonetheless,
uncertainties in lithium supply and increas-
ing lithium costs constitute one of major draw-
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backs when large-scale grid-relevant storage
is considered [1]. Thus, beyond lithium ion
storage systems, for instance sodium-based,
promise to be remarkable alternatives to cover
large-scale grid applications. Since its inven-
tion, in 1966, the Na-S battery is recognized
as a high capacity storage device [2]. Its draw-
backs, inherent to a molten sodium anode and
operating temperatures of 300 − 350 ◦C, can
only be overcome by alternative systems that
can be operated at room temperature (RT). Re-
cently, Xiaofu et al. reported on such a system
that uses a setup similar to lithium ion batteries
and can be operated at RT providing capaci-
ties around 1 Ah g−1 after 150 cycles at 0.1 C
[3]. Then, there are many instances of Na-ion
batteries reported. In such a system, instead
of shifting lithium ions between the positive
and negative electrodes, sodium ions are used.
While this results in lower energy densities for
the Na-ion cells, the costs are estimated to be
significantly lower than for Li-ion technology
for reasons related to the better materials avail-
ability and lower materials costs.

A problem that is very often overlooked and
not thoroughly investigated is the influence
that the current collectors have on battery per-
formance. In Li-ion systems, copper is used at
the negative electrode (anode) and aluminum
at the positive electrode (cathode). Aluminum
current collectors at the anode cannot be used
in Li-ion batteries. Severe corrosion effects
in contact with fluorinated lithium salt elec-
trolytes and alloying reactions with Li+ at po-
tentials below 0.3 V render aluminum unus-
able as anode current collector [4–7]. More
advanced approaches make use of this behav-
ior to generate lithium alloy electrodes [8–10]
or reduce the problem by using less corrosive
electrolytes and always in conjunction with
high voltage anode materials such as Li4Ti5O12
(LTO) [11–16], a strategy that reduces the en-
ergy density of the battery.

In the case of Na-ion systems, there is
a significant departure from the Li-ion case.
Since no alloying reaction takes place between
sodium and aluminum current collectors, this
system is considered inherently compatible

and its application is expected to cut costs in
sodium ion batteries [17, 18]. Several reports
point to corrosion of aluminum current col-
lectors at potentials above 3.5 V. Analogous to
corrosion found in lithium cells, fluorinated
sodium compounds can weaken this effect [19,
20].

Unfortunately, the stability of aluminum as
negative current collector in Na-ion cells is,
more often than not, only postulated instead of
clearly proven. In most reports, Cu is still used
as a current collector. Even if no Na-Al alloys
are formed, there are other unwanted possible
reactions that may affect the electrode perfor-
mance. Is Al usable as a negative electrode
current collector in Na-ion based cells with-
out significant reduction of performance when
compared to Cu? What are the drawbacks of
the Al current collectors? This work provides
a comparison between copper and aluminum
current collectors and their interaction with ac-
tive materials. Electrochemical performance is
tested in sodium metal half-cells containing or-
ganic 1 M NaFSI electrolyte and data obtained
from cyclic voltammetry and galvanostatic cy-
cling is used to reveal differences in operation
and performance.

II. Methods

Active Material Synthesis

Na3V2(PO4)3/C, furthermore referred to as
NVP, was synthesized via sol-gel preparation
route as reported by C. Huang et alii [21].
Citric acid (Sigma-Aldrich) and ammonium
metavanadate (Sigma-Aldrich) in equimolar
amounts were dissolved in distilled water form-
ing an orange solution at 60 ◦C. An aqueous so-
lution of sodium phosphate monobasic mono-
hydrate (Sigma-Aldrich) was added continu-
ously over the fixed period of 1 hour. The solu-
tion turned green and was heated to 80 ◦C un-
der vigorous stirring for 2 hours to form a gel.
The brightly blue colored gel was transferred
to a heating oven and kept at 80 ◦C for one
night. Before sintering the material at 700 ◦C
in a tube furnace in argon atmosphere, the dry
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gel is ground using mortar and pestle to obtain
fine powder. The sintered material appears as
a black powder.

Hard carbon, synthesized as reported by R.
Alcántara et al., also employs sol-gel method
[22]. Resorcinol (Riedel-de-Haën) was dis-
solved in methanol stabilized formaldehyde
(9-15 % methanol, Sigma-Aldrich) and aque-
ous sodium carbonate (Merck) was added to
catalyze further reactions. Ortho-phosphoric
acid (Roth, 85 %) was added dropwise to neu-
tralize the solution, before stirring for 3 h and
obtaining an aquagel. This gel was cured at
85 ◦C for 24 h and afterwards washed with
large amounts of acetone for several times. A
centrifuge (Heraeus, Megafuge 1.0) was used
to separate gel from acetone after each washing
step. The rinsed gel was heated to 300 ◦C for
2 h, ground using mortar and pestle, and sin-
tered at 950 ◦C for 1 h in a quartz tube furnace
in Ar atmosphere.

Composite electrodes were fabricated using
active material, Super C65 carbon black and N-
methylpyrrolidone (Sigma-Aldrich), in the case
NVP, or sodium carboxymethylcellulose (Walo-
cel CRT 2000 by Wolff Cellulosics GmbH & Co
KG) binder dissolved in water (1.25 wt%) for
hard carbon and TiO2 active materials. The
weight of all components was carefully de-
termined to achieve a ratio of 12 : 2 : 1. Slur-
ries were obtained by ball milling for 45 min
at 400 RPM and a films with thicknesses of
100 µm were applied on aluminum and copper
substrates using an ERICHSEN casting device.
While roughened Cu foil (Coppertex) with a
thickness of 30 µm was used without treatment,
50 µm Al (Goodfellow) foil was etched with an
aqueous solution of 5 wt% KOH. Afterwards
etched foils were rinsed with distilled water
and dried using a heat gun. Cast electrodes
were pre-dried at 1 atm and 60 ◦C for 8 hours
and cut to 10 mm discs before the primary dry-
ing process at 60 ◦C under vacuum was carried
out.

Electrochemical Characterization

Half-cell arrangements were assembled us-
ing Swagelok cells equipped with a compos-

ite working electrode, sodium metal (ACS
reagent, Sigma-Aldrich) counter and reference
electrode. Discs of Whatman GF/B glass mi-
crofiber filters act as separators that are wet-
ted with 1 M NaFSI (Solvionic) in ethylene car-
bonate : diethylcarbonate (1:1 v/v) electrolyte.
Cell assembly was performed under inert at-
mosphere, containing less than 1 ppm O2 and
1 ppm H2O, in an Mbraun Glovebox.

Cyclic voltammetry and galvanostatic cy-
cling with potential limitation were carried out
at an MPG-2 device from Biologic Science In-
struments and a Maccor 40 primary cell testing
device, respectively. Cyclic voltammograms
were recorded from 0.1 to 3 V vs. Na/Na+ ex-
ecuting sweep rates of 0.05, 0.1, 0.2, 0.5, 1, 2,
5, 10, 20 and 50 mV s−1. Galvanostatic cycling
experiments were set to the same potential lim-
its and charging / discharging was performed
at theoretically calculated C-rates. All elec-
trochemical data were acquired at room tem-
perature. The measurement devices ran EC-
Lab and MacTest32 software, respectively, and
both programs were used to process obtained
datasets.

III. Results & Discussion

Corrosion of aluminum in various electrolyte
media has been thoroughly investigated by sev-
eral research groups [15, 23, 24]. Such effects
are commonly determined by cyclic voltamme-
try over wide potential ranges. In the case of
organic NaFSI-based electrolytes, potentials ex-
ceeding 3.5 V lead to corrosion of aluminum
substrates. As shown by Otaegui et al., corro-
sion kinetics accelerates at elevated tempera-
tures; this can be overcome by substituting the
organic solvent with an ionic liquid [25]. Here,
we focus on possible interactions of substrates
and composite active materials. Electrochem-
ical analysis is carried out at potential ranges
that are considered inherently safe, viz., be-
tween 0.1 and 3 V versus Na+/Na. Figure 1
shows a comparison between the second CV
cycles of six sodium metal half cells equipped
with different working electrodes, namely TiO2
nanoparticles (a), hard carbon (b) and NVP
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(c), at a scan rate of 50 µV s−1. Current collec-
tor materials are indicated by color, namely,
orange and grey for copper and aluminum, re-
spectively. These measurements provide ini-
tial insight into substrate based differences
between the three electrode materials. TiO2
samples exhibit negligible differences of the
current response, there are no practican dif-
ferences between copper and aluminum sub-
strates. Slightly different electrochemical be-
haviour can be observed for hard carbon on
copper substrate, compared to its analogue cast
on aluminum. On aluminum substrate, NVP
exhibits broad humps in oxidation and reduc-
tion regime at potentials ranging from 1 to 2.5 V
when the Al current collector is used. The same
redox processes show a pair of peaks, spaced
in a range from 1.5 to 1.8 V, simply by chang-
ing the substrate material. This already points
towards an initially poor electron transport/
poor contact between Al and the active NVP-
containing mass leading to much higher ohmic
drops in the electrode supported on Al. This
limitation does not occur on Cu. At lower po-
tentials, 0.1 to 0.5 V, another redox process that
is only silhouetted on aluminum can be better
resolved on copper substrate. These significant
differences can be seen in Fig. 1c.

In the case of TiO2 electrodes, measurements
at slightly increased sweep rate confirm the
cycling behavior seen at very low sweep rates.

However, starting at 10 mV s−1, there are sig-
nificant differences between Al and Cu current
collectors. Figure 2 shows performance differ-
ences at advancing sweep rates, viz. 1, 10 and
50 mV s−1. The voltage profile at a sweep rate
of 1 mV s−1 remains largely similar to lower
scan rates (see Fig. 1a). At a sweep rate of
10 mV s−1, multiple cathodic peak shoulders
occur at 0.4, 0.75 and 1 V with their corre-
sponding anodic peaks overlapping to form
a very broad signal. These peak shoulders
are less pronounced on aluminum substrate.
The current response deviation at higher sweep
rates, clearly visible at 10 and 50 mV s−1, may
arise from contact issues at the current collec-
tor electrode material interface. The absence
of hysteresis loops, i.e., a characteristic cross-
ing of anodic and cathodic measurement data
during corrosion at high potentials, verifies
that corrosion of the aluminum current collec-
tors, usually occurring above 3.5 V for apro-
tic NaFSI-containing electrolyte mixtures, is
successfully prevented by the narrow poten-
tial range. Hence, all differences seen in the
measurement data solely originate from inter-
actions between electrolyte, active material and
current collector. To evaluate the contribution
of the active material to this phenomenon, gal-
vanostatic cycling experiments were carried
out. An overview of the obtained data is
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given in Figure 3, plotting the specific capac-
ity against cycle number (a), as well as the
coulombic efficiency of TiO2 nanoparticles dur-
ing cycling (b). To evaluate both mild and more
demanding cycling conditions, the cycling rate
is ramped from 0.1 C to 5 C in 5 steps, the cy-
cling rate being increased every 20 cycles. Re-
versibility is determined by capacity recovery
at the lowest cycling rate, namely 0.1 C, in end
of the measurement series. Electrodes made
with hard carbon active material, indicated by
orange and dark grey dots for copper and alu-
minum, respectively, exhibit discharge specific
capacities of 82 mAh g−1 at 0.1 C, independent
of current collector material. This behavior
maintains throughout the measurement series,
even at high cycling rates. NVP adopts the
same characteristics at slightly lower capacities
of 53 mAh g−1. However, at a cycling rate of
5 C, capacities depend on substrate material
reaching 36 and 32 mAh g−1 on copper and
aluminum, respectively. In contrast to cyclic
voltammetry data, the cycling performance of
NVP electrodes at moderate cycling rates is
not affected by current collector material. Con-
trary to the aforementioned electrode materials,
cyclability of TiO2 nanoparticles is severely af-
fected by its substrate. Specific discharge capac-
ities of 139 and 136 mAh g−1 on aluminum and
copper substrates, respectively, are obtained
at slow cycling rates of 0.1 C. Raising the cur-
rent to 1 C or more, a drastic decay of capacity

can be registered on aluminum substrate. At
a cycling rate of 5 C, electrodes on aluminum
current collectors only reach 42 % of the ca-
pacity obtained with equivalent material on
copper substrate. This difference is significant
and cannot be ascribed to the somehow lower
conductivity of Al with respect to the current
collector. The interface contact between Al and
active mass is the likely culprit.

A closer look at the coulombic efficiency of
these data sets, see Fig. 3b, exposes advancing
inconsistency from currents equivalent to 1 C.
These findings suggest that delamination of the
active material from its aluminum current col-
lector is probably taking place. Therefore, less
active material contributes to the cell reaction
leading to loss of specific capacity. As a result
of a slow delamination procedure, coulombic
efficiencies remain reasonably high.

Wu et al. prove that these electrode mate-
rials, in particular anatase TiO2 nanoparticles,
are very stable anodes exhibiting no signifi-
cant capacity decay [26]. To provide deeper
understanding of the good cycle life, two addi-
tional titania morphologies, viz., rutile/anatase
spherical microparticles and rod-shaped rutile
nanoparticles, were investigated on both sub-
strate materials. Figure 4 compares these two
materials with the TiO2 nanoparticles shown
in Figure 3. Differences between copper and
aluminum substrates arise for each material.
Moderate capacity reduction with increasing
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cycling rate can be observed for spherical parti-
cles on copper substrate, as seen in Fig. 4a and
c. As discussed above, this decay is intensified
on aluminum substrate for nanoparticles seen
in Fig. 4a. Electrodes composed of spherical
TiO2 microparticles experience an unknown
process leading to a sudden decrease in capac-
ity at currents equivalent to 1 C. This effect
is only observed for electrodes on aluminum
current collectors. The rod-shaped active mate-
rial is prone to massive capacity decay starting
at the first cycle, however, independently of
substrate material. A characteristic effect ob-
served for all three materials at low cycling
rates is the recovery of the initial capacity ratio
between copper and aluminum substrate elec-
trodes. This supports the theory that electrodes
on Al possibly experience higher interfacial re-
sistance, manifesting at higher cycling rates,
while the full capacity is recovered when low-
ering the current. This could also be due to the
partial delamination of the active layer from
the Al current collector.

Cross-section scanning electron microscopy
(SEM) images acquired from a cycled, TiO2
nanoparticle electrode on aluminum current
collector seems to confirm this hypothesis (see
Figure 5). An overall impression is given in
Fig. 5a, showing ≈ 700 µm of the electrode con-

struction. It reveals delamination from the alu-
minum current collector, and, as seen in the
center of the picture, to some extent completely
missing parts of active layer. Another notewor-
thy detail is the layer on the bottom that is
entirely peeled off the electrode surface. We
expect this peeling to happen during the slope-
cutting process. Fig. 5b focusses at the interface
between Al foil and active layer on a length of
130 µm. Delamination of the active material
from the aluminum surface can be verified be-
yond doubt. Additionally, severe vertical fis-
sure of the composite material, which is most
likely caused by volumetric expansion and con-
traction during Na insertion and de-insertion,
is observed. A close-up, see Fig. 5c, shows the
formation of a layer between the current collec-
tor and the active material, as well as pole like
structures. As verified by energy dispersive
X-ray spectroscopy (EDX) analysis, these poles
consist of aluminum oxide that pierces through
the composite material and builds an interlayer.
The built interlayer, illustrated in Fig. 5d, does
not grow on the surface of the active layer, but
is instead located beneath it. A careful look at
EDX mapping reveals different compositions
for the formed layer and the poles, which leads
to the assumption that reactions with the elec-
trolyte take place. Detection of fluorine and
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10 µm
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Na
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F Ti
S
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c d

TiO active layer2

Al current collector

Figure 5: SEM pictures of cycled electrodes consisting of TiO2 nanoparticle composite coated on aluminum
substrate. Pictures (a), (b) and (d) were acquired from secondary electrons (SE). A back-scattered
electron (BSE) picture enhances contrast between different material compositions in (c). The
zoomed-in part on the right side represents EDX mapping of the indicated region.
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Detection methods are similar to those applied in Figure 5; SE mode for (a), (b), (d) and BSE mode
for (c). EDC mapping of limited region, framed in (c) and (d), are depicted on the right-hand side.

sulfur signals inside the layer support this the-
ory. We suggest that the aluminum containing
interlayer prevents Na intercalation in active
material closer to the current collector surface.
As a result of this blocking effect, severe loss
of capacity is observed at high cycling rates.
Low rates, in contrary, enable slow transport
through the layer and lead to recovery of ini-
tial capacity. Electrochemical data collected
from copper based electrodes do not exhibit
this behavior. Figure 6 shows several pictures
acquired from a slope-cut electrode. Except
for some parts that are peeled off the current
collector during preparation, contact between
current collector and active layer is maintained
throughout the sample. As expected, the com-
posite material exhibits fissure in both verti-
cal and horizontal axes. Figure 6a depicts an
overview of 1.3 mm of the sample, it reveals
peeling of a large part of active layer with some
Cu on it. Sufficient contact throughout larger
areas of the electrode is depicted in section 6b.
To draw attention to those parts of the active
layer that are attached to the current collector,
Fig. 6c presents a close-up view of the cracks
in the material. EDX imaging detects copper-
rich material growing inside the large crack of
the active layer and simultaneously confirms

absence of such phase in the smaller rifts on
the right side. Furthermore, a closer look at
the part of the composite separated from the
substrate confirms existence of the same phase
along its edges. Next to this structure, best
seen in the overview picture 6a, a layer that
covers the whole composite material surface
can be identified. Figure 6d zooms in at smaller
chunks and verifies the encapsulation of active
material with said copper compound.

EDX assigns the layers to active material, an
intermediate carbon layer and a copper and
fluorine rich phase. Regarding electrochemical
performance of the electrode, this construction
compensates volume expansion and contrac-
tion and yields high reversibility and cycling
stability. Finally, we suggest two origins for
the Al and Cu coating of the electrolyte materi-
als. (I) Analogous to previous stability studies
for Cu and LiPF6, we assume this copper com-
pound to be a reaction product with the elec-
trolyte [27, 28]. (II) Evaporation of the current
collector material during the slope-cutting pro-
cess and redeposition of the particular metal
on the active layer.
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IV. Conclusion

In this manuscript we investigated on the im-
pact of current collector material to the per-
formance of sodium-ion half cells. Various
electrode materials were employed to highlight
differences between copper and aluminum sub-
strates. Electrochemical characterization of the
materials revealed significant differences be-
tween substrate materials for TiO2 nanoparti-
cle composite electrodes. High cycling rates,
viz., 1, 2 and 5 C, lead to a decrease of capacity
on aluminum substrates, whereas copper elec-
trodes exhibit no such behavior. After many cy-
cles at heavy load, reduction of the cycling rate
results in full recovery of the initial capacity.
SEM points out that the aluminum substrate
forms an interlayer underneath the surface of
the composite material. This layer is consid-
ered a barrier that shields unexposed active
material from taking part in the cell reaction.
Such shielding effect does not occur at low cy-
cling rates, which indicates that Na ions are
able to migrate through this layer at a larger
time frame. EDX specifies the layer as a com-
position of residues from the electrolyte and
Al from the current collector. Formation of
an enclosing interlayer can also be observed
for Cu substrate. These layers either originate
from reaction with other cells components, viz.,
electrolyte and active material, or is introduced
during sample preparation for SEM investiga-
tions. Sodium transport to the active material
is, apparently, not affected by formation of this
layer.
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5
CONCLUSIONS AND OUTLOOK

The aim of this thesis has been to provide deeper understanding of the func-

tioning principles of battery components. This task was mainly accomplished

by combination of 2 techniques that enable determination of macroscopic and

microscopic ion transport properties. Information on long-ranged diffusion

was provided by impedance spectroscopy, and ion hopping processes were

precisely resolved by NMR spectroscopy. Due to its experimental versatility, the

latter technique was also employed to sense phase formation processes. Even

though the coupling of these two systems serves as a powerful tool to sense

ion dynamics in a broad variety of samples, it cannot replace electrochemical

characterization on a cell basis. Therefore, galvanostatic cycling and cyclic
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voltammetry were used to characterize the effect of aluminum anode current

collectors on the performance of sodium-ion battery electrodes. This thesis is,

therefore, best described as inside out approach for characterization of battery

components.

The Chapter (4.1) focused on precise determination of ion dynamics in

single-crystalline LLZO systems. The application of LLZO in ASSBs is consid-

ered a hot topic and, therefore, proper ion dynamics studies are of utmost

importance to reach this goal. From a fundamental point of view, a monocrys-

talline sample is an excellent model system to study ion dynamics that solely

originate from bulk diffusion. The investigated cubic Al and Ga substituted

LLZO single crystals were prepared by Czochralski method, that is a widely

recognized method to produce monocrystalline silicon wafers for the semi-

conductor industry, at the Institute for Crystal Growth (IKZ) in Berlin. In both

cases, as unmistakably illustrated by 7Li spin-lattice relaxation data in the ro-

tating frame of reference, the utter absence of grain boundary contributions

led to better resolution of the ionic motion in the bulk. Measurements in the

laboratory frame of reference revealed that local jump processes, viz., those

between 24d and 96h lattice sites, in Al-LLZO are easily activated by energies ≤

0.2 eV. The comparison with simulation data, provided by García Daza et al.,
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revealed the adverse effect of dopants on 24d lattice sites that is, supposedly,

enhanced by introduction of grain boundaries in polycrystalline materials.

This idea is supported by the increase in activation energy to values ≥ 0.3 eV

for medium-ranged to long-ranged diffusion processes.

In Ga-substituted LLZO single crystals a significant acceleration of diffu-

sion processes was obtained. This statement is based on acquired data from

conductivity spectroscopy that yielded conductivities of 1.1 × 10−3 S cm−1 at

RT and is verified by a large shift of the obtained relaxation rate peaks towards

low temperatures. This boost in ion dynamics can be assigned to the reduc-

tion in symmetry that originates from the acentric cubic structure (I4̄3d) of

Ga-substituted LLZO. However, to fully elucidate the ion hopping processes

and assign the measured data to motion between particular lattice sites, accu-

rate simulations are of utmost importance. These simulations are already in

progress in will be added to the manuscript in the near future.

An alternative utilization of 7Li NMR was reported in Chapter (4.2). Here,

motional narrowing and spin-lattice relaxation were used to resolve the phase

formation process of LTO that has been chemically sodiated. The chemical

sodiation was performed by exposition of the pristine LTO to a solution of 1 M

Na biphenyl-1,2-dimethoxyethane. Compositions were adjusted to different
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sodiation ratios to resolve the phase formation process. In contrast to literature

that reported on a multi-phase mechanism with separated Li and Na phases,

we suggest the fluent passage from Na-poor solid-solution to Na-rich solid-

solution that affects the motion of the observed Li nuclei. Close inspection of

the NMR results pointed towards the formation of a dynamic solid-solution

that enables temperature dependent Li diffusivity and varies in Na content.

The last subsection (4.3) in the experimental chapter approached the

stability of aluminum current collectors in Na-ion batteries. Due to the inex-

istence of Na-Al alloys, aluminum was considered an inherently stable and,

therefore, suitable substrate for anodes in Na-ion batteries. The performed

galvanostatic cycling experiments proved that this rule does not apply for all

anode materials. A comparison of several anode materials on aluminum and

copper substrates revealed that the stability of aluminum current collectors

largely depends on the applied electrode material. In particular, titania based

electrodes exhibited severe capacity losses at elevated cycling rates. Excellent

capacity retention, however, was achieved with all electrodes under investiga-

tion, even titania based ones at low cycling rates. To shed light on the electrode

textures of the titania samples, cross-section SEM pictures were acquired in

combination with EDX mapping. The results suggested the penetration of
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aluminum decomposition products through the electrode material and for-

mation of a layer composed of said compounds inside the active material. We

suggest that this layer partially blocks ionic motion at high currents and, there-

fore, lower capacities were obtained at high cycling rates, whereas complete

retention of the capacity is achieved at low rates.

Future research activities will mainly concentrate on the implementation

of solid electrolytes in battery systems. Even though ionic conductivities are

already close to those of liquid electrolytes, interfacial issues between solid

electrolytes and electrode materials will represent the major challenge. Uti-

lization of simplified model materials, like single crystals, will undoubtedly

help find solutions to these upcoming problems. In less than a decade, it is

expected that all-solid-state batteries will rule the market and revolutionize its

fields of application.
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Analysis of the Al-stabilized LLZO single crystals by X-ray diffraction 

Several crystals, suitable in size for X-ray diffraction experiments, were cleaved from different oddments, 

left over by the cutting process of slices from a large single crystal, and were cut to cuboid pieces of about 

150 µm in diameter. Data collection was performed on a Bruker SMART APEX CCD-diffractometer. The 

single crystals were glued on top of a glass capillary (0.1 mm in diameter). Intensity data were collected with 

graphite-monochromatized Mo Kα X-ray radiation (50 kV, 20 mA). The crystal-to-detector distance was 

30 mm and the detector positioned at −28° 2Θ and −40° 2Θ using an ω-scan mode strategy at four different 

θ positions (0°, 90°, 180° and 270°). 660 frames with ∆ω = 0.3° were acquired for each run. Three-

dimensional data were integrated and corrected for Lorentz-, polarization and background effects using the 

APEX3 software [1]. Structure refinement with weighted full-matrix least-squares refinements on F2 were 

carried out with SHELX-2012 [2] as implemented in the program suite WinGX 2014.1 [3]. 

All the tested crystals turned out to be single crystalline in nature and of good quality with sharp Bragg 

peaks; no evidence was found for any kinds of intergrowth or for diffuse streaks. The latter would be 

indicative for chemical inhomogeneity. The quality of the single crystals can also be judged from the 

calculated precession images shown in Figure S1. 

For 3 out of 15 tested crystals, full data sets were measured, the details of data collection, refinement 

and structural details can be found in Tables S1 to S3; indexing of all observed Bragg peaks proved the 

cubic, body centered, cell with space group symmetry ��3��. The crystal structure, obtained from the 

refinements is in very good agreement with the already reported ones [4–7]. An additional set of data, 

obtained from a crystal (FM_2), prepared and sintered following the procedures outlined in ref. [7], is 

included for comparison.  
 



    

Figure S1: Calculated precession image of the (hk0) and the (hk1) plane for the cubic Al-LLZO crystal, cleaved from 

the large single crystal named EK_Al1. 

 

As can be seen in Table S1, while the lattice parameters of the three single crystals EK_Ali (i = 1, 2, 3) are 

very similar, FM_2 reveals smaller lattice parameters. The latter single crystal was prepared by a solid-state 

route [7] and has directly been measured after finishing the synthesis. Following recent findings, this 

observations can be interpreted as a sign for a slight beginning Li+/H+ replacement caused by long-term 

storage of the oddments in humid air for approximately 4 months [5].  

As is commonly observed for Al-doped LLZO, Li+ distributes over two sites, the regular tetrahedral 

24d sites and the interstitial 96h sites. Analyzing residual electron density maps, no indications for Li on 

other positions were found. The tetrahedral Li1 site is filled to about 60% and is remarkably similar in all 

the four data sets collected, while the split-site Li2 (96h) is occupied to approximately 38 % in the fresh 

FM_2 sample. The chips from the large single crystal show a somewhat smaller occupation of ca. 34%, 

which is seen as a further indication of some beginning alteration. From the structure refinements, the 

smallest distance between Li atoms (Li1-Li2 position) is approximately 1.67 Å, the second smallest is ca. 

2.33 Å. The data are similar within the set of data from the Al-LLZO crystal, but show slight differences 

when compared with the results obtained for the freshly prepared crystal prepared by sintering. These very 

small differences do not encourage us to speculate on a small shift of Li2 position. All the other structural 

parameters are remarkably constant.  
  



Table S1: Crystal data and structure refinement for the Al-doped LLZO single crystals 

ID code EK_Al1 EK_Al2 EK_Al3 FM_2 

lattice parameter (Å) 12.9709(17) 12.9725(3) 12.9717(4) 12.9629(2) 

crystal size (mm3) 0.16 × 0.14 × 0.14 0.14 × 0.12 × 0.11 0.15 × 0.12 × 0.12 0.12 × 0.11 × 0.07 

collected reflections 32924 33012 26524 33025 

independ. reflections 459 458 453 456 

Rint (%) 4.10 3.77 4.03 2.98 

refined parameters 23 23 23 25 

goodness of fit on F2 1.338 1.324 1.394 1.534 

R1 (all data) (%) 2.36 2.49 3.335 1.86 

wR2 (all data) (%) 4.28 4.69 6.72 3.44 

largest diff peak/ hole 

(e Å−3) 

0.581 / −1.263 0.759 / −1.017 1.030 / −1.531 0.648 / −0.394 

EK_Ali  with i = 1, 2, 3 denote smaller crystals taken from a large single crystal; FM_2 is a small single crystal 
obtained from a solid-state sintering experiment at 1230 °C. For all data sets: data collection at 295(1) K, Mo 
Kα radiation, λ = 0.71073 Å, refinement on F2, cubic, space group ��3��, Z = 8. 

 

  



Table S2: Atomic coordinates, occupation factors and equivalent isotropic displacement parameters 

for Al-doped LLZO of this study. Ueq is defined as one third of the trace of the orthogonalized Uij tensor. 

Site EK_Al1 EK_Al2 EK_Al3 FM_2* 

La (24d) x 0.125 0.125 0.125 0.125 

 y 0 0 0 0 

 z 0.25 0.25 0.25 0.25 

 Occ. 0.995(9) 0.993(9) 0.986(7) 0.984(8) 

 Ueq. 0.01411(10) 0.01287(10) 0.00750(15) 0.00872(8) 

Zr (16a) x 0 0 0 0 

 y 0 0 0 0 

 z 0 0 0 0 

 Occ. 1.0 1.0 1.0 1.0 

 Ueq. 0.0172(4) 0.01139(17) 0.0057(2) 0.00675(13) 

Li1 (24d) x 0.375 0.375 0.375 0.375 

 y 0 0 0 0 

 z 0.25 0.25 0.25 0.25 

 Li Occ. 0.561(23) 0.575(24) 0.580(28) 0.584(17) 

 Al Occ. 0.05* 0.05* 0.05* 0.05* 

 Ueq. 0.025(7) 0.022(6) 0.013(3) 0.018(6) 

Li2 (96h) x 0.1000(14) 0.1004(16) 0.0987(19) 0.0957(11) 

 y 0.1887(16) 0.1877(18) 0.1899(21) 0.1887(12) 

 z 0.4258(16) 0.4267(18) 0.4263(20) 0.4240(2) 

 Occ. 0.349(16) 0.342(18) 0.343(21) 0.375(13) 

 Ueq. 0.022(6) 0.021(6) 0.016(7) 0.019(7) 

O (96h) x 0.10045(16) 0.10048(17) 0.1003(3) 0.09995(14) 

 y 0.19531(17) 0.19530(18) 0.1960(3) 0.19600(14) 

 z 0.28128(17) 0.28148(18) 0.2814(3) 0.28183(14 

 Occ. 1.0 1.0 1.0 1.0 

 Ueq. 0.0172(4) 0.0157(4) 0.0102(5) 0.0119(3) 

* = fixed during refinement to values obtained from chemical analysis. 

  



Table S3: Selected bond length for Al-substituted LLZO single crystals 

Distance EK_Al1 EK_Al2 EK_Al3 FM_2* 

La-O1 2.512(2) 2.514(2) 2.510(3) 2.5103(19) 

La-O1 2.585(2) 2.586(2) 2.595(3) 2.5944(18) 

Zr-O1 2.105(2) 2.105(2) 2.103(3) 2.1079(17) 

Zr-Li2 2.93(2) 2.92(2) 2.93(2) 2.914(15) 

Li1-O1 1.918(2) 1.917(2) 1.912(3) 1.9045(18) 

Li1-Li2 1.67(2) 1.67(2) 1.64(3) 1.605(14) 

Li2-Li2 2.32(2) 2.31(2) 2.34(3) 2.377(14) 

Li2-O1 1.88(2) 1.89(2) 1.88(3) 1.847(15) 

Li2-O1 2.14(2) 2.14(2) 2.12(3) 2.084(14) 

Li2-O1 2.16(2) 2.14(2) 2.18(3) 2.170(15) 

Li2-O1 2.25(2) 2.26(2) 2.23(3) 2.234(15) 

Li2-Li2 0.69(3) 0.67(2) 0.73(5) 0.81(3) 
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