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D. Prutsch,a M. Wilkeningab and I. Hanzu*ab
We report the first successful electrodeposition of Sn inside self-

organized anodic titania nanotubes. Several relevant electrochemical

parameters are identified and mechanistic aspects are briefly dis-

cussed. It appears that the role of the substrate is complex, titania

acting as a mediator for Sn electrodeposition.

Introduction

Over the last decades, one-dimensional nanostructured mate-
rials, such as nanowires, nanobers, nanorods and nanotubes
have attracted signicant attention following the combination
of size, shape and exciting physical and chemical properties.
The synthesis of transition metal oxide nanostructures with
controlled dimensions and chemical composition is today of
major importance, opening unmatched opportunities towards
photochemical, electronic, biomedical and environmental
applications. In particular, self-assembled, highly parallel TiO2

nanotubes fabricated by anodization (i.e. electrochemical
oxidation) of titanium have attracted signicant interest in the
past decade.1 These nanotubular structures, that usually feature
a relatively large surface area and a well dened geometry,
possess a unique combination of properties such as non-
toxicity, good chemical and mechanical stability, high oxida-
tive power, resistance to corrosion, photocatalytic activity,
environment-friendliness and even biocompatibility. These
outstanding features resulted in a continuously expanding
panel of proven applications including self-cleaning coatings,2

solar cells,3 gas sensing,4 switching electrochromic devices,5

rechargeable batteries,6 electrocatalysis,7 photocatalysis8 and
biomedical applications.9

Moreover, due to their highly ordered nanotubular structure,
TiO2 nanotubes can serve as an excellent substrate for further
aterials, Graz University of Technology,

l: hanzu@tugraz.at

Batteries, Graz University of Technology,
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loading with a second functional material such as metals (e.g.,
Ni, Ag, Pt)10–12 or semiconductors (e.g., CdS, ZnFe2O4, Cu2O)13–15

resulting in tubes with either enhanced or completely new
properties. Yang et al.16 found out that lling of the nanotubes
with Co–Ag–Pt increases the catalytic activity, while Fe3O4

introduces additional magnetic properties.17 Although, so far,
several approaches for the deposition of different materials into
titania nanotubes have been reported, electrodeposition is
probably the most cost-effective method to ll TiO2 nanotubes.
Liu et al.18 already reported on the electrodeposition of some
noble metals (Pt, Au, Ag) as well as Cu into anodic TiO2 nano-
tubes. However, to the best of our knowledge, there is hitherto
no report available that deals with the electrochemical embed-
ding of any base metals, such as Sn, into the inner volume of the
tubes. Nanostructured Sn-based materials were already
demonstrated as high-capacity anodes in Li-ion19,20 and Na-ion
batteries.21,22 Encapsulation of Sn metal is expected to prevent
coalescence of Sn nanoparticles, thus ensuring a longer cycle
life of the electrode.23 Also, it is possible to convert the Sn
nanostructures into SnO or SnO2 and obtain materials with
applications to solar cells,24 sensors25 and catalysis.26

Here we report, for the rst time, the partial lling of highly
ordered TiO2 nanotubes with Snmetal by electrodeposition using
a simple pulsed-current deposition technique. We briey discuss
on some relevant electrochemical parameters, morphology of the
deposits as well as on the apparent complexity of Sn electrode-
position onto anodic titania nanotubes.
Results and discussion

As mentioned above, electrodeposition of some noble metals as
well as Cu into anodic TiO2 nanotubes was earlier reported by Liu
et al.18 They used a pulsed current electrodeposition approach:
each short negative (reduction) current pulse (1 s) was followed by
a relatively long rest period (7 s) in order to allow the electrode
surface to replenish with aqueous cations by diffusion. So far, only
the inuences of the pulse length and the rest periods are dis-
cussed. The best conditions for electrodeposition are, however,
RSC Adv., 2016, 6, 98243–98247 | 98243
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still unclear. In general, electrodeposition on oxidic substrates is
notoriously difficult to conduct27 because numerous electro-
chemical parameters, whose values are initially unknown, may
signicantly inuence the deposition process. Thus, in order to
shed some light on this essential information and to quickly
identify the relevant parameters that lead to lling of the titania
nanotubes, the successful silver electrodeposition bath of Liu
et al.was used as a starting point. Cyclic voltammetry experiments
were carried out in a conventional 3-electrode electrochemical
conguration with a glassy carbon working electrode. In the
second step, the same experiments were done for the Sn-
containing electrodeposition bath. The results are shown in Fig. 1.

We noticed that Ag deposit already has a visible dendritic
appearance even at relatively low current densities of 3.6 mA
cm�2 while the Sn looked signicantly smoother on the surface
of the glassy carbon electrode even at a current density as high
as 15.4 mA cm�2. Dendritic electrodeposition of metals occurs
when the limiting diffusion current is exceeded, at least locally.
As the surface of the electrode is depleted on cation species,
inhomogeneous growth occurs. Once nucleated, the dendrites
grow very fast as the electric eld at their point tips is signi-
cantly higher than on the at surface of the electrode.

Based on the report of Liu et al. and on our observations it
appears that in order to successfully achieve the electrodepo-
sition of a metal inside the anodic titania nanotubes it is pref-
erable to work at high current densities, i.e., above the limit of
dendritic deposition. Since there were visual indications that
even at a current density of 15.4 mA cm�2 the Sn deposit still
had a smoother appearance than Ag we decided to drastically
increase the current density for the pulsed electrodeposition of
Sn in TiO2 nanotubes to 1 A cm�2 in order to achieve the
dendritic electrodeposition regime that seemed necessary.
First, a short reduction pulse (Ion ¼ �1 A cm�2, ton ¼ 0.5 s) was
applied in order to electrodeposit Sn followed by a rest period of
10 s to restore the tin concentration at the interface.
Fig. 1 Cyclic voltammograms of the electrodeposition baths for Ag
and Sn at a scan rate of 25 mV s�1 between 0.8 V and �1.5 vs. SCE.

98244 | RSC Adv., 2016, 6, 98243–98247
Fig. 2, le side, shows top-view (a) and cross-section (b)
Scanning Electron Microscopy (SEM) images acquired using
a Secondary Electrons (SE) detector. The images show the
titania nanotube layer on which Sn was electrodeposited aer
a total of 90 current pulses according to the pulsed electrode-
position procedure described above. On the right side, the same
regions are shown, however, imaged with a Back-Scattered
Electrons (BSE) detector which delivers SEM micrographs
featuring good chemical element contrast. The bright regions
correspond to the Sn deposit. It can clearly be seen that Sn has
been successfully embedded into the inner volume of the
nanotubes. It is also evident that Sn is not found in all the
nanotubes which means that electrodeposition does not occur
in a homogeneous manner. The presence of metallic Sn was
conrmed by X-ray diffraction (see ESI, Fig. S2†).

In Fig. 3 the corresponding potential response is shown.
Upon the application of the reduction pulse Ion, the potential of
titania nanotubes electrode drops to very low values of
approximately �9.5 V vs. SCE (Saturated Calomel Electrode).
Subsequently, a relatively small voltage recovery is recorded
over the entire duration of the current pulse (see the inset of
Fig. 3). This relative potential variation is consistent with
a typical chronopotentiometric response of an electrodeposi-
tion process. The enormous potential drop to �9.5 V can be
explained by the relatively low electronic conductivity of the
initial TiO2 nanotubes28 that lead to high ohmic drops. This
assumption is supported by the instant potential recovery to
approx. �1.5 V vs. SCE that occurs just aer the reduction
current pulse. Aerwards, from �1.5 V, also a relatively fast
recovery of the electrode potential was recorded; the potential
effectively reaches a stable value aer 6 s. Indeed, for the last 4
seconds of the rest period a variation of the electrode potential
of less than 25 mV has been found. This fast relaxation behav-
iour may be explained if we consider the stirring effect gener-
ated by the signicant hydrogen evolution at the electrode
which leave only small concentration gradients in the electro-
deposition bath at the end of the current pulse.

If we consider that at the beginning the electronic conduc-
tivity of anodic titania nanotubes is low, the preferred place for
the nucleation and grow of Sn should be at the bottom of the
nanotubes. This expectation is, however, not supported by
observation. In fact, the Sn appears to nucleate and grow from
the top towards the inner volume of the nanotubes (see ESI,
Fig. S1†). This intriguing behaviour is an indication of
a fundamentally different electrodeposition mechanism.
Indeed, it is known that it is possible to reduce TiO2 in aqueous
media and insert a signicant amount of protons in TiO2

nanotubes.29,30 The Ti3+ centres formed are, however, not stable
in aqueous media and Ti3+ re-oxidizes completely within
minutes back to Ti4+. It is then plausible to assume that the
deposition of Sn inside the nanotubes might occur according to
the following mechanism. First, the high current pulse reduces
TiO2 to HxTiO2. Since the Ti

3+ state is not stable, it is likely that
during the rest period Sn2+ is in fact reduced by the re-oxidation
of HxTiO2, thus, leading to the slow growth of Sn in the nano-
tubes with the nucleation point at the top of the nanotubes
rather than at the bottom. Thus the high current reduction
This journal is © The Royal Society of Chemistry 2016
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Fig. 2 Left: Secondary Electrons (SE) SEM images in top-view (a) and cross-section (b) of a TiO2 nanotube layer on which Sn has been deposited
using a pulsed electrodeposition technique. Right: The same regions imaged with a Back-Scattered Electrons (BSE) detector showing an
improved chemical composition contrast. It is obvious that Sn is indeed embedded inside the nanotubes. See text for further discussion of the
deposition mechanism.

Fig. 3 Chronopotentiometric curves recorded during the pulsed Sn
electrodeposition on anodic TiO2 nanotubes. See text for further
explanation.
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pulses might not directly lead to the Sn growth inside the
nanotubes but to the germination of Sn crystallites. These
crystallites may subsequently act as seeds for the relatively slow
growing of Sn during the rest periods. Obviously, according to
this scenario only the germs that have access to a sufficient Sn2+

ux will grow. The germs closer to the open top of the nano-
tubes will grow while those at the bottom will never develop
further. With each reduction pulse the Ti3+ reserve is replen-
ished and Sn growth inside the nanotubes continues, at points
where Sn2+ is available. In the case of electrodeposition, the
This journal is © The Royal Society of Chemistry 2016
nucleation of Sn on titania nanotubes substrates is instanta-
neous,31 i.e. all tin germs form at the beginning upon the
application of the current, with only growth of the germs
occurring thereaer. Since the rest period during the reduction
pulses is relatively long, each reduction pulse will also generate
new Sn germs within the nanotube layer. Consequently, there is
a direct dependence of the nanotube lling ratio on the number
of pulses applied (see ESI, Fig. S1†). This mechanism could
explain satisfactorily the wide distribution of the Sn deposits
length inside the nanotubes, as is clearly seen in Fig. 2. Hence,
the distribution width is a natural consequence of the variable
access to aqueous tin species as well as the different moment at
which the tin germs form and start growing.
Conclusions

We report, for the rst time, the electrodeposition of Sn inside
anodic titania nanotubes by using a high-current density pulsed
electrodeposition method. While at rst sight, it appeared that
dendritic electrodeposition is required to embed metals within
the inner volume of the nanotubes, the mechanism in the
present case seems to be quite different from that of classical
electrodeposition. It turned out that the growth of Sn inside the
nanotubes is much more complex than expected. We suggest
that it occurs through an indirect, redox-mediated mechanism
RSC Adv., 2016, 6, 98243–98247 | 98245
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in which the titania substrate most likely plays the role of redox
mediator. This could in fact constitute a more general route,
opening the way for the facile realization of highly regular
titania-base metal nanocomposites by easily practicable elec-
trochemical means.

Experimental

The Ag electrodeposition bath reported by Liu et al. (containing
0.05 M Ag2SO4, 1.5 M lactic acid; the pH was adjusted to 7 with
NaOH) was prepared and cyclic voltammetry experiments were
carried out in a classical three-electrode conguration with
a glassy carbon working electrode, a platinum gauze counter
electrode and a Saturated Calomel Electrode (SCE) in a Haber–
Luggin capillary that served as a reference electrode. Cyclic
voltammograms were recorded between �1.5 V and 0.8 V at
scan rates of 25 and 50 mV s�1 using a Parstat MC potentiostat
running Versa Studio soware. The same experiments were
done for a Sn deposition solution consisting of SnCl2 (0.25 M),
tribasic sodium citrate (0.5 M) and NaNO3 (1 M), whose natural
pH ¼ 6. For the preparation of the electrodeposition baths de-
ionized water (Millipore) was used. All experiments were
carried out at room temperature.

Titanium foils (99.7% purity, 0.25 mm thickness, Sigma
Aldrich) cut in small pieces of 12.5 mm � 12.5 mm were
ultrasonically cleaned in acetone, isopropanol and methanol
for 10 minutes, in this order, followed by rinsing with distilled
water and drying with compressed air. A two-electrode elec-
trochemical cell with the titanium substrate as working elec-
trode and a stainless steel counter electrode was used to
perform the anodic growth of the TiO2 nanotubes. In this cell,
the sample was pressed against a brass ring in order to ensure
a good electrical contact, while leaving a surface area of approx.
0.708 cm2 of the titanium substrate exposed to the anodization
bath. The electrolyte used consisted of 97.6 wt% ethylene
glycol, 2 wt% distilled water and 0.4 wt% NH4F. The electrodes
were connected to a precision DC power supply (Agilent
E3610A) and anodization was carried out at a constant voltage
of 60 V for 1 h. The as-anodized samples were then rinsed with
distilled water and dried with compressed air. In order to
achieve an ordered and highly-regular tube morphology
a second anodization step was applied. For this, the rst
nanotube layer was removed from the titanium substrate by
using an adhesive scotch tape and on the same titanium
substrate, aer ultrasonically cleaning in acetone, isopropanol
and methanol for 10 minutes, subsequent rinsing with
distilled water and drying with compressed air, TiO2 nanotubes
were grown under same conditions for 5 minutes. The ordered
dimples that cover the titanium substrate aer peeling off the
nanotube layer are acting here as nucleation sites for the
titania nanotube growth in the second step. To form an oxide
sealing layer underneath the titania nanotubes the samples
were anodized again in a solution of 0.2 M H3PO4 in ethylene
glycol at 20 V for 10 min in a two electrode system with
a stainless steel counter electrode. Finally the as-prepared
samples were rinsed with distilled water and dried with
compressed air.
98246 | RSC Adv., 2016, 6, 98243–98247
Partial lling of the TiO2 nanotubes was accomplished by
using a pulsed galvanostatic method. The electrodeposition
experiments were carried out in a classical three-electrode
conguration with the nanotube layer on the titanium
substrates as working electrode, a platinum gauze as counter
electrode and a Saturated Calomel Electrode as reference. The
samples were t in the same electrochemical cell that was
already used for the anodization process, so that only the
nanotube layer (an area of 0.708 cm2) on the titanium
substrate was exposed to the Sn deposition solution. The
electrolyte for the electrodeposition of Sn metal was a mixture
of SnCl2 (0.25 M), tribasic sodium citrate (0.5 M) and NaNO3

(1 M), pH 6. All solutions were prepared with de-ionized water
(Millipore). For Sn deposition a current pulsing approach with
a short pulse of negative current (Ion ¼ �1 A cm�2, ton ¼ 0.5 s),
followed by a delay time (Ioff ¼ 0 A cm�2) of toff ¼ 10 s was used.
Different number of pulses (2, 5, 10, 20 and 90) was applied in
order to follow the degree of tube lling. All electrodeposition
experiments were performed at room temperature using
a multichannel VMP-3 potentiostat equipped with a 20 A
current booster kit from Biologic Science Instruments running
EC-LAB-soware (v.10.34). Aer Sn deposition the samples were
rinsed with Millipore de-ionized water and carefully dried with
compressed air. Scanning Electron Microscopy (Zeiss Ultra 55
and Vega Tescan) was employed for the morphological charac-
terization of the lled TiO2 nanotubes. SEM cross-section
images were taken from samples that were scratched just
before placing them in the SEM vacuum chamber.
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Long-Cycle-Life Na-Ion Anodes Based on Amorphous Titania
NanotubesInterfaces and Diffusion
Denise Prutsch, Martin Wilkening, and Ilie Hanzu*

Institute of Chemistry and Technology of Materials, Graz University of Technology, Stremayrgasse 9, 8010 Graz, Austria

ALISTORE-ERI European Research Institute, 33 rue Saint Leu, 80039 Amiens, France

ABSTRACT: Amorphous self-assembled titania nanotube layers are fabricated by
anodization in ethylene glycol based baths. The nanotubes having diameters
between 70−130 nm and lengths between 4.5−17 μm are assembled in Na-ion test
cells. Their sodium insertion properties and electrochemical behavior with respect
to sodium insertion is studied by galvanostatic cycling with potential limitation and
cyclic voltammetry. It is found that these materials are very resilient to cycling,
some being able to withstand more than 300 cycles without significant loss of
capacity. The mechanism of electrochemical storage of Na+ in the investigated
titania nanotubes is found to present significant particularities and differences from
a classical insertion reaction. It appears that the interfacial region between titania
and the liquid electrolyte is hosting the majority of Na+ ions and that this interfacial
layer has a pseudocapacitive behavior. Also, for the first time, the chemical diffusion
coefficients of Na+ into the amorphous titania nanotubes is determined at various
electrode potentials. The low values of diffusion coefficients, ranging between 4 ×
10−20 to 1 × 10−21 cm2/s, support the interfacial Na+ storage mechanism.

KEYWORDS: TiO2 nanotubes, Na-ion batteries, interfaces, faradaic adsorption, diffusion

1. INTRODUCTION

Apart from the already well-established Li-ion technology, an
emergent area of interest in advanced electrochemical energy
storage is constituted by the sodium ion (Na-ion) technol-
ogy.1−3 In principle, instead of using Li ions in the ionic
internal circuit of the battery, these systems make use of Na
ions. It is interesting to notice that this field was studied early in
the 1980s,4 long before the commercialization of Li-ion
technology and that the field was almost abandoned following
the commercial success of Li-ion systems. There is renewed
interest in Na-ion systems for various economical and political
reasons, such as very low cost and very good availability of
sodium in comparison to lithium, sodium resources are evenly
distributed with respect to economically viable lithium
containing minerals etc. Although Na-ion batteries based on
insertion chemistry are, in general, expected to have lower
specific capacity and energy than Li-ion systems, it is plausible
that Na-ion technology may be a solution of choice for
medium- and large-scale application, such as household
batteries, designed to secure and buffer the power supply
from local renewable sources (e.g., photovoltaics) or even grid-
relevant batteries. It is obvious that a low cost as well as an
extended cycle-life would represent very valuable assets.
However, sodium chemistry in Na-ion galvanic cells is, more
often than not, different from lithium. Many particularities are
poorly understood and require consistent further study as it is
only seldom possible to directly translate the knowledge
accumulated in the last two decades for lithium, to the sodium
systems.

Historically, the first compounds that were shown to
reversibly intercalate sodium ions belong to the category of
metal oxide bronzes,5 that are nonstoichiometric ternary oxides
containing an alkali metal and at least one transition metal that
may take at least two stable oxidation states. Various sodium
bronze phases containing Co6,7 and Mn8 were early
demonstrated to be electrochemically active with respect to
Na insertion reaction. Since then, these materials have been
significantly improved9 and a large variety of other new
compounds emerged, such as transition metal fluorides,10

phosphates11 and fluorophosphates,12,13 olivines,14 NASICON
framework compounds,15 etc. It has to be noted that all these
materials will undergo a reaction with sodium ions at high
potential vs Na+/Na reference redox couple, a property that
makes them suitable as positive electrode (cathode) materials.
On the other hand, there is a relatively limited choice of

suitable compounds operating at low Na+ insertion potentials
and thus able to serve as negative electrode (anode) active
materials. It would appear that research on anode materials is
lagging behind the development of cathode materials. On short,
only hard carbon materials,16−18 few titanium containing
phases,19−23 as well as some Sn−Sb/C intermetallic nano-
composites,24−28 Sn−Cu alloys29 and nanostructured Ge30

were hitherto reported to present significant sodium storage
capacities at low potentials. Many of these materials have less
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than optimum cycle-life. The surface passive films (solid
electrolyte interphase, SEI) occurring on Na-ion anodes tend to
be unstable and are unfortunately poorly understood, in spite of
some encouraging recent developments.31,32 Thus, research
efforts aimed toward synthesis, fabrication, and development of
new materials would be fully justified and required in order to
achieve high-quality, long-lasting negative electrodes.
From the very beginning, it has been noted that the use of

metallic sodium is considered impractical in a real cell. Sodium
has a low melting point of 97.7 °C, which is much lower than
the melting point of lithium (180.5 °C), a higher reactivity with
air, moisture, organic compounds, etc., and a pronounced
tendency to form dendrites during Na plating when the cell is
recharged. In fact, the use of metallic sodium in a galvanic cell is
expected to be even more troubling than lithium, an old issue
that has not been satisfactorily solved yet, in spite of at least
three decades of research efforts. Thus, high performance host
materials that are able to reversibly insert Na+ at low potentials
are sorely needed.
Some time ago, carbonaceous materials mainly consisting of

various nongraphitic phases, also known as hard carbons, were
shown to present useful sodium storage capacities33 and
reasonable cycling behavior. However, much of their reversible
capacity occurs close to 0 V vs Na+/Na.17 Such low operating
potentials may easily lead to highly undesired, finely divided,
metallic Na plating on the electrode upon the slightest
electrode overcharge. Needless to say that such a situation
would compromise the safety of any electrochemical system
and, therefore, materials with slightly higher insertion potentials
would be desirable.
Although the existence and synthesis of sodium titanium

bronzes was proven decades ago,34,35 the use of titanium-based
materials for negative electrodes in Na-ion batteries was only
recently demonstrated. The sodium titanate phase Na2Ti3O7
was shown to have one of the lowest sodium insertion potential
for an oxide material,36 approximately 0.3 V vs Na+/Na, just
above the electrochemical potential of hard carbons, a
characteristic that would ensure reasonable built-in safety of
an eventual Na-ion device. Another interesting material is
titania which has relatively re-emerged as a possible negative
electrode material for Li-ion batteries37−39 showing high and
very high rate capability and good cycling behavior. Titania is
associated with low environmental costs and excellent
availability. Although some initial reports showed that anatase
titania cannot reversibly insert sodium,40 very recently,
nanostructured TiO2 was in fact demonstrated to be able to
serve as a host material for sodium ions.41 It appears that a
carefully controlled (nano)crystalline structure and morphology
of these materials, as well as a careful selection of electrolyte
formulation, ensure the good cycling behavior of nano-
structured anatase.
In this paper, we present an electrochemical study of sodium

insertion into self-assembled amorphous titania nanotubes
prepared by electrochemical oxidation (anodization) in non-
aqueous electrolytes based on ethylene glycol. The highly
parallel titania nanotubular arrays were tested using common
electrochemical techniques in the absence of any other
additives such as conductive agents or binders. Galvanostatic
cycling was carried out routinely for 200 cycles or more. The
results offer a valuable insight into the characteristics, behavior,
and storage mechanisms of this interesting and relatively new
class of materials that broaden the choice of negative Na-ion
active materials.

2. EXPERIMENTAL SECTION
2.1. Synthesis of TiO2 Nanotubes. Titanium foils (99.7%, 0.25

mm thick, Sigma-Aldrich) were cut in small square pieces (12.5 by
12.5 mm). These substrates were ultrasonically cleaned in acetone,
isopropanol and methanol, in this order, for 10 min, in each of the
above-mentioned solvents. Subsequently, these samples were rinsed
with distilled water and quickly dried with compressed air. For
anodization, an electrochemical cell in a two-electrode configuration
with the titanium foil as working electrode and a stainless steel plate as
counter electrode was used. In this cell, the sample was pressed against
a brass ring to ensure a good electrical contact, while leaving a surface
area of 0.708 cm2 of the titanium substrate exposed to the anodization
bath, which consisted of 0.4 wt % NH4F, 2 wt % distilled water, and
97.6 wt % ethylene glycol. For the experiments, the cell was connected
to a precision DC power supply (Agilent E3610A) and anodization
was carried out at several constant voltages (30, 40, 50, and 60 V) and
for various time intervals (30 min, 1 and 2 h). Finally, the as-anodized
samples were ultrasonically cleaned in distilled water for 15 s and dried
with compressed air. All experiments were done at room temperature
at approximately 23 (±1)°C.

2.2. Electrochemical Characterization. Na half-cells were
assembled in pouch-type cells (Dai Nippon Printing Co., Ltd.) using
sodium metal (ACS reagent, Sigma-Aldrich) as counter and reference
electrode and two sheets of a nonwoven material as separator
(Freudenberg FS 2190). The cells were assembled with the
aforementioned titania films (9.5 mm in diameter) supported on a
Ti foil 12.5 by 12.5 mm as the working electrode and a Na foil, 14 by
14 mm, approximately 2 mm thick, as the counter electrode. A smaller
piece of sodium,was used as a reference electrode of the first kind. The
electrolyte consisted of a solution of 1 M NaClO4 in propylene
carbonate. Galvanostatic charge/discharge cycling of the sodium half-
cells was carried out at constant current rates of 50 mA/g and 25 mA/
g in the potential ranges of 0.8−2 V and 0.1−2 V vs Na+/Na,
respectively. Cyclic voltammograms were recorded between 0.1 and 2
V at different scan rates (0.05, 0.1, 0.2, 0.5, 1, 2, 5, and 10 mV/s). Both
galvanostatic cycling as well as cyclic voltammetry experiments were
performed at room temperature using a multichannel MPG-2
potentiostat from Biologic Science Instruments running EC-LAB
VIO-34 software. Cycled electrodes used for analysis were removed
from the cells and cleaned by thoroughly rinsing with propylene
carbonate (anhydrous, 99.7%, Sigma-Aldrich) and dimethyl carbonate
(anhydrous, ≥ 99%, Sigma-Aldrich). All assembling and disassembling
operations of the cells were carried out in a glovebox under an argon
atmosphere with O2 and H2O vapor concentrations lower than 1 ppm.

2.3. Composition and Morphological Characterization.
Scanning electron microscopy (INCA X-act Penta FET Precision
TESCAN) was employed for the morphological characterization of the
pristine TiO2 nanotubes. To obtain the composition and the
morphology of the cycled samples, we used a scanning electron
microscope equipped with an EDX-detector (ZEISS Ultra 55). SEM
cross-section images were taken from samples that were intentionally
scratched just before placing them into the SEM vacuum chamber.

3. RESULTS

SEM (scanning electron microscope) pictures of the pristine
samples are presented in Figure 1. It can be noticed that the
nanotubes have various diameters and lengths that are directly
determined by the anodization conditions. The dependence of
the tube diameter on the voltage applied has already been
established in the literature.42 Thus, in our case, the smallest
tube diameter, of approximately 70 nm, is observed when
anodization is done at 30 V, 100 nm at 40 V, 120 nm at 50 V,
and 130 nm at 60 V. The lengths of the nanotubes increase
with the anodization time, the voltage and etching rate.42 It was
found that after anodization at 30 V for 2 h the nanotubes
length was approximately 4.5 μm, at 40 V after 2 h the tubes
were approximately 8 μm long, at 50 V after 1 h the tubes were
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9.1 μm long, whereas at 60 V after 1 h, the tube length was 17.3
μm.
Galvanostatic cycling with potential limitation was used to

investigate the electrochemical Na+ storage capacity of the
nanotubular layers presented in Figure 1. For all these
experiments the vacuum-dried nanotube layers were assembled
in pouch cells using a Na metal foil as the counter electrode and
a small piece of metallic sodium as reference electrode. The
electrolyte used was 1 M NaClO4 dissolved in anhydrous
propylene carbonate (PC). Two lower cutoff voltage limits
were used: 0.8 and 0.1 V, both measured vs Na+/Na reference.
The upper voltage limit was always 2 V vs Na+/Na reference.
The results of the galvanostatic cycling experiments carried out
between 0.8 and 2 V vs Na+/Na are shown in Figure 2.
One of the most remarkable features of these highly parallel

titania nanotubes is their ability to withstand a large number of
cycles without significant loss of capacity, as illustrated in Figure
2. The majority of the investigated samples present a so-called

capacity enhancement behavior occurring in the first cycles, a
fact that has recently been reported in the literature.22 It can be
noticed in Figure 2 that the capacity increases over the first 10−
20 cycles from a relatively low initial value. The specific capacity
passes then through a maximum value, finally followed by the
stabilization of the capacity at slightly lower values for the next
200 cycles. Furthermore, some self-improvement of the
reversible capacity can be also noticed for most of the samples
prepared at anodization voltages of 40, 50, and 60 V, when the
cycling rate is halved to 25 mA/g, after the nanotubes were
cycled at 50 mA/g during the first 100 cycles. It can easily be
noticed that the values of the specific capacities are strongly
dependent on the dimension of the nanotubes, which are, at
their turn, obviously dictated by the anodization conditions. A
summary of the recorded capacities at several selected points
during cycling is given in Table 1.
To evaluate the behavior of these materials also at low

potentials, we extended the lower potential limit used for
galvanostatic cycling from 0.8 to 0.1 V and the sample was
cycled between 0.1−2 V. These measurements were done after
the samples were already cycled between 0.8−2 V. The results
of the galvanostatic cycling of titania nanotubes between 0.1
and 2 V vs Na+/Na are shown in Figure 3. It is obvious that the
situation changes dramatically when the lower potential limit
used for galvanostatic cycling is extended to 0.1 V. In spite of a
somewhat higher initial capacity, all the samples present a
continuous decay of capacity with cycling. Whereas the
difference between charge and discharge was barely visible
when the potential was limited to 0.8 V, lowering the cycling
limit to 0.1 V leads to high irreversibility and continuous
capacity fading over the entire duration of the cycling, as clearly
illustrated in Figure 3.
To understand the behavior of these titania nanotubes with

respect to the Na+ insertion reaction, cycling voltammetry
experiments were performed at various scan rates between 0.1
and 2 V vs Na+/Na reference. These results, presented in

Figure 1. SEM pictures of anodized samples at (a) 30 V for 2 h, (b) 40
V for 2 h, (c) 50 V for 2 h, (d) 60 V for 1 h. Left, top-view, right, cross-
section. All samples present the highly parallel nanotubular
morphology. The pore diameter is determined by the anodization
voltage while the length of the nanotubes is determined by the
anodization time, the voltage, and the etching rate.

Figure 2. Galvanostatic cycling vs Na of various titania nanotube layers
fabricated in different anodization conditions. The samples were cycled
between 0.8 and 2 V vs Na+/Na at two different rates: 50 mA/g during
the first 100 cycles followed by 25 mA/g for the following cycles. The
stable value of reversible capacity, reached after several tens of cycles, is
strongly dependent on the dimension of the nanotubes.
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Figure 4, correspond to a sample anodized at 50 V for 2 h. Very
similar behaviors were recorded for samples anodized at 30 and
40 V for 2 h. It can be seen that titania nanotubes do not
present any discernible reduction or oxidation peaks associated
with the reversible insertion of Na+ into TiO2 and the
electrochemical reaction takes place over a very large potential
domain. This may be understood if we consider that these
materials do not undergo a phase transition during the
electrochemical reaction with Na+, a situation that has
previously been reported for Li+ insertion in amorphous titania
nanotubes.43 Indeed, in the case of a single phase mechanism,
the electrochemical potential of the titania nanotubes varies
continuously with the sodium content (vide infra Section 4.1.).

Some small changes in the voltammogram slope during the
cathodic scan in the regions close to 0.1 V vs Na+/Na may
indicate the onset of some processes having slightly different
kinetics that could not be clearly identified. The only clear peak,
centered at approximately 0.4 V vs Na+/Na, although still very
broad, can be observed only in the first scan done at a sweep
rate of 0.05 mV/s. This irreversible peak, not observed on
subsequent cycles, has its likely origin in impurities such as
water, ethylene glycol or other anodization compounds that
could not be removed after the anodization process. Afterward,
all the processes involved show a relatively good reversibility,
irrespective of the sweep rate. Indeed, a good overlap is
observed for the two cycles carried out at each sweep rate, the
only exception being the very first scan as shown before (see
above).
Although at slow sweep rates the cathodic part of the cyclic

voltammogram is not matched by a symmetrical anodic part, at
fast sweep rates it can be noticed that the symmetry of the

Table 1. Overview of the Reversible Na+ Storage Capacity
(mAh/g) of Anodic Titania Nanotubes

cycling rate

50 mA/g 25 mA/g

sample
V

limit
1st
cycle 5th

max @
cycle no. 50th 100th 150th 200th

30 V
2 h

0.8 51 74 78@11 71 71 71 68

40 V
2 h

0.8 30 46 60@13 53 53 63 64

50 V
2 h

0.8 17 26 36@14 29 29 39 41

50 V
1 h

0.8 21 34 49@19 47 47 55 56

60 V
0.5 h

0.8 24 44 no max 65 65 70 64

40 V
2 h

0.1 152 150 154@2 120 96 54 40

50 V
2 h

0.1 141 143 146@2 106 67 51 37

50 V
1 h

0.1 135 131 138@2 84 60 50 40

Figure 3. Galvanostatic cycling vs Na of various titania nanotubes
prepared in different anodization conditions. The samples were cycled
between 0.1 and 2 V vs Na+/Na after previous cycling between 0.8 and
2 V for 200 to 300 times. The same cycling rates were used: 50 mA/g
for the first 100 cycles followed by 25 mA/g for the following cycles.
The samples present significant capacity fading over cycling when the
potential limit is lowered to 0.1 V.

Figure 4. Cyclic voltammetry of an amorphous titania nanotube layer
fabricated by anodization at 50 V for 2 h at various sweep rates ranging
successively from 0.05 mV/s to 10 mV/s. The experiment was carried
out in a solution of 1 M NaClO4 in PC (propylene carbonate) in a
three-electrode cell configuration. The working electrode was the
titania nanotube while the counter and the reference electrodes were
made of metallic sodium. With the exception of the broad irreversible
reduction peak at approximately 0.4 V in the first cycle (at 0.05 mV/s),
no other peaks are observed pointing to an insertion mechanism that
occurs without a phase transition.
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cathodic sweep with respect to the anodic sweep increases until,
at a sweep rate of 10 mV/s, the cyclic voltammetry curve is, to a
much larger extent, symmetrical. This behavior points to a
change in mechanism at fast sweep rates above 2 mV/s. Indeed,
it may be possible that electrochemical insertion followed by
(slow) Na+ diffusion into the nanotube walls is dominating at
slow sweep rates, whereas pseudocapacitive behavior is more
prominent at fast sweep rates.
After galvanostatic cycling experiments carried out for a total

of 400 cycles, the cells were stopped in the charged state, i.e., in
a reduced state, with the nanotubes at their highest sodium
content. The cells were then opened and the morphology of
the samples was analyzed again by SEM, while EDX (energy-
dispersive X-ray spectroscopy) was used to establish their
composition. The results are presented in Figure 5. It can be
noticed that, in spite of the prolonged cycling to which all the
samples were submitted to, the integrity of the films and their
nanotubular structure is fully retained with no visible signs of
damage. Another feature is represented by the layer found on
top of the nanotubes after cycling. Although present in all
samples, this layer is clearly visible on top of the nanotube layer
prepared at 30 V for 2 h. This layer is rich in sodium and
oxygen while the titanium content is low. Taking into account

the low potential limit to which these layers were cycled, it is
possible that these layers are in fact made of decomposition
products from the electrolyte that form at the nanotubular
electrode during cycling, in an analogous way to the well-
known SEI (solid electrolyte interphase) that occurs in Li-ion
batteries. However, the Na-based film observed here does not
appear to have the self-limiting properties of a passivation film.
Instead, a continuous capacity decay is observed whenever the
nanotube samples are exposed to low potentials, i.e., by cycling
down to 0.1 V.
Another interesting feature is the sodium distribution within

the nanotubular layer. It can be noticed that the sodium
content is decreasing from the top to the bottom of the
nanotube layer. This is even more remarkable when considering
that all the samples were at rest for 7−10 days before cell
opening and preparation for the SEM observation. The fact that
the sodium concentration is not equilibrated after a relatively
long time points toward a slow Na+ diffusion process in the
titania nanotube film.

4. DISCUSSION
4.1. Galvanostatic Cycling and Crystallinity. It has to be

noted from the very beginning that no potential plateau was

Figure 5. Cross-section SEM images of nanotube layers anodized at (a) 30 V for 2 h, (b) 40 V for 2 h, and (c) 60 V for 30 min after galvanostatic
cycling. In all these pictures, the TiO2 nanotubes are oriented with their open end at the top of the SEM micrographs. The numbered rectangles
indicate the areas from which EDX spectra were recorded. The results of the EDX analyses are given in the tables on the right side. Chlorine was
used to check if the washing of the nanotubes with propylene carbonate (PC) was complete, because the electrolyte was 1 M NaClO4 in PC.
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observed for any of the studied samples during galvanostatic
cycling. Instead, a continuous and rather featureless variation of
the electrode potential is recorded, as clearly illustrated on the
example shown in Figure 6. The absence of a definite plateau

on the potential-capacity profile acquired during galvanostatic
cycling is an indication that the electrochemical insertion of
Na+ occurs without phase change. The transition between
charged and discharged states involves a state analogous to a
solid solution, in which the stoichiometry of the chemical
compound varies continuously. Consequently, as a function of
the phase composition, its electrochemical potential will show a
continuous, sloped variation without any discernible plateaus or
shoulders. Also, while sodium ions are inserted and diffuse into
the titania structure, electrons are injected in the conduction
band of titania. The nanotubes become thus a degenerated
semiconductor and their electrical conductivity will increase.
From a chemical point of view this translates into having some
Ti4+ ions reduced to Ti3+ ions. The above-described behavior is
similar to the insertion of H+ into γ-MnO2; Mn3+/Mn4+ are
effectively forming a solid solution.44

A common feature of all the anodic titania nanotubes studied
here is their amorphous structure. Repeated X-ray diffraction
experiments do not indicate the presence of any long-range
crystalline ordering in any of the studied samples. These
materials produced by relatively short duration anodization
procedures are amorphous after preparation and they preserve
their amorphous structure when stored at room temperature.
To investigate the effect of crystallinity/amorphicity upon the
cycling behavior of titania nanotubes, we annealed some
samples at 350 °C for 2 h under argon. After thermal treatment,
it is possible to clearly identify the reflections corresponding to
anatase (Figure 7b). The Na+ insertion behavior of this
crystalline sample is very different from the amorphous, low
temperature anodic titania as it can be seen in Figure 7a. The
striking feature is represented by the very low capacity recorded
for the annealed sample in comparison to the amorphous ones.

Although the morphology of the nanotube layers is preserved
after annealing, they do not appear to be able to insert an
appreciable quantity of Na+ when they contain a significant
amount of anatase phase. The reason for the capacity reduction
when the nanotubes are converted into anatase is not properly
understood today and it appears that the behavior of crystalline
anodic nanotubes with respect to the electrochemical reaction
with sodium is very complex. It was shown in a very recent
report45 that anatase exhibits lower capacity than amorphous
nanotubes, in a manner similar to our observations. However,
the same authors report that a mixture of anatase and rutile
nanotubes or a mixture of rutile and a sodium titanate phase

Figure 6. Typical charge/discharge curves corresponding to the
electrochemical insertion of sodium ions into anodic amorphous
titania nanotubes recorded at selected instances during the cycling of
these materials. The graph presented here corresponds to a sample
that has been fabricated by anodization at 30 V for 2 h. There are no
voltage plateaus that can be positively identified, pointing to a single-
phase storage mechanism.

Figure 7. (a) Galvanostatic cycling between 0.8−2 V vs Na+/Na of a
sample annealed in Ar at 350 °C for 2 h compared with an as-prepared
pristine sample. The capacity of the annealed sample, that shows the
reflections of anatase phase, is much lower than the pristine sample.
(b) X-ray diffraction patterns of one titania nanotube sample
incrementally annealed at the listed temperatures. The anatase
reflections are marked with “A”, the unmarked reflections correspond
to the titanium substrate.

ACS Applied Materials & Interfaces Research Article

DOI: 10.1021/acsami.5b07508
ACS Appl. Mater. Interfaces 2015, 7, 25757−25769

25762

http://dx.doi.org/10.1021/acsami.5b07508


may actually lead to an increase of capacity. The reasons for
these capacity variations are hitherto not fully understood. It
can also be noticed that the capacity tends to increase slowly
but steadily during the extended galvanostatic cycling of this
crystalline sample, a situation that has also been recently
reported in the literature.41 One possible explanation would be
to consider that at least some regions of the sample undergo a
slow reconversion to an amorphous structure during the
reversible Na+ insertion reaction. Because Na+ insertion into
anodic titania nanotubes can clearly be observed to proceed at
higher capacities when carried out on amorphous samples, it
may be plausible that when Na+ insertion is carried out on
crystalline anatase titania, amorphous domains may develop
and this may lead to higher capacities. This steady increase in
capacity is in good agreement with some very recent reports
where an increase in capacity during Na+ insertion into
nanostructured anatase occurs slowly during cyclic voltammetry
experiments.41

4.2. Surface Storage vs Bulk Storage. A closer look at
the cycling voltammetry data acquired at different sweep rates
provides an insight into the behavior of anodic titania
nanotubes at micro- and nanoscale level. Figure 8 shows the
cyclic voltammetry data that has been normed to the geometric
volume of the sample. This volume was simply calculated by
multiplying the anodized area, i.e., 0.708 cm2 for all the
samples, with the thickness of the films determined from SEM
cross-sections.
On the one hand, it can be noticed that, regardless of the

anodization conditions, all the samples have an identical
behavior at slow sweep rates. The recorded values of the
volume-normed current overlap almost perfectly; this overlap
was recorded up to a sweep rate of 2 mV/s. This behavior is a
strong indication that, regardless of the anodization conditions,
the amount of electroactive surface per unit of volume is
identical for all the samples and that there is no qualitative
difference in the electrochemical properties of the samples
anodized at 30, 40, or 50 V. Because the length of the
nanotubes and their diameters are different, it is very likely that
all the available inner and outer surfaces are well-soaked in the
electrolyte and that the wetting of the nanotubes is not
influenced by the physical dimensions of the nanotubes. Thus,

because nanotubes having different dimensions yield identical
current response, it is very plausible that the entire inner surface
is in fact electroactive and that, from an electrochemical point
of view, all three samples studied appear to have very similar
surface properties. It has to be noted at this point that by the
electroactive surface area we understand the total surface area
contained in the nanotube layer, mainly the inner and outer
nanotube surfaces, that is in ionic contact with electrolyte.
Given the observed morphology of the samples, composed of
high-aspect-ratio nanotubes, the electroactive surface is clearly
expected to be significantly higher than the anodized area,
which was deliberately and accurately kept constant for all
experiments.
The lack of a current dependence on the length of the

nanotubes means that ohmic drops in the titania nanotube films
are small and that their influence upon the current response can
be neglected in cyclic voltammetry experiments that are carried
out at sufficiently low sweep rates, i.e. not exceeding 2 mV/s.
Consequently, there is an even electrical potential distribution
over the entire electrochemically active surface of the samples,
irrespective of the particular conditions used for preparation
and the dimensions of the nanotubes. In these conditions, it is
possible to effectively control externally, through the
potentiostat, the potential on the electroactive surface of the
electrodes and accurately record its electrochemical response.
Because the ohmic drops are negligible in the anodic titania
layer, the potential of the electroactive surface follows
accurately the applied potential.
On the other hand, for sweep rates higher than 2 mV/s (i.e.,

5 and 10 mV/s) the situation changes. At these relatively fast
sweep rates, the ohmic drops influence significantly the current
response. At 5 and 10 mV/s, the longer the nanotubes, the
lower are the recorded currents, respectively, due to, in this
case, non-negligible ohmic drops. The potential is probably not
evenly distributed along the nanotubes and, very likely, there
will be a difference in potential between the top of the
nanotubular layer and the bottom. Thus, although the longer
nanotubes would certainly have a much higher total unfolded
area than the short tubes and they are as well soaked in
electrolyte (see above), not all the area in contact with
electrolyte is in fact electroactive and on significant regions no

Figure 8. Cyclic voltammetry data normalized to the geometric volume of the titania nanotube film for the slowest (0.05 mV/s) and the fastest (10
mV/s) sweep rates used. While at slow sweep rates the ohmic drops can be neglected and the samples behave in identical manner, at relatively fast
sweep rates the ohmic drops in the nanotubular electrodes are significant.
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electrochemical reaction may take place at fast sweep rates.
This situation is clearly illustrated in Figure 8, where it can be
seen that at 10 mV/s, the lowest volume-normed currents are
recorded for the longest tubes (50 V 2 h, 14.2 μm long) while
the shortest tubes (30 V 2 h, 4.5 μm long) exhibit the highest
current values since the ohmic drops on the shortest tubes are
expected to be the lowest. Therefore, for subsequent analysis,
only the cyclic voltammetry data acquired at sweep rates
between 0.05 and 2 mV/s were used.
The very broad current response recorded for all the samples

during cyclic voltammetry experiments points toward non-
Nernstian electrochemical reactions that may be best described
by quasi-reversible or irreversible kinetics for which the mass
transport phenomena represent the rate limiting step, mass
transport being several orders of magnitude slower than the
electrochemical charge transfer. If the reaction rate of an
electrochemical reaction is limited by diffusion phenomena,
then the recorded current in a cyclic voltammetry experiment
should present a linear dependence on the square root of the
sweep rate. The actual relation is given by a modified form of
the Randless−Sevcik equation deduced for non-Nernstian,
irreversible kinetics, reactions46

α= ⎜ ⎟
⎛
⎝

⎞
⎠i nFACD

nF
RT

v0.4958 1/2
1/2

1/2

(1)

were i represents the peak current in amps, n represents the
number of electrons exchanged in the electrochemical reaction,
in this case 1, F is the Faraday constant (96485 C mol−1), A is
the inner total electroactive area of the porous electrode in cm2,
C is the concentration of electroactive redox centers in the
insertion electrode, i.e. in the present case the concentration of

Ti centers in TiO2 lattice in mol cm−3, D is the chemical
diffusion coefficient of inserted species (Na+) into the host
lattice in cm2 s−1, α is the transfer coefficient of the
electrochemical insertion reaction and can usually be taken as
0.5, and v is the sweep rate in V s−1. R is the ideal gas constant
(in J mol−1 K−1) and T is the absolute temperature (K).
However, a plot of the recorded currents with respect to the

square root of the sweep rate is far from being linear as
illustrated in Figure 9. No matter at what potential the current
was read, for both cathodic and anodic scans there are
significant and systematic deviations from linearity.
The direction in which this deviation from linearity occurs

has an important significance. It is obvious from Figure 9 that
the deviation is positive, i.e., the recorded current increases
faster than the expected linear behavior when plotted vs the
square root of the sweep rate. This behavior could be explained
by the so-called capacitive effects that appear to play a
significant role in the sodium storage mechanism. In a first
approximation, the faster-than-linear increase of the current
with respect to the square root of the sweep rate would stem in
the surface, or near surface storage of sodium ions without
significant diffusion of Na+ ions into the titania. To preserve the
electroneutrality of the surface that is now loaded with Na+

ions, we reduced the Ti4+ ions in the vicinity of the surface to
Ti3+. This situation can also be described in reverse: the
tetravalent titanium centers are reduced electrochemically to
trivalent titanium ions and the Na+ ions that are consequently
bound on the surface would compensate the negative charge
that has been injected in the conduction band of titania. The
spatially separated negative charges (electrons on Ti centers)
and positive charges (Na+) on the surface form the virtual

Figure 9. Left: Current values read at a potential of 1 V vs Na+/Na reference plotted with respect to square root of the sweep rate for the anodic and
cathodic scans. There are significant and systematic deviations from the linear behavior that would be expected for electrochemical processes that are
limited by mass transport (diffusion) phenomena. Right: Log−Log plot of the anodic current values (Na extraction) at 1 V vs the sweep rate. The
dotted lines on the right graph are the fits according to the power law from eq 2.
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armatures of a capacitor, this configuration resembling the
double electrical layer that is ubiquitous at any electronic
conductor/electrolyte interface. This Na+ surface storage
phenomenon, which is not limited by sodium diffusion into
titania, leads to higher recorded currents than what would be
normally expected from a solely (solid state) diffusion limited
process. Although Na+ diffusion into titania is probably not
affected by the sweep rate, the charging and discharging rates of
these surface films are strongly dependent on the sweep rate.
The higher the sweep rate, the higher the deviation from
linearity, as can be seen in Figure 9. Nevertheless, the current
will eventually be limited by Na+ mass transport (diffusion) in
the liquid state at very fast sweep rates. However, because
diffusion in the solid state can safely be assumed many order of
magnitudes slower than diffusion in the liquid state, at the
relatively slow sweep rates used in our experiments, we estimate
this contribution is insignificant and can be neglected.
The surface storage mechanism discussed above, was

previously showed to be important to Li+ storage in anatase
titania.47 However, it was also shown that this is not the only
storage mechanism; Li+ diffusion also occurs and accounts for a
significant amount of the capacity.
The current response as a function of the sweep rate was

found to follow the same relatively simple power law proposed
by Lindström et al.,47 used before in the case of Li+ insertion
into anatase

=i avb (2)

where a and b are adjustable parameters and v is the sweep rate.
The b parameter was used by several authors to distinguish
between faradaic (diffusion limited insertion) and nonfaradaic
(pseudocapacitive) processes, the latter being not limited by
diffusion in the solid state. Thus, exponent b values close to 1
are ascribed to a current response dominated by capacitive
effects, whereas values close to 0.5 are the signature of a
diffusion limited electrochemical reaction. For b = 0.5, the
above power law is essentially identical to eq 1.
The b-values corresponding to Na+ electrochemical reaction

with the amorphous titania nanotubes were determined by
fitting to eq 2 the cyclic voltammetry currents read at selected
potentials. An example of such a fit for one potential value is
illustrated in Figure 9 (right), whereas the values of the b
exponent over a large potential domain for the three samples
studied are shown in Figure 10.
It was found that the exponent b mostly takes values between

0.85−0.92 during the cathodic scan and that they remain
relatively constant between 1.5 and 0.1 V vs Na+/Na. This is a
strong indication that the majority of the recorded current
during the reduction process is in fact pseudocapacitive with
the majority of Na+ ions stored on the surface. Because b values
never reach 1 during the cathodic scan, it is very likely that
there is also some Na+ insertion and diffusion into titania,
although in a proportionally smaller amount.
The situation changes significantly when the scanning is

reversed and Na+ is extracted from the electrode during the
anodic scan. Although at the end of the cathodic scan the b
values are still close to 0.9, when the Na+ flux is reversed at the
beginning of the anodic scan, the b values are much lower. It
would appear that electrochemical reaction of amorphous
titania nanotubes with sodium ions is mostly governed by
pseudocapacitive effects, whereas on the other hand Na+

extraction is, at least at the beginning, limited by diffusion.
This striking asymmetry of the b-values between the anodic and

the cathodic process could be understood if we consider that
the Na+ reaction mechanism at the electrode is composed of
two main processes: a relatively fast Na+ electroadsorption that
occurs by the reduction of the interfacial Ti4+ centers to Ti3+

followed by a relatively slow Na+ diffusion into the titania. It is
possible that electroadsorption kinetics are faster than the
desorption kinetics during the anodic scan leading to some
hysteresis between adsorption and desorption. This is
consistent with a quasireversible kinetics model of the Na+

insertion reaction.
There might also be thermodynamic factors. Indeed, if we

consider that the Na+ ions are strongly electroadsorbed on the
surface at the end of the cathodic scan, releasing the Na+ ions
could be thermodynamically unfavorable in the isothermal
conditions of the experiment. The desorption of Na+ might
actually imply breaking some, possibly stronger, bonds between
Na+ and the substrate, followed by the formation of weaker
bonds between Na+ and the solvent. Thus, the desorption
process might be thermodynamically unfavorable. For either
thermodynamic or kinetic reasons, when the current is
reversed, the Na+ flux does not reverse immediately from the
surface source but from the bulk source that is obviously
limited by (slow) solid-state diffusion. Hence the asymmetry in
actual mechanism that appears visible in the b value plot.
Although the bulk source is depleted during the anodic scan, an
increasing number of sodium ions are released from the
electroadsorbed layer, as hinted by an increase in b values.
We can conclude that the storage of sodium ionic species on

the surface of titania nanotubes appears as a complex process
that is clearly dependent on the direction of the Na+ flux. We
have to take note that this is very different from what is
commonly understood by a capacitance because of its
asymmetrical behavior in charge with respect to discharge. In
spite of this mechanism being referred to as pseudocapacitance,
we found this very term to be misleading, its meaning being,
more often than not, overlooked and only rarely explained.
Although a capacitor would exhibit symmetrical charge and
discharge behavior, these electroadsorbed layers present

Figure 10. Exponent (b) values obtained by fitting the current vs
sweep rate curves at various potentials during anodic and cathodic
scans with the power law from eq 2. There is a clearly visible
asymmetry between the anodic and cathodic processes.
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particularities that introduce significant deviations from a
capacitor model, by far more significant than the usual model
of the double-layer capacitance. Also, in our opinion, the usual
classification into faradaic and nonfaradaic processes based on
the value of the exponent b from eq 2 is rather inaccurate
because it is very likely that, in a simple approximation, both
processes occur at the electrode, either concomitantly or
consecutively.
From a fundamental point of view, it is worth mentioning

that the definition and understanding of faradaic and
nonfaradaic processes at insertion electrodes is in many aspects
different from classical aqueous electrochemistry where the
electrochemical charge transfer takes place through the double
electrical layer at the electrode surface. In the case of insertion
electrodes, it becomes far more difficult to identify where is the
locus of the electron charge transfer. It is certain that in a usual
insertion electrode, only ions are transported through the
electrochemical interface, whereas electron charge transfer
through the electrode/electrolyte interface is undesired. A
nonfaradaic current, for instance, the charging and discharging
of the double electrical layer, does not change the chemical
composition of any constituents of the system. By definition,
none of the compounds and phases present in the system could
undergo reduction or oxidation caused by a nonfaradaic
process. However, during a pseudocapacitive process, such as
interfacial Na+ storage on titania, the redox centers (Ti4+) are
reduced and a configuration analogous to a Ti4+/Ti3+ solid
solution develops within the titania nanotubes (see above).
Thus, in our opinion, it is incorrect to understand and refer to
pseudocapacitive storage as nonfaradaic. Pseudocapacitive
storage is in fact by all means a faradaic process that is coupled
with an ion adsorption/chemisorption step and does not
(necessarily) present a solid state diffusion step. Therefore,
from b value analysis one cannot distinguish between faradaic
and nonfaradaic currents. Either at values close to b = 1 or at b
= 0.5 the Na+ reaction with titania is faradaic. Instead, b values
could be used, with caution, to distinguish between interfacial
storage and bulk storage. The term pseudocapacitance, already
embraced by many authors, can be misleading and might trick
the reader into considering pseudocapacitive storage as a
nonfaradaic process. We believe that “faradaic adsorption” or
“faradaic interfacial storage” might be clearer, more precise, and
more meaningful words, which should therefore be preferred
over the term “pseudocapacitance”.
4.3. Faradaic Adsorption (Pseudocapacitance) and

Diffusion into Amorphous Titania Nanotubes. Although a
diffusion limited current would only show a linear dependence
on the square root of the sweep rate a capacitive current should
be directly proportional to the sweep rate and the value of the
pseudocapacitance. Thus, the absolute value of a capacitive
current icap is given by the expression47

| | =i Ac vcap p (3)

where A is the electroactive surface area, cp is the value of the
pseudocapacitance and v is the sweep rate. This would enable
us to estimate the diffusion current (idiff) by subtracting the
capacitive contributions from the experimentally recorded
current (iexp) using the following expression

= −i i Ac vdiff exp p (4)

Because idiff should have a linear dependence on the square
root of the sweep rate (see eq 1), this condition can be used to
estimate the value of the capacitance. The value of cp that leads

to a linear plot idiff vs square root of v (the sweep rate)
represents the value of the pseudocapacitance. Thanks to the
highly regular structure of the titania nanotube layers, the
surface can be relatively well estimated from the geometric
dimensions of the nanotubes determined from SEM micro-
graphs, assuming the nanotubes are cylindrical and that both
the outer and inner surface is electroactive. Thus, it was found
that 1 cm2 of anodized area corresponds to an estimated surface
of 330 cm2 for the sample anodized at 30 V for 2 h, 464 cm2 for
40 V 2 h, and 715 cm2 for the sample anodized at 50 V for 2 h.
The determined capacitance values according to the above-
discussed procedure are shown in Figure 11.

As a cross-check, b values were determined from the plots of
pseudocapacitance adjusted currents (idiff) vs the sweep rate
according to eq 2. This always gave b values close to 0.5
(±0.03), proving that the subtraction method is able to
distinguish between diffusion and pseudocapacitive currents.
As shown in Figure 11, during the sodium insertion

(cathodic scan), the pseudocapacitance increases continuously,
whereas the potential is decreased indicating that the quantity
of Na+ stored on the surface region of titania nanotubes is also
increasing. It can also be noticed that all three samples have
similar behavior and the variations of the pseudocapacitance
values match relatively well for all the studied samples, pointing
one more time to very similar mechanisms of sodium storage.
The behavior appears more complex during the anodic scan.
When the scan is reversed and electrochemical sodium
extraction takes place, the pseudocapacitance increases again
from relatively low values, reaches a somewhat constant value,
and starts decreasing again toward the end of the anodic scan.
To understand these variations, one should keep in mind that

the values of the pseudocapacitance were determined according
to eq 4 and that the experimental current is the sum of the
(solid state) diffusion current and the pseudocapacitive current.
Thus, we model the current response by two in-parallel Na+

“sinks” or “sources”, depending whether the sodium insertion
or the sodium extraction takes place, respectively. It is very

Figure 11. Pseudocapacitance values corresponding to the interfacial
storage of Na+ ions on three different anodic nanotube layers. The
surface used for calculation was the estimated developed inner surface
of the electrode which is much larger than the anodized area.
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likely that these diffusion (bulk) and surface storage processes
do not occur in the same time but in a relative consecutive
manner. On the one hand, the Na+ ionic radius of 1.02 Å, that
is significantly larger than the ionic radius of Li+ (0.76 Å),
would probably render the insertion and diffusion of Na+ into
TiO2 very slowly. Additionally, this process might occur at
relatively low values and could be thermodynamically
unfavorable. On the other hand, the faradaic adsorption of
Na+ ions probably presents some hysteresis. Indeed, if we
consider that the titania surface is oxygen-terminated then Na+

ions might adsorb strongly from the beginning and would
require some energy for their release.
Thus, during the sodium extraction the sodium flux that is

released at low potentials from the interfacial source is low, and
the pseudocapacitance values are also relatively low. As seen
from the b values analysis (see above) it is very likely that a
large part of the sodium flux, and thus the current, at low
potentials during the anodic scan is from the bulk source. As
the potentials increase the pseudocapacitance contribution and
values increase until they reach an upper limit and/or a
relatively constant level. This somehow constant level could be
related to the limited kinetics of sodium desorption from the
interface regions that might keep the pseudocapacitive current
at near constant levels. As both the interfacial and bulk sources
are continuously depleted, at high potentials, the values of the
pseudocapacitance begins to decrease again because the sodium
flux can no longer be sustained.
As a final observation, one should also note that

pseudocapacitance reaches values that are 2 orders of
magnitude higher than the capacitance of electrochemical
double layer, a property that would make these materials well-
suited for supercapacitor applications.
Finally, the chemical diffusion coefficient of Na+ into the

amorphous titania nanotubes as a function of the electrode
potential was determined and is shown in Figure 12. These

values were obtained by fitting to eq 1 the idiff values obtained
with eq 4 assuming a concentration of titanium centers in TiO2
of 2.4 × 10−2 mol cm−3, which would correspond to only half of
the titanium centers being electrochemically active. This is the
case of Li+ insertion in anatase but the number of active
titanium redox centers is probably lower for Na+ insertion.
Thus, the chemical diffusion coefficient values should be
considered as base values for further ion dynamics studies into
these amorphous titania nanotubes. It is interesting to note that
Lindström et al.47 found values of the diffusion coefficient of Li+

in TiO2 anatase on the order of 1 × 10−17 cm2/s, which is by
itself a low value for lithium ions. Although Na+ has only
approximately 25% larger ionic radius than Li+, this is enough
to lower the chemical diffusivity of Na+ into titania by at least 4
orders of magnitude. Nevertheless, our determined value of the
Na+ diffusion coefficient is fully coherent with what was already
reported for lithium.

5. CONCLUSIONS
The amorphous titania nanotubes investigated in this paper
show a very good cycle-life when cycled down to 0.8 V vs Na+/
Na. More than 300 cycles at two different cycling rates were
recorded without significant loss of capacity. The electro-
chemical reaction with sodium ions presents many partic-
ularities that are not usually encountered in classical insertion
electrodes. From cyclic voltammetry experiments, it was
possible to distinguish between two different contributions to
the total current response. An important part of the Na+ ions
are stored on the surface or near-surface regions of the walls of
the amorphous anodic titania nanotubes, whereas only a smaller
fraction is actually able to diffuse in the walls of the titania
nanotubes. Although the surface storage mechanism involves a
process that shares some similarities with the charging of an
electrochemical double electrical layer capacitor, the Na+

storage via a faradaic adsorption mechanism is clearly a distinct
process. The asymmetrical response of the interfacial films in
charge with respect to discharge points toward a consecutive
operation of bulk diffusion and interfacial storage mechanisms.
The determined chemical diffusion coefficient takes low values
centered around 1 × 10−20 cm2/s. The larger size of the Na+

ions with respect to Li+ ions, that are known to insert
somewhat easier in anatase TiO2, may explain these relatively
low diffusion coefficient values.
The determined values of the faradaic adsorption capaci-

tance, i.e., the pseudocapacitance, are very high. They may
reach 2 orders of magnitude higher than the normal values that
are characteristic to the usual double electrical layer
capacitance, a result that opens the path toward high-
performance supercapacitor applications.
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Abstract: Ceramics with nm-sized dimensions are widely used in various appli-
cations such as batteries, fuel cells or sensors. Their oftentimes superior elec-
trochemical properties as well as their capabilities to easily conduct ions are, 
however, not completely understood. Depending on the method chosen to prepare 
the materials, nanostructured ceramics may be equipped with a large area fraction 
of interfacial regions that exhibit structural disorder. Elucidating the relationship 
between microscopic disorder and ion dynamics as well as electro chemical per-
formance is necessary to develop new functionalized materials. Here, we highlight 
some of the very recent studies on ion transport and electrochemical properties 
of nanostructured ceramics. Emphasis is put on TiO2 in the form of nanorods, 
nanotubes or being present as mesoporous material. Further examples deal with 
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nanocrystalline peroxides such as Li2O2 or nanostructured oxides (Li2TiO3, LiAlO2, 
LiTaO3, Li2CO3 and Li2B4O7). These materials served as model systems to explore the 
 influence of  ball-milling on overall ionic transport. 

Keywords: amorphous materials; conductivity; glasses; lithium ion transport; 
nanocrystalline oxides; nanotubes; NMR; peroxides; self-diffusion; titania.

1  Introduction and motivation
The mobility of small cations or anions in ionic crystals depend on numer-
ous factors. On the one hand, point defects and polyhedral connections play 
a decisive part in enabling local jump processes and bulk ion transport. On 
the other hand, the morphology of the whole ceramic will determine migra-
tion of the charge carriers over long, i.e. macroscopic, distances. Disorder can 
be introduced through many different approaches such as radiation or bom-
bardment techniques. A far more simple approach is to mechanically treat the 
coarse-grained samples in high-energy mills [1]. Conveniently, high-energy ball 
milling is carried out at ambient temperature; it allows for the preparation of 
large quantities. In many cases, if only one component is treated phase pure 
nanocrystalline materials are obtained with large volume fractions of amor-
phous regions or at least disordered interfaces [2]. The introduction of point 
defects and dislocations is, however, also expected for the crystalline cores 
of the nanocrystallites [3]. So far, many examples have been reported docu-
menting that the ionic conductivity of a poor conductor can significantly be 
enhanced when transforming the oxides or sulfides into a defect-rich nanocrys-
talline ceramics [4, 5]. One may regard the excessive generation of defects, 
greatly exceeding the thermodynamic level, as a possibility to form materials 
with metastable properties concerning both defect concentrations and non-
equilibrium local structures [6–9]. In general, the interfaces in nanostructured 
ceramics and nano-composites may govern macroscopic properties such as the 
ionic and electronic conductivity [2, 10–26].

Besides such top-down approaches the direct preparation of nanocrystalline 
or amorphous ceramic through wet chemical methods or electrochemical tech-
niques is also possible. As an example, the ionic conductivity of sol–gel synthesis 
of nanocrystalline LiNbO3 is indeed enhanced compared to its single crystalline 
or microcrystalline form with μm-sized crystallites [4]. Considering, however, the 
chemically identical samples prepared by heavy ball-milling their ion conductiv-
ity is much higher. Obviously, at least in the case of poorly conducting oxides the 
disordered if not completely amorphous regions are greatly responsible for the 
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gradual transformation from a poor to a moderate or even highly conducting ion 
conductor [2, 5, 27–33].

Amorphous regions also immensely influence the electrochemical activity of 
otherwise poorly active materials. The different modifications of TiO2 belong to 
such a class of materials. Only downsizing the crystallite size unlocks the full 
potential of anatase, rutile or TiO2-B as anode materials [34–37]. The short diffu-
sion lengths for both ions and electrons transform the transition metal oxide into 
powerful anode materials showing high rate capabilities and excellent specific 
charge capacities [34, 35]. This also holds for mesoporous [38, 39] and amorphous 
TiO2. In the following we will report on the preparation of amorphous TiO2 nano-
tubes via anodic etching [40, 41]. The nanotubes, differing in lengths according 
to the synthesis conditions, have been investigated with respect to loading with 
Li and Na ions [42]. Electrochemical investigations using cyclic voltammetry and 
galvanostatic cycling allowed us to reveal the underlying Na storage mechanism. 
Li nuclear magnetic resonance (NMR) has been used to evaluate the Li self-diffu-
sion parameters of various electrochemically prepared, mixed-conducting LixTiO2 
samples [43–45]. For comparison, Li ion dynamics in mesoporous anatase was 
studied via spin-lock and stimulated echo NMR [43]. It turned out that Li ion dif-
fusion is unaffected by the phase transformation from anatase to orthorhombic 
TiO2 during Li uptake. This result is highly beneficial to enable stable cycling con-
ditions in lithium-ion batteries.

The influence of structural disorder generated through ball milling on ion 
transport will be discussed for a range of model substances that include nanocrys-
talline Li2O2 [29], Na2O2 [46], the ternary oxides LiAlO2 [47], Li2TiO3 [27], LiTaO3 [5, 
48], Li2CO3, as well as the glass former Li2B4O7 [28]. Whereas Li ion transport in the 
materials mentioned above is isotropic, transition metal dichalcogenides such as 
SnS2 or TiS2 crystallize with a layered structure. Chemical lithiation enables the 
insertion of Li ions into the van der Waals gap between the SnS2 sheets. The Li ions 
are expected to diffuse quickly along two dimensions. Preliminary NMR results 
on LixSnS2 show how the diffusion parameters are altered when the material is 
exposed to mechanical treatment in ball mills. In contrast to microcrystalline 
LixSnS2 with its fast but spatially confined 2D diffusion [49], in nanocrystalline 
LixSnS2 the large number of Li ions in the disordered interfacial regions remark-
ably influence the NMR response. NMR line shapes point to a two-spin reservoir 
with fast and slow Li species, see also Ref. [50]. Finally, the effect of high-energy 
ball-milling on ion transport in Li2B4O7 is shown. A significant difference is seen 
when comparing ionic conductivities of crystalline, nanocrystalline and amor-
phous Li2B4O7. The strategy of introducing structural disorder and stress is useful 
to transform a poor ion conductor into a moderate one. For very fast ion conduc-
tors the situation is, on the other hand, expected to be different.
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2   Case studies: from oxides to peroxides and back 
again

2.1   Electrochemical performance and Li ion transport 
in various forms of TiO2

The different modifications of TiO2 represent promising anode materials that 
provide hosts to reversibly store small cations such as Li and Na. If present in 
nanostructured form good rate capabilities and discharge capacities as high as 
250 mAh/g were reported [36, 37]. Since such electrochemical properties might be 
linked also to ion dynamics several NMR studies took up the challenge to quan-
tify Li self-diffusivity via, e.g. relaxometry, stimulated echo spectroscopy or even 
by 2D exchange spectroscopy [43–45, 51, 52]. In the following some recent studies 
on amorphous TiO2 nanotubes, rutile nanorods and mesoporous TiO2 will be pre-
sented that deal with electrochemical properties, mechanisms and ion dynamics 
in these spatially confined structures.

2.1.1   Amorphous TiO2 nanotubes: synthesis, ionic diffusivity  
and the underlying storage mechanisms

The synthesis of anodic titania nanotubes [53–55] follows a top-down approach, 
self-assembled TiO2 nanotubes are formed on titanium metal substrates by an 
anodic electrochemical oxidation process, called anodization. The anodiza-
tion is usually done in two electrode cells at relatively high voltages, typically 
ranging from 10 to 200 V. To obtain the required nanotubular morphology, the 
anodization bath must also contain a Ti4+ complexing agent. The most used is 
F− with which Ti4+ is able to form the soluble [TiF6]2−, see Ref. [56]. The formation 
of the tubes involves two opposite but balanced processes: (i) the electrochemi-
cal formation of TiO2 and (ii) the chemical etching of the formed oxide by the 
complexing agent. Under high electric field conditions the anodization results in 
highly regular layers consisting of parallel TiO2 nanotubes that grow from the Ti 
substrate.

Both aqueous-based and organic-based baths have been reported to yield 
highly regular nanotubular layers. While in aqueous baths the length of the nano-
tubes is somehow limited to 2–3 μm due to the faster fluoride etching of the elec-
trochemically formed TiO2, in viscous organic-based baths, e.g. ethylene glycol, 
it is possible to grow very long nanotubes, sometimes longer than 1  mm [57], 
while keeping almost the same diameter over the entire length of the nanotubes, 
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typically 80–120 nm. Thus, nanotube aspect ratios of 1:104 are easily achievable. 
Since the volume of the produced oxide is larger than the volume of the Ti metal 
from which it originated, the nanotubes are approximately 1.5 times longer than 
the corresponding thickness of the Ti layer consumed during anodization [58]. An 
illustration of some typical anodic TiO2 nanotubes fabricated in ethylene glycol 
baths is presented in Figure 1.

Although the relation between the electrochemical conditions and the dimen-
sions and geometry of the anodic titania nanotubes is a relatively complicated 
topic [58, 59], for a given bath, there is a direct connection between the voltage 
applied and the tube diameters. In principle, the higher the voltage, the larger 
the tube diameters are. By this method the diameters can easily be adjusted in 
practice between 30 and 120 nm.

One of the striking features of anodic TiO2 is its amorphous structure [59]. 
In their pristine form, the nanotubes do not present any X-ray reflections in a 
diffraction experiment as illustrated in Figure 2. In fact, anodic titania is one of 
the very few known instances in which TiO2 occurs in its amorphous form. Their 
unique and tunable morphology doubled by the rare amorphous structure have 
attracted significant attention; many scientific and technological developments 
based on titania nanotubes have been brought forward in the last decade [59]. 
One interesting development is related to the insertion in anodic TiO2 of ionic 

10 µm1 µm

a b

Fig. 1: Scanning electron microscopy (SEM) images illustrating the typical morphology of self-
assembled TiO2 nanotubes fabricated by electrochemical oxidation of Ti metal foil. (a) Top-view 
and cross-section of a TiO2 nanotube layer obtained by anodization in an organic electrolyte 
bath (97.6 wt% ethylene glycol, 2 wt% water, 0.4 wt% NH4F) at 30 V for 30 min. (b) Cross-
section through a TiO2 nanotube layer fabricated by anodization at 60 V for 1 h 30 min using the 
same bath composition. While the highly parallel tubular morphology is maintained when the 
anodization voltage is varied, the rates at which the tubes grow highly depend on the voltage 
applied.
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species such as H+ [60], Li+ [40] and Na+ [42] pertaining to the broader field of 
energy storage and conversion. Whereas earlier NMR studies focused on Li ion 
diffusion in crystalline nanotubes of TiO2, mainly TiO2-B, that were prepared by 
hydrothermal routes, so far less information is available on Li+ ion dynamics in 
amorphous titania nanotubes. Anodic etching allowed the preparation of rela-
tively large quantities and, as mentioned above, according to the exact synthesis 
conditions both the length and the diameter of the tubes can be controlled. Li is 
then inserted either electrochemically in half cells with Li metal as anode mate-
rial or chemically with n-BuLi in hexane.

For our first NMR experiments on amorphous TiO2 rather long tubes (250 
μm, see Figures 2a) were synthesized. X-ray powder diffraction confirmed the 
amorphous structure of the material, Figure 2b, the corresponding pattern for the 
pristine sample only shows reflections of the Ti metal substrate. Interestingly, 
the tubes remain amorphous up to 200 °C, at higher temperatures they can be 
converted into anatase.

a

605040

2 / °θ

pristine

100 °C, 1h, Ar

200 °C, 1h, Ar

300 °C, 1h, Ar

350 °C, 1h, Ar

b

100 µm
1 µm

Fig. 2: (a) Cross section SEM micrograph of TiO2 nanotube layer fabricated by anodization of 
Ti foil at 60 V for 5 days. The anodization bath consisted of ethylene glycol 97.6 wt%, water 
2 wt%, NH4F 0.4 wt%. The open end of the tubes is at the top of the picture while the closed end 
is at the bottom of the picture. The nanotubes are approximately 250 μm long and 130 nm in 
diameter with a wall thickness of 20–30 nm. The inset shows a detailed view of an intentionally 
broken section revealing the typical morphology of anodic titania nanotubes layers. (b) X-ray 
diffraction patterns of anodic TiO2 nanotubes in pristine form and after annealing in Ar atmos-
phere. Up to 200 °C only the reflections of Ti metal substrate are visible. It is possible to convert 
the amorphous nanotubes to anatase (•) while keeping the morphology by annealing them in 
Ar or in air at 300–350 °C.
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The typical morphology of the titania nanotube layers is shown in the 
inset of Figures 2a and 3b. The rather long tubes were used as anode material 
to prepare LixTiO2 samples with the following compositions x = 0.5, x = 0.75 and 
x = 1.0.

Variable-temperature 7Li NMR line shape measurements of these tubes 
revealed that Li ion diffusivity in the amorphous tubes is relatively slow. The rigid 
lattice line width, which is the line width at sufficiently low T where Li diffu-
sivity has no effect on the NMR line shape, ranged from 12 to 16 kHz according 
to the amount of Li inserted per formula unit TiO2. Motional narrowing of the 
NMR line sets in if Li ion hopping processes reach jump rates that are comparable 
with the rigid lattice line width. At sufficiently high T these exchange processes 
start to average homonuclear and heteronuclear dipole–dipole interactions that 
are responsible for the broadening of the spectra at low T. In the case of LixTiO2 
the Li+–Ti3+ interaction leads to further broadening effects. For all compositions 
motional averaging is seen to take effect on the line shape at temperatures higher 
than 300  K. This is why so-called spin-alignment echo (SAE) NMR [44, 61–68] 
proved to be a suitable way to characterize Li ion diffusivity in the tubes prepared 
(Figure 2a). The method works in the regime where spin–spin-relaxation rates 
are still unaffected by motional averaging processes [65]. Here, the relatively poor 
ionic diffusivity as well as the coupling of the Li spins to paramagnetic centers 
like Ti3+ is reflected in a rigid-lattice relaxation time T20 of only 6 μs (see Figure 4a). 
An increase of T2 is seen at temperatures higher than 330 K. Around this tempera-
ture and at T > 300 K the SAE NMR decay rates follow Arrhenius behavior with 
activation energies Ea ranging from 0.3 to 0.5 eV (see Figure 3a). Note that the data 
points referring to x  =  0.5 and x  =  1.0 were vertically shifted by 0.5 orders of mag-
nitude each; the 7Li SAE NMR rates do not significantly depend on composition at 
low T if rather large values of x are considered. In general, SAE NMR is sensitive to 
slow Li ion hopping processes (<105 1/s) between electrically inequivalent Li sites. 
Usually the three-pulse sequence introduced by Jeener and Broekaert [61, 69–71] 
is used to measure a two-time correlation functions S2 from which the decay rate 
1/τSAE(T) can be deduced.

Interestingly, above 400 K the decay rates from stimulated echo NMR start to 
decrease again. If T2 is short enough this behavior can be traced back to averag-
ing processes [61, 72] that occur during the mixing period; such a scenario has 
quite recently been discussed in detail for fast ion jump processes in Li bearing 
oxide garnets [73]. In these cases Li exchange processes may become too fast to 
be collected by SAE NMR. In the present case, however, we have to keep in mind 
the upper time window of SAE NMR, which is generally restricted by T2; for com-
parison with 1/T2 the SAE NMR rates 1/τSAE are jointly plotted with the spin–spin 
and spin–lattice relaxation rates of Li0.75TiO2 in Figure 4a.
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Interestingly, for the samples with x > 0.5  we observed quite high activation 
energies by SAE NMR. Values a large as 0.5 eV are in good agreement with those 
reported for crystalline LixTiO2-B nanowires. Similarly, for mixed-conducting 
Li1.0TiO2, which was prepared by chemical lithiation, an activation energy of 0.58 eV 
was obtained (see Figure 4b). While SAE NMR is sensitive to slow Li+ exchange 
processes, which in many cases reflect long-range ion transport also accessible 
by DC conductivity measurements [63], SLR NMR is sensitive to more localized, 
short-range ion movements [29, 74, 75]. As expected, if the low-T regime of a given 
1/T1(1/T) rate peak is considered, much lower activation energies were probed 
through laboratory-frame 7Li SLR NMR [74, 75]. For Li1.0TiO2 we were able to reach 
the beginning of the low-T flank of the diffusion-induced 1/T1(1/T) rate peak which 
resulted in 0.15 eV. Note that this flank was masked in the case of the electrochemi-
cally lithiated samples. Presumably, it was hidden by an increased Li–electron con-
tribution to the overall spin–lattice relaxation rate. The electrochemically prepared 
samples are expected to contain minute amounts of fluorine from anodization. This 
F content will increase the electronic conductivity of the samples. As a result, cou-
pling of the spins with conduction electrons shortens the overall T1 relaxation time 
which narrows the time window of time-domain NMR measurements. In extreme 
cases the diffusion-induced contributions to the overall spin–lattice relaxation 
rates are completely masked [45]. In particular, due to the large volume fraction 
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Fig. 3: (a) 7Li NMR spin-alignment echo decay rates (194 MHz) vs. the inverse temperature of 
various LixTiO2 samples that were prepared electrochemically. To record the rates, two-time 
correlation functions were measured at constant preparation time (20 μs) but variable mixing-
time utilizing the three-pulse sequence by Jeener and Broekaert. (b) SEM images revealing the 
morphology of the tubes investigated by Li NMR.
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of interfacial regions of nanocrystalline TiO2 the spin–electron interactions with 
conductive carbon additives in contact with these surface regions can drastically 
shorten the T1 times, which also restricts the applicability of other NMR techniques 
that are limited by T1 such as rotating-frame SLR measurements (vide infra).

2.1.2   Crystalline TiO2 nanotubes crystallizing with the anatase structure

As noted above, the amorphous titania nanotubes convert into anatase at elevated 
T. Alternatively, anatase nanotubes can be prepared following a hydrothermal 
route. In Figure 5 the high-resolution (HR) transmission electron microscopy (TEM) 
images of hydrothermally synthesized nanocrystalline TiO2 tubes are shown. X-ray 
powder diffraction and 7Li NMR spectroscopy point to a highly crystalline mate-
rial whose tubes crystallize with the anatase structure (Figure 6). By varying the 

6

5

4

3

2

1

5.04.54.03.53.02.5

a

3

2

1

0

1

765432

b

1000/T / K 1

lo
g

(1
/

s)
10

S
A

E
·

lo
g

(1
/

s)
10

T
1,

2
·

lo
g

(1
/

s)
10

S
A

E
·

lo
g

(1
/

s)
10

T
1,

2
·

1000/T / K 1

SAE

1/T1

1/T2

1/T1

0.58 eV
0.16 eV

SAE

194 MHz

x = 0.75

Fig. 4: (a) Temperature dependence of the (i) 7Li SAE NMR decay rates, the (ii) 7Li NMR spin–
lattice and the (iii) spin–spin relaxation rates of Li0.75TiO2 (116 MHz). While 1/T1 suffers from 
Li+–Ti3+ interactions as well as the influence of additives such as binders and conductive agents 
of the electrode resulting in short T1 times of <1 s, SAE NMR is able to recognize a diffusion-
induced increase at T > 330 K. The shallow increase of 1/T1 at low T can be ascribed to Curie–
Weiss behavior. (b) 7Li SAE NMR response of Li1.0TiO2 that was prepared by chemical lithiation 
of the amorphous titanate nanotubes. As compared to the electrochemically lithiated samples, 
the absolute, non-diffusive rate 1/T1 is lower which allowed us to measure the beginning of a 
diffusion-induced 1/T1(1/T) rate peak. The curvature seen at high T most likely reflects a local 
rate maximum which would be in accordance with the low activation energy probed (0.15 eV). 
At the same temperature (ca. 500 K) SAE NMR points to quite slow Li exchange processes that 
characterize long-range ion transport with 0.58 eV.
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 synthesis conditions, e.g. the synthesis temperature, the molarity of the sodium 
hydroxide solution, the pH-value during the washing procedure or the tempera-
ture while calcination, either anatase or TiO2-B nanotubes can be obtained. If used 

20 nm

50 nm10 nm

a b

Fig. 5: (a) and (b) HR TEM images of anatase nanotubes prepared hydrothermally. The average 
length of the tubes is ca. 50 nm. The diameter ranges from 10 to 12 nm. After exchanging the 
Na+ ions in the initially formed sodium titanate Na2−xHxTinO2n−1 · yH2O with H+ the final calcination 
step yields TiO2 nanotubes.

a b

× 5

7050 60403020
ppm2 / °θ

Fig. 6: (a) X-ray powder diffractogram of the nanotubes prepared via hydrothermal synthesis. The 
Miller indices reflect those of anatase; vertical bars reflect positions and intensities expected for 
anatase, see the PDF indicated. Strongly broadened reflections reveal a crystalline sample with 
nm-sized crystallites as could be verified via HR TEM. (b) 7Li NMR spectrum recorded under static 
conditions (116 MHz). Besides the central transition, the distinct quadrupole powder pattern 
illustrates the crystallinity of the sample as is also evidenced by the HR TEM images taken.
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as negative electrode material in lithium half cells the anatase tubes show excel-
lent cycling behaviour. At C-rates of 1.5 C a relatively stable discharge capacity of 
170 mAh/g is reached (see Figure 7); only a small capacity fade is seen with increas-
ing cycle number. Even after 200 full cycles the Coulomb efficiency is close to 100 %.

To shed light on Li ion dynamics of TiO2 nanotubes, which were either treated 
with n-BuLi or lithiated electrochemically in Li half cells, we recorded 7Li NMR 
line shapes and spin–lattice relaxation rates. As an example, in Figure 8 the rates 
1/T1 and 1/T1ρ of Li0.6TiO2 (TiO2-B) are shown. Li was inserted electrochemically 
using Swagelok cells; the final electrode contained 15  wt% binder (Kynar Flex 
2801) and conducting additives [carbon black 15 wt% (Super P)].

Whereas for Li0.6TiO2 the rate 1/T1 only weakly depends on temperature, 
for the anatase tubes with x = 0.3 and x ≈ 0.13, which were chemically lithiated, 
1/T1 reveals the shallow flank of a 1/T1(1/T) rate peak that is characterized by ca. 
0.15 eV. Most likely, for LixTiO2 such a low activation energy has to be assigned 
to localized relaxation processes rather than to long-range ion transport. Li ions 
near the surface regions are expected to be involved in such processes. In all 
cases and irrespective of the final crystal structure of the titania nanotubes the 
corresponding spin-lock NMR transients, from which we extracted the rates 1/T1ρ, 
obey a rather complex behavior. At sufficiently high x values (x > 0.1) we clearly 
observed a two-step decay behavior.
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Fig. 7: (a) and (b) Discharge capacities of TiO2 nanotubes crystallizing with the anatase struc-
ture. In (a) the first 50 cycles are shown. The currents indicated correspond to C-rates of 1.5 C 
(300 mA/g) and 15 C (3000 mA/g), respectively. At 1.5 C capacities in the order of 170 mAh/g 
are reachable even after 200 full cycles. Coulomb efficiencies are close to 100 %.
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This behavior is exemplarily shown for the Li0.6TiO2-B in Figure 8b. Param-
eterizing the transients with a sum of two (stretched) exponentials results in 
the rates 1/T1ρ(s) and 1/T1ρ(f). The two-step behavior cannot be explained by the 
spin-properties of the 7Li nucleus as their difference greatly exceeds that usually 
expected for, e.g. quadrupolar relaxation. While 1/T1ρ(f) is close to 1/T2, indepen-
dently measured through spin-echo experiments, the rate 1/T1ρ(s) is in the order 
of seconds. A significant temperature dependence is obviously masked because 
of, e.g. Li+–Ti3+ interactions, spin-diffusion, surface effects or the presence of a 
variety of (nm-sized) crystalline regions that differ, e.g. in Li content. The mag-
nitude of 1/T1ρ(s) and its temperature independence resembles that expected for 
spin-diffusion that is, e.g. mediated through a spatially homogenous distribution 
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Fig. 8: (a) 7Li NMR spin–spin (1/T2) and spin–lattice relaxation rates (1/T1(ρ)) of Li0.6TiO2 (TiO2-B) 
nanotubes recorded at a Larmor frequency of 116 MHz. The corresponding spin-lock rates were 
acquired at a locking frequency of 20 kHz. The dashed line indicates the temperature depend-
ence of the laboratory-frame rates 1/T1. Note that the binder used to prepare the electrodes for 
electrochemical lithiation melts at ca. 415 K, see the vertically drawn line. Above 330 K, for 1/T1ρ 
two rates, marked with (s) and (f), were obtained that significantly differ from each other. The 
rate 1/T1ρ(s) could be largely influenced by spin-diffusion effects. The rate 1/T1ρ(f) might repre-
sent a subset of fast Li ions near the interfacial regions of the TiO2-B nanotubes. (b)  Transversal 
T1ρ magnetization transients (20 kHz) revealing the two sub-transients from which the rates 
1/T1ρ(s) and 1/T1ρ(f) were extracted. Dashed and solid lines represent fits with a sum of two 
stretched exponentials. With increasing T the fast decaying contribution emerges (region I.); 
at 459 K the ratio of the amplitudes of the two signals is 3:1. Thus, the majority of the Li ions, 
possibly those near the surface regions, has access to a fast spin-lock decay. According to this 
preliminary explanation, the tail of the overall transients (region II.) should then represent 
those ions residing in the inner regions of the walls.
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of paramagnetic centers such as Ti3+. The NMR line shapes of all samples investi-
gated point to very slow ion dynamics which is in line with the observations for 
amorphous titania nanotubes. Additional 7Li SAE NMR measurements are cur-
rently running in our labs to shed light on the origins of the two Li sub-ensembles 
seen in spin-lock NMR.

2.1.3   Li diffusion in rutile nanorods and their electrochemical behaviour

Slow Li ion diffusion was also found for nanostructured rutile whose electro-
chemical performance in Li-ion cells is comparable to that of the TiO2 nanotubes 
investigated. We studied both the cycling behaviour and the Li ion diffusivity 
of needlelike LixTiO2 crystallizing with the rutile structure. The powder used for 
the experiments was a commercial one that is characterized by small needles, 
ca. 40 nm in length and 10 nm in diameter, see Figures 9a and 10a. Earlier 7Li 
NMR spin–lattice relaxation and SAE measurements (see Figures 9 and 10) were 
 performed on a sample with x = 0.5 that was chemically lithiated by treatment in 
n-BuLi dissolved in hexane [76]. SEM images and X-ray powder diffraction of the 
highly air-sensitive product confirmed that the rutile structure is fully retained 
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Fig. 9: (a) SEM image of TiO2 (rutile) nanorods; the needlelike shape of the crystallites is clearly 
visible. X-ray diffraction confirmed the phase purity of the material. The data points at the 
bottom of the figure illustrate the temperature dependence of the T1 relaxation rates measured 
at a Larmor frequency of 116 MHz. (b) 7Li SAE NMR decay rates of Li0.5TiO2 (rutile); for compari-
son, the stretching exponents used to parameterize the underlying S2 decay curves are also 
shown.
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during Li insertion. This contrasts with other modifications of TiO2 for which lithi-
ation is accompanied with a phase transformation. For rutile such transforma-
tions are reported for samples with x > 0.5.

As in the case of amorphous TiO2 nanotubes we took advantage of 7Li SAE 
NMR to characterize Li ion hopping in rutile Li0.5TiO2. Most interestingly, also for 
nanocrystalline, rutile Li0.5TiO2 the decay rates 1/τSAE are governed by non-diffusive 
effects until ca. 310 K. At higher T they discharge into an Arrhenius line that is 
once again characterized by an activation energy in the order of 0.5 eV. Significant 
motional line narrowing is recognized at 300–350 K (see inset of Figure 10b), thus 
at slightly higher temperatures than it was the case for amorphous TiO2 indicating 
faster ion dynamics in the structurally disordered samples. Note that for amor-
phous Li0.5TiO2 the activation energy derived from SAE NMR was only 0.3 eV. As 
also observed for the amorphous samples, the SAE NMR decay curves S2 could only 
be parameterized with stretched exponentials S2 ∝ exp( −(tm/τSAE)γ), see Figure 10b. 
The beginning of the diffusion-controlled SAE NMR flank is associated with the 
beginning of the decrease of the exponent γ (0 < γ ≤ 1) that describes the deviation 
from single-exponential time behavior γ = 1. This behavior is generally observed 
in SAE NMR if materials with a (large) distribution of decay rates are considered.
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Fig. 10: (a) HR TEM image of the rutile nanorods investigated; a nanorod with a length of 
ca. 25 nm and a diameter of approximately 5 nm is highlighted. (b) 7Li SAE NMR S2 decay curves 
(78 MHz) recorded at a preparation time of 10 μs. The curves were approximated with stretched 
exponentials; the corresponding stretching factors are shown in Figure 9b; they range from 
0.3 to 0.7 clearly representing a non-exponential motional correlation function. Inset: 7Li NMR 
lines recorded at the temperatures indicated. The lines show a Gaussian shape at low T and 
transform into a Lorentzian line at elevated T.
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Despite the moderate to poor ion dynamics in rutile Li0.5TiO2 the nm-sized 
needles perform exceptionally well in lithium-ion cells; therefore, one might 
speculate whether surface and interface effects do significantly participate in 
facile Li storage. To test their electrochemical ability to work as anode material 
in cells (with Li metal as both counter and reference electrode) we prepared elec-
trodes consisting of nano-Li0.5TiO2, binder (Kynar Flex 2801) and carbon powder 
(Super C 65); the weight ratio was 75:17:8. The cyclic voltammograms reveal a dis-
tribution of various redox processes (Figure 11b), at a scanning rate of 0.05 mV/s 
three distinct peaks are visible that indicate distinct insertion/de-insertion pro-
cesses presumably associated with structural changes of the active material if 
electrochemically lithiated. Galvanostatic cycling at current rates ranging from 
0.1 C to 20 C proves a credible rate capability (Figure 11a). For instance, at 1 C the 
decrease in charge capacity turned out to be marginal; even after 800 cycles the 
cell delivers a stable discharge capacity of more than 150 mAh/g.

2.1.4   Mesoporous TiO2 as long-lasting anode material

Mesoporous materials with an ordered 3D pore structure ensure superior storage 
capacities and facile Li insertion and removal. As mentioned above, these 
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ble with those of the anatase nanotubes hydrothermally prepared. (b) Cyclic voltammograms of 
the Li ion cells equipped with the rutile nanorods.
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 properties are inter alia related to short diffusion lengths of the nm-sized mate-
rials [35] as well as, see the discussion above, to the involvement of Li surface 
storage. Because of the large volume fraction of the interfacial regions this 
storage mechanism needs to be considered. Recently, excellent cycling behavior 
of a lithium-ion battery was achieved when mesoporous TiO2 with a 3D hierarchi-
cal pore structure was used as anode material [39]. Even after extensive charg-
ing and discharging of the battery, the hierarchical pore structure was preserved 
throughout clearly illustrating the high stability of the anode, see the HR TEM 
images in Figure 12b that were taken from Ref. [39].

Initially, the mesoporous TiO2 crystallizes with tetragonal symmetry. Upon 
Li insertion the material transforms, however, into an orthorhombic form [39]. 
Besides kinetic effects also Li diffusion properties are anticipated to govern the 
insertion and removal rates. To answer the important question if and to which 
extent Li self-diffusion changes as a function of Li content  x in mesoporous 
LixTiO2, we used 7Li NMR relaxometry and 7Li SAE NMR to probe local activation 
energies and jump rates [43]. As mentioned above, while 7Li SAE NMR is useful 
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Fig. 12: (a) 7Li NMR spin–lattice relaxation rates of mesoporous LixTiO2 with x = 0.09 and 
x = 0.74, see Ref. [43]. The rates were recorded at 78 MHz and 155 MHz. For the sake of clarity, 
the data of Li0.09TiO2 (78 MHz) were vertically shifted by a factor of 4. In the upper graph of (a) 
the spin-lock rates are shown that were acquired at a locking frequency of 14 kHz. (b) High-
resolution TEM images revealing the pore structure of the material before (A and B) and after 
cycling (C and D). No significant changes can be seen ensuring a high morphological stability of 
the mesoporous anode. TEM images taken from Ref. [39], copyright © 2000 by John Wiley Sons, 
Inc. Reprinted by permission of John Wiley & Sons, Inc.
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to probe rather slow Li motions with correlation rates lower than 105 Hz, 7Li NMR 
SLR measurements, in both the laboratory and rotating frame of reference are 
applicable to detect hopping processes with rates ranging from 105 Hz to 109 Hz 
[74, 75, 77]. Owing to the relatively long 7Li NMR SLR rates of the samples in the 
rigid-lattice regime, we could detect the low-T flanks of the corresponding rate 
peaks. The key results are shown in Figures 3 and 4.

In Figure 12a 7Li NMR spin–lattice relaxation rates for two compositions x, 
i.e. two crystal structures, are shown that were recorded at 155 MHz and 78 MHz 
as well at a locking frequency of 14 kHz. The Arrhenius plot reveals that above 
300 K the rates start to be mainly governed by ionic diffusion processes. Below 
that temperature non-diffusive origins control the rates. As expected, the more 
Ti3+ centers have been generated through the insertion of Li+/e− the larger the par-
amagnetic Li+–Ti3+ spin–spin interaction and the faster the longitudinal recovery 
in the low-T regime.

In the laboratory frame the diffusion-controlled rates follow Arrhenius 
behaviour that points to activation energies, Ea, of 0.37 eV (x = 0.09) and 0.32 eV 
(x = 0.74), respectively. Both the decrease in Ea and the slight increase in abso-
lute values in the diffusion-induced regime indicate increased Li ion hopping 
processes in the sample with higher Li content. This view is supported by spin-
lock NMR, see the upper part of Figure 12a. At first glance, one would expect a 
decrease in Li ion diffusivity if x is significantly increased from 0.09 to 0.74. Such 
a decrease could be the result of large Coulomb interactions at high x values with 
many interfering Li ions and a restricted number of vacant Li sites. The experi-
mental results, however, point to the opposite direction: the dynamic parameters 
deduced from NMR turned out to be less influenced by the Li content than 
expected. If we consider surface effects and the fact that the crystal symmetry 
reversibly changes from tetragonal to orthorhombic when going from x = 0.09–
0.74 some solid arguments can be found being able to explain the current NMR 
response. The orthorhombic structure seems to facilitate Li ion migration which, 
on the other hand, is highly beneficial for the performance of the anode material 
that needs to easily accept and conduct Li ions at increased values of x.

The fact that Li bulk diffusivity is seen to increase rather than to decrease 
with increasing x in mesoporous LixTiO2 is also underpinned by 7Li SAE NMR 
measurements, Figure 13, see Ref. [43]. Also from the point of view of SAE NMR 
correlation rates, the gradual transformation into orthorhombic LixTiO2 upon Li 
insertion, i.e. during charging the anode in a battery with full cell configuration, 
seems to have a positive effect on Li ion diffusivity (see Figure 12a and b).

By parameterizing the SAE decay curves, exemplarily shown in Figure 13a for 
x = 0.09, we obtain temperature-dependent correlation rates 1/τSAE that start to be 
influenced by slow Li exchange processes at temperatures above 250 K. By careful 
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subtraction of the almost temperature-independent and non-diffusive contribu-
tions to the SAE decay from the overall rates we ended up with purely diffusion-
controlled rates 1/τ′SAE that follow Arrhenius-type behaviour. The straight lines in 
Figure 13b represent Arrhenius fits with activation energies of 0.48 eV (x = 0.09), 
0.44 eV (x = 0.35), and 0.41 eV (x = 0.74). These values are comparable with those 
from NMR relaxometry. They are higher than those from SLR NMR in the lab frame 
since laboratory-frame relaxation is able to gather also short-ranged (local) ion 
dynamics to which SAE NMR is less sensitive.

On the other hand, SAE NMR, although being able to characterize long-range 
ion transport, is insensitive to ion jump processes between electrically identic 
sites that albeit contribute to NMR relaxometry, e.g. in the rotating frame of ref-
erence. This fact might explain the higher activation energy seen via spin-lock 
NMR which obviously also probes ion hopping processes with even larger bar-
riers the ions have to surmount (0.53 eV for the sample with x = 0.74). It is, on 
the other hand, important to mention that the temperature ranges where the two 
techniques have been applied to measure ion dynamics do not coincide. Above 
383 K the SAE decay curves start to be independent of temperature. Thus, at high 
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Fig. 13: (a) 7Li NMR two-time (sin–sin) correlation functions recorded at 155 MHz with the 
Jeener–Broekaert three-pulse sequence to generate stimulated echoes. The amplitude of the 
echo generated after the reading pulse is plotted as a function of mixing time, tm, while the 
preparation time tp was kept constant (10 μs). The shape of the decay curves do only slightly 
depend on T; the solid lines show fits with stretched exponentials. For x = 0.09 the  stretching 
exponents γ vary from 0.3 to 0.45 indicating correlated motion and/or a relatively wide 
 distribution of motional correlation times. The corresponding decay rates are shown in (b). 
With increasing x a slight increase rather than a decrease in SAE NMR decay rate is found that 
 corroborates the findings from spin-lock NMR. Figures adapted from Ref. [43].
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temperatures, i.e. in the regime of ‘fast’ ion dynamics, SAE NMR is unable to 
produce reliable jump rates and activation energies.

A similar feature can be seen for the spin-lock rates of the sample with 
x = 0.74. At high T, the rates follow an anomalous T behaviour that needs to be 
investigated in future studies. We suppose that it is related to the, to some extent 
irreversible, interaction of the active material with binders and carbon additives 
that are usually added to ‘ionically’ and electronically activate TiO2 to prepare a 
functioning battery anode. Nevertheless, in the T range of battery operation we 
have seen that at increased values of x the orthorhombic form of mesoporous TiO2 
with its hierarchical pore structure represents a powerful anode material with 
slightly enhanced Li ion dynamics compared to the initially Li poor TiO2 with 
tetragonal symmetry.

2.1.5   Na insertion into amorphous TiO2 nanotubes: mechanistic details – 
differences between Li and Na

While the electrochemical reactions of nanostructured TiO2 with H+ and Li+ have 
been known for a while, the particularities of the electrochemical reaction of Na+ 
with anodic titania nanotubes are a more recent achievement. A cyclic voltam-
metry experiment investigating the Na+ insertion into amorphous TiO2 nanotubes 
(see Figure 14a) does not indicate a definite two-phase insertion mechanism as 
known for insertion of Li+ in crystalline forms of titania [42]. A 2-phase mecha-
nism would result in well-defined current peaks in the cyclic voltammogram. 
The very broad current response, however, hints to a one-phase mechanism that 
might instead be involved. Another feature is the relatively symmetrical response 
of the nanotubes with respect to Na+ electrochemical reaction when the sweep 
rate is increased, e.g. at 10 mV/s, contrasting with the asymmetric shape of the 
cyclic voltammogram recorded at relatively slow seep rates of, e.g. 0.5 mV/s.

In Figure 14b the current read at 1 V vs. Na+/Na has been plotted against 
the square root of the sweep rate for three different types of amorphous anodic 
titania nanotubes, see Ref. [42]. Obviously, the nanotubes possess different outer 
diameters and lengths as follows: after anodization at 30 V for 2 h the nanotubes 
length was approximately 4.5 μm and 70 nm in diameter, at 40 V after 2 h 8 μm 
and 100 nm while at 50 V after 1 h the tubes were 9.1 μm long and 120 nm in dia-
meter. For an electrochemical process limited by a mass transport phenomenon a 
Randles–Ševčík-type plot, as presented in Figure 14b, should be linear. However, 
even after any ohmic drops were eliminated, there is a clear deviation from this 
expected linearity. The deviation is always positive, i.e. the current is higher than 
expected. Moreover, the deviation magnitude increases with sweep rate. This 
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observation proves that there is a process, contributing to Na+ storage, which is 
faster than solid-state diffusion in the walls of TiO2 nanotubes. This contributing 
process is commonly called pseudo-capacitive storage. Although a charge trans-
fer takes place and a Ti4+ redox center is reduced to Ti3+ during electrochemical 
reaction with sodium, the corresponding Na+ ion does not diffuse into the bulk 
of the amorphous titania material. Instead, it adsorbs onto the titania/electrolyte 
interface region forming a somehow loose bound with the substrate while still 
compensating the negative charge of the mobile electron that has been injected 
into TiO2 conduction band. This interfacial storage mechanism is obviously 
not limited by ion diffusion in the solid-state since the Na+ ions reside on the 
surface of the material. The only mass transport limitation by diffusion occurs in 
the liquid state, i.e. chemical diffusion of the sodium species through the liquid 
electrolyte. Chemical diffusion in the liquid state can, however, safely be consid-
ered at least 4–6 orders of magnitude faster than the solid-state diffusion process 
and, thus, this process is significantly faster than its solid-state counterpart, as is 
clearly proven by the non-linear relationship observed in Figure 14b.
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Fig. 14: (a) Cyclic voltammetry response at various sweep rates of an amorphous TiO2 nano-
tubes layer fabricated by anodization at 50 V for 2 h. The electrolyte was solution of 1 M NaClO4 
in propylene carbonate (PC). The electrochemical response of the sample is consistent with a 
sodium storage mechanism involving a single phase mechanism. (b) The current values read 
from a) at a potential of 1 V vs. Na+/Na plotted with respect to square root of the sweep rate of 
the anodic and cathodic scans. There are significant and systematic deviations from the linear 
behaviour that would be expected for electrochemical processes that are limited by mass trans-
port (diffusion) phenomena. Figures adapted from Ref. [42].

Bereitgestellt von | Technische Universität Graz
Angemeldet

Heruntergeladen am | 06.11.18 13:39



Nanostructured Ceramics: Ionic Transport and Electrochemical Activity      1381

It is possible to separate the pseudo-capacitive and chemical diffusion 
process in the solid state by considering that diffusion should present a linear 
response on a Randles–Ševčík-type plot and that the pseudo-capacitive con-
tribution adds to the diffusion process while being non-linear with respect to 
the sweep rate. By a relatively simple subtraction technique, detailed elsewhere 
[42], we found very high values of the pseudo-capacitance as shown in Figure 
15a. The pseudo-capacitance is increasing as the potential of the electrode is 
driven towards more negative values, eventually reaching very high values 
around 1000 μF/cm2. Worth mentioning, this value is roughly two orders of 
magnitude higher than the usual double layer capacitance occurring in the 
absence of a faradaic process. This opens the path towards the use of anodic 
titania nanotubes in supercapacitors. While the pseudo-capacitive contribu-
tion of the anodic titania is very high, the Na+ diffusion into the walls of the 
nanotubes is very slow irrespective of the electrode potential at which it was 
measured as seen in Figure 15b. The chemical diffusion coefficient values are 
centered around 10−21 cm2/s which is 4–5 orders of magnitude lower than the 
corresponding Li+ diffusion coefficients in anatase TiO2 [78]. Therefore, there is 
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Fig. 15: (a) The pseudo-capacitive Na+ interfacial storage for TiO2 nanotubes with respect to the 
electrode potential. The values of the capacitance are expressed with respect to the surface 
area of the nanotubes that is much higher than the surface occupied by the nanotubes layer on 
the Ti substrate. For these samples this surface ratio lies between 450 and 700:1. (b)  Chemical 
diffusion coefficient corresponding to sodium insertion in the walls of the TiO2 nanotubes; 
values were determined after subtraction of the pseudo-capacitive contribution. Regardless of 
the potential of the electrode, diffusion of sodium into TiO2 turned out to be rather slow process 
at room temperature. Figures adapted from Ref. [42].
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only a small amount of sodium diffusing into the walls of the titania nanotubes, 
most of the sodium storage capacity originates from the pseudo-capacitive pro-
cesses. This feature is essentially different from Li+ insertion in TiO2, most of 
the Li+ is actually stored in the bulk regions of TiO2 below a certain electrode 
potential, typically lower than 1.5–1.7 V vs. Li+/Li.

2.2   Li ion diffusion in layer-structured (nanocrystalline) 
LixSnS2 with confined Li diffusion pathways

Macroscopic Li diffusion in nanostructured ceramics, such as TiO 2, can be directed 
if the crystallites assume the shapes of tubes or rods. From the atomic scale point 
of view the elementary hopping processes have to be characterized in many cases 
by 3D diffusion unless diffusion of the ions is preferred along a special direc-
tion of the crystal structure. Apart from such anisotropic movements in materials 
offering 3D diffusion there are layer-structured and channel-structured ion con-
ductors with significantly constraint migration pathways [30, 65, 79–84]. Lithium 
transition metal dichalcogenides represent a typical class of materials that offer 
2D diffusion in their van-der-Waals gaps [83]. Of course, besides intralayer diffu-
sion, to a minor extent also interlayer hopping processes across the layers can 
take place. Considering sulfides, besides, e.g. LixTiS2 [62, 83] and LixNbS2 [81, 85], 
the Sn-analogue, LixSnS2, constitutes another interesting model system not only 
to study the influence of dimensionality [49] but also the effect of structural dis-
order on a spatially confined diffusion process.

In Figure 16a 7Li NMR spin–lattice relaxation rates of three different LixSnS2 
(x = 0.17) samples, differing in morphology and mean crystallite size, are shown 
in an Arrhenius plot. With x = 0.17 we ensured that mainly intralayer Li sites, i.e. 
those between the SnS2 sheets, have been occupied by the Li ions. The mobile Li 
ions were chemically introduced into SnS2 via treatment with n-BuLi in hexane. 
Microcrystalline LixSnS2 served as reference material to reveal the changes in dif-
fusion-induced NMR spin-lock relaxation rates [49]. NMR spin–lattice relaxation 
in Li0.17SnS2 with μm-sized crystallites turned out to be rather complex. We inter-
preted the appearance of two diffusion-induced rate peaks as a consequence of a 
heterogeneous distribution of Li ions in LixSnS2 that can be influenced by anneal-
ing [49]. Soft thermal treatment is anticipated to homogenize the sample toward a 
uniform distribution of intercalants [81]. After thermal annealing the low-T peak 1 
(see Figure 16b) has significantly been decreased in intensity. We assume that this 
relaxation peak represents clustered Li ions near the surface-influenced regions 
having access to fast short-range motions.
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If a nanocrystalline sample is studied that contains large volume fractions of 
amorphous LixSnS2 the NMR response clearly differs from that found for micro-
crystalline LixSnS2. At first the corresponding NMR line shapes of the nanocrys-
talline sample are composed of two contributions with quite different line widths 
(Figure 17). Thus, we have indeed to deal with a sample consisting of two spin 
reservoirs largely differing in ion dynamics, see also Ref. [33]. The sharp line 
resembles that of microcrystalline Li0.17SnS2; most likely, the ions representing 
this line reflect those in the nanocrystalline grains. The broader line can then 
be assigned to those in the amorphous regions. The two spin ensembles are also 
visible in 7Li NMR spin-lock NMR transients which can only be parameterized 
with a sum of two single transients. The resulting rates are denoted as (fast, f) 
and (slow, s) in Figure 16a. Worth mentioning, the resulting broad NMR rate peak 
of the fast diffusing species resembles that obtained for microcrystalline LixSnS2 
before annealing. The low-T activation energy is, however, much lower and the 
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Fig. 16: (a) 7Li NMR spin–lattice relaxation rates of different Li0.17SnS2 samples: a microcrys-
talline one (see red data points), a nanocrystalline one with a large fraction of amorphous 
material, and a sample that was prepared mechanochemically from Li2S and SnS2 in a planetary 
mill. The rates were recorded at a locking frequency of 20 kHz. (b) The diffusion-induced NMR 
locking rates of microcrystalline Li0.17SnS2 before (unfilled symbols) and after annealing the 
sample (filled symbols). In both cases the data can be best represented by two diffusion-
induced rate peaks pointing to two dynamically distinct motional processes. Figure (b) adapted 
from Ref. [49].
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rate peak is shifted toward lower T as is illustrated by the horizontally drawn 
arrow in Figure 16a. This observation points to enhanced ion dynamics in the 
nanostructured form of LixSnS2.

An additional increase in Li ion diffusivity is seen if we consider a sample 
that has been prepared via mechanochemical reaction of Li2S and SnS2 in a plan-
etary mill, see the corresponding 7Li NMR rates in Figure 16a. The shape of the Li 
NMR spectra do not reveal a pronounced structurally heterogeneous sample as 
discussed for the nanocrystalline sample before. We suppose that either defects 
introduced during the synthesize procedure are responsible for fast ionic diffusiv-
ity in the bulk or the surface-influenced regions. Heavy formation of amorphous 
regions, however, seems to slow down Li diffusivity at least in the case of layer-
structured materials. Such materials already possess fast diffusion pathways 
being able to guide the ions also over long distances.
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Fig. 17: 7Li NMR line shapes (116 MHz) of (a) microcrystalline, i.e. coarse-grained Li0.17SnS2. (b) 
NMR spectra of a nanostructured sample with a mean crystallite size in the order of 10–20 nm. This 
sample contains a large volume fraction of amorphous material which is, in our opinion, repre-
sented by the broad, Gaussian-type NMR line (see the dashed lines that were used to deconvolute 
the overall signal recorded at 352 K). (c) Line shapes of a nanocrystalline sample that was synthe-
sized via a mechanochemical route. Among the three samples it represents the fastest one in regard 
to Li ion self-diffusivity. This is also confirmed by 7Li spin-lock SLR NMR relaxometry, see Figure 13a.
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2.3   Enhancing ionic conductivity in poorly conducting ternary 
oxides and carbonates through structural disorder: LiAlO2, 
Li2TiO3, LiTaO3, Li4Ti5O12, and Li2CO3

Lithium aliuminate is, at least in its γ-modification, known as a very poor ionic 
conductor if at hand in a coarse-grained or single-crystalline form. The Li 
ions occupy tetrahedral voids that are connected by corner-sharing. Recently, 
 Wiedemann et al. compared experimental results on Li ion translational dynam-
ics in oriented LiAlO2 single crystals [orientations (100) and (001)] from (i) 
conductivity spectroscopy, (ii) mass tracer experiments as well as (iii) 7Li NMR 
measurements. Ion transport turned out to be fully ionic [86]. For short-range Li 
ion dynamics 7Li NMR relaxation resulted in an activation energy of ca. 0.7 eV, 
see Ref. [86] for an overview and Ref. [87] for recent measurements on a powder 
sample. The value of 0.7 eV agrees with that derived from neutron diffraction data 
that indicated a curved pathway connecting two adjacent Li sites in LiAlO2 [88].

Long-range Li ion transport, on the other hand, has to be described with a 
higher activation energy [86, 89]. Both secondary ion mass spectrometry (SIMS) 
and conductivity spectroscopy revealed essentially the same activation energies 
of ca. 1.20(5) eV and 1.12(1) eV, respectively [86]. From 650  K to 750  K, which 
was the T range covered by the SIMS experiments, the diffusion coefficient DSIMS 
equals Dσ meaning that the corresponding Haven ratio is given by HR = 1 [86]. 
Note that in Ref. [86] the solid-state diffusion coefficient Dσ was estimated via the 
Nernst–Einstein equation by assuming that the number density of charge carri-
ers is simply given by the lithium concentration of the oxide. Mechanical loss 
spectroscopy confirmed these diffusion coefficients and activation energies [89]. 
Dynamic mechanical analysis, which is sensitive to ultraslow Li ion displace-
ments, points to a Debye-like motional correlation that controls ion dynamics 
at low temperatures. Recently, activation energies of ca. 1.1 eV have also been 
found via sin–sin correlation functions probed with the help of 7Li stimulated 
echo NMR being sensitive to long-range transport, see Ref. [90].

Regarding microcrystalline powder samples a very similar activation energy 
of ca. 1.14 eV [47] is obtained from conductivity measurements for temperatures 
below 600 K (see Figure 18a), see also Ref. [86] for an overview. The low conduc-
tivities and diffusivities are highly welcome if LiAlO2 is used as, e.g. blanket mate-
rial in fusion reactors. In such systems diffusion should be strictly prevented. The 
application of the oxide in electrochemical storage systems, however, requires 
much better ion diffusivities. For instance, LiAlO2 is considered to act as thin-
film electrolyte in all-solid-state batteries prepared with the use of sputtering or 
other deposition techniques. Furthermore, it has been reported that the oxide can 
be used as coating for Lix(Ni, Co, Mn)O2-based cathodes [91]; Goodenough and 
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co-workers [92] as well as Cheng et al. [93] have recently shown that during the 
preparation of the highly-conducting electrolyte Li7La3Zr2O12 (LLZO), doped with 
Al, the LLZO crystallites are often covered by an amorphous layer of LiAlO2. Such 
a grain-boundary phase can have a negative impact on long-range ion transport 
in such oxide electrolytes.

Thus, also from an application point of view it seems to be important to study 
Li ion diffusion parameters in structurally disordered LiAlO2. As is shown in 
Figure 18a high-energy ball milling significantly influences the DC conductivity 
of LiAlO2 which can be read off from the frequency independent plateaus of the 
underlying conductivity isotherms. While overall conductivity has increased by 
several orders of magnitude, the activation energy decreases from 1.14 eV down 
to 0.78 eV (Figure 18a), [47]. The same effect is known for nanocrystalline LiTaO3 
(see Figure 18b), which has been studied in detail via conductivity spectroscopy 
and 7Li NMR relaxometry in an earlier work [5].

In order to study the origins that cause the increase in conductivity, XRD, 
HR TEM and 27Al magic angle spinning (MAS) NMR were employed [47], see also 
Figures 19 and 20a. In the case of LiAlO2 powder XRD proves nanostructuring of 
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Fig. 18: (a) Ionic conductivities of micro- and nanocrystalline LiAlO2. The latter was obtained 
by high-energy ball milling the starting material for the milling times indicated. For example, 
at 450 K the jump in conductivity is five orders of magnitude when going from the microcrystal-
line material to LiAlO2 that was treated for 480 min in a planetary mill (Fritsch Pulverisette P7). 
(b) Comparison of the results obtained for nanocrystalline LiAlO2 with those of high-energy 
ball milled LiTaO3 that was prepared in a shaker mill. Note the data for the 8 h and the 16 h ball 
milled sample coincide. For better clarity, those of the 16-h-sample were shifted by a factor of 
10 upwards. Figures adapted from Ref. [47].

Bereitgestellt von | Technische Universität Graz
Angemeldet

Heruntergeladen am | 06.11.18 13:39



Nanostructured Ceramics: Ionic Transport and Electrochemical Activity      1387

the samples. While after 30 min a nanocrystalline ceramic of γ-LiAlO2 has been 
obtained, further milling leads to the formation of large amounts of amorphous 
material and structurally disordered δ-LiAlO2. The δ-form is a high-pressure mod-
ification of LiAlO2. This observation was confirmed by 27Al MAS NMR [47]. The 
more δ-LiAlO2 is formed, the more intense the respective NMR signal at 15 ppm 
[referenced against Al(NO3) aqueous solution], which represents those Li ions 
residing on octahedral sites in the δ-modification. After 8  h of milling, LiAlO2 
nanocrystallites are obtained that are embedded in an amorphous matrix of the 
aluminate (see the HR TEM image shown in Figure 19b). The higher diffusivity in 
LiAlO2 was also seen in 7Li NMR line shape measurements [47], see Figure 20b.

Compared to LiAlO2 the enhancement effect observed for LiTaO3 is some-
what stronger. As one might expect because of the similar structure parameters, 
the behaviour of LiTaO3 resembles that of nanocrystalline LiNbO3. For Li2TiO3, 
on the other hand, the total increase in conductivity is less pronounced. The 
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Fig. 19: (a) XRD powder patterns of micro- and nanocrystalline LiAlO2. After 30 min of milling 
broadening of the reflections is seen but no other phases than the g-form show up. This 
changes when the milling time is raised to 8 h; the broad intensities at 45° and 67° point to 
δ-LiAlO2 generated. Simultaneously, significant amounts of amorphous material are formed. (b) 
HR-TEM image and scanning electron microscopy picture of LiAlO2 (milled for 8 h). (c) Magnifica-
tion of the XRD pattern shown in (a). As is indicated by XRD, the formation of α-LiAlO2 seems to 
be negligible. Figures adapted from Ref. [47].
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latter is simply because the conductivity of microcrystalline Li2TiO3 is already 
higher than that of LiTaO3 and LiAlO2. The dashed lines in Figure 21a indicate 
the conductivities of LiAlO2 and LiTaO3 which were each milled for 8 h in the 
same planetary mill under the same conditions regarding the vial set and ball-
to-powder ratio.

Quite recently, we studied the change in local structure of Li2TiO3 and LiTaO3 
through (extended) X-ray absorption fine structure (EXAFS) measurements 
similar to earlier work on LiNbO3 [4]. As an example, in Figure 21b EXAFS data 
and Fourier transforms are presented for un-milled and mechanically treated 
Li2TiO3. The XAS scans were collected for the appropriate edge (Ti K-edge and 
Ta L3-edge) at room temperature on beam line B18 at the Diamond Light Source 
(Oxfordshire). For Li2TiO3, ball-milling attenuates the EXAFS and we observed a 
decrease in the height of the Ti–Ti peak in the Fourier transform. Similar results 
were also obtained for ball-milled LiTaO3 [5] that was treated in a planetary mill 
(Figure 22). In Figure 23a and b the conductivities of several samples as well as the 
corresponding isotherms of a sample milled for 30 min are shown.
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nanocrystalline β-Li2TiO3. Note that, according to X-ray diffraction, after 8 h of milling a mixture 
of amorphous Li2TiO3, the β-form and the α-modification has been formed. The dashed lines 
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EXAFS data of the source material and the sample milled for 8 h in a planetary mill; (b) Fourier 
transforms (FT) of the k3 weighted normalized EXAFS data shown at the top. The data were 
analyzed to yield details on the local structure, i.e. bond lengths, R, Debye–Waller factors, σDW. 
Figures taken from Refs. [27, 48] .
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For LiTaO3 the decrease in EXAFS is best seen for the Ta–O and Ta–Ta cor-
relations at ca. 2.0 Å and 3.8 Å, respectively (Figure 22b). The effect was analyzed 
in two ways viz. as a change in the Debye–Waller factor σDW due to (microscopic) 
disorder and as the effect of amorphous regions introduced during milling. Con-
sidering the Debye–Waller factors, shown in the form of σ2

DW vs. milling time, for 
all the correlations σ2

DW almost doubles after the oxide has been treated for only 
30 min (Figure 22a). It can be explained that already after short periods of milling 
the local structure around the Ta ions is somewhat distorted. With increasing 
milling the Ta–O Debye–Waller factors show only a gradual change whereas the 
Ta–Ta correlation, which is significantly larger, continues to increase steeply with 
increasing mechanical treatment. We assume that at the beginning of the milling 
process the local Ta–O octahedra are affected while the relative arrangement 
of the octahedra continues to change with further treatment. Such observation 
would be expected given that the strong Coulomb interaction between Ta5+ and 
O2− will maintain a relatively rigid local structure.

In an earlier study we used a shaker mill (SPEX 8000) equipped with a single 
ZrO2 ball (10  mm in diameter) and a zirconia vial to produce nanocrystalline 
LiTaO3. After 30  min of milling most of the local electric field gradients in the 
direct neighborhood of the Li nuclei are still comparable to those in un-milled, 
coarse-grained LiTaO3. Many hours of milling were needed to destroy the origi-
nally well-structured powder pattern. Interestingly, the largest increase in ion 
conductivity is seen when the sample is milled for 30 min. Obviously, consider-
ing ion dynamics in LiTaO3, (local) distortions, point defects, displacements and 
strain introduced during the first 30 min of milling is sufficient to have a remark-
able effect on both short-range as well as long-range ion transport. Interestingly, 
the previous conductivity studies [5] revealed some subtle dependence of the 
microstructure on the time of ball-milling. The longer the milling time the more 
difficult it is to recover crystallinity by thermal annealing. Hence, the additional 
conductivity enhancement seen for longer milling times is presumably due to the 
increasing formation of amorphous fractions.

In the case of planetary mills the situation is similar but also entails some dif-
ferences. For planetary mills, enabling heavy grinding, indeed the generation of 
amorphous materials is more likely. Although for both types of mills amorphous 
material is expected to be formed at longer milling times, planetary mills might 
already produce significant amounts of amorphous material at short milling 
times. In Figure 23a and b the conductivity results of such samples are shown; 
they were prepared in planetary mills equipped with up to 140 small milling balls 
with a diameter of 5 mm only. As can be clearly seen from the Arrhenius plots the 
ionic conductivity reached an upper limit already after 30 min. Considering the 
corresponding complex plane plots and capacities of the data, the DC plateaus 
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in Figure 23b have to be characterized by capacities typically found for bulk 
responses that are already affected by the influence of the electrical response of 
grain boundaries (see Figure 24a).

Milling LiTaO3 for 30  min causes the activation energy to decrease from 
0.85 eV to 0.67 eV. Simultaneously, the corresponding pre-factor of the Arrhenius 
relation increased by 1.5 orders of magnitude. Such an increase might be attrib-
uted to free volume generated and structural disorder generated. Longer milling 
times do not influence the Li ion conductivity further. Once again, after 30 min 
the extent of structural disorder, i.e. local defects and amorphous material, has 
already reached a critical level to generate a network of fast migration pathways. 
We expect the percolating amorphous regions to form such a network. This view 
is supported by the abrupt change of the corresponding 7Li NMR line shapes 
observed (Figure 24b). Already after 30  min of milling the 7Li NMR spectrum 
resembles that of a sample milled for 8 h rather than that of the source material. 
The samples produced in planetary mills can thus be regarded as heterogene-
ously disordered materials, i.e. they are composed of (defect-rich) crystalline 
grains being embedded in an amorphous matrix that ensures fast long-range ion 
transport.

According to this explanation we alternatively assumed that the attenuation 
seen in EXAFS of the samples prepared with planetary mills (Figure 22b) stems 
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Fig. 23: (a) Temperature dependence of the ionic conductivity of LiTaO3 if treated in a planetary 
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therms of LiTaO3 high-energy ball milled for 30 min in a planetary mill. κ denotes the exponent 
in σ′ ∝ νκ used to approximate the behaviour in the dispersive regions.
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only from the amorphous material generated. If we take the Ta–Ta correlation 
as an indirect (relative) measure for the amount of amorphous LiTaO3 produced, 
milling for as little as 30 min is estimated to yield already ca. 25 % amorphous 
material. This parallels the ionic conductivity measurements of the same sample 
ball-milled for 30 min where the magnitude is four orders higher than that for 
an un-milled sample (see the data at 360 K). After 8 h of milling, EXAFS suggest 
that the amount of amorphous LiTaO3 has increased to approximately 60 %. This 
additional increase has, however, no further effect on the ionic conductivity pre-
sented in Figure 23a.

A similar steep increase in conductivity has recently been found for Li2CO3, 
see Figure 25. Lithium carbonate is an important constituent in the passivating 
interlayer, the so-called solid electrolyte interface (SEI), in liquid-based second-
ary lithium-ion batteries. During charging and discharging the battery the Li ions 
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Fig. 24: (a) Nyquist plots of the complex impedance (373 K) of microcrystalline LiTaO3 (upper 
graph) and nanocrystalline LiTaO3 (milled for 30 min). Note that the two graphs refer to two 
axes with quite different scale markings which illustrates once more the giant increase in 
conductivity observed. (b) 7Li NMR spectra of microcrystalline LiTaO3 and two samples milled 
for 30 min and 8 h, respectively. Since 7Li is a spin-3/2 nucleus, the spectrum is composed of 
a central line flanked by satellite intensities as the nuclear quadrupole moment interacts with 
electric field gradients in its direct neighborhood. This interaction alters the Zeeman levels in 
such a way that, according to the orientation of the crystallites with respect to the magnetic 
field, satellite intensities arise. In the present case, single pulse spectra are shown and the 
resulting quadrupole powder pattern is, of course, less developed than in the case of echo 
spectra.  Nevertheless, this way the decrease in intensity of the 90° singularities is best seen. 
For the milled samples only a shallow difference is detected that is in line with the results from 
conductivity spectroscopy and EXAFS.
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have to surmount this barrier of decomposition products. Thus, the ionic conduc-
tivity of its components is key to guarantee powerful cycling and rate capability, 
particularly if an SEI mainly composed of by Li2CO3 is considered. To mimic the 
presumably amorphous Li2CO3 formed inside a battery, we treated microcrystal-
line Li2CO3 to introduce defect structures and to push its conductivity to the upper 
reachable limit of ion dynamics. As has been seen for LiAlO2, Li2TiO3 and LiTaO3, 
σDC already increases by several orders of magnitude if treated for short times in 
planetary mills. The same effect is seen for the carbonate, Figure 25a. The increase 
in conductivity is accompanied by a decrease of the original activation energy 
(1 eV) of coarse-grained polycrystalline Li2CO3; after 2 h of milling it decreased to 
0.66 eV. This value as well as the conductivities obtained almost coincide with 
those for LiTaO3 that served as an internal benchmark, see the dashed line in 
Figure 25a.

As compared to the oxides discussed so far, for the titanate Li5Ti4O12, which 
is a well-known zero-strain anode material for lithium-ion batteries, the effect of 
ball milling on Li+ dynamics is much lower. Although ionic conductivity in micro-
crystalline Li4Ti5O12 is poor [94], viz. in the order of 10−12 S cm−1 at 295 K (ca. 0.76 eV, 
depending on the defect chemistry and exact morphology [27, 95]), it is, however, 
by about 1 order of magnitude higher than that of Li2TiO3. Milling of Li4Ti5O12 for 
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Fig. 25: (a) Change of σDCT of un-milled and milled Li2CO3 as a function of the inverse tempera-
ture. At 370 K, an increase of σDC by four orders of magnitude is seen; Ea decreases from ca. 1 eV 
to 0.66 eV (8 h milling). As a benchmark also the Arrhenius line of nanocrystalline LiTaO3 (8 h, 
planetary mill) is shown. (b) The corresponding conductivity spectra from which the values 
σDC were read off. κ denotes the exponent in σ′ ∝ νκ used to approximate the behaviour in the 
dispersive regions.
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4  h in a planetary mill causes σDC to increase by only 0.5 orders of magnitude 
(330 K). The activation energy is reduced from 0.76 eV to 0.69 eV.

This relatively small effect can also be observed via 7Li NMR relaxometry and 
complementary line widths measurements. The results shown in Figure 26 refer 
to nanocrystalline Li4Ti5O12, which was prepared by high-energy ball milling in 
ethanol for 3 h. The open symbols in Figure 26a represent the 7Li NMR motional 
narrowing curve of nanocrystalline Li4Ti5O12. The curve resembles that of micro-
crystalline Li4Ti5O12, which is shown for comparison. The onset of motional nar-
rowing for nano-Li4Ti5O12 is, however, shifted by 50 K toward lower temperatures 
revealing (slightly) enhanced ion diffusivity. Most interestingly, if Li is chemically 
inserted into nanocrystalline Li4Ti5O12 no drastic change of the motional narrow-
ing (MN) curve is seen if x values of up to 0.3 are considered, Figure 26a. For 
micro-Li4Ti5O12 the same treatment in n-BuLi causes a significant enhancement 
of ion mobility – the corresponding MN curve is shifted by almost 150 K toward 
lower T [96]. The situation for x being larger than 0.3 is more difficult to explain as 
the increased Li+–Ti3+ interactions additionally broaden the spectra. A significant 
dependence of Li ion diffusivity on x, as it has been documented for the unmilled 
form [96, 97], seems to be, however, absent.
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Fig. 26: (a) Li diffusivity in nanocrystalline Li4+xTi5O12 (x = 0, 0.1, 0.3, 1, 2, 3) as seen via 7Li NMR 
line widths measurements and (b) spin-lock relaxometry carried out a locking frequency of 
30 kHz; the samples with x = 0 and x = 0.1 are shown. Compared to microcrystalline Li4Ti5O12 
the Li diffusivity in the nanocrystalline form (x = 0) is slightly enhanced. If nano-Li4Ti5O12 is, 
however, treated with n-BuLi to form nano-Li4.1Ti5O12 no significant change in Li ion mobility 
is seen via NMR. This is quite different for the microcrystalline form, for which we observed 
a steep increase in Li diffusivity when going from Li4Ti5O12 to Li4.1Ti5O12, see (b). The diffusion-
induced relaxation rate peak of microcrystalline Li7Ti5O12 is shown for comparison.
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The same characteristic for nanocrystalline Li4Ti5O12 and nano-Li4.1Ti5O12 is 
seen if we look at the 7Li NMR spin-lock relaxation rates presented in Figure 26b. 
The corresponding diffusion-induced relaxation rate peaks for x = 0 and 
x = 0.1 show up at essentially the same temperature. By coincidence it is what we 
also found for microcrystalline Li7Ti5O12. In contrast, the difference for microcrys-
talline Li4Ti5O12 and micro-Li4.1Ti5O12 is much larger. Hence, we conclude that in the 
case of Li4Ti5O12 the introduction of structural disorder is much less favorable for 
ionic diffusivity. By comparing the results for micro- and nanocrystalline Li4Ti5O12 
from rotating-frame spin-lock NMR an interesting feature is revealed: although 
the rate peak of the nanocrystalline sample shifts to lower T, as is expected when 
comparing the respective MN curves, the low-T flank of nano-Li4Ti5O12 has to be 
characterized by a higher activation energy. This feature can only be explained 
by an enhanced pre-factor of the associated Arrhenius law. If x is increased from 
x = 0 to x = 0.1 we witness both a decrease of Ea (from 0.89 eV to 0.57 eV, see Figure 
26b) and the associated pre-factor. Without any change of the pre-factor the posi-
tion of the rate peak should have been changed to be in agreement with a higher 
mean activation energy.

2.4   Ionic conductivity in nanocrystalline Li2O2 and Na2O2 – the 
possible discharge products in Li- and Na-air batteries

Ionic conductivity and diffusivity in peroxides belongs to the white areas of mate-
rials science. Li2O2 and Na2O2 form during discharging a Li metal or Na metal 
oxygen battery. Elucidating the transport properties of the ionic and electronic 
charge carriers in these peroxides is of importance in the field of oxygen bat-
teries. Considering the above derived conclusion that ion transport can be, in 
some cases, greatly enhanced if the poorly conducting oxides were mechanically 
treated, we tried the same approach to produce phase-pure nanocrystalline Li2O2 
and Na2O2. Thus, we expect that with nanocrystalline, ball-milled Li2O2 a material 
with an upper limit of reachable ion conductivities is at hand. To determine these 
maximal conductivity parameters might also influence current battery research 
on metal oxygen systems.

Li2O2 crystallizes with the hexagonal space group P63/mmc and shows two 
crystallographically distinct Li sites (Wyckoff positions 2a and 2c). The covalently 
bonded O2 dimers are arranged in an alternating ABAB stacking. The trigonal 
prismatic Li ions in Li2O2 are in the same layer as the peroxide anions. The octahe-
drally coordinated ones reside between the peroxide layers. As revealed by imped-
ance and conductivity spectroscopy Li ion transport in Li2O2 is extremely low [29, 
98]. In Figure 27a the corresponding overall conductivities of microcrystalline 

Bereitgestellt von | Technische Universität Graz
Angemeldet

Heruntergeladen am | 06.11.18 13:39



1396      D. Prutsch et al.

and nanocrystalline Li2O2 are compared with those of isostructural Na2O2 [46], 
see also Figure 27b. While high energy ball milling of Li2O2 causes the total con-
ductivity to increase by approximately 2 orders of magnitude, in the case of Na2O2 
the effect is much less pronounced. For micro-Li2O2 we obtained a very low con-
ductivity of 3.4 × 10−13 S/cm at ambient temperature [29]. High-energy ball-milling 
leads to an increase of σDC by ca. 2 orders of magnitude reaching 1.1 × 10−10 S/cm; 
correspondingly, the activation energy decreases from 0.89 eV to 0.82 eV. The 
electronic contribution to σ, which was measured via polarization experiments, 
turned out to be in the order of 9 × 10−12 S/cm. This values makes <10 % of the total 
conductivity. For ball-milled Na2O2 at ambient conditions the overall conductivity 
is in the order of 10−13 S/cm. Recent polarization experiments have shown that the 
partial electronic conductivity ranges between 7.6 × 10−14 S/cm and 1 × 10−13 S/cm. 
Thus, the total conductivity in the sodium analogue is to a non-negligible extent 
influenced by electronic charge transport.

The poor ionic conductivity of Li2O2 is also represented by 7Li NMR line 
shape measurements [29]. Interestingly, the 7Li NMR lines of nano-Li2O2 undergo 
a pronounced heterogeneous motional narrowing upon heating the peroxide, 
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Fig. 27: (a) Arrhenius diagram of the overall conductivities of microcrystalline and nanocrystal-
line Li2O2. The arrows indicate the heating and cooling runs. At high temperatures nanocrystal-
line Li2O2 is exposed to grain growth and healing of defects, thus a decrease in conductivity 
was seen during cooling. For microcrystalline Li2O2 almost no difference was detected. For 
comparison, the Arrhenius lines of micro- and nanocrystalline Na2O2 are also shown. (b) Total 
Conductivity of micro- and nanocrystalline Na2O2 obtained after high-energy ball milling the 
coarse-grained starting material. The right axes refer to solid-state diffusion coefficients which 
were obtained by means of the Nernst–Einstein equation using the σ values measured. Figures 
adapted from Refs. [29, 46].
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see Figure 28a. The Gaussian shaped NMR line that is seen in the regime of the 
rigid lattice narrows such that a two-component line shape emerges. The narrow 
line on top of the broader one represents Li ions being mobile on the time scale 
defined by the line width at low T, i.e. these ions have access to diffusion pro-
cesses being characterized by (mean) jump rates in the order of ca. 20 kHz. Most 
likely, the enhancement in conductivity can be traced back to the generation of a 
small spin reservoir with mobile Li ions; these are expected to reside in the direct 
neighborhood of defects generated or near the structurally disordered and defect-
rich interfacial regions formed during mechanical treatment.

Through 7Li NMR relaxometry and stimulated echo measurements we could 
refine the picture presented by conductivity spectroscopy. Interestingly, the 
diffusion-induced NMR relaxation rates reveal much lower activation energies 
for Li ion dynamics in Li2O2 (0.22–0.24 eV, see Figure 28b). Obviously, the rates 
probe local or short-range motions rather than long-range ion transport. We may 
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Fig. 28: (a) 7Li NMR line shapes of nanocrystalline Li2O2 that was mechanically treated for 3 h in 
a planetary mill equipped with a milling vial made of ZrO2. With increasing T a two-component 
NMR line shape emerges; the narrow line superimposing the broad one reflects relatively 
mobile ions in nanocrystalline Li2O2. (b) 7Li NMR spin–lattice relaxation rates of nanocrystalline 
Li2O2 recorded in the laboratory frame (116 MHz) and in the rotating frame of reference (28 kHz 
locking frequency). At temperatures lower than ca. 370 K the rates reveal Arrhenius behaviour 
with a much lower activation energy than detected by conductivity spectroscopy. The same tem-
perature dependence is seen via 7Li SAE NMR if temperatures lower than 330 K are considered 
(0.24 eV). The discrepancy in Ea clearly points to heterogeneous dynamics with subsets of slow 
and fast Li ions. The latter predominantly govern the overall NMR rates in this T regime. Figures 
adapted from Ref. [29].
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identify the fast subset of Li ions seen in line shape NMR to be responsible for 
the low Ea values deduced through relaxometry. The same seems to be the case 
for the 7Li SAE NMR decay rates that are shown in Figure 28b for comparison. At 
higher T we recognized another thermally activated process that is, in the case of 
T1 7Li NMR relaxation, governed by a higher activation energy of 0.47 eV. A similar 
increase in decay rates is also seen in SAE NMR (0.41 eV). Most likely, this process 
is influenced by polaron dynamics; such dynamics were, for example, studied 
by first-principle calculations by Radin and Siegel who calculated an activation 
energy of 0.42 eV [99].

In analogy to Li2O2 we started to analyze the poor Na ion diffusion in nano- and 
microcrystalline Na2O2, see Figure 27a. High-resolution (MAS) 23Na NMR measure-
ments carried out at 132.25 MHz revealed the two magnetically inequivalent Na 
sites in Na2O2 as expected, see Figure 29a. The spectra shown were recorded at a 
spinning speed of 30 kHz, no reference was used to measure the chemical shift 
values; the more intense signal was simply referenced to 0 kHz. Krawietz et al. 
report chemical shifts of 4.8 and 9.9 ppm [100]. Slow Na ion hopping between the 
two neighbored sites might be measure bale via 2D exchange NMR or SAE NMR. 
Preliminary 23Na SAE NMR decay curves of microcrystalline Na2O2 are shown in 
Figure 29b; to the best of our knowledge this is the first time that such curves are 
reported for 23Na. So far, the SAE technique has been successfully applied to 2H 
[101, 102], 9Be [71, 103, 104] and the two Li isotopes (6Li and 7Li, [63, 69, 71, 72]). 
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Fig. 29: (a) 23Na MAS spectra of micro- and nanocrystalline Na2O2. The spectra were recorded 
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(Na2O) shows up at higher frequencies. (b) 23Na SAE NMR decay curves of microcrystalline Na2O2 
recorded at the preparation times and temperatures indicated.
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Extending the technique to the 23Na (I = 3/2) nucleus is, however, limited because 
of the large quadrupole moment of the Na spin that hinders a non-selective exci-
tation. In the present case, the 23Na SAE signal is a mixture of quadrupolar and 
dipolar contributions.

Although the 23Na SAE S2 curves recorded at fixed tp and variable tm sensi-
tively depend on preparation time, they do not significantly vary with tempera-
ture. Hence, Na ion dynamics in microcrystalline Na2O2 is by far too poor to be 
detectable even with NMR methods designed to probe slow ion exchange. The 
curves recorded at short tp are clearly composed of three decay steps. While step 
III reflects the almost T independent T1 relaxation, step II is most likely driven by 
spin-diffusion effects. The first decay step seems to be associated with transversal 
spin–spin relaxation.

2.5   Glass formers: the influence on ball milling on ion 
transport in crystalline Li2B4O7

As has been illustrated above for several oxides, particularly for LiTaO3, LiAlO2 
and Li2CO3, mechanical treatment can greatly enhance Li ion diffusivity and Li 
ion transport, respectively. Expectedly the same is true for glass formers such 
as Li2B4O7 that served as another model substance to quantify the effect of high-
energy ball milling on DC conductivity [28], in a second step the transport para-
meters could directly be compared with those of the pure glass that was prepared 
by quenching a melt of Li2B4O7. For coarse-grained polycrystalline Li2B4O7 the 
conductivity isotherms revealed low DC-conductivities and a quite high activa-
tion energy of 1.05 eV (see Figure 30). Milling in planetary mills has once again 
a drastic effect on ion transport. Interestingly, after 8 h of mechanical treatment 
we reached ionic conductivities that coincide with those of LiAlO2 also milled for 
8 h. Increasing the milling time to 16 h results in an additional increase of σDC by 
0.5 orders of magnitude. Comparing a 16-h ball-milled sample and glassy Li2B4O7 
shows that there is still a large conductivity gap between the two samples, see 
Figure 30a.

X-ray powder diffraction suggested that the formation of amorphous Li2B4O7 
is mainly responsible for the increase in ion dynamics. This view is supported by 
11B MAS NMR (Figure 31b), cf. Ref. [28]. Concerning ion dynamics, 7Li NMR line 
shapes revealed that in addition to the ions in the amorphous regions also those 
in the crystalline grains nano-Li2B4O7 do sense the effect of mechanical treat-
ment; the motional narrowing curve depicted in Figure 30 b unveils the increase 
in ion dynamics seen in the wake of mechanical treatment. Presumably, defects 
introduced into the still crystalline grains also drastically influence local hopping 
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processes. These local ion dynamics are characterized by only 0.3 eV as could be 
deduced from the low-T flank of the 7Li SLR NMR rate peak (see Figure 31a). For 
comparison, the flank for micro-Li2B4O7 is characterized by 0.5 eV.

Li2B4O7 and aluminosilicates easily form glasses if the materials are melted 
and quenched. Although plenty of studies can be found in literature that deal 
with ion transport phenomena and diffusion mechanisms in glasses only few 
report on the change of ion transport parameters if glasses were mechanically 
treated in shaker or planetary mills. At first glance one would expect no sig-
nificant influence when an already disordered material is milled. So far only 
few reports, however, showed that high-energy ball-milling of glassy materials 
( LiAlSi2O6 (β-spodumene, [105]), LiBO2 [20, 106]) results in a decrease of the ionic 
DC conductivity, see also Ref. [107]. The same effect was observed for β-eucryptite 
[108]. This astonishing decrease was also confirmed by 7Li NMR spectroscopy. For 
a first interpretation a simple structural model was used to explain the observed 
trend [105]. This effect is obviously caused by a mechanically induced structural 
relaxation of the non-equilibrium structure of the glass that was prepared by 
rapid thermal quenching [105]. Such structural relaxation obviously causes the 
ionic charge carriers to slow down with respect to those residing in the unmilled 
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Fig. 30: (a) DC conductivities of nanocrystalline Li2B4O7 produced through milling of the micro-
crystalline source material. For comparison, the results obtained for LiAlO2 are also shown (see 
dashed lines). The solid lines represent Arrhenius fits, activation energies are indicated. The 
highest conductivities were obtained for a glassy sample (Ea = 0.7 eV). The arrows indicate the 
change in DC conductivity upon further mechanical treatment of the nanocrystalline material 
and the glass, respectively. (b) Change of the 7Li NMR (central) line width of nano- and micro-
crystalline Li2B4O7 with temperature. Figures adapted from Ref. [28].
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glass matrix. Note that, influenced by the Löwenstein rule, for β-eucryptite, for 
example, stable and metastable forms with respect to the Al and Si ordering exist 
in certain temperature ranges. Ball-milling might largely influence local and 
long-range arrangements of the polyhedra. Hence, the structural arrangement in 
a quenched glass should not necessarily be identical with that of a milled sample.

3   Summary
Nanostructured materials are of large and ever growing interest due to their 
beneficial properties. In particular, nanocrystalline ceramics find applications 
as catalysts, sensors, adsorbents or new electrolytes and advanced electrode 
 materials in electrochemical energy storage. We reviewed recent studies on lith-
ium-ion dynamics and electrochemical activity of various classes of  materials. 
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Fig. 31: (a) 7Li NMR SLR rates of micro- and nanocrystalline lithium tetraborate Li2B4O7. 
Unmilled Li2B4O7 is characterized by extremely long longitudinal relaxation reaching 500 s at 
ambient temperature. After mechanical treatment the rate has increased to 5 s. Accordingly, the 
activation energy decreased from 0.55 eV to ca. 0.3 eV. Milling affected both the non-diffusive 
relaxation rates, the so-called background relaxation (1/T1 bgr), as well as the diffusion-induced 
contribution to the overall rate. Besides the introduction of (paramagnetic) impurities, 1/T1 bgr 
is also expected to be influenced by strictly localized (caged) ion dynamics. (b) 11B MAS NMR 
spectra of micro- and nanocrystalline Li2B4O7. The two resonances reflect the BO4 and BO3 units 
in Li2B4O7. Milling causes the lines to broaden; this broadening can be assigned to polyhedra 
distortions because of mechanical treatment in the planetary mill. After 16 h of milling the line 
shape resembles that of amorphous Li2B4O7. Figures adapted from Ref. [28].
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 Nanostructuring is essential for TiO2 to use the oxide as anode material in lith-
ium-ion as well as sodium-ion batteries. We noticed marked differences in the 
storage mechanism when amorphous TiO2 nanotubes are used as active material; 
the electrochemical reaction with sodium is significantly affected by interfacial 
effects. Li NMR spectroscopy measurements point to slow Li ion self-diffusivity in 
the amorphous form. Similarly, poor to moderate ion dynamics also govern ion 
transport in the other forms of titania such as rutile nanorods or mesoporous TiO2. 
In the case of TiO2-B nanotubes a fast relaxing reservoir of spins is detected that 
might be ascribed to those ions being located in the surface-influenced regions.

The formation of nanocrystalline ceramics via high-energy ball-milling leads 
to ion conductors with, in many cases, greatly improved transport properties. By 
using both NMR and EXAFS we could show that for some of the samples prepared 
in planetary mills (LiAlO2, LiTaO3, Li2B4O7) the formation of amorphous material 
plays indeed a decisive role in explaining the enhancement seen. For some of the 
oxides studied an upper limit of σDC is seen for sufficiently long periods of milling. 
Besides amorphous structures, the introduction of defects into the bulk regions of 
the nanocrystallites has also to be considered if samples prepared in shaker mills 
are to be studied. It turned out that, aside from few exceptions (see, e.g. Li4Ti5O12, 
Li2O2), ion transport properties can be easily manipulated by tuning the degree of 
structural disorder. This strategy holds at least for oxides with low conductivities 
and, of course, depends on the exact crystal structure and bonding situations of 
the materials as well as their tendencies to form metastable modifications usually 
showing up at high temperatures or pressures. Fast ion conductors, on the other 
hand, may suffer rather than benefit from mechanically induced structural disorder.
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Dominik Wohlmuth,† Viktor Epp,† Daniel Rettenwander,† Ilie Hanzu,†,‡

and H. Martin R. Wilkening*,†,‡

†Institute for Chemistry and Technology of Materials, and Christian-Doppler-Laboratory for Lithium Batteries, Graz University of
Technology (NAWI Graz), Stremayrgasse 9, A-8010 Graz, Austria
‡Alistore - European Research Institute, CNRS FR3104, Hub de l’Energie, Rue Baudelocque, 80039 Amiens, France

*S Supporting Information

ABSTRACT: Lithium-containing thiophosphates represent
promising ceramic electrolytes for all-solid-state batteries. The
underlying principles that cause high Li+ diffusivity are,
however, still incompletely understood. Here, β-Li3PS4 served
as a model compound to test the recently presented
hypothesis that a channel-like Li+ diffusion pathway influences
ionic transport in its 3D network of the LiS4, LiS6, and PS4
polyhedra. We looked at the temperature dependence of
diffusion-induced 7Li nuclear spin−lattice relaxation rates to
check whether they reveal any diagnostic differences as
compared to the nuclear spin response frequently found for
isotropic (3D) diffusion. Indeed, distinct anomalies show up
that can be understood if we consider the influence of low-
dimensional diffusion. Hence, even for isotropic materials without clearly recognizable 1D or 2D diffusion pathways, such as
layered or channel-structured materials, structurally hidden dimensionality effects might help explain high ionic conductivities
and refine the design principles currently discussed. In the present case, such rapid pathways assist the ions to move through the
crystal structure.

1. INTRODUCTION

Developing devices that can sustainably convert and store
energy is one of the key issues of our time.1 In order to cut our
dependency on fossil fuels we need to make efficient use of
renewable energy sources such as solar, wind, or tidal. As these
are intermittent sources the storage of electrical energy is of
utmost importance. Electrochemical energy storage systems
represent at least a medium-term solution for this purpose.1−6

The development of safe and long-lasting systems,1 being free
of environmentally harmful and flammable liquids, has also
renewed the interest in ceramic electrolytes with outstanding
diffusion properties.7−12

As far as lithium-ion conducting materials are considered,
over the last couple of years really promising candidates to
develop all-solid-state batteries have been presented in the
literature.8,10,13−18 For example, Li7La3Zr2O12-type compounds
with garnet structure represent the most promising oxide
materials.19−21 In addition, Li-bearing phosphates, such as
Li1.5Al0.5Ti1.5(PO4)3, have been considered to act as powerful
electrolytes.22−25 Argyrodite-type Li6PS5X (X = Br,
Cl)16,17,26−28 shows extremely high Li+ diffusivities and
belongs to the large family of thiophosphates (see below).
The same holds for Li7P3S11,

18,29−31 Li10GeP2S12,
14 and its

recently studied variant Li9.54Si1.74P1.44S11.7Cl0.3.
32 Exploring the

principles behind rapid ion dynamics will be an ongoing
research topic for years to come.33 Model substances might be
very useful to throw light and to understand at least parts of
these general principles. Approaches from theory and
experimental techniques, which work at the atomic scale to
probe ion dynamics, are both needed to visualize the
elementary steps of ion hopping.34,35

Considering battery applications as mentioned above,
compounds of the family of thiophosphates36 have attracted
large interest to serve as solid electrolytes.16−18,29,31,37−40 In
particular, in 2013 Liu et al. stabilized the β form of Li3PS4 at
room temperature by taking advantage of a nanoporous
morphology.41 Their study attracted great attention, also from
a theoretical point of view,42−44 as the ionic conductivity of the
nanostructured form is reported to be 3 orders of magnitude
higher than that of μm-sized, bulk Li3PS4.

45 Besides other
thiophosphates and sulfides,36 this high ionic conductivity
makes nanostructured β-Li3PS4 a promising candidate for all-
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solid-state batteries. Relatively little information is, however,
known about the underlying length-scale dependent ionic
transport properties. Of course, the successful use of
thiophosphates as solid electrolytes depends not only on
exceptional transport properties but also on electrochemical
stability and how it can be achieved. Apart from application-
oriented interests, the crystal structures of Li-containing
thiophosphates provide a rich playground for curiosity-driven
fundamental studies on both Li+ and Na+ ionic transport.
Quite recently, Yang et al. studied both defect thermody-

namics and Li+ migration mechanisms in β-Li3PS4 and γ-Li3PS4
via first-principle calculations.43 Interestingly, for both the γ
and the β modification they report channel-like diffusion
pathways. For β-Li3PS4, whose crystal structure is shown in
Figure 1, the ions are guided along the [010] vector (see
Figure 1b,c; also Figure S1 for a comparison of both the crystal
structures of the γ and β form as well as their corresponding
1D diffusion pathways). The low-dimensional pathway in the β
form of Li3PS4, which turned out to be energetically more
favorable than other diffusion processes discussed for this
modification,43 attracted our attention. Only a few exper-
imental methods are able to directly support such predictions
from theory. Nuclear magnetic resonance (NMR), especially
diffusion-induced spin−lattice relaxation (SLR), has been
proven useful to differentiate between 3D and low-dimensional
(2D or 1D) ionic transport46−50 or in other words between
highly anisotropic and isotropic transport. Most importantly,
and in contrast to conductivity spectroscopy needing, for
example, single crystals, the method is applicable to powder
samples.49,51−53 The underlying spectral density function, to
which the NMR SLR rate R1 is directly proportional, is
different for 3D, 2D, and 1D diffusion and information on
dimensionality effects can be extracted from relaxation rates
measured as a function of both temperature and fre-
quency.46−50,52

In recent years a number of layer-structured materials have
been studied by NMR to reveal 2D diffusion.54 In particular,
the differentiation between 2D and 1D diffusion is nicely
documented by the work of McDowell et al.55 The use of time-
domain NMR to identify, however, 1D diffusion in a crystalline

matrix has rarely been documented. Except for the recent study
by Blanc and co-workers56 on Li diffusion in channel-
structured LiMgPO4-based phosphates, some investigations
of β-eucryptite,57,58 showing quasi 1D diffusion with the
influence of interchannel hopping processes, and the work by
some of us59 on Li12Si7, there is, to our knowledge, no study
available that clearly reveals hopping processes along 1D
pathways through analyzing diffusion-induced, frequency- and
temperature-dependent 7Li nuclear spin-relaxation data. Of
course, 1D Li+ diffusion in small channels without vacant
lattice sites can easily be blocked resulting in extremely slow,
highly correlated dynamics.60 To probe dimensionality effects
in such cases we need NMR measurements at very high
temperatures56 to reach the so-called high-temperature flank of
the corresponding diffusion induced relaxation peak. Only this
flank contains the necessary information to decide whether
diffusion is of low-dimensional nature.54

Here, we synthesized polycrystalline β-Li3PS4 and employed
variable-temperature (and frequency dependent) 7Li NMR
(spin-lock) relaxation measurements61−63 to experimentally
test whether NMR provides enough evidence for the channel-
like diffusion mechanism proposed. Indeed, an anomalous, so
far, rarely observed,59 nuclear relaxation behavior is seen by
both laboratory-frame and rotating-frame SLR NMR. The
temperature and frequency dependent observations point to
low-dimensional pathways dominating the overall spin
relaxation behavior at sufficiently high temperature T. Hence,
7Li NMR SLR supports the idea proposed by both Yang et al.43

and Lim et al.44 Moreover, our spin-lock NMR rates measured
in the low-T limit perfectly agree with activation energies from
conductivity spectroscopy being sensitive to macroscopic,
through-going Li+ transport in the β-polymorph of Li3PS4.

2. EXPERIMENTAL SECTION
A series of samples of β-Li3PS4 were prepared by high-energy ball
milling combined with a subsequent annealing step. Reagent-grade
Li2S (Alfa Aesar, 99.98%) and P2S5 (Alfa Aesar, 99%) in a molar ratio
of 3:1 were used as starting materials. The mixture of these
microcrystalline source materials was put in a grinding beaker made
of ZrO2 (Fritsch) equipped with 171 ZrO2 milling balls (5 mm in

Figure 1. (a) Crystal structure of β-Li3PS4 (space group Pnma); the PS4 tetrahedra are shown in orange. Li ions are allowed to occupy several
positions labeled 8d (fully occupied), 4b (partly occupied, 70%) and 4c (occupied to only 30%). (b) The 3D network of the PS4 tetrahedral and
LiS4, LiS6 octahedra in β-Li3PS4. (c) Possible Li interstitial sites (green) located in the channels formed by the 3D skeleton shown in (b). According
to Yang et al., interstitial Li ions Lii at (0.94, 0.25, 0.72) may easily hop along the [010] direction involving the regular but partially occupied 4b
positions. Lii is located near the 4c site empty in (c). Partial occupation of 4b and 4c, i.e., Lii, is expected to result in local structural disorder that is
assumed to promote quasi 1D Li diffusion along the [010] direction. The corresponding activation energy calculated by Yang et al. is 0.18 eV. Li
diffusion in all 3 directions is possible via a vacancy mechanism whose activation energy has been calculated to be 0.40 eV.

Chemistry of Materials Article

DOI: 10.1021/acs.chemmater.8b02753
Chem. Mater. XXXX, XXX, XXX−XXX

B

http://pubs.acs.org/doi/suppl/10.1021/acs.chemmater.8b02753/suppl_file/cm8b02753_si_001.pdf
http://dx.doi.org/10.1021/acs.chemmater.8b02753


diameter). Mechanical treatment was carried out for 36 h at a rotation
speed of 500 rpm using a high-energy planetary ball mill (Fritsch,
Pulverisette 7). To avoid any contact with moisture and air, the
airtight grinding beakers were filled and opened in a glovebox with dry
argon atmosphere (concentration of water <0.1 ppm). To initiate
crystallization of the milled powder, it was put in a glass tube, which
was sealed under vacuum. Annealing temperatures ranged from 433 to
633 K. We kept the sample at elevated T for 17 h, and then it was
allowed to slowly cool down to room temperature.
Differential scanning calorimetry (DSC) was performed using a

Netzsch STA 409 differential scanning calorimeter coupled with a
QMS 403C mass spectrometer. The as-prepared sample was sealed in
an Al pan in a dry Ar-filled glovebox and DSC measurements were
carried out under a constant He gas flow of 50 mL/min in the
temperature range from 293 to 823 K; the heating rate was set to 10
K/min.
XRPD measurements were performed using a Bruker D8 Advance

with CuKα radiation. This was done in order to characterize the
synthetic products and to identify all phases present, including
determination of the symmetry and unit-cell dimension of the LPS.
Data was collected between 15° and 80° 2θ. The pattern was
evaluated by performing Rietveld refinement with the program X’Pert
HighScore Plus v 3.0 (PANalytical).
Before carrying out conductivity and impedance measurements the

samples were cold-pressed to obtain dense pellets by applying a
uniaxial force of 10 kN using a cylindrical press set (10 mm in
diameter). To ensure good electrical contact, Au electrodes with a
thickness of approximately 100 nm were deposited on the pellets with
a sputter coater (Leica EM SCD050). The pellets obtained were then
put in an airtight cell and impedance measurements were carried out
with a Novocontrol Concept 80 broadband analyzer connected to a
BDS 1200 cell in combination with an active ZGS cell interface. This
setup allows for temperature-variable two-electrode dielectric
measurements. The temperature is automatically controlled with an
accuracy of at least ±0.1 K by a QUATRO cryo-system
(Novocontrol) using either a stream of heated nitrogen gas or a
constant flow of cooled nitrogen in the cryostat. Impedances and
permittivities were recorded at frequencies ranging from a few μHz up
to 20 MHz in a temperature range from 150 to 570 K.
For the NMR measurements, the powder samples were sealed in a

NMR glass tube (5 mm in diameter and 3 mm in length) under
vacuum to protect them from air or moisture. 7Li NMR spin−lattice
relaxation experiments in both the laboratory as well as the rotating
frame were performed with a Bruker Avance III spectrometer
connected to a precisely shimmed cryo-magnet with a magnetic
field of 7 T. This field strength corresponds to a 7Li Larmor frequency
of approximately ω0/2π = 116 MHz. For the measurements at
temperatures ranging from 263 to 533 K, a commercial ceramic high-
temperature probe head (Bruker Biospin) was used. The π/2 pulse
length was in the range of 2.6 to 4 μs at 200 W. The temperature was
controlled and monitored with a Eurotherm unit connected to a type
T thermocouple. Low temperature measurements down to 155 K
were performed with a cryo probe head (Bruker) cooled with
evaporated liquid nitrogen. This probe head allows π/2 pulse lengths
of 4.5 μs at a power level of 90 W. Here, a LakeShore 331 element
equipped with two Cernox sensors, one placed in the direct vicinity of
the sample and the second one positioned in the cryostat, was used to
monitor and control the temperature.

7Li spin−lattice relaxation rates (R1 = 1/T1) were acquired with the
well-known saturation recovery pulse sequence: 10 × π/2 − td − π/2
acquisition (acq.).64,65 This sequence consisted of 10 initial 90° pulses
that destroy any longitudinal magnetization Mz; its recovery is then
recorded as a function of the relaxation delay td. To obtain Mz(td) for
each delay time, the area under the free induction decays is used. The
transients Mz(td) were then fitted with stretched exponentials to
extract the SLR rates R1. Stretching factors κ varied from from 0.9 to
1. To record the corresponding rotating frame NMR rates (R1ρ = 1/
T1ρ) spin-lock measurements, utilizing the pulse sequence π/2 − plock
− acq.,66 were performed at a locking frequency of 20 kHz.65 The
duration tlock of the locking pulse plock was varied between 22 μs and

300 ms. To ensure full longitudinal relaxation the recycle delay was
set to 5 × T1. Again, the magnetization transients Mρ(tlock) were
parametrized with stretched exponential functions with the stretching
exponent κρ ranging from 0.35 to 0.65 depending on temperature.

3. RESULTS AND DISCUSSION

Before presenting and discussing experimental results we
briefly review some structural considerations of the two
modifications of Li3PS4 with special emphasis on the β form of
the thiophosphate. We orientate ourselves toward the very
recent study by Yang et al., who studied the Li+ mobility in
Li3PS4 via first principle calculations.43 In their study also the
key similarities and differences of the two forms are discussed
in detail.
γ-Li3PS4 crystallizes with the space group Pnm21. The sulfide

ions are hexagonally closed packed and the PS4 tetrahedra are
connected to the LiS4 tetrahedra by corner sharing a sulfur
anion (the crystal structure is shown in Figure S1). In γ-Li3PS4
two crystallographically inequivalent Li sites (4b and 2a) exists.
Yang et al. used first-principle calculations to shed light on the
diffusion pathway. Importantly, the Li+ diffusion pathways
calculated also included a so-called direct hopping transport
mechanism involving interstitial Lii

+ sites in γ-Li3PS4 located at
the fractional coordinates (0.25, 0, 0.68). Indeed, the LiiS6
octahedra along the [001] direction form a 3D skeleton
structure in which the octahedra are connected by a triangular
side plane. Li interstitials are proposed to directly hop along
the channel formed (see Figures S1 and S2), the calculated
activation energy is 0.16 eV. Hopping along the [100]
direction would also lead to 1D diffusion; the activation
energy turned out to be, however, much larger, viz., 0.6 eV.43

Quite interestingly, a similar situation was also found for the
β modification of Li3PS4.

43 The migration of Li vacancies
results in activation energies of 0.40 eV. Additionally, a
channel-like zigzag diffusion pathway involving Li interstitial
sites was found which is characterized by only 0.18 eV. Also,
Lim et al. report on highly anisotropic Li diffusion with an
activation energy of 0.19 eV along the b-axis.44 This armchair-
shaped diffusion pathway is depicted in Figure 2. According to
Yang et al.43 Li ions move from a regular 4b position located at
(0, 0, 0.5) to an interstitial Lii site (0.94, 0.25, 0.72). This site
is close to the Li4c position which was, according to
experimental studies, reported to be occupied by 30%.
Theoretical structure optimization, however, did not find
evidence for the occupancy of the 4c void. Instead, the Li ions
easily occupy this site as an interstitial one. To migrate along
the [010] direction the Lii ions take advantage of a knockout
mechanism making use of regularly occupied 4b sites. The
resulting snake-like 1D pathway is shown in Figure 2a.
Interstitial Lii ions are tetrahedrally coordinated by sulfur
anions; the tetrahedra share common faces with the Li4bS6
octahedra. Thus, the bottleneck to diffuse along the [010]
direction is given by the triangular face marked in Figure 2a.
Obviously, this polyhedral connection is beneficial for Li
hopping processes as the corresponding migration energy Em
turned out to be only 0.08 eV. A very similar geometry for Li
diffusion has also been found experimentally for other Li ion
conductors. A prominent example is LixTiS2 (0 < x ≤ 1),
which is a pure 2D ionic conductor.51 In β-Li3PS4 the channels
formed by the Li4bS6 octahedra and the LiiS4 tetrahedra are
isolated from each other (Figure 2). Interchannel diffusion, as
is shown by calculations,43 is only possible via a vacancy
mechanism, being characterized by 0.4 eV. This pathway also
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involves the fully occupied 8d sites and would lead, in
combination with the channel-like pathway, to 3D ion
migration.44

To synthesize β-Li3PS4 and to test whether we see the
channel-like pathway in 7Li nuclear spin relaxation measure-
ments we used a mechanochemical approach to prepare and
stabilize the β form of Li3PS4 at room temperature. Ordinary
high-temperature solid-state synthesis usually yields the γ
modification, which transforms into the β form at temperatures
larger than 550 K; see the in situ X-ray study by Homma et
al.45 As revealed by X-ray diffraction directly carried out after

the milling process, an amorphous material with high ionic
conductivity is obtained. We systematically annealed this
amorphous educt to convert it into nanocrystalline β-Li3PS4. In
Figure 3 the XRD patterns of the annealed samples are shown.
Figure 3a presents the Rietveld refinement of the nano-
structured sample that has softly been annealed at 260 °C.
Rietveld refinement (Rw = 2.89, goodness of fit: 2.37) points to
orthorhombic symmetry (Pnma, No. 62; see the entry in the
ICSD, no. 35018) and is in line with previous reports.45 Only a
minor amount of an unidentified extra phase is present as
indicated by the reflection with low intensity at 2θ = 32.5°.
Due to the low signal-to-noise ratio and the interfering
background signal, no quantitative structural refinement was
carried out. Nevertheless, the unit cell lattice parameter can be
calculated precisely without knowing the exact structural
factors. The values for a, b, and c are 12.882(2) Å, 8.106(2),
and 6.132(1), respectively, in good agreement with results of
Homma et al. (a = 12.8190(5) Å, b = 8.2195(4)Å, c =
6.1236(2)).45 For the sample annealed at 260 °C, which was
studied by NMR, the mean crystallite size estimated via
broadening of the X-ray reflections is approximately 20 nm.
Ion transport of all samples was investigated by conductivity

spectroscopy; see Figure 4 that shows σdcT vs the inverse
temperature in an Arrhenius plot. σdc refers to the so-called
direct current (dc) electrical conductivity that was read off
from the corresponding isotherms (see Figure 5), in the low
frequency limit. σdc characterizes the plateaus seen in the
conductivity isotherms; at very low frequencies ν electrode
polarization effects show up originating from the ion-blocking
electrodes used to acquire the spectra. From Figure 4a we can
see that, interestingly, the X-ray amorphous mixture of Li2S
and P2S5, which was directly obtained after high-energy balling,
shows the highest conductivity. To clarify the origin of the high
ionic conductivity in this Li2S:P2S5 composite further
investigations are needed. Such experiments are out of the
scope of the present contribution which focuses on nano-
crystalline Li3PS4. Most likely, space charge regions and
interfacial effects promote Li ion transport in nanostructured
Li2S when in contact with P2S5 acting as an ionic insulator.
Such effects have been observed earlier for oxide two-phase

Figure 2. (a) One of the possible, but energetically favored, Li
diffusion pathways in β-Li3PS4. Knock-off mechanism: Li interstitials
are involved when Li ions jump between the 4b positions leading to a
snake-like pathway. (b) View along the [010] direction to visualize
the channel-structure of the diffusion pathway resulting in a zigzag
hopping process. See Figure S2 for comparison with the situation in
the γ modification.

Figure 3. (a) Rietveld analysis and X-ray powder diffraction pattern of nanocrystalline Li3PS4 crystallizing with space group Pnma. Selected
reflections have been indexed. (b) Evolution of nanocrystalline β-Li3PS4 with increasing annealing temperature; at the bottom the XRD pattern of
the sample directly after milling is shown, which was not annealed. The patterns stacked above refer to the annealed samples with the annealing
temperatures indicated. At 180 °C a glassy phase is formed which, above 200 °C, transforms into nanocrystalline β-Li3PS4.
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nanocomposites such as Li2O:X2O3 (X = Al, B)67−69 and
LiBH4:Al2O3.

50

Annealing the ball milled Li2S:P2S5 sample first leads to a
decrease in ionic conductivity. Presumably, a glassy phase is
obtained at annealing temperatures as low as 160 °C. The
sample prepared in that way is characterized by the lowest
conductivity. Increasing the annealing temperature, i.e.,
initializing crystallization, causes the ionic conductivity to
increase by 2 orders of magnitude reaching almost the initial
value of the material before heat treatment.
The change in conductivity at 298 K is shown in Figure 5b.

Solid lines in Figure 5a show fits with an Arrhenius law.
Slightly above ambient temperature, we see a minor change in
slope leading to an increase of the activation energy from ca. Ea

= 0.40 eV (T < 298 K) to Ea = 0.46 eV (T > 298 K). This
feature is similar for all samples; the sample annealed at 533 K
has been chosen for our NMR investigation as it revealed the
highest conductivity of the samples prepared. Activation
energies on the order of 0.4 eV are in good agreement with
those obtained from earlier impedance studies on coarse-
grained samples presented in the literature.70 Electrical
capacities C of the conductivity response probed here range
from 16 to 54 pF, thus pointing to a bulk or an interfacial
response that is probed by conductivity spectroscopy.
Capacities have been estimated via complex plane representa-
tions of the impedance data. Here we obtained depressed
semicircles and estimated C according to the condition ωmaxRC

Figure 4. (a) Change of the ionic conductivity of samples with the composition Li3PS4 obtained either directly after milling (293 K) or after the
annealing step carried out at the temperatures Ta indicated (433 to 633 K). Below 293 K, the activation energy, being independent of the annealing
conditions, turned out to be approximately 0.4 eV. Above 293 K the activation energy slightly increases; this behavior is also seen for the sample
annealed at 533 K (see Figure 5b). (b) Evolution of the room-temperature ionic conductivity of the samples shown on the right as a function of Ta.

Figure 5. (a) Conductivity isotherms of nanocrystalline β-Li3PS4, which has been prepared by high-energy ball milling and subsequent annealing at
533 K. The isotherms can be subdivided into 3 regimes. At low frequencies, electrode polarization dominates the response. This response merges
into distinct dc plateaus from which σdc can easily be determined. In the high-frequency regime the dispersive parts show up, which are
characterized by relatively small Jonscher exponents. Values well below 0.6 point to the influence of low-dimensional effects on ion dynamics.
Dashed lines mark the crossover from σdc ≠ f(ν) to σ′(ν). (b) Change of σdc, plotted as σdcT, vs the inverse temperature. Below 293 K the
activation energy is given by 0.40 eV. Above 293 K it slightly increases reaching a value of 0.46 eV.

Chemistry of Materials Article

DOI: 10.1021/acs.chemmater.8b02753
Chem. Mater. XXXX, XXX, XXX−XXX

E

http://dx.doi.org/10.1021/acs.chemmater.8b02753


= 1 with ωmax being the apex frequency and R the resistance in
the limit ω/2π → 0, i.e., in the dc regime.
Before comparing conductivity data with results from

diffusion-induced 7Li NMR spin−lattice relaxation measure-
ments, we should have a closer look at the shape of the
conductivity isotherms σ′(ν) presented in Figure 5a. Usually
the dc plateau passes into a dispersive, i.e., frequency
dependent regime. In many cases, especially for disordered
materials, σ′(ν) follows a Jonscher power law71 dependence,
σ′(ν) ∝ νp; the exponent p takes values from 0.7 to 0.85 if 3D
correlated diffusion governs overall ion transport.72 Correlated
motion is frequently explained as being caused by the presence
of both (i) Coulomb interactions of the moving particles and
(ii) structural disorder.73−75 In a broader sense structural
disorder means a heterogeneous potential landscape the ions
are exposed to. Such a landscape could be the consequence of
a partly filled Li sublattice with several energetically non-
equivalent positions, as is the case here. In particular, values for
p ranging from 0.35 to 0.55 have been interpreted in terms of
low dimensional diffusion.76 The lowest exponents are
expected for 1D diffusion.76,77

Indeed, in the present case we see that the Jonscher
exponents p in the dispersive region adopts relatively low
values (0.35 to 0.43). Keep in mind that at even lower T,
nearly constant loss (NCL) effects78,79 might increasingly
affect p. pNCL = 1 is expected for this case. Only at sufficiently
high T the NCL-free dispersive region should be used to
analyze the spectra in terms of dimensionality effects. Here,
values below 0.5 (see Figure 5a) are a first indication that, on a
shorter length scale than probed by σdc, diffusion processes are
at work being of low dimensional nature. This assumption is

not in contradiction with the statement that σdc is affected by
3D motions as it senses long-range transport through the anion
network of Li3PS4. σ′(ν), on the other hand, is sensitive to fast,
short-ranged electrical fluctuations which might, to a certain
degree, be spatially restricted. To decide whether σdc is to a
larger extent also influenced by low dimensional diffusion, we
used 7Li nuclear spin−lattice relaxation (see Figure 6) to probe
the Li+ diffusive motions in the limit ω0(1)τc ≪ 1.
In this regime, the NMR motional correlation rate τc

−1 is
much larger than the Larmor (ω0) or locking frequency (ω1)
used to sample the corresponding relaxation rates R1 and R1ρ.
Provided ω0(1)τc ≪ 1 is valid, during one Larmor precession a
series of consecutive Li+ hopping processes take place. The
NMR spin−lattice relaxation response in this so-called high-T
limit of the diffusion-induced relaxation rate peak R1(ρ)(1/T) is
usually identified as the regime that contains information on
long-range motions.61,80 The low-T side of such a peak is, at
least in the case of R1, affected by local or short-range Li+

hopping processes, which also include unsuccessful forward−
backward jumps.80 The diffusion induced 7Li NMR rates R1

and R1ρ of nanocrystalline β-Li3PS4 are shown in the Arrhenius
plot of Figure 6a. In Figure 6b the stretching exponents κ(ρ) are
shown that determine the shape of the transients as a function
of temperature.
Starting our discussion with R1, at very low temperatures we

expect the rate R1 to be induced by so-called nondiffusive
effects which depend on temperature only weakly, at least
weaker than expected for thermally activated jump processes.
In many cases this contribution is driven by coupling of the
spins with paramagnetic impurities or phonons.81 Above 170 K
we notice that the rate, i.e., log10(R1), linearly increases with

Figure 6. (a) Temperature dependence of the diffusion-induced 7Li NMR spin−lattice relaxation rates of nanocrystalline β-Li3PS4. R1, measured at
ω0/2π = 116 MHz, refers to the rates measured in the laboratory frame of reference, R1ρ reflects the rates that have been recorded in the rotating
frame of reference at a locking frequency of ω1/2π = 20 kHz. R1ρ rates shown at T = 420 and 293 K, respectively, have been measured at locking
frequencies of 20, 25, 30, and 40 kHz. The frequency dependence in the limit ω1τc ≪ 1 points to 1D diffusion. 1D diffusion is also in agreement
with the large gap seen between R1 and R1ρ above 440 K. It is indicated by the vertically drawn arrow. The observation that Ea, high‑T(R1) on the
high-T flank is given by Ea, low‑T(R1)/2 further supports the influence of a low-dimensional diffusion pathway on Li+ diffusion in the β form of
Li3PS4. Values given in eV denote activation energies Ea obtained by using linear fits to analyze the temperature dependence of the different regions
the R1(ρ) rates pass through. In the spirit of Yang et al., curly brackets mark the charge carrier and the associated activation energy anticipated to be
responsible for longitudinal (R1) and transversal (R1ρ)

7Li NMR relaxation; see text for further discussion. (b) Stretching exponents used to
parametrize the magnetization transients to extract the rates R1 and R1ρ, respectively.
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temperature up to T = 300 K. The flank resembles that which
is also seen for highly conducting garnet-type oxides.20 The
slope corresponds to an activation energy of only 0.089(2) eV.
Most likely, the flank, observable over a rather broad
temperature range of ΔT = 124 K, points to very fast localized
ion hopping processes on the angstrom length scale. Forward−
backward jumps and within-site motions may contribute to the
NMR spin−lattice relaxation in this temperature range as well.
Remarkably, a value of 0.089 eV is very similar to the diffusion
energy barrier Em = 0.08 eV calculated by Yang et al. for the 1D
diffusion pathway along [010].43 The activation barrier for ion
transport along this pathway turned out to be 0.18 eV43 (0.19
eV44) (see also Figure 1c).
Above T = 300 K the rate R1 follows an Arrhenius line that is

characterized by 0.20 eV; a similar value has recently been
probed by Stöffler et al. but for coarse-grained Li3PS4.

82 The
change in slope from 0.089 to 0.02 eV might indicate that
above 300 K an additional diffusion process comes into play.
The additional formation of Lii interstitials with a formation
energy Ef of 0.1 eV, leading to Ea = Em + Ef = 0.18 eV, could
also explain the increase in slope. Finally, R1 passes through a
maximum at Tmax(R1) = 420 K. At this temperature, almost
independent of any relaxation model, the corresponding
motional correlation time τc, which is within a factor of 2
identical with the Li+ jump rate,53 can be estimated via the
relation ω0τc ≈ 1.61,62 With ω0/2π = 116 MHz we obtain τc =
1.37 × 10−9 s, i.e., the residence time between two consecutive
Li jumps is approximately 1.4 ns. Using a jump distance a of
2.45 Å, which is the distance between Lii and Li(4a), the
Einstein−Smoluchowski equation for 1D diffusion, D = a2/
(2τ), yields 2.2 × 10−11 m2 s−1.
Because of the superposition of two distinctly activated

diffusion processes we cannot determine the temperature at
which the rate R1, when coming from the low-T regime
characterized by ca. 0.089 eV, would pass through its
maximum. Such a rate peak is expected at T ≥ 300 K as
indicated in Figure 6a by the dashed line serving to guide the
eye. Depending on the effective jump distance, a very similar
diffusion coefficient D as one can estimate for the main would
be obtained but, of course, for a considerably lower
temperature (see Figure 6b). DNMR(420 K) = 2.2 × 10−11

m2 s−1 is larger by a factor of 10 when comparing it with results
from macroscopic conductivity measurements. It would
correspond to a conductivity in the order of several mS/cm.
The difference is clearly seen when we use the Nernst−
Einstein equation, Dσ = σdckBT/(Nq

2), to convert σdc into
diffusion coefficients (see right axis of Figure 6b). Here kB
denotes Boltzmann’s constant and q is the charge of the Li+

ions; the charge carrier density was estimated to be on the
order of 1028 m−3. Worth mentioning, Dσ at 373 K (5.6 ×
10−13 m2 s−1) is in perfect agreement with the diffusion
coefficient derived from the pulsed field gradient (PFG) NMR
carried out by Greenbaum and co-workers on nanostructured
β-Li3PS4.

83 At 373 K they obtained a macroscopic (tracer)
diffusion coefficient of DPFG = 5.4 × 10−13 m2 s−1. Obviously,
in contrast to macroscopic techniques such as conductivity
spectroscopy and PFG NMR, being sensitive to through-going
ion transport, spin−lattice relaxation NMR is primarily driven
by very fast Li+ spin fluctuations in β-Li3PS4. The latter
represents only a part of the total dynamic processes being
responsible for macroscopic 3D ionic conduction. Overall ion
transport is expected to be limited by (slower) vacancy-type
jump processes involving the Li 8d sites (see below), as well as

ion-blocking grain boundaries. For soft sulfides the interfacial
regions are expected to be much less blocking than for oxides.
In general, the difference between DNMR and Dσ has been the
subject of many studies.79,84,85 In general, the two coefficients
are related to each other by DNMR = (Hr/f) Dσ with the Haven
ratio Hr and the f (0 < f ≤ 1) is the correlation factor that
connects the macroscopic tracer diffusion coefficient with the
one derived by Einstein and Smoluchowski.61,86

Going back to the main R1(1/T) peak showing up at 420 K
(Figure 6a) we assume that it reflects zigzag Li ion diffusion as
depicted in Figure 2a. The reason for this interpretation is the
following. For 3D uncorrelated motion a symmetric rate peak
is expected while for 3D correlated motion asymmetric peaks
are obtained with the low-T flank being characterized by a
lower slope than that seen on the high-T side.53 In such a case
Ea, low yields an apparent activation energy influenced by
correlation effects and short-range motions. Instead, Ea, high
represents long-range motion and is unaffected by correlation
effects. Only for uncorrelated diffusion we have Ea, low = Ea, high.
Phenomenologically, such correlation effects are taken into
account by the parameter β in the following BPP-based87,88

Lorentzian-type spectral density function J3D:J3D(ω0) ∝ τc/(1
+ (ω0τc)

β).49 J(ω0) is the Fourier transform of the
autocorrelation function G(t) describing the incoherent
diffusive motion in a solid.
In the case of uncorrelated but low-dimensional, i.e., 1D or

2D, diffusion the situation of peak asymmetry is reversed. Low
dimensional ion transport affects the R1 rates in the ω0τc ≪ 1
limit, i.e., in the high-T regime.89 In some cases, the deviation
from 3D behavior in this limit is rather small, thus hindering a
clear-cut identification of low-dimensional effects. According to
the semiempirical relaxation models first introduced by
Richards and Salamon,90 the following relationships are helpful
to differentiate 1D and 2D diffusion from 3D motional
processes: Ea, 2D = 0.75 Ea, 3D and Ea, 1D = 0.5 Ea, 3D. To use
these relationships Ea, 3D, which is the activation energy for
uncorrelated motion, needs to be known. It is only obtainable
from the low-T side of the same given peak if β = 2. If β < 2,
i.e., in the presence of correlated, low-dimensional diffusion,
both the high-T side and the low-T side of R1(1/T) will show
deviations from simple 3D behavior. In such a case, which
could be the common one, quasi symmetric peaks can be
obtained from which no conclusion about dimensionality
effects can be drawn.49 In these cases the diagnostic asymmetry
for low-dimensional diffusion is simply masked. To judge
whether the 1D or 2D diffusion is present we need to analyze
the f requency dependence of the diffusion induced rate R1 in
the limit ω0τc ≪ 1. Semiempirical models help discriminate 1D
and 2D diffusion from 3D transport. While for 3D diffusion R1
is expected to be independent of ω0 in the limit ω0τc ≪ 1, for
2D diffusion the following spectral density functions for
uncorrelated motion has been introduced.91 J2D is given by J2D
∝ τc ln(1 + 1/(ω0τc)

2),46,47 while for J1D no sound empirical
expression has been introduced so far. However, the limiting
cases for 1D diffusion are known. Whereas for 2D uncorrelated
diffusion a logarithmic frequency dependence R1 ∝ −τc
ln(ω0τc) is obtained89−91 in the regime ω0τc ≪ 1, for 1D
(uncorrelated) diffusion we would expect a ω0

−0.5 depend-
ence92 of the rates R1 on the high-T side of the R1(1/T)
peak.59

In our case, see the main R1 peak in Figure 6a with its
maximum at Tmax = 420 K, we definitely see that Ea, high takes
half the value that is seen in the range ω0τc ≫ 1, i.e., on the
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low-T flank. If we identify the activation energy Ea, low of the
low-T side of the peak with that for uncorrelated motion
(Ea, low = Ea, 3D, see above) the ratio of the values Ea, high/Ea, low
= (0.1/0.2) eV = 0.5 strongly points to 1D channel-like
diffusion. Most importantly, Ea, high = 0.1 eV is also seen in
spin-lock NMR (Figure 6a) for which we used angular locking
frequencies in the order of ω0 = 125 kHz.
In the regime ω1τc ≪ 1 and at sufficiently high T also spin-

lock NMR would be sensitive to similar Li+ exchange processes
as R1 does, thus, being able to see the same characteristic
features. This similarity is, however, in contrast to what is seen
in the limit ω1τc ≫ 1, i.e., on the right-hand side of the R1ρ(1/
T). Only near the R1ρ(1/T) maximum the rates indicate that
they follow a line corresponding to 0.2 eV. Below 210 K they
definitely show a steeper-than-expected decrease with decreas-
ing temperature; a similar difference between Ea, low from R1
and R1ρ has recently been seen for channel-structured LiB3S5.

60

Here, in the temperature region below 210 K, spin-lock
measurements probe Li+ motions that are characterized by an
activation energy of 0.40 eV (see Figure 6a). This value is
strikingly similar to that seen by conductivity spectroscopy in
the dc regime. In the limit ω1τc ≫ 1 the motional correlation
rate τc

−1 is expected to me much lower than 1.25 × 105 s−1 and
would correspond to nonangular frequencies lower than 2 ×
104 Hz. This upper frequency limit marks the end of the dc
plateau in the conductivity isotherms recorded at 293 K and
below (Figure 5a). Hence, σdc(T ≤ 293 K) probes ionic
motions on the same time scale than R1ρ does. Here, we
identify the motional process activated with 0.40 eV, seen at ca.
T < 250 K by both methods, as the one that describes long-
range ion transport in the bulk regions of β-Li3PS4. A very
similar value (0.42 eV) is obtained if we analyze the crossover
from the dc regimes to the dispersive regimes; the
corresponding electrical relaxation frequencies νc refer to
σ′(ν) = 2σdc. As suggested by Marple et al., νc (located near the
σdc plateaus) might, in some cases, sense the same transport
properties as σdc does.

93 For comparison, the same activation
energy (0.40 eV), as derived from NMR here, has been
calculated by Yang et al. to describe Li ion hopping via the
vacancy diffusion mechanism.43

As mentioned above, the low slope in the limit ω1τc ≪ 1
(and ω0τc ≪ 1) which yields Ea, high/Ea, low = 0.5 strongly
points to an (uncorrelated) 1D motional process. To underpin
this view, we measured R1ρ not only at ω1/2π = 20 kHz but
varied the spin-lock frequency. Results for T = 433 K and T =
293 K are included in Figure 6a. As expected for low-
dimensional effects on spin−lattice relaxation in the limit ω1τc
≪ 1, the rates R1ρ decrease with increasing locking frequency
(see Figure 7). The dashed-dotted line in Figure 6a indicates
the position expected for the same diffusion-induced rate peak
R1ρ(1/T) recorded, however, at 40 kHz instead of 20 kHz.
Plotting R1ρ as a function of frequency reveals that the rates
agree with a logarithmic dependence as it is expected for 1D
diffusion (Figure 7). The same dependence is found for the R1ρ
rates recorded at T = 468 K; the rates are also in fair agreement
with the respective R1 rate measured at 166 MHz and 468 K
(see Figure S3). These observations further supports our idea
that the Li ions are involved in rapid 1D, snake-like motions as
depicted in Figure 2a. NMR spectroscopy shows that these
chain-like pathways are interconnected to enable the Li+ to use
vacant 8a Li sites to move over long distances. Macroscopic
ion transport is, if we consider temperatures lower than 300 K,
probed by σdc at frequencies lower than ν = 104 Hz.

The frequency dependence seen and the ratio of Ea, high/
Ea, low = 0.5 probed reflects uncorrelated Li+ motion. As
mentioned above, for spatially restricted 1D diffusion one
usually expects a highly correlated dynamics which may suffer
from trapping effects43 or blockades by foreign atoms.60 In the
present case, however, the [010] zigzag pathway uses Li
interstitials and partly filled Li sites, a situation which is similar
to the 1D process in the Zintl-phase Li12Si7 where stacked Si5-
rings guide the ions along a quasi linear pathway with many
empty Li sites.59 Obviously, this feature produces the signature
of uncorrelated motion in diffusion-controlled 7Li NMR spin−
lattice relaxation.
Finally, we also estimated DNMRρ at the temperature where

R1ρ(1/T) shows its maximum. At 250 K we obtain DNMRρ = 7.5
× 10−15 m2 s−1 which would correspond a Li ion conductivity
of ca. 5 × 10−6 S cm−1. Only the (local) shallow R1 maximum
assumed at 300 K, as discussed above, would point to
extraordinary conductivities in the mS regime (see Figure 5b).

7Li NMR spectra, when considering their shapes and widths
that change with temperature, add further information to the
dynamic processes in β-Li3PS4. In general, the line shape is
sensitive to motions with τc

−1 on the order of the width of the
NMR line or powder pattern, i.e., the anisotropy of the spin
interaction originating from interactions with other spins or
the environment. In the absence of sufficiently fast Li
translational motion a so-called rigid lattice line is observed.
For instance, averaging of homonuclear dipolar coupling
through rapid exchange processes causes the 7Li NMR central
line to narrow with increasing temperature. For τc

−1 being
much larger than the order of the nuclear spin interaction the
regime of extreme narrowing is observed and no further change
of the 7Li NMR central line is expected. Spectra and the
motional narrowing curve of β-Li3PS4 are shown in Figure 8.
In the rigid-lattice regime an electric quadrupole foot is

visible that is superimposed by the central line. The Gaussian
shaped electric quadrupole intensities indicate a coupling
constant of 25 kHz if we assume an axially symmetric electric
field gradient. Close inspection of the central line reveals that
the line heterogeneously narrows indicating more than one
diffusion process being relevant for Li ion transport in the
thiophosphate. For example, the line recorded at T = 199 K is
composed of a broad Gaussian-shaped line and a narrow
Lorentzian one on top (see the horizontal arrows in Figure 8a).
The motional narrowing curve of β-Li3PS4 (Figure 8b)

supports fast Li ion exchange processes able to fully average

Figure 7. 7Li NMR spin−lattice relaxation times 1/R1ρ (295 K) of β-
Li3PS4 measured in the rotating frame of reference as a function of the
square root of the locking frequency applied. Diffusion-induced rates
in the limit ω1τc ≫ 1 were measured at locking frequencies ν1 = ω1/
2π of 20, 25, 30, and 40 kHz. For 1D diffusion 1/R1 but also 1/R1ρ
should linearly increase with increasing ω1

0.5.
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homonuclear dipole−dipole interactions at T = 300 K. At this
temperature R1ρ tells us that τc

−1 is, according to ω1τc = 0.5
being valid at the peak maximum, on the order of 2.5 × 105 s−1.
This correlation rate clearly exceeds the rigid-lattice line width
of ca. 4 kHz, i.e., it is able to completely average the spin−spin
interactions. For comparison, the curves of a moderate ion
conductor and a poor ion conductor are also shown in Figure
8. Extracting quantitative information from narrowing curves is
fraught with difficulties as one would need a model precisely
reflecting the averaging process. The model introduced by
Abragam94 on the one hand and Hendrickson and Bray95,96 on
the other hand yield activation energies of Ea,A = 0.16(2) eV
and Ea,HB = 0.24(2) eV, respectively, although the correspond-
ing fits have the same quality. These values are, even though
they do not consider dimensionality effects, comparable to the
much more precise value of 0.20 eV as seen on the low-T flank
of the R1(1/T) peak in Figure 6a. We assigned the value of
Ea, NMR = 0.20 eV to quasi 1D diffusion in β-Li3PS4 for which
0.18 eV has been calculated recently.
As Yang et al. have already pointed out,43 the [010] pathway

with its low hopping barrier cannot represent 3D Li+ diffusion
network for the overall Li ion dynamics in in β-Li3PS4.
However, in the presence of nanoporous or nm-sized
crystallites Li diffusion sensed by NMR might be caused by
morphologies preferring contiguous (010) planes that cause
the Li ions to preferentially diffuse along the [010] direction, at
least on medium-ranged (or local) length scales.

4. SUMMARY

Theoretical considerations to explain rapid Li+ ion dynamics in
nanostructured β-Li3PS4 considered low-dimensional diffusion
pathways. We used a complementary approach of conductivity
spectroscopy and 7Li NMR relaxometry to probe both (i)
macroscopic ion transport and (ii) Li ion diffusion on the

angstrom length scale. The dispersive regimes of the
conductivity isotherms recorded indeed reveal indications for
low-dimensional motional processes. 7Li NMR supports this
view; the diffusion-induced rate peaks pass through an
asymmetric R1 rate peaks that is most likely caused by quasi
1D, snake-like Li diffusion involving site disorder and
interstitial Li ions in β-Li3PS4. Frequency-dependent spin-
lock NMR measurements provide further evidence of this
channel-like diffusion pathway, which is part of the overall ion
transport in the thiophosphate. Nanostructured β-Li3PS4
represents one of the very rare examples where NMR was
successfully used to find indications for a low-dimensional
diffusion pathway, which is, at first glance, hidden in the crystal
structure of the ionic conductor. This pathway is involved in
overall 3D ion transport in β-Li3PS4. Paying attention to the
dimensionality of short-ranged and medium-ranged diffusion
processes might be helpful to also explain unusual transport
processes in other ion conductors.
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Fast Na ion transport triggered by 
rapid ion exchange on local length 
scales
S. Lunghammer1, D. Prutsch1, S. Breuer1, D. Rettenwander  , I. Hanzu  1,2, Q. Ma3, F. Tietz  3,4 
& H. M. R. Wilkening  1,2

The realization of green and economically friendly energy storage systems needs materials with 
outstanding properties. Future batteries based on Na as an abundant element take advantage of 
non-flammable ceramic electrolytes with very high conductivities. Na3Zr2(SiO4)2PO4-type superionic 
conductors are expected to pave the way for inherently safe and sustainable all-solid-state batteries. So 
far, only little information has been extracted from spectroscopic measurements to clarify the origins of 
fast ionic hopping on the atomic length scale. Here we combined broadband conductivity spectroscopy 
and nuclear magnetic resonance (NMR) relaxation to study Na ion dynamics from the µm to the 
angstrom length scale. Spin-lattice relaxation NMR revealed a very fast Na ion exchange process in 
Na3.4Sc0.4Zr1.6(SiO4)2PO4 that is characterized by an unprecedentedly high self-diffusion coefficient of 9 
× 10−12 m2s−1 at −10 °C. Thus, well below ambient temperature the Na ions have access to elementary 
diffusion processes with a mean residence time τNMR of only 2 ns. The underlying asymmetric diffusion-
induced NMR rate peak and the corresponding conductivity isotherms measured in the MHz range 
reveal correlated ionic motion. Obviously, local but extremely rapid Na+ jumps, involving especially the 
transition sites in Sc-NZSP, trigger long-range ion transport and push ionic conductivity up to 2 mS/cm 
at room temperature.

In the search of safe and long-lasting energy storage systems all-solid-state batteries entered the spotlight of 
research1. One of the major outstanding challenges is to develop stable electrolytes with extraordinarily high ion 
conductivities at ambient conditions2. Since no flammable liquids are used in such batteries they are regarded as 
inherently safe and might easily withstand high operation temperatures3. In recent years, we witnessed the dis-
covery of a couple of very fast and promising Li+ ion conductors4–10. The market availability of Li might, however, 
narrow the widespread realization of large scale stationary applications. Sustainable batteries11,12 with Na+ as 
ionic charge carrier3,13–15 do not carry this risk as Na is abundantly available in the earth’s crust. The cost-effective 
realization of environmentally benign ceramic batteries, however, will need solid electrolytes with a very high ion 
mobility to compete with the much faster dynamic processes in the liquid state16,17.

Although moderate to very fast ion conducting Na compounds have so far been frequently presented;15,16,18–21; 
ion dynamics in non-sulfidic, i.e., air-insensitive, Na+ electrolytes with extremely high ion conductivities exceed-
ing 1 mS/cm at room temperature have, apart from the well-known Na-β′′-alumina12, only very rarely been 
characterized in detail16,18,22. Here we present an in-depth study to explore the roots of extremely rapid 3D ion 
dynamics in Na3.4Sc0.4Zr1.6(SiO4)2PO4 (Sc-NZSP), which was prepared via a wet-chemical route18. The parent 
compound Na3Zr2(SiO4)2PO4 (NZSP), following the pioneering work of Hong and Goodenough23,24, served as 
benchmark. It has been shown recently that substitution of Zr by Sc in NZSP leads to an increase of ionic conduc-
tivity22. For the reason of charge compensation, the replacement of parts of Zr ions with an equimolar amount of 
Sc ions increases the number density of (mobile) Na ions. Sc-NZSP indeed exhibited Na ion bulk conductivities 
σ′ of 2 mS/cm at room temperature with activation energies ranging from 0.13 eV to 0.31 eV. Although in the 
Sc-free compound σ′ was somewhat lower (1 mS/cm) the grain-boundaries in NZSP turned out to be much 
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less blocking for the Na+ ions. This feature ensured facile ion transport over distances in the µm range. Such 
long-range ion transport is above all the most important property for any battery application17.

It is beyond any doubt that reporting such high conductivities4–8,10,25–28, especially for sodium-based batteries19–21,29,30,  
is of enormous importance. Understanding their roots, preferably with the help of theory31,32, is also crucial and 
would enable us to safely control their dynamic properties. Yet, for many materials, however, there is still no com-
plete picture available consistently describing the interrelation of the elementary steps of hopping with long-range 
ion transport. In many cases, it is not even clear which charge carrier and dynamic processes are responsible for 
the high conductivities reported. Such features cannot be probed by conductivity measurements alone. Instead, 
one should use complementary techniques that can observe dynamics over wide scales in time and length33–35. 
In this study, we combined time-domain nuclear magnetic resonance (NMR) spectroscopy with broadband 
conductivity spectroscopy to quantify short-range as well as long-range Na+ ion diffusivities. Using only NMR 
spin-lattice relaxometry working at atomic scale36,37 we managed to get a sneak peek at the very rapid exchange 
processes the Na ions are performing at temperatures very well below ambient. The data collected provide a first 
experimental rationale for the very high ionic conductivity observed in NZSP-type compounds.

Since our impedance measurements covered a dynamic range of more than ten decades they allowed us 
(i) to separate the bulk from grain boundary (g.b.) response at temperatures where batteries are usually oper-
ated and (ii) to directly compare electric relaxation with magnetic spin relaxation which was measured in the 
kHz and GHz range, respectively. Here, NMR relaxometry confirmed the extraordinarily high conductivity of 
Na3.4Sc0.4Zr1.6(SiO4)2PO4 and, furthermore, pointed to a distribution of activation energies including values as low 
as 0.13 eV and 0.16 eV. Hence, the ions are subjected not to a single but to various dynamic processes being step-
wise activated with temperature or running in parallel. To our knowledge, this dynamic performance, although 
Na+ ions are of course larger and therefore perhaps more sluggish than Li+ ions, exceeds those of the best Li 
oxides currently discussed as ceramic electrolytes2,38. Considering the electrochemical stability of NZSP-type 
materials39 this behaviour clearly opens the field for the development of powerful Na ion solid-state batteries.

Results and Discussion
Na3Zr2(SiO4)2(PO4) is reported to crystallize with monoclinic symmetry (space group C2/c, see the views along differ-
ent crystallographic axes in Fig. 1a–c. In the monoclinic form of NZSP the Na+ ions occupy three crystallographically 
inequivalent sites 4d, 4e, and 8 f, which are partially occupied. The large fraction of vacant Na sites and the favourable 
connection of their polyhedra ensure rapid exchange of the Na+ ions as discussed in literature22,40. The preparation and 
characterisation of the samples studied here (NZSP and Sc-NZSP) has already been described elsewhere18,22. The char-
acterization also includes analyses by X-ray powder diffraction and differential scanning measurements.

Electrical conductivity: bulk vs. grain boundary responses. We used a sintered Sc-NZSP pellet 
(1.1 mm in thickness and 7 mm in diameter) equipped with sputtered ion-blocking electrodes of gold to ensure 
electrical contact for our conductivity and impedance measurements, see Fig. 1d–g. Conductivity isotherms 
showing the real part σ′ of the complex conductivity as a function of frequency ν are displayed in Fig. 1f, see also 
Figs S1 and S2 for the complete temperature range covered. We used two impedance analysers to construct the 
isotherms, a Novocontrol Alpha analyser and an Agilent impedance bridge (see also the grey area in Fig. 1d) to 
reach the GHz range. If we consider the conductivities over a frequency range from the µHz to the GHz regime 
at least two main contributions were revealed; they are labelled (A) and (B) in Fig. 1f. While they appear as 
plateaus in the σ′(ν) plot, they manifest as two independent semicircles in the complex plane plots, i.e., Nyquist 
illustrations, see Fig. 1e showing the responses recorded at −100 °C with the apex frequencies ωmax indicated; 
plots with equally scaled axes are shown in Figs S1 and S2. As the capacity C of plateau (A), if simply estimated 
via ωmaxRC = 1, is in the nF range, we attribute the semicircle in the low frequency range to the g.b. response. The 
spike seen at very low frequencies is attributed to ionic polarisation effects in front of the Na+ ion blocking elec-
trodes. Plateau (B) is assigned to the bulk response as the corresponding capacity Cbulk is clearly in the pF range; 
such capacities are diagnostic for electrical relaxation processes taking place in the grain.

Most importantly, at room temperature the bulk semicircle (see Fig. 1g), which was recorded in the GHz 
regime, corresponds to a specific conductivity in the mS range. At 20 °C the intercept of the −Z′′(Z′) curve with 
the real axis yields a conductivity of 8.3 mS (ca. 120 Ω) which results in a specific conductivity of 2.4 mS/cm. 
The g.b. response yields values which are two orders of magnitude lower (see also the difference of the plateaus 
σ′bulk(ν) and σ′g.b.(ν) in Fig. 1f). The two processes can also be clearly seen if the imaginary part Z″ of the complex 
impedance and that of the complex modulus (M″) are analysed. The corresponding curves −Z″(ν) and M″(ν) 
are shown in Fig. 1d and reveal two peaks that differ in amplitude according to the capacities associated with 
the two processes they represent. Here we have Cg.b./Cbulk ≈ 100 leading to the same ratio in peak amplitudes 
M″max./bulk/M″max./g.b.. Since M″(max.) ∝ 1/C, bulk responses are more prominent in the modulus representation, as 
expected. Almost the same ratio is probed for the real part of the complex permittivity; values in the order of 103 
or 104 are typically seen for g.b. contributions.

Measurements up to the GHz are indispensable to make the bulk response fully visible at temperatures above 
ambient, see the data points in the GHz range in Fig. 1d,f. The Nyquist curves in Fig. 1g show solely impedances 
measured at frequencies larger than 106 Hz. The curves in the complex plane plots reveal that several semicir-
cles contribute to the overall bulk conductivity; this observation is especially indicated for the Nyquist curves 
recorded at 20 °C and 40 °C. The substructure of the curves of Sc-NZSP clearly points to multiple, simultaneously 
occurring electrical relaxation processes with very similar impedances.

Ionic vs. electronic conductivity. By reading off the conductivities of the plateaus in Fig. 1f, as indicated by 
the horizontally drawn arrow, we constructed an Arrhenius plot to analyse the temperature dependence of the two 
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main electrical responses (see Fig. 2) Potentiostatic polarisation measurements, carried out prior to this analysis, 
ensured that the overall conductivity analysed is solely determined by ionic charge carriers. For this purpose, we 
used a symmetric Sc-NZSP pellet outfitted with ion blocking Au electrodes, applied a potential of 0.2 V and fol-
lowed the current I over time t (Fig. 2a). After approximately 5 h a stationary state (It → ∞ = 63(5) pA) is reached in 
which the concentration gradients are fully developed and the only net charge transport across the material is due 
to electrons for which the Au contacts do not act as blockade. The final current of 63 pA (Fig. 2a) corresponds to an 
electronic conductivity of σeon, d.c. = 7.2(6) × 10−8 mS/cm. This value is lower by 7 to 8 orders of magnitude compared 
to the total conductivity σ ′ measured in the direct current (d.c.) limit ν → 0, i.e., for plateau (B), see Fig. 1f. Thus, 
Sc-NZSP must be regarded as a pure ionic conductor with the Na ion transference number tion close to 1.

Activation energies and solid-state diffusion coefficients. The total conductivities plotted in Fig. 2b 
reveal that the overall electric transport in Sc-NZSP is determined by activation energies ranging from 0.29 eV 
to 0.31 eV (−100 °C to 130 °C). The Arrhenius line of the bulk process shows slight deviations from a perfectly 
linear behaviour. Such a deviation is even more pronounced for the g.b. response for which we identified sev-
eral regions with activation energies ranging from 0.32 eV to values as high as 0.47 eV. While for temperatures 

Figure 1. Crystal structure and conductivity. (a–c) Crystal structure of monoclinic Na3Zr2(SiO4)2PO4.  
(d) Frequency dependence of the imaginary part of the complex impedance (−Z′′) and the complex modulus 
(M′′) of Sc-NZSP (−100 °C). For comparison, the variation of the real part ε′ of the complex permittivity is also 
shown. −Z′′ and M′′ each reveal two maxima which correspond to the grain boundary (g.b., ε′ = 3 × 103) and 
bulk response, respectively; the latter is seen in the high-frequency region, ε′ ranges from 10 to 20. (e) Complex 
plane plots of the impedance data (−100 °C). The depressed semicircle at high frequencies (left) represents the 
(overall) bulk response (Cbulk = 10 pF). The g.b. contribution is characterized by Cg.b. = 103 pF and a Debye-like 
non-depressed semicircle with its centre almost on the Z′ axis (Fig. S1); piling up of the ions near the blocking 
electrode, i.e., electrode polarization (EP), is seen as a spike at the lowest frequencies. (f ) Conductivity isotherms 
of Sc-NZSP. The frequency independent regions (A) and (B) represent either the g.b. or the bulk response. The 
direct current g.b. response directly merges into a linear conductivity-frequency regime, σ ∝ ν (slope = 1). The 
arrow points to σ′ in order of 10−4 S/cm at −40 °C. (g) Nyquist plots recorded at frequencies greater than 106 Hz. 
At elevated temperatures the bulk response seems to be composed of at least two semicircles (bulk 1, bulk 2).
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lower than −20 °C bulk and g.b. conductivities differ by two orders of magnitude, above −20 °C σ′g.b. increased 
stronger than expected and was thermally activated with 0.47 eV. At temperatures higher than 120 °C the dif-
ference between σ′bulk and σ′g.b. turned out to be is less than 1 order of magnitude. A ratio σ′bulk/σ′g.b. close to 1 
is, however, observed for NZSP. At 20 °C the bulk conductivity of Na3Zr2(SiO4)2PO4 is 1.0 mS/cm, for σ′g.b. we 
found 0.7 mS/cm (Fig. 2b, see also Fig. S2 for the corresponding Nyquist plots). A conductivity of 2.0 mS/cm 
for Sc-NZSP results in a room-temperature solid-state diffusion coefficient D of 2 × 10−12 m2/s if we use the 
Nernst-Einstein equation to estimate D via D = σ′bulkkBT/(Nq2) where kB denotes Boltzmann’s constant, T the 
absolute temperature in K, and q the elementary charge of the Na ions. N refers to the number density of charge 
carriers. Values for D in the order of 10−12 m2/s are comparable with the diffusion coefficients of the best ceramic 
Li ion conductors known today.

23Na NMR spin-lattice relaxation: Na+ motions on the angstrom scale. To check whether the high 
Na+ ion mobility seen in electrical measurements for Sc-NZSP is also reflected in NMR relaxation, we carried out 
variable-temperature 23Na spin-lattice relaxation (SLR) measurements in both the laboratory (R1) and rotating 
frame of reference (R1ρ), see Fig. 2c. The corresponding magnetization transients are shown in Fig. S3. While the 
first are sensitive to diffusive spin fluctuations in the MHz to GHz range, the spin-lock technique allows for the 
detection of slower motions in the kHz range. As we used a 23Na NMR Larmor frequency of ω0/(2π) = 79 MHz 
to record the 23NMR SLR rates, we expect the diffusion-induced rate R1 to pass through a maximum at tempera-
tures near or slightly above 20 °C. The jump rate 1/τNMR at such a maximum is directly determined by the relation 
ω0τNMR ≈ 1 yielding DNMR = a2/(6τ) = 9 × 10−12 m2/s; for 1/τNMR we obtain 5 × 108 s−1. This estimation uses the 
Einstein-Smoluchowski equation for uncorrelated 3D diffusion and an average jump distance of 3.3 Å for the 
various possible exchange processes between the Na sites. In fact, we observe a complex relaxation behaviour 
with two R1 rate peaks as shown in Fig. 2c. One of these peaks appears as a shoulder of the main one. It is located 
at approximately −10 °C if we parameterize the overall relaxation response with a sum of two spectral density 

Figure 2. Electronic conductivity and temperature dependence of σ′ of Sc-NZSP, 23Na NMR spin-lattice 
relaxation. (a) Constant voltage (direct current) polarization curve of a sintered Sc-NZSP pellet. The high ionic 
conductivity translates into a rapid decay of the current at the beginning of the experiment. After a time lapse of 
sufficient length, the current approaches a value that is solely due to the transport of electrons. (b) Temperature 
dependence of the bulk and g.b. conductivity of Sc-NZSP (σbulk(298 K) = 2.0 mS cm−1). The results for NZSP 
free of Sc are also shown (σ′bulk(298 K) = 1.0 mS cm−1; σ′g.b.(298 K) = 0.7 mS cm−1). Filled symbols refer to bulk 
values, open ones represent the g.b. response. Crosses show conductivities taken from ref.22. (c) 23Na spin-lattice 
relaxation rates (R1, R1ρ) of Sc-NZSP recorded in both the laboratory frame of reference (79 MHz, R1) and the 
rotating-frame of reference (20 kHz, R1ρ). The sharp diffusion-induced peak of the latter and the shoulder of the 
R1(1/T) curve indicate extremely rapid Na ion diffusivity with rates in the order of ω0/2π ≈ 5 × 108 s−1 at T as 
low as 260 K. Error bars of the data points are smaller than the size of the symbols used. The solid line shows a fit 
with two BPP-terms to approximate the R1 rates; the dashed-dotted line highlights the asymmetric low-T peak 
with the activation energies 0.15 eV and 0.27 eV, respectively. The dashed-dotted line drawn through the R1ρ data 
points is to guide the eye. Unfilled symbols represent, for comparison, results from analogous measurements on 
a Li-analogue compound, Li1.5Al0.5Ti1.5(PO4)3 (LATP), see ref.49.
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functions (for 3D diffusion) according to a modified version of the model of Bloembergen, Purcell and Pound41,42, 
see Supporting Information and Table S1. Interestingly, the low-T peak indicates even faster Na ion exchange 
processes than seen by conductivity spectroscopy. The question of whether it is triggered by a possible phase 
transformation occurring below room temperature and slightly changing the Na+ distribution in Sc-NZSP needs 
to be checked in further studies.

Conductivity measurements are sensitive to successful Na ion displacements in the so-called d.c. limit 
characterized by the respective σ′bulk plateau (Fig. 1f); here the corresponding activation energy is given by 
Ea,d.c. = 0.29(1) eV. The very low activation energy Ea,NMR of 0.15 eV (see also ref.43 for comparison) extracted from 
the diffusion-induced NMR rate peak R1(1/T) seen at lower T (Fig. 2c) indicates that 23Na NMR SLR senses the 
elementary diffusion processes to which local, correlated motions do also contribute. In general, the low-T flank 
of a given NMR rate peak is influenced by correlation effects such as Coulomb interactions and structural disor-
der. The latter is present also in the form of stress the jumping ions experience while moving in a heterogeneous, 
irregularly shaped potential landscape38. This landscape contains stable as well as transitions states with shorter 
residence times for the Na+ ions. We anticipate that forward-backward jumps involving interjacent bottleneck 
sites22,40,44 result in highly correlated jump processes that manifests as dispersive regions in the conductivity iso-
therms. These dispersive regions are seen in Fig. 1f in the high frequency region (>1 MHz) of the bulk isotherms. 
The activation energy of the high-T flank of the R1(1/T) peak should be comparable to Ea,d.c..

NMR and conductivity spectroscopy: a comparison. To compare activation energies from conduc-
tivity measurements directly with those from NMR relaxometry we need to analyse alternating current (a.c.) 
conductivities not in the limit ν → 0 but in the MHz regime, i.e., on the same time scale where NMR operates. We 
therefore determined σ′bulk(ν) at ν = 10 MHz. At this frequency, the dispersive parts are seen fully in the temper-
ature range from −100 °C to −50 °C, which coincides with that of the low-T flank of the first R1(1/T) peak. A plot 
of log(σ′a.c.,bulk(10 MHz)T) vs. 1/T (see the inset of Fig. 2c) revealed an activation energy Ea,a.c. of 0.147(5) eV which 
is close to that seen by 23Na NMR SLR in the same temperature range, Ea,a.c. = Ea, NMR. The ratio Ea,d.c./Ea,a.c. = 1/βn 
turns out to be approximately 1.97. On the other hand, βn = 1/1.97 ≈ 0.5 is related to the Jonscher power law 
exponent45 describing the dispersive regime of σ′bulk(ν) via the relation βn = 1 – n, see ref.46. If NMR and a.c. 
conductivity spectroscopy are governed by very similar motional correlation functions in the temperature range 
given above, n ≈ 0.5 should be found. In general, βn can be used as a measure to describe the deviation from ideal 
Debye relaxation that relies on a pure exponential decay function. In the present case, parameterizing the corre-
sponding a.c. isotherms with σ′bulk ∝ νn indeed yields n = 0.54 indicating similarly shaped correlation functions. 
This similarity does not contradict the finding that DNMR is larger than D from conductivity measurements. A 
relatively small correlation factor f ′ (≤0.1) linking the two coefficients via D = f′ · DNMR, see47,48 would explain 
the difference pointing to highly correlated motions in Sc-NZSP. f′ is given by the Haven ratio Hr and f. The two 
factors connect the tracer diffusion coefficient with either the Nernst-Einstein coefficient D or the self-diffusion 
coefficient D(NMR), see38. Most likely, here DNMR is indeed influenced by a huge number of unsuccessful, localized 
jump processes which are not contained in D that is sensitive to successful ionic displacements only. These local-
ized motions may, however, stimulate long-range ion transport leading to ionic conductivities exceeding that of 
the Sc-free parent compound with a lower number density of Na+ ions.

An activation energy comparable to Ea,d.c. = 0.29 eV is seen in NMR relaxation spectroscopy only if the high-T 
flank of the diffusion-induced peak R1(1/T) can be reached33. In our case the high-T flank of the spin-lock 
R1ρ(1/T) peak recorded at a locking frequency ω1/2π = 20 kHz points to such a value, see Fig. 2c. However, the 
peak itself shows anomalous behaviour as the low-T side is characterized by a larger activation energy (0.41 eV) 
than that on the high-T flank. While such features might be ascribed to low-dimensional diffusion pathways, here 
the anomaly is supposedly caused by various superimposing jump processes. A point worth mentioning is that 
the conductivity spectroscopy in the d.c. limit yields an average activation energy of successful net charge trans-
port over a long length scale. The corresponding activation energies extractable from NMR, particularly those in 
the low-T region of the R1(ρ)(1/T) peaks, specify distinct motional processes with activation energies Ea low-T being 
smaller or even higher than Ea, d.c.. The modified BPP fits shown in Fig. 2c for the R1(1/T) behaviour consistently 
yield a high-T activation energy Ea high-T of 0.27 eV being very similar to Ea, d.c., see Table S1 for the NMR results. 
The resulting asymmetry of the peak (see Supporting Information) has frequently been assigned to correlated 
motion governed by a distribution of (non-)exponential motional correlation functions. The two activation ener-
gies of the peak (Ea low-T = 0.15 eV and Ea high-T = 0.27 eV) are linked to each other via Ea low-T = (αNMR − 1)Ea high-T 
yielding αNMR = 1.55. αNMR = 2 would correspond to a quadratic frequency dependence, R1 ∝ ω0

2, on the low-T 
side and would indicate uncorrelated, isotropic motion. Furthermore, Ea high-T (and Ea, d.c.) is in line with the acti-
vation energy if we analyse the characteristic electric relaxation frequencies ωmax = νmax × 2π (see Fig. 1d) of the 
Modulus curves in the MHz to GHz regime. 1/τNMR = 5 × 108 s−1 agrees perfectly with ωmax(1/T) read off from 
the M′′ peaks, see Fig. S4. Hence, modulus spectroscopy and NMR probe the same time scale and sense the same 
Na+ motional correlation function and thus the same ionic exchange process.

For comparison, in Fig. 2c also 7Li NMR rates of Nasicon-type Li1.5Al0.5Ti1.5(PO4)3 (LATP) are shown49. LATP 
crystallizes with rhombohedral structure and belongs to one the fastest Li-containing phosphates50. Although the 
peak positions of the Na compound studied here are shifted toward somewhat higher temperatures, Sc-NZSP can 
compete with the high Li+ diffusivity in LATP. As for Sc-NZSP the 7Li NMR relaxation response of LATP was 
analysed with a superposition of at least two diffusion-induced relaxation rate peaks49. Since the quadrupolar 
interactions experienced by 7Li spins are much lower than those in the case of 23Na, the 23Na rates are shifted 
toward larger rates. Stretching factors of the underlying 23Na R1 magnetization transients, see Fig. S3, point to 
(localized) diffusion-induced quadrupolar field fluctuations that cause the recovery of the longitudinal magnet-
ization for Sc-NZSP.
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Conclusions
In summary, Na ion dynamics in sol-gel prepared Na3.4Sc0.4Zr1.6(SiO4)2PO4 turned out to be extremely rapid at 
temperatures around ambient. 23Na NMR spin-lattice relaxation is governed by complex Na+ dynamics as the 
relaxation rates reveal several diffusion-induced peaks. While short-range Na motion has to be characterized by 
activation energies ranging from 0.13 to 0.15 eV, long-range ion transport, on the other hand, follows Arrhenius 
behaviour with 0.29 to 0.31 eV. Facile Na ion exchange results in room-temperature ion conductivities of 2.0 mS/
cm for Na3.4Sc0.4Zr1.6(SiO4)2PO4 and 1.0 mS/cm for the parent compound Na3Zr2(SiO4)2PO4, respectively. Such 
high bulk conductivities correspond to solid-state diffusion coefficients in the order of 2 × 10−12 m2/s. Indeed, 
for Sc-NZSP 23Na spin-lattice relaxation NMR points to a self-diffusion coefficient of 9 × 10−12 m2/s at 21 °C. 
Evidently, extremely rapid ion jump processes between regular and intermediate positions contribute to this 
high value. Such rapid movements obviously trigger the successful jump processes among the different crystal-
lographic sites in the 3D framework of the phosphosilicate and facilitate net charge transport over macroscopic 
distances in Sc-NZSP.

Methods and Experimental Design
Conductivity analysis. Sintered pellets with sputtered or evaporated Au electrodes were used to meas-
ure complex conductivities at various temperatures and from 0.1 Hz up to the GHz range with a Novocontrol 
Concept 80 setup. The setup consists of a broadband analyser (Alpha-AN, Novocontrol), which is connected to 
a BDS 1200 cell in combination with an active ZGS cell interface (Novocontrol) allowing 2-electrode dielectric 
measurements. The temperature is automatically controlled by means of a QUATRO cryo-system (Novocontrol) 
making use of a heating element which builds up a specified pressure in a liquid nitrogen Dewar vessel to create 
a highly constant N2 gas flow. After being heated by a gas jet, the evaporated N2 flows directly through the sample 
cell that is mounted in a cryostat. With this setup, temperatures can be set with an accuracy of ±0.01 °C. To reach 
up to 3 GHz we used an Agilent E4991 A high-frequency analyser connected to a high frequency cell designed 
by Novocontrol.

Polarisation measurements. For the d.c. polarisation measurement a sintered pellet (0.89 mm thick, 7 mm 
in diameter) was metallised with Au on both sides by evaporation. The pellet was then mounted in an air-tight 
2-electrode Swagelok-type cell and connected to the Parstat MC potentiostat equipped with a low-current option. 
All the preparation steps, including the metallisation, were carried out in Ar or N2 filled gloveboxes filled with an 
oxygen and water content of less than 1 ppm. The polarisation experiments were performed in a Faraday cage at 
23(1) °C.

23Na NMR measurements. All static 23Na NMR measurements were carried out using a Bruker Avance III 
spectrometer equipped with a shimmed cryo-magnet with a nominal magnetic field B0 of approximately 7.04 T. 
This field strength corresponds to a 23Na resonance frequency of ω0/2π = 79.35 MHz. For the NMR measure-
ments, we used sintered pellets which were fire-sealed under vacuum in quartz glass ampoules to permanently 
protect them from moisture and/or air. We used a Bruker broadband probe (80 mm in diameter) designed for 
static variable-temperature measurements. The temperature in the sample chamber made of Teflon® was adjusted 
with a stream of freshly evaporated nitrogen gas. The heating coil was controlled by a Eurotherm unit connected 
to copper-constantan type T thermocouple placed in the immediate vicinity of the sample. To study Na ion 
dynamics, 23Na NMR spin-lattice relaxation experiments in both in the laboratory and in the rotating frame were 
carried out with pulse sequences using suitable phase cycling to suppress unwanted coherences. R1 rates were 
recorded with the saturation recovery pulse sequence consisting of a train of 90° pulses to destroy any longitudi-
nal magnetization M. The subsequent recovery of M was recorded after variable delay times td with a 90° reading 
pulse. The π/2 pulse lengths ranged from 2 to 4 μs at 200 W, depending on temperature. Up to 64 scans were accu-
mulated to obtain M(td) for each waiting time. The area under the free induction decays was used as a measure 
for M(td). The magnetization transients M(td) were analysed with stretched exponential functions to extract the 
rates R1; stretching exponents varied from 0.8 to 1. The spin-lock measurements were recorded with a locking 
frequency of 20 kHz. At the beginning of the pulse sequence a 90° pulse prepares the spin system. Immediately 
after this, the locking pulse with variable duration tlock (46 μs to 46 ms) was used to observe transversal relaxation 
of the flipped magnetization Mρ. The decay of Mρ in the (xy)ρ-plane of the rotating frame of reference is detected 
with a 90° reading pulse. The number of scans for each data point of the magnetization curve was 64. A recycle 
delay of at least 5 × 1/R1 ensured full longitudinal relaxation. Mρ(tlock) could be fitted with stretched exponentials; 
the stretching factors ranged from 0.8 to 0.4 depending on temperature.
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