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Abstract

Transverse surface cracks in continuously cast steels, which may arise especially during
the straightening or unbending operation, represent a significant problem. The probability of
crack formation of steels increases as the materials hot ductility becomes worse. This may
occur within a temperature range between 600-1200°C and is commonly assessed by
conducting laboratory hot tensile tests. In the present work, the hot ductility behavior
(second ductility minimum) of low- and Ti-Nb microalloyed steel has been studied in order to
analyze the embrittlement and cracking susceptibility after melting and solidification. For
this purpose, tensile specimens were subjected to various thermomechanical histories and
were pulled to fracture between 650°C and 1000°C. It was found, that the low-alloyed steel
embrittles within the two-phase austenite-ferrite region due to thin ferrite films along
austenite grain boundaries. In contrast, the Ti-Nb microalloyed steel evinces distinct poor
ductility at testing temperatures up to 1000°C, irrespective of which thermal cycle has been
utilized or whether the samples have been melted or reheated. Microstructural examinations
and supplementary thermo-kinetic computer simulations revealed marked Ti-Nb precipitation

which was responsible for the impaired materials hot ductility.

IT



Kurzfassung

Oberflichenquerrisse an stranggegossenen Stéhlen, die insbesondere wahrend des Richt-
oder Riickbiegevorgangs entstehen koénnen, stellen ein ernsthaftes Problem dar. Mit
abnehmender Duktilitit des Materials steigt auch die Wahrscheinlichkeit der
Oberflachenrissbildung. Dies kann in einem Temperaturbereich zwischen 600-1200°C
auftreten und wird gewohnlich mittels Heiflzugversuchen im Labor nachgebildet. In der
vorliegenden Arbeit wird das Duktilitatsverhalten (2. Duktilitdtsminimum) von einem
niedrig- und Ti-Nb mikrolegierten Stahl untersucht und die Versprédungs- bzw. Rissneigung
nach dem Aufschmelzen und Erstarren analysiert. Zu diesem Zweck wurden Stahlrundproben
verschiedenen thermomechanischen Zyklen ausgesetzt und bei Priftemperaturen zwischen
650°C  und 1000°C bis zum Bruch gezogen. Dabei wurde festgestellt, dass der
Duktilitdtseinbruch am niedriglegierten Stahl im Zweiphasengebiet Ferrit-Austenit aufgrund
von diinnen Ferritfilmen an den Austenitkorngrenzen erfolgt. Im Gegensatz dazu weist die
mit Ti und Nb mikrolegierte Stahlcharge eine sehr schlechte Duktilitdt bis zu einer
Priiftemperatur von 1000°C auf, unabhéngig davon welche thermischen Zyklen durchgefiihrt
oder ob die Proben vorher umgeschmolzen oder nur wiedererwarmt wurden.
Mikrostrukturuntersuchungen und begleitende thermokinetische Computersimulationen
offenbarten markante Ti-Nb Ausscheidungen, die fiir den starken Abfall der Duktilitdt des

Materials verantwortlich waren.
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List of symbols and abbreviations

ilb)fgijgtion Meaning Unit (ST)
Ay Initial cross section m?
A Lower equilibrium temperature for austenite (y) °C
A Upper equilibrium temperature for alpha-ferrite (o) °C
Ay Cross section after fracture m?
Ay Austenite-to-ferrite transformation temperature on cooling °C
bee Body-centered cubic

ccr Continuous cooling transformation diagram

D Particles mean diameter m
€ Strain

£ Strain rate st
EDX Energy-dispersive X-ray

Frnax Maximum tensile force N
fce Face-centered cubic

L Active deformed slab length m
LOM Light optical microscopy

Nv Particles number density m™
PFZ Precipitate-free zone

ppm Particles per million

R Bending radius m
RA Reduction of area after fracture %
RA i Critical reduction of area after fracture %
Omax Ultimate tensile stress Pa
SEM Scanning electron microscopy

SSCC Surface structure control cooling

t Slab thickness m
TL Liquidus-temperature °C
Tg Solidus-temperature °C
TEM Transmission electron microscopy

TTT Time-temperature-transformation diagram

v Casting speed ms
DT Zero-ductility-temperature °C
ZST Zero-strength-temperature °C
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1 Introduction

Within a few decades, the continuous casting technology has become one of the most
important and innovative sectors of the metal production industry and is accounting for more
than 95% of the total crude steel production globally [1]. The method is characterized by a
high degree of automation, an improved product quality, shorter processing times and
therefore a significant increase in yield [2], [3].

However, defects in casting products cannot always be avoided. During the process, the
solidifying slab is exposed to different thermal as well as mechanical loads, which may cause
defects like internal or external cracks. Certain steel grades such as microalloyed steels are
susceptible to cracking during the continuous slab casting once the occurring stresses and
strains can no longer be absorbed causing the materials structure to lose its cohesion
significantly. [3], [4]

There are two characteristic temperature regions where steels exhibit distinct poor
ductility and are particularly prone to cracking. Depending on the chemical composition, the
embrittlement in the high temperature region above approximately 1300°C up to the solidus
temperature primarily induces internal cracks and partly longitudinal surface cracks which
arise due to the presence of segregated remaining melt within interdendritic and intercellular
areas (first ductility minimum). In the second region of low ductility during the unbending
and straightening operation roughly between 600°C and 1200°C, however, transverse surface
cracks are predominantly formed on the cast steel slabs, which are mainly caused by
precipitates and thin ferrite bands surrounding the austenite grain boundaries (second
ductility minimum). [5], [6]

This region is especially critical for micro- and low-alloyed steels, since the resulting
tensile strains and stresses during the straightening or unbending process may embrittle the
cast surface involving marked loss in quality. Required repair works and post-processing on
the casting products therefore decrease the productivity causing additional costs. Due to
these negative effects, the crack formation mechanisms in continuously cast steels have been
the subject of numerous research studies. The plastic deformability and the cracking

sensitivity, which strongly depend on various influencing factors such as material and testing
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conditions, can be analyzed specifically by means of hot ductility tensile tests.

In most cases, the specimens are heated either directly to the desired testing temperature or
to a temperature below the solidus temperature, cooled to the testing temperature and then
subsequently strained until fracture [7]. However, there is often a question mark over how
appropriate the measurements reflect the microstructural development during the continuous
casting process, since the influence of solidification on the precipitation and segregation
behavior remains more or less unconsidered. For this reason, many researchers are dealing
with the hot tensile testing technique on specimens with preceding melting in order to enable

a better physical simulation and a potential transferability to practice.




2 Objectives

This thesis has the main objective to examine the hot ductility of two steel grades, one of
them microalloyed with Ti and Nb, with the aim of quantitatively predicting the tendency of
surface crack formation during the continuous casting process. In a first step, the principle
influence of melting and solidification on the hot ductility is evaluated in order to verify the
temperature region of ductility loss (second ductility minimum) and to characterize its
underlying root cause by applying the casting simulator BETA 250-5 and subsequent
metallographic fracture analyses. On the basis of the results obtained, further studies on the
effect of individual process parameters such as peak temperature and cooling rate on the hot
ductility of the microalloyed steel are performed. The purpose of the present research is
therefore twofold: to gain a better understanding of the crack formation mechanisms and to
correlate the respective findings with industrial experience so that appropriate measures can
be taken to prevent crack initiation during casting in order to enhance quality and

productivity, respectively.




3 Literature review

This chapter includes an overview and relevant literature related to the study of the hot
ductility of continuously cast steels. First, the continuous casting and the problem of the
crack formation will be outlined, followed by a general description of the hot ductility of

steels and its influencing factors.

3.1 Continuous casting

With the development and commissioning of continuous casting facilities, a new era of
crude steel production began in the middle of the last century. Fig. 1 shows the world’s total
crude steel production by regions. It can be seen, that the crude steel production in most
regions remained more or less constant, except China, whose output grew by more than 600%

to 823 million tons compared to 2000 (129 mill. t).
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Fig. 1: Total production of crude steel in million tons and shares of selected countries and
regions from 2000 to 2014. Based on [1].
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The share of continuously cast semi-products including billets, blooms and slabs' in
world’s total crude steel production since the commercial deployment has rapidly increased
and has meanwhile reached an historic high of 96.1%, Fig. 2a. Over the past 20 years alone,
the annual global output of continuously cast products has more than tripled and has
achieved a record high of 1584 million tons in 2013. In the last decades, this clear trend could
be noticed in Austria as well. Within a few years, the share of continuous casting almost

doubled from 51.2% (1980) to 93.4% (1985) and reached in 2013 a share of 96.4%, Fig. 2b. [1]
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Fig. 2: Crude steel production in million tons and percentage share of continuous casting
from 1970 to 2013. a) World. b) Austria. After [1].

! billets: cross sections with a side length of about 150mm.
blooms: cross sections with a side length more than 150mm; thickness to width ratio=1:1.3.
slabs: cross sections with a thickness>100 mm; thickness to width ratio>1:1.3. Depending on diameter

and cross section lengths, round and multi-side strands are considered as billets or blooms [4].




Literature review

The process is characterized by the manufacture of high-quality products regarding surface
quality, uniformity, degree of purity, as well as substantial energy and cost savings. Thus,
the former widespread ingot casting, which requires additional time and cost consuming
processing steps, has been largely replaced by the continuous casting technology. [3]

During continuous casting, the liquid metal is poured from a casting ladle into a tundish,
where the alloy melt continues flowing downstream through a bottom outlet valve into a
water-cooled copper mould, Fig. 3. This facilitates the formation of a thin solidified shell by
the heat dissipation through the direct contact with the mould wall (primary cooling zone).
In order to stabilize the molten steel and to retain its desired shape, a rigid dummy bar is

inserted into the mould, which is then being continuously stripped downwards.

casting ladle

watercooled meniscus
copper mould
tundish (primay pouring nozzle
cooling)

spray nozzles

pouring nozzle — - _ - liquid core
- (secondary cooling)

solidified

shell cutting torch

guide and drive
rolls

steel slab

straightener

Fig. 3: Schematic illustration of a curved continuous slab caster with straightener. Based
on [2], [8].

The casting speed must be selected in such a way that a sufficient outer strand is formed
and that an unexpected breakout of the melt below the mould will not occur. To prevent the

solidifying shell from sticking to the mould walls, the mould is oscillated up and down

usually according to a sinusoidal motion. Furthermore, mould lubricants are also used to
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decrease the friction between the mould and the strand. Afterwards, the partially solidified
strand exits the primary cooling zone and is further transported to the so-called secondary
cooling zone using appropriate support rolls. Here, the majority of the heat extraction is
performed by a series of spray water cooling nozzles. Moreover, additional heat removal is
achieved by the natural radiation and convection as well as by the thermal conduction due to
the contact between the casting and the support rolls. After the strand is completely
solidified, the slab is cut to the desired lengths by a cutting torch and is then either
transported to certain cooling beds by a runout-table or is directly conveyed to hot- or cold-
rolling systems. [2], [3]

Depending on the alloy and dimension to be cast, a distinction is made between vertical,
curved or bow-type with one ore multiple strengthening points as well as infrequently oval
bow-type or horizontal slab casters. Especially in the case of large steel slabs and due to the
problem of the strand shell bulging as a result of the ferrostatic pressure, it is thus necessary
to adequately support the strand shell at least until the end of the liquid core. Therefore, the
bow-type form became the most widely used continuous slab caster today and is
schematically shown in Fig. 3 [4], [7]. At low casting speeds, the straightening operation is
carried out on a completely solidified slab, possibly contributing to high mechanical roller
loads. With increasing casting speeds, on the other hand, the liquid core is extended to the
horizontal segment, which may lead again to bulging and to the creation of “whale”-shape
structures, thus causing a breakdown of the casting process. Apart from that, the slab is
subjected to various other thermal and mechanical loads, which may cause marked quality
losses. A detailed description of such stresses during continuous casting was once published

by Lankford [8] and will be briefly addressed in the following section.

3.1.1 Thermal and mechanical stresses

During solidification within the mould, the liquid sump exerts a ferrostatic pressure on the
newly developed skin, whereby the skin bulges outwards until a complete contact between
the shell and the mould surface is achieved. In this manner, mainly tensile stresses arise at
the solidification front and the shell, reaching their maximum at the center of the strand in
transverse direction. Below the mould, a bulging of the slab between the support-rolls may
occur as well, which may generate tensile stresses on the strand surface and compressive
stresses on the solidification front, Fig. 4. [§]

By pulling the slab from the primary cooling zone, friction forces between the oscillating

mould-wall and the already solidified strand shell are also created, whose extend depends on

7
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the friction coefficient and on the pressing force owing to the ferrostatic pressure as

mentioned above.

Fig. 4: Schematic illustration of the bulging process due to poorly adjusted support rolls.
Based on [g].

Depending on the mould stroke, the friction at the strand surface causes axial as well as
additional bending stresses, which are of tensile nature during the downward stroke and
compressive during the upward stroke. Fig. 5 shows an overview of the resulting tensile

stresses in the solidifying shell during the upward mould stroke.

solidification front —=— —— slab surface

axial tensile force ‘ ‘ friction force

axial tensile stress -

+ compression
bending stress 1

resultant tensile
stress

tension

Fig. 5: Forces and stresses in the solidifying shell through the friction force within the
mould. Based on [8].

Moreover, the weight force of the slab generates an axial tensile stress on the strand shell,

which can be either increased or decreased depending on the driving power of the drive rolls.
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If the strand will be compressed by the drive rolls for instance (compression casting), the
effective axial force is then equal to the weight force minus the driving force. The unbending
or straightening operation, however, basically induces the highest mechanical stresses on the
cast surface, which are compressive in the bottom areas and tensile in the top parts of the
slab. The respective bending strain e can then be calculated by dividing the slab thickness t

by two times the bending radius R of the casting machine:

£ = — (1. 1)

whereas the strain rate ¢ can be defined as the product of the strain multiplied by the

ratio of the casting speed v to the active deformed slab length L:

(1. 2)

el <

Likewise, mechanical stresses may also occur due to a misalignment of the slab guiding
frames or due to eccentric support rolls [3].

Furthermore, lateral as well as axial thermal strains and stresses are able to build up
within the slab-shell by virtue of the temperature gradient caused through the primary and
secondary cooling process. Principally, at any cross section, tensile stresses develop in cooler
regions because of the restraint shrinkage in the hotter regions, or vice versa, compressive
stresses may be formed in the hotter regions. A non-uniform cooling in the secondary zone at
positions with alternating temperature gradients may similarly produce local tensile and
compressive stresses. Further thermal stresses in continuously cast materials may also result
from eccentric or misaligned pouring streams, distorted mould or from transformation
induced strains. [8]

In certain temperature ranges some steels exhibit a poor ductility, in which they may
easily embrittle even at very small loads. All these stresses can promote the formation of

different cracks which will be delineated in the following section.

3.1.2 Crack formation in continuous casting

Cracks in continuously cast products can cause significant losses in the output of good
material, in the worst case even leading to a shutdown of the casting machines. The various
crack types can arise from almost anywhere and can propagate in all directions as

schematically represented in Fig. 6.
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. . . semi macrosegregation
longitudinal surface cracks 8reg

OIOIOIOICIOION®,

deep oscillation marks porosity

halfway cracks

QEeEEEE® © ©
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Fig. 6: Schematic drawing of potential surface and internal defects in continuously cast
slabs. Based on [5], [9].

Internal cracks preferably develop in the high temperature region near the solidus
temperature of the alloy, where steels evince a low strength and ductility. However, surface
cracks may already form within the mould on the solidifying strand skin (oscillation marks).
Transverse surface and corner cracks on cast slabs are frequently observed in the secondary
cooling zone. From a qualitative point of view, surface cracks are more problematic than
internal cracks, since the formation of additional oxide scale layers at the defective areas may
not fuse to the underlying bulk material in the subsequent rolling process. This requires
further post-processing, therefore decreasing the efficiency. Especially in the hot charging or
direct rolling process in modern plants, such surface treatments cannot be always executed.
Thus, a production of defect-free cast structures is often indispensable. In the following

Fig. 7, a few examples for diverse surface defects in continuously cast slabs are given.

10
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Fig. 7: Continuously cast slabs with diverse surface defects. a) Longitudinal surface

cracks, b) transverse surface cracks and c) transverse corner crack.

Appropriate recommendations for preventing transverse surface crack initiation can be
found in [5], [10]. These include e.g. an execution of uniform and proper water spray cooling
in order to minimize surface temperature gradients and to prevent straightening within

unfavorable temperature ranges.

3.2 Hot ductility of steels

The cracking susceptibility of continuously cast steels is strongly related to the decreased
deformability or poor ductility at certain temperature levels. There are different testing
methods in order to investigate the high-temperature properties such as the ductility of
materials under continuous casting conditions. The most common way is to conduct hot
tensile tests by pulling the samples until fracture according to a specific thermomechanical

cycle and by measuring the reduction of area (RA) in percent, which is expressed by

A

RA = (1 - —f) -100 [%], (1. 3)
Ay

where A:; denotes the cross section after fracture and Ay the initial cross section of the

specimen. Basically, the higher the RA-value, the more the material is able to deform and

therefore the less the material is prone to cracking.

11
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Additional materials high-temperature properties such as the ultimate tensile stress Omuax,

is also often ascertained using the equation

Omax = FX—IOLX [MPal], (1. 4)
with Fpax as the maximum tensile force during testing. As can be seen in Fig. 8, the stress
basically declines with increasing deformation temperature until it becomes zero, the zero-
strength-temperature (ZST). Two distinct drops in ductility (RA<RAu:) can be
predominantly recognized when plotting RA against the deformation temperature (blue line).

dendrites
-y
[ o
. P.S
/ — segregation

crack

carbonitrides/sulfides matrix precipitate
precipitation  free zones

A ,—A—\
[ \

st

t}I

1 1 1
ZDT Tsl ZST T

Testing temperature [°C]

surface cracks internal cracks (hot cracks)

2ud ductility minimum 15t ductility minimum
Tp.. Liquidus-temperature ZDT.. Zero-ductility-temperature
Tg.. Solidus-temperature ZST.. Zero-strength-temperature

Fig. 8: Different mechanisms affecting the hot ductility of steels. Based on [7].

As per Mintz et al. [11], the recommended value for RA.; is 40%, while Suzuki et al. [12]
are suggesting a minimum of 60% RA. The first trough of embrittlement, the so-called first
ductility minimum, can be found at elevated temperatures just below the solidus-
temperature. This zone is limited by the zero-ductility-temperature (ZDT) down to the area,
where the material becomes ductile again. The low ductility is mainly attributed to the

presence of liquid residuals, which form interdendritically during solidification. The extension
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and the slope of the ductility curve primarily depend on the carbon content and on all
alloying elements such as phosphorus, copper, sulfur or boron, contributing to the segregation
of low-melting phases along dendrites or grain boundaries, locally decreasing the solidus-
temperature. In this way, cracks at the solidification front between the dendrites may be
formed, even when a small external force is applied. These give rise to the formation of
internal cracks or hot cracks within the cast material. [6], [8], [13]-[15]

The second ductility minimum in the intermediate temperature region roughly between
600°C and 1200°C, however, is generated due to several factors such as the materials
chemical composition or thermomechanical history as will be described in the following in
more detail. This embrittlement particularly occurs during the straightening or unbending

operation and give rise to the formation of transverse surface and corner cracks. [16]-[19]

3.3 Causes for the loss of hot ductility (second ductility minimum)

Principally, the embrittlement within the low temperature region of the austenite phase is
caused by grain boundary sliding and becomes even accelerated when fine and dense
precipitation occurs, leading to brittle failure via microvoid coalescence. A decrease in
ductility may also result by strain concentration within precipitate-free zones or within film-

like ferrite being formed along austenite grain boundaries. [6], [20]-[23]

3.3.1 Precipitation-related ductility loss

It is well known, that the grain boundary mobility in austenite is a decisive factor for
high-temperature ductility [24]. At lower temperatures and low strain rates, restoration
processes such as dynamic recovery or dynamic recrystallization hardly occur. Therefore, the
fracture mode is mainly characterized by grain boundary sliding which causes the formation
of cavities, such as so-called wedge-type cracks within grain boundary triple-points, even

without the presence of intergranular precipitates, Fig. 9 [23], [25].

7

—
~ >

)

Fig. 9: Schematic models showing wedge-type crack formation. After [25].
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Nevertheless, an accelerated embrittlement in many cases takes place when precipitates
such as sulfides, carbides, oxides or nitrides are present, favoring cavitation and crack
formation e.g. by grain boundary pinning [8], [22]. Within the second ductility minimum, the
fracture surfaces of the specimens are characterized by typical intergranular decohesion with
fine grain-boundary-covering dimples as exemplary shown in Fig. 10 [26]. This becomes more

pronounced as the precipitates size and interparticle spacing become smaller.

Fig. 10: Fracture surface of a Nb steel tested at 750°C showing intergranular failure [26].

Comparable embrittlement may also occur by the formation of deformation-induced
precipitates, such as Nb-carbides in Nb-containing steels [21], [27]. With increasing density of
dislocation-pinning precipitates, the density of mobile dislocations becomes thus decreased,
which prevents plastic flow in the grain interior relocating the strain to grain boundary
regions [28]. Similar effects can be observed when fine matrix precipitation takes place,
leading to increased matrix strengthening [22]. Yasumoto et al. [29], for instance, reported an
existence of precipitate-free zones (PFZ) along the austenite grain boundaries of 1-1.5pm in
width which enhanced strain concentration on grain boundaries. This mechanism has also
been observed and well described by Maehara and Ohmori [30] who investigated the hot
ductility of low-carbon Nb-Al alloyed steels. Small submicrovoids around a great number of
microalloying precipitates with interparticle spacings of 0.2-0.5um were formed upon
deformation and coalesced to microvoids of about 7-12pm in length. Final fracture occurred
as the result of microvoid coalescence as schematically illustrated in Fig. 11 [30]. However,
the type, shape and size of precipitates as well as the resulting extent of the ductility loss is
different and strongly depends on the materials chemical composition and thermomechanical

history.
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F
matrix precipitation (e.g. NbC) ‘

grain boundary precipitation submicrovoids 0.2-0.5pm microvoids
(e.g. NbC and/or AIN) F

Fig. 11: Schematic representation of grain boundary embrittlement by microvoid

coalescence in Nb-microalloyed-steel within the austenitic phase due to PFZ. After [30].

3.3.2 Transformation-related ductility loss

As the temperature further decreases, the embrittlement can be usually linked to the
austenite-to-ferrite transition (As-temperature) when thin bands of ferrite along the austenite
grain boundaries have been formed [22]. Under an applied load, this leads to strain
concentration predominantly on the ferrite films which increases as the volume fraction of
ferrite decreases since ferrite is softer than austenite [16]. Chimani and Mérwald [31], who
used a micromechanical 2D-model by considering the elastic-plastic properties of both ferrite
and austenite, suggested that the ferrite fraction should be at least 30% to allow

homogeneous stress distribution for plain C—Mn steels at a strain rate of 10%, Fig. 12.

no
1311

ferrite fraction
20 | —O— 0.02%
—0— 0.05%
_ —D— 0.10%
o I
: —O— 0.30%
%,’ 10 4 0.40%

0,0000 0,0001 0,0002 0,0003 0,0004

4
Fig. 12: Diagram presenting the local strain concentration in the ferritic phase (g) as a

function of the global strain (&) plain C-Mn steel at £¢=10%s" for different ferrite

fractions. Based on [31].

According to Lewis at el. [32], the ductility is at a minimum when 5-10% ferrite is present

and substantially recovers when more than 50% ferrite has been formed in the
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microstructure. Basically, the nucleation rate of ferrite and therefore the development of the
second ductility minimum in plain C-Mn steels strongly depend on the carbon content,
cooling rate, strain, strain rate and prevailing grain structure [32], [33]. It has also been
shown that ferrite can also be formed deformation-induced above the A;-temperature often
close to the equilibrium transformation temperature A in both coarse and fine-grained steels
[32], [34]-[37]. However, the general course of the ductility trough towards lower testing
temperatures is determined by the ferrite growth rate, which, for instance, increases with
decreagsing grain size. Apart from that, the ductile voiding also depends on particles or
precipitates located at grain boundaries (e.g. Mn-sulfides or Al-nitrides) promoting, in turn,

intergranular microvoid coalescence, Fig. 13 [22], [30].

precipitates | F microvoid coalescence
b o
s

7

austenite ferrite submicrovoids I F microvoid

Fig. 13: Schematic representation of grain boundary embrittlement by microvoid

coalescence in the two-phase austenite-ferrite region. Based on [30].

3.4 Factors affecting the hot ductility

There are several factors which affect the development of the hot ductility of continuously
cast steels. The most important ones are briefly described in the following sections and
include the chemical composition, the microstructural conditions as well as the

thermomechanical history to which the materials are exposed.

3.4.1 Influence of the chemical composition

This section focuses on some selected elements which are known or suspected to have a
great influence on the hot ductility of steels. These are carbon, nitrogen, aluminum, niohium,

titanium, manganese as well as sulfur.

3.4.1.1 Carbon

The influence of carbon on the hot ductility and transverse cracking susceptibility of steels

has been the subject of numerous research studies [22], [23], [34], [38]-[40]. In conventional
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on-heating tests, the obtained development of the ductility trough in plain C—Mn and C-Mn-
Al steels with the same grain sizes can be basically related to the austenite-to-ferrite
transformation. With increasing C-content, the As-temperature and consequently the second
ductility minimum are shifted towards lower deformation temperatures as observed by
Crowther and Mintz [34] in plain solution treated C-Mn steels, Fig. 14. Machara et al. [39]
even observed no effects of carbon on the hot ductility of C—-Mn—-Nb—Al steels with C ranging
from 0.05 to 0.3% and almost each having Nb of around 0.05-%. Rather, a significant effect
of carbon on the austenite grain growth behavior could be noticed, especially in the case of
hot tensile tests with prior melting. The austenite grain size strongly depends on the
C-content of the steel, which reaches its maximum between 0.1-0.15% C, this being the
range at which the investigated steels exhibited distinctive intergranular fracture. This can

be attributed to the higher austenite formation temperature in peritectic steels.
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Fig. 14: Influence of the C-content on the hot ductility of plain C-Mn steels. After [34].

Accounting for the peritectic transformation

During the peritectic solidification (Fig. 15), body-centered cubic (bcc) delta-ferrite firstly
precipitates from the melt. This results in an enrichment of carbon in the melt due to the
lower solubility of carbon in delta-ferrite. With further cooling, face-centered cubic (fcc)
austenite starts wrapping the initially formed delta-phase while residual melt still remains.
At the same time, carbon diffusion both to the liquid-delta and delta-austenite interface

takes place, whereas the carbon-concentration in the former is highest. [41]
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Fig. 15: Schematic illustration of a peritectic reaction in microalloyed steel.

Owing to the different densities and volume contractions of the two solid phases during
the delta-to-austenite transformation, an uneven strand shell thickness may develop. The
resulting shrinkage stresses and further loss of contact hbetween the shell and mould wall may
generate local differences in heat extraction. Consequently, the thinner sections of the
inhomogeneously solidified shell are then more susceptible to surface cracking, especially
when the carbon content of the steel ranges from 0.08 to 0.17% as shown in the following
Fig. 16. Furthermore, the uneven surface solidification produces much coarser and columnar

grains, thus accelerating the cracking sensitivity even further. [22], [39], [42]
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Fig. 16: Solidifying austenite shell structure in a) low or high C and b) medium C steel.
Based on [39].

18



Literature review

3.4.1.2 Nitrogen

Nitrogen generally decreases the hot ductility in low- and microalloyed steels as soon as
fine nitrides and carbonitrides are formed within the matrix and/or at austenite grain
boundaries, promoting intergranular fracture [23], [43]-[47]. As reported by Ouchi and
Matsumoto [45], an increase of the N-content in C—Mn-Nb steels from 20ppm to 63ppm
significantly deteriorates the ductility and shifts the ductility minimum to lower RA-values
and higher testing temperatures, Fig. 17. Sricharoenchai et al. [48] have also shown that a
higher nitrogen level slightly decreases the ductility minimum in C-Mn-Nb steels. Similar
effects can be observed if steels contain other microalloying elements such as Al or Ti which
have a high affinity for nitrogen as well. In Al-containing steels, for instance, Al combines
with N to form fine AIN-precipitates preferably along austenite grain boundaries, making the
cast material more susceptible to transverse cracking as the product of Al and N increases
[44], [47]. By contrast, Hannerz [38] noted no or very slight influence of N (0.005 to 0.013%)
on the hot ductility of solution treated plain Al-free 0.08%C-1.51%Mn-steels at testing
temperatures between 750°C and 900°C, Fig. 18.
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Fig. 17: Influence of the N-content on the hot ductility of Nb-containing steels. After [45].
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Fig. 18: Influence of the N-content on the hot ductility of Al-free 0.08%C-1.51%Mn
steels. After [38].

3.4.1.3 Aluminum

Much research on the detrimental effect of aluminum on the hot ductility of steels exist,
as Al tends to combine with N to form fine AIN-precipitates as already stated in the previous
section [16], [18], [23], [38], [46], [47], [49]-[52]. An increase of the solubility product of Al- N
accelerates AIN-precipitation resulting in broader and wider ductility troughs with a ductility
minimum moving to higher testing temperatures as e.g. observed by Hannerz et al. [38] on

solution treated (1300°C for 300s) 0.07%C—-1.53%Mn steels, Fig. 19.
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Fig. 19: Influence of the Al-N product (- 10% on the hot ductility of solution treated
C-Mn—Al steels. After [38].
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This embrittlement can be attributed to the formation of fine AIN situated at the
austenite grain boundaries impeding grain boundary mobility or generating grain boundary
microvoids during deformation [38]. Furthermore, melting Al-alloyed steels in-situ can worsen
the hot ductility, as this enhances the segregation-factor of Al to grain boundaries promoting
an accelerated intergranular AIN precipitation compared to solution treated steels [16], [44].

Fig. 20 shows the ductility curves of in-situ melted 0.1%C-1.4%Mn—Al steels with 65ppm
nitrogen and soluble Al ranging from 0.009% to 0.06% at various cooling rates. Here, the
highest Al-content (Al-N=3.9-10"ppm) impaired the hot ductility to RA<40% below
900°C. It can be further seen that higher cooling rates were always detrimental to ductility
between 800-850°C. However, Pradhan et al. [47] suggest that the Al- N should be less than

3 - 10" ppm to avoid transverse cracking.
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Fig. 20: Hot ductility curves of in-situ melted C-Mn—-Al steels with various Al-contents

and cooling rates. After [16].
3.4.1.4 Niobium

Niobium is added to steels for its ability to refine austenite grains and increase the
materials strength and toughness through precipitation hardening. However, this makes it
sometimes difficult to cast these steels without sacrificing quality, since it has often been
reported that an addition of niobium tends to deteriorate the hot ductility due to the
formation of intergranular Nb-rich precipitates. This leads to the pinning of austenite grain
boundaries which becomes more pronounced as the Nb-content increases [38], [45], [48], [53]-

[55]. Mintz et al. [56] found that cyclic temperature oscillations on cooling from the solution
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treatment resulted in a deepening and widening of the ductility trough on adding 0.035% Nb
to a 0.12%C-1.44%Mn-0.015%Al steel. Sricharoenchai et al. [48] also observed a loss in
ductility being attributed to fine deformation-induced Nb(CN)-precipitation on solution
treated plain 0.085%C steels (Fig. 21a). An addition of 1.56% Mn shifted the minimum to
lower testing temperatures. Additional 0.06% Al to this alloy not only deepened but also
widened the ductility trough because of its co-precipitation with niobium. Similar
mechanisms have been noted by Carpenter et al. [57], who observed reduced ductility when
0.019% Nb was added to a 0.16%C-1.2%Mn-0.015%Ti-0.027%Al steel after melting the
specimens in-situ (Fig. 21b). This caused an intense and fine NbTi-precipitation facilitating
accelerated intergranular fracture due to the higher total volume fraction of particles

compared to steels which either contained only Nb or Ti.

100 | u]
a) [ o S R O
90 |
I S S| A
8F O
- T~
X 70}
: [ /A\A o
o 60} / A
< | A (@]
S 50
= I
S 40} \ /
+2
B I
3 30F ]
@ I JRE—
o] 2L 0%Nb
L —O— 0.04%Nb
S —A— 0.08%Nb
0 1 1 1 " 1 " 1 N 1 1 1 1
600 650 700 750 800 850 900 950 1000
Testing temperature [°C]
b) 100 |
90 — u]
80 —
x 7l /0
8 ol o
@ I
S 50} /
= L
S 40} (o}
4+
5 30] o
2 30}
2 o[ © D\ 07
L |:|74|3 —0O— without Nb
10+ —0— 0.019%Nb
0 ! : n/? 4 ! 2 ! . ! A 1 2 1 3 1

700 750 800 850 900 950 1000 1050 1100

Testing temperature [°C]|

Fig. 21: Influence of Nb on the hot ductility of: a) plain 0.085%C steel after solution
treatment at 1300°C for 300s; b) C—Mn—Ti-Al steel after melting and applying a cooling
rate of 1.67°Cs™. After [57].
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3.4.1.5 Titanium

The application of titanium as a microalloying element in the crude steel production is
gaining increasing importance. Ti, even in very small quantities, may affect the metallurgical
and mechanical properties of steels significantly, so that certain processes such as the control
of the austenite grain growth, the acceleration or retardation of softening or transformation
processes may be directly influenced [58]. During welding for instance, Ti-containing
precipitates may contribute to a grain refinement and to an improved charpy impact
toughness in the heat-affected zone [16].

Grain refinement through Ti-additions during continuous casting, however, hardly occurs.
Rather, titanium unbinds the nitrogen and avoids the formation of Al-nitrides in Al-
containing steels. On the one hand, TiN-precipitates are less detrimental to ductility than
AIN, and on the other hand, they act as nucleation sites for the deteriorating NbC or
Nb(CN)-precipitates in Nb-containing steels. If finer TiN-precipitates than AIN are formed in
Ti-containing steels, however, the ductility then becomes worse, regardless of the cooling
rate. [22], [59]

Numerous studies on the influence of Ti on the second ductility minimum have already
been conducted, but the ductility investigations were not always carried out on in-situ melted
and solidified specimens [45], [60]. Considerable improvements of ductility of Ti-containing
steels compared to Ti-free samples were mostly observed if they were only heated to a
temperature well below the solidus temperature. This effect is due to the fact that the fine
grain structure remains even at temperatures above 1300°C, still enabling a good
deformability. For a better understanding of the influence of titanium, however, it is of
crucial importance to melt the specimen and to dissolve the precipitates before straining. In
this way, no grain refinement and almost no improvement in ductility can be observed when
the steel is tested after a preceding melting process. [35], [59], [61]-[63]

Abushosha et al. [59], for instance, reported that an addition of Ti to a C-Mn—Al-Nb steel
does not recover the hot ductility by melting the samples in-situ and by applying a cooling
rate of 1.67°Cs™ by contrast to solution treated steel samples as illustrated in Fig. 22. Only a

decrease of the cooling rate resulted in slight improvement in ductility.
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Fig. 22: Influence of Ti on the hot ductility of in-situ melted (solid) and solution treated
(dashed) C—-Mn—-Al-Nb steels by applying a cooling rate of 1.67°Cs™. After [59].

Similar findings have been confirmed by Abushosha et al. [35] in a later work in which
they investigated the hot ductility of in-situ melted C-Mn—Al steels with Ti-additions
between 0-0.04% and Ti:N ratios of 0-6.2 in a temperature range between 700°C and 1100°C
with different cooling rates (0.42, 1.67 and 3.33°Cs). They noted that Ti-additions generally
impaired the ductility of the respective steel alloys once finely distributed TiN-precipitates
have been created. An increase of the cooling rate from the melting regime to the
deformation temperature also resulted in poor ductility, usually leading to the formation of
fine AIN- as well as MnS-particles along grain boundaries. Accordingly, additions of Ti may
not contribute to a remarkable increase in ductility, particularly during the thin-slab casting
process with higher cooling rates.

Comineli et al. [62] examined the effect of Ti on the ductility of melted C-Mn-Nb-Al
steels and observed in the following two cases an improvement of the ductility below the

testing temperature of 950°C compared to Ti-free steels:

o Steel with 0.014% Ti and 0.004% N having a Ti:N ratio of 3.5:1 and the lowest
product of Ti and N of 0.56 - 10 for all cooling rates (0.42, 1.67 and 3.33°Cs™).
o Steel with 0.045% Ti and 0.0056% N having the highest Ti:N ratio of 8.04:1 for all

cooling rates.

The steel with 0.034% and 0.011%Ti with the highest Ti- N product of 3.74 - 10 as well
as the steel with 0.02%Ti with the same N content and a Ti- N product of 2+ 10* showed a

slight increase in ductility only between 900°C and 950°C by utilizing a cooling rate of
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0.42°Cs™. Spradbery et al. [64] investigated the influence of undercooling on the hot ductility
of C-Mn—-Al and C-Mn-Al-Nb steels both with and without Ti (N-content~0.005%), Fig. 23.
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Fig. 23: Influence of the Ti-content on the hot ductility of Nb-containing steels with and
without an undercooling step. After [64].

A direct cooling with 1.67°Cs? as well as using an additional undercooling step of 100°C
before straining resulted both in worse ductility behavior compared to steels having no Ti.

Banks et al. [65] observed a significant increase in ductility of Ti-containing 0.04%C—
1.6%Mn—Nb steels at deformation temperatures ranging from 800°C to 1000°C, whereas the
samples were subjected to similar thermal histories as the slabs exposed during continuous
casting. Hence, the specimens were first melted at 1500°C, rapidly cooled with 10°Cs™ to
950°C, then reheated to 1050°C, further slowly cooled with 0.2°Cs® to testing temperature
and finally pulled to fracture at 3 - 10°s™. For comparison, hot tensile tests on samples after
normal cooling were conducted as well. Steels with Ti-additions exposed to a normal cooling
procedure indicated worse RA-values compared to the same alloys having no Ti, whereas, on
the other hand, a thermal pattern similar to continuous casting contributed to an

improvement of the ductility of C—-Mn—Nb-Ti steels below 900°C.

3.4.1.6 Manganese and sulfur

The influence of sulfur on the hot ductility is one among the most investigated topics,
since it has been well known to induce grain boundary weakening particularly at higher

testing temperatures [8], [14], [29], [38], [66]-[69]. This occurs through the segregation of S to
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grain boundaries, through the formation of low-melting phases such as FeS or by combining
with Mn to form MnS- or FeMnS-inclusions preferably at austenite grain boundaries [12],
[22], [29], [70], [71]. It has been found, that generally increasing the S-level both deepens and
widens the ductility trough as illustrated in Fig. 24 from the work of Weinberg [67].
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Fig. 24: Influence of the S-content on the hot ductility of plain 0.04-0.06%C steels [69].
Based on [67].

Cowley et al. [72] reported no detrimental effect of S on the hot ductility of solution
treated C-Mn—Al steels. However, these observations were reversed once the specimens have
been melted in-situ due to a high level of segregation, producing a greater amount of sulfides
at the austenite grain boundaries on cooling. Apart from that, much research focuses on the
influence of Mn together with S and on the importance of the Mn:S ratio on the hot ductility
of continuously cast steels [8], [22], [29], [66]. Basically, high Mn:S ratios and low amounts of
S have been considered to prevent embrittlement [69], [71]. Suzuki et al. [12] have found that
not only the Mn:S ratio, but also the absolute values of Mn and S are of crucial importance.
If the S-content is less than 0.006% and Mn higher than 0.7%, no brittle fracture is expected,
even if the Mn:S is small [12]. Fig. 25 presents their results on low-carbon (C<0.3wt.-%)
steels in a temperature range between 900°C and 1200°C at a cooling rate of 20°Cs? after

melting and utilizing a strain rate of 5s™.
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the temperature range between 900-1200°C at a strain rate of 5s'. Modified after [12].

3.4.2 Influence of the grain size

Refining the grain size is generally found to be beneficial to the hot ductility of steels,

provided that no precipitation is present [73], [74]. Crowther and Mintz [73] noted that a

grain refinement on solution treated plain 0.19%C-1.5%Mn steels led to reductions both in

the width as

well as in the depth of the ductility trough as presented in Fig. 26.
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Fig. 26: Influence of various grain sizes on the hot ductility of plain 0.19%C-1.5%Mn
steels. Based on [73].
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Basically, the brittle fracture in coarse-grained steels can be attributed to the fact that
large individual cracks are able to develop and less number of triple-points and grain edges
exist to act as barriers for crack propagation [75]. By contrast, in the case of microalloyed
steels, others have reported that the grain size had no or slight influence on the hot ductility

once fine precipitation has taken place, overriding the effect of grain refinement [45], [74].

3.4.3 Influence of the thermomechanical history

Asg already stated in subchapter 3.2, hot tensile tests are commonly used to assess the hot
ductility and the likelihood to cracking under varying thermomechanical and microstructural
conditions, respectively. Tensile specimens are heated to desired testing temperatures after
being exposed to respective thermal histories using either inductive [15], [63], [76]-[79],
conductive [14], [80]-[83] or, more rarely, radiative heating [84]. According to Fig. 27, the

heating cycles can be basically divided into 3 categories [6]:

a. Direct heating method: Specimens are directly heated to test temperature and pulled
to fracture after a defined holding time.

b. Solution treatment: Specimens are heated below the materials solidus-temperature
(Ts), cooled to test temperature and subsequently pulled to fracture.

c. In-situ melting: Specimens are heated above Ts and appropriately melted,

subsequently cooled to test temperature and pulled to fracture.

Solidus-Temperature

' '

tensile test tensile test

'

tensile test

T¢mpgrature

Time

Fig. 27: Schematic diagrams of thermomechanical histories for evaluating the hot

ductility of steels.
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In contrast to conventional hot tensile testing techniques (cycles a and b), the in-situ
melting method (cycle ¢) facilitates a reproduction of coarse as-cast microstructures by
taking into account the effects of solidification. This considers the segregation of alloying
elements at grain boundaries and allows the dissolution of certain particles such as Ti-
containing precipitates or MnS within the two-phase solid-liquid region. [65], [85], [86]

The following sections briefly describe the essential experimental variables including strain
rate, cooling rate and thermal treatment, which can significantly affect the hot ductility

behavior of steels during tensile testing.

3.4.3.1 Influence of the strain rate

Basically, the strain rates during continuous slab or bloom casting for thicknesses of at
least 200mm are believed to be 107s? to 10™s! using the equations presented in section 3.1.1.
For thin slab casting, the strain rates may be up to one order of magnitude higher (10%s?).
Increasing the strain rate has been generally found to improve the hot ductility of
microalloyed and low-alloyed steels within the ductility trough, often being characterized by
a gradually change of the fracture mode from transgranular to intergranular failure [14], [22],
[23], [45], [87]-[89]. Fig. 28 shows the increasing RA-values of various solution-treated

microalloyed steels with increasing strain rate at a testing temperature of 800°C [90)].
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Fig. 28: Influence of the strain rate on the hot ductility of microalloyed steels solution
treated at 1300°C for 10min and deformed at 800°C. After [90].
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According to references [22] and [91], several mechanisms have been stated to explain the

ductility improvement at higher strain rates:

o Insufficient time is available for deformation-induced precipitation as well as for the
formation of deformation-induced ferrite.

o Limited grain boundary sliding.

o Insufficient time for the formation and growth of voids next to precipitates or
inclusions along grain boundaries.

o An increase of the strain rate allows recovery in the ferrite band by work hardening.
This decreases the strength-difference of ferrite and austenite and counteracts

localized strain concentration within thin ferrite bands.

Worth mentioning are possible contrary effects of precipitation during deformation.
Yasumoto et al. [29], for instance, reported a decrease in hot ductility in 0.05%C-Mn-Al
steels when the strain rate was increased from 102s* to 10's. They suggested that the slower
strain rate promoted a coarsening of intergranular Fe-rich FeMn-sulfides and thus decreased

the degree of grain boundary pinning [22], [29].

3.4.3.2 Influence of the cooling rate

Depending on the chemical composition, reducing the cooling rate has been generally
found to improve the materials hot ductility as reported in numerous research studies [29],
[35], [46], [81], [92]. It is noted, that a slower cooling rate encourages the coarsening of
precipitates and increases the interparticle spacing [93]. This diminishes the dispersion of fine
and dense precipitation and therefore suppresses the formation and coalescence of microvoids
during deformation. Fig. 29 illustrates the deterioration of the hot ductility of in-situ melted
Ti-containing 0.1%C-1.4%Mn-Al steels (Ti:N ratio=3.4) with increasing cooling rates from
0.42°Cs™ to 3.33°Cs™ [35]. Similar observations have been obtained by Abushosha et al. [46]

on both as-cast C—Mn—Nb-Al and C—Mn—Al steels with the same varying cooling rates.
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Fig. 29: Influence of the cooling rate on the hot ductility of in-situ melted C—Mn—-Al-Ti

steels. Bases on [35].

3.4.3.3 Infl

uence of the thermal treatment

The oversimplified cooling patterns presented in Fig. 27 may not adequately represent the

thermal cycle experienced by the slab surface during continuous casting. Therefore, improved

thermal treatments as close to industrial practice are of great importance to simulate the

effects of undercooling and thermal oscillations on the hot ductility of steels. The causes for

the embrittlement at the second ductility minimum have been strongly related to the

formation of small ferrite bands surrounding the austenite grains, once an average direct on-

cooling from the austenitic regime to around y-o transformation start temperatures has been

applied. One of the promising approaches to successfully overcome this problem has been

developed by Kato et al. [94] by applying a surface structure control cooling method, Fig. 30.
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Fig. 30: a) Mild cooling and b) Surface structure control cooling (SSCC) process [94].
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This concept causes the suppression of film-like intergranular ferrite by rapidly cooling the
specimens well below the A;-temperature followed by a reheating to the austenite region
giving rise to both homogeneous ferrite and precipitates distribution throughout the
microstructure. It can be seen from Fig. 31 that the SSCC causes the hot ductility to fully
recover over the whole testing temperature range compared to the conventional direct on-

cooling (mild cooling, Fig. 30b) method.
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Fig. 31: Influence of SSCC on the hot ductility of in-situ melted 0.07%C-1.5%Mn—
0.02%Nb-0.02%A1-0.01%Ti steels. After [94].

Several other studies have been also published dealing with the influence of various
thermal histories on the hot ductility and are partly contradictory. It has often been reported
that complex temperature oscillations give rise to poor ductility due to an increased amount
of fine precipitation with greater particles volume fractions [22], [80], [92]. Mintz et al. [56]
have reported a broadening and deepening of the ductility trough for solution-treated C-Mn—
Nb—Al steels by utilizing temperature oscillations on cooling due to precipitation of NbCN.
This has become even worse when the amplitudes of the temperature oscillations further
increased. Spradbery and Mintz [64] have shown that introducing an undercooling step of
100°C below the testing temperature for as-cast C-Mn—-Al and C-Mn—Al-Ti (Ti:N less than
the stoichiometric ratio of 3.42:1) steels resulted in worse ductility. On the other hand,
Carpenter et al. [57] observed an improved ductility in Nb- and Ti-bearing microalloyed
steels by simulating the thermomechanical history of the near-surface regions of continuously
cast steels in laboratory hot tensile tests. They concluded in their work that the respective
thermal cycles promoted the coarsening of NbTi(CN)-precipitates compared to the

observations during simple cooling treatment without introducing any thermal oscillations.

32



4 Experiments

This chapter of the work presents the investigated materials and testing equipment which
have been used to examine the hot ductility behavior during selected thermomechanical
histories. Following this, microstructural testing and simulation methods are introduced for

materials characterization.

4.1 Investigated materials

Two low-alloyed steels from the voestalpine Stahl Linz GmbH, one of them additionally
microalloyed with Ti and Nb, were chosen to be investigated in the present work. The
chemical compositions in wt.-% are given in Table 1, whereas the respective indicated
designations “A15” and “44A6” are only internally in use. Both steel grades were delivered in

the as-cast and normalized condition from a continuously cast slab.

Table 1: Chemical composition of the investigated steels (wt.-%).

Steel C Si Mn P S Cr Ni Ti Nb Al N
Al15 | 0.158 0.013 1.10 0.0094 0.006 0.034 0.011 0.001 0.002 0.041 0.0036
44A6 | 0.063 0.025 1.93 0.0088 0.001 0.041 0.038 0.129 0.048 0.054 0.0070

Cylindrical tensile specimens of 160mm in length and 19.5mm in diameter were machined
from the peripheral regions of the cast slab with their longitudinal axes being parallel to the
casting direction, Fig. 32.

Owing to the inductive heat input and the resulting uneven thermal gradient along the
longitudinal direction, it often occurs that the specimen does not break in the central
reference point during hot tensile testing [95]. This happens, for instance, if ferrite and
austenite are concurrently present, with the former being the softer phase at which strain
concentration will take place. For this reason, the samples were then turned to the specific
shape, as shown below, with a curved narrowing in the middle of 15mm in diameter at which
the fracture should occur and of 40mm in length which was also taken as the gauge length

for strain rate calculations.
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Fig. 32: Specimen geometry and dimension in mm.

4.2 Testing equipment

This section gives an overview of the thermomechanical testing machine BETA 250-5
including a brief description of the melting procedure, a presentation of the quenching system

and the experimental setup for hot tensile tests.

4.2.1 Hot tensile testing machine BETA 250-5

The experimental apparatus BETA 250-5 is a vertical thermomechanical tensile testing
machine as shown in Fig. 33. The power transmission is carried out via a ball screw drive
supporting a maximum nominal force of 250kN including a load cell according to DIN 51220
Class I [96]. Furthermore, the machine is equipped with a 12kW inductive heating unit
consisting of an automatic resonance frequency recognition system supplied by the company
iew GmbH and a fixed five-turn copper coil inductor with an inner diameter of 30mm and a
length of 50mm. The vacuum recipient is connected via an electropneumatic angle valve to a
Pfeiffer rotary vane pump Duo 065 D for producing fine-vacuum and a Leybold-Heraeus
turbo molecular pump TURBOVAC 1500 for high-vacuum. There is also the possibility to
directly connect the chamber to an inert gas cylinder such as argon or helium. Apart from
that, the chamber door is equipped with two viewing windows which provide the use of
additional contactless measuring devices such as pyrometers or high-speed cameras. The
required temperature measurement for the heating control can be either performed by a
thermocouple or optionally by a pyrometer. The output signal of the respective temperature
measuring sensor is captured by a controller Eurotherm2704 which sends the feedback signal
to the frequency-generator. An electronic controller EDC100, on the other hand, controls the
ball screw drive and is simultaneously measuring the actual crosshead travel and force value
which can be directly displayed on its front panel or on a PC. Both controllers are connected

via a serial port to a PC where the target values such as temperature and crosshead speed
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can be programmed. For defining specific thermomechanical test sequences, the application
software by Messphysik Materials Testing GmbH (version 2.20.00) has to be used. Important
quantities including temperature, heating power, vacuum pressure, crosshead travel and force
are displayed both at the operating and control cabinet beside the recipient as well as on the

PC. [96]
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Fig. 33: Schematic illustration of BETA 250-5.

A particular feature of the testing machine is its ability to melt the samples in-situ
without using any protective covering such as quartz tubes [59], [97]. By means of a fine-
vacuum pressure usually of 0.2mbar and the inductive heat input, it is feasible to form a
stable oxide layer supporting a liquid pool inside the specimen. Residual oxygen proportions
in the chamber cause a slight surface oxidation and an additional surface convection, hence
showing a temperature profile which increases from the outside towards the inside of the
specimen. Thus, a thin solid layer can be produced, preventing the liquid fraction of about

10mm in length from breaking out. Additionally, the carbon content in the oxidized shell is
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lower than the overall alloy, whereby it can be overheated while the center of the specimen
already starts to melt. A further advantage is that a thermocouple for an accurate surface

temperature measurement can be used throughout the whole process. [98]

4.2.1.1 Melting procedure

The melting parameters for low- and micro-alloyed steels can be determined in two
different ways. On the one hand by the temperature-controlled heating and on the other
hand by the so-called heat-input-controlled heating method, whereas the latter modified

process has proved to be a more successful approach as will be described in the following.

Temperature-controlled melting

In order to determine the alloy-dependent melting parameters, the specimens are first
heated to 1400°C and further to a specific peak temperature T,, with 1°Cs?' at which the
samples are hold for at least 60s. The procedure has to be repeated and T, varied until a
clear liquid pool can be observed by quickly pulling the samples to fracture immediately after

the holding time’.

Heat-input-controlled melting

Recent observations have shown that slight deviations both in vacuum-pressure and peak
temperature may strongly influence the melting procedure for certain steel grades, thus
initiating an uneven surface oxidation and thermal radiation and accordingly an overheating
of the inductive heating system. Consequently, this overshooting of the heat-input often
caused a breakout of the melt and therefore led to an increased test failure rate. However, a
repeatable melting process is maintained if a constant heating power is kept at a relevant
high temperature regime. Hence, extensions on the programming software with an additional
command for entering controlled power-output values between 0-100% were carried out in
order to switch from the automatic to the manual heat-input mode for a certain time period.
The melting parameters can be accordingly determined following the same temperature-
controlled heating phase to 1400°C and further heating with a specific power-output for at

least 120s. Again, the procedure has to be repeated and the power-output varied until a clear

2 1400°C is derived from experience for peritectic and low/micro-alloyed steel grades which may

possibly be reduced for e.g. high-carbon steels, since the incipient melting temperature mostly depends

on the carbon-content and other alloying elements (e.g. boron).
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liquid pool can be observed by pulling the samples upon holding the power-output for the
appropriate time. After the melting process, the system has to be switched back to the

automatic mode to continue with the defined thermal schedule on cooling.

Fig. 34: Specimen pulled immediately after the end of the heat-input controlled melting

showing a dropping melt and the formed oxide layer on the upper specimen part;
Ti-Nb alloyed steel, used power-output: 25% for 120s.

4.2.1.2 Quenching system

The possibility of specimen quenching at any desired time and temperature on the BETA
250-5 was one of the main tasks of the current research project and has been recently
realized through water-spray cooling [99]. For this purpose, the high-flow quenching unit
(HFQU) from Gleeble® systems must be used. In order to ensure full quenching, water is
pressurized up to 300kPa and sprayed via a specially constructed quenching ring nozzle onto
the hot sample surface. The ring is equipped with diagonally directed main nozzles towards
the lower specimen part and additional vertical side nozzles directed to the upper specimen
part. This enables sufficient heat removal from the whole specimen volume, which is
especially necessary for the quenching of partially strained and unstrained specimens. Before
executing water-quenching experiments, however, the chamber has to be flooded with inert
gas followed by a disconnection of the vacuum unit, respectively. The flooding itself takes
about 60s and is usually carried out during cooling after the melting or holding process. Once
atmospheric pressure is being reached, the quenching is initiated manually until all the water
is drained out of the HFQU (filling capacity: 2.51). Depending on the peak temperature, the
possible mean cooling rates down to 100°C on the standard BET A-specimens were measured

to be about 100-200°Cs™.
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4.2.1.3 Experimental setup

One end of the specimen has to be screwed into the upper crosshead while the lower end
has to be clamped on a special restraining system as already illustrated in Fig. 33. This unit
is equipped with a steel spring and three gripper arms, compensating thermal expansions
downwards and holding the sample when pulling it upwards. A type S (Pt/Pt-Rh)
thermocouple has to be spot-welded to the sample-center to control and measure the surface
temperature during the whole thermomechanical treatment. The crosshead speed v for a

given strain rate € has to be determined beforehand by the following formula:
€-L=yv, (1. 5)
where L denotes the gauge length of the tensile specimen with 40mm.
Hot ductility evaluation

The hot ductility behavior of the steel specimens is evaluated by constructing hot ductility
curves by the reduction of area after fracture in percent (RA) as a function of deformation

temperature, which is basically defined as

Ag

RA — (1 - —)- 100 [%], (1. 6)
Ay

where Ay is the initial cross section of the specimen and Ar the cross section after fracture.

Since the formation of solidification shrinkages due to the melting process cannot be avoided,

it is necessary to subtract the respective areas both from the load-bearing initial cross section

as well as from the cross section after fracture, Fig. 35.

Fig. 35: Graphical evaluation of a) cross section after fracture and b) shrinkage cavity.
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Thus, both areas in (1. 6) can be expressed as follows:
A¢ = cross section after fracture — solidification cavities (1.7)
A, = initial cross section — solidification cavities (1. 8)

The cross section after fracture and the solidification cavities are determined graphically
applying the image-processing software ImageJ [100]. For each thermomechanical treatment
and test temperature, at least one valid RA-value is taken for the ductility evaluations.
Moreover, the software-package is also used to measure the mean grain diameter of quenched

specimens.

4.3 Thermomechanical histories for hot ductility investigations

This subchapter contains detailed information regarding the performed hot ductility
investigations. First, direct on-cooling tests on both steel alloys are presented, followed by
additional hot ductility tests for the Ti-Nb alloyed steel including solution treatment, slow

cooling and surface structure control cooling experiments.

4.3.1 Direct on-cooling tests - Low- and Ti-Nb microalloyed steel

Hot ductility investigations were carried out on both low-alloyed and Ti-Nb microalloyed
steels which were subjected to in-situ melting and solidification and directly cooled to
deformation temperature as illustrated in Fig. 36. First, the specimens were heated to 1300°C
at 10°Cs™! and further to 1400°C at 5°Cs™ followed by a melting process for at least 60s. The
peak temperature for the low-alloyed steel was found to be at 1440°C by applying the
temperature-controlled melting method, whereas the heat-input controlled melting was
conducted for the Ti-Nb steel as described in chapter 4.2.1.1. Here, the minimum resulting
peak temperature was found to be at 1460°C. After melting, the specimens were cooled to
1250°C at 5°Cs? and subsequently cooled at 1°Cs™ to testing temperatures between 650°C
and 1000°C. After a short holding time of 10s, the specimens were then pulled to fracture

using a strain rate of 107s™.
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Fig. 36: Schematic illustration of direct on-cooling cycle for low- and Ti-Nb alloyed steel.
4.3.1.1 Selected quenching experiments

Selected quenching experiments using the HFQU-system have been further performed on

both steel alloys for subsequent microstructural examinations.
Low-alloyed steel

Water-quenching experiments on the low-alloyed steel at selected testing temperatures
were performed in order to freeze the microstructure for further metallographic
investigations. This include the quenching at 700°C, 750°C and 800°C both after a holding

period of 20s without straining and immediately after pulling the specimens until fracture,

Fig. 37a.
Ti-Nb microalloyed steel

Supplementary water-quenching experiments on the Ti-Nb-alloyed steel at testing
temperatures 800°C, 850°C and at 950°C were performed as well. Here, the specimens were
quenched directly after the start of necking which was simply observed by the reduction of

the measured force on the controllers’ front panel, Fig. 37b.
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Fig. 37: Selected quenching experiments during the direct on-cooling process for a) low-
and b) Ti-Nb alloyed steel.

4.3.2 Solution treatment tests - Ti-Nb microalloyed steel

In addition to the direct on-cooling experiments, solution treatment without in-situ
melting on the Ti-Nb alloyed steel was also examined for comparison. Specimens were heated
at 10°Cs™! to 1320°C, held at this temperature for 600s and were further cooled down to the
testing temperatures at 1°Cs™?, Fig. 38.
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Fig. 38: Schematic illustration of solution-treatment cycle for Ti-Nb microalloyed steel.

41



Experiments

4.3.3 Slow cooling tests - Ti-Nb microalloyed steel

The effect of a slow cooling process within a defined temperature range was examined by

decelerating the cooling to 0.1°Cs™! below 1100°C to the respective testing temperatures as

shown in Fig. 39.
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Fig. 39: Schematic illustration of the slow-cooling cycle for Ti-Nb microalloyed steel.
Similar to the quenching experiments during the direct on-cooling process (Fig. 37),

complementary investigations were also performed by quenching the specimens directly after

the onset of necking at testing temperatures of 850°C and 950°C, Fig. 40.
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Fig. 40: Selected quenching experiments during slow cooling cycle for Ti-Nb alloyed steel.
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4.3.4 Surface structure control cooling (SSCC) tests - Ti-Nb microalloyed steel

Additional hot ductility tests on the Ti-Nb-steel were carried out by utilizing the concept
of the so-called “surface structure control cooling” (SSCC), Fig. 41. After the melting
process, the specimens were first cooled to a temperature of 1320°C at 5°Cs™ and further
rapidly cooled at the maximum possible cooling rate by argon gas through the quenching
nozzle to 550°C at which they were held for 120s. Then, the specimens were reheated to
950°C at a rate of 3.3°Cs?! followed by a cooling or heating at 0.4°Cs?! to the testing
temperatures. Here, the samples were held for 120s after being subsequently strained to

failure and finally water quenched.
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Fig. 41: Schematic illustration of the SSCC cycle for Ti-Nb microalloyed steel.

4.4 Materials characterization

The following part provides a brief description of the utilized materials characterization
methods, such as light optical microscopy, scanning electron microscopy and transmission

electron microscopy.

4.4.1 Light optical microscopy (LOM)

Optical microscopy using a ZEISS observer.Z1m equipped with an AxioCam MRc)H camera

was applied to conduct microstructural investigations on the lower specimen parts near their
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fracture surfaces as well as in relevant central regions of the partially strained and unstrained
specimens. For this purpose, longitudinally sectioned specimens were hot mounted and
further polished with a 500-, 800-, 1200-, 2000- and 4000-grit grinding SiC abrasive paper
followed by a diamond polishing up to 1pm. In addition, a 3% Nital solution for about 10s
was used to reveal the respective microstructure. The LOM-images were taken in such a way
that the horizontal direction always corresponded to the loading direction or longitudinal

specimen axis.

4.4.2 Scanning electron microscopy (SEM)

Metallographic fracture analyses were carried out on the upper parts of the pulled
specimens using a Leo (ZEISS) 1450VP. SEM-images were taken perpendicular to the

fracture surface using a constant acceleration voltage of 20kV.

4.4.3 Transmission electron microscopy (TEM)

TEM observations were performed applying a JEOL 200CX microscope operating at
200kV and a Philips CM300 operating at 300kV using carbon extraction replicas from the
center of the partially strained and water-quenched specimens. Carbon replicas were made by
evaporating carbon onto the polished and subsequently etched metallographic samples.
Particle identification was conducted by electron diffraction and energy-dispersive X-ray

(EDX) analysis. [101]

4.5 Simulations

The transformation behaviors of the investigated steels were examined by means of both
the thermo-kinetic software MatCalc (version 5.52, rel. 1.010) with the thermodynamic
(mc fe v2.019.tdb), physical (PhysData.pdb) and diffusion database (mc fe v2.005.ddb)
[102]-[105] as well as the software-package JMatPro (version 8.0) [106], [107].

Equilibrium transformation temperatures of phases and primary precipitation during
solidification considering the backdiffusion of fast diffusing elements such as C and N making
use of the Scheil-Gulliver module [108] of MatCalc have been predicted by plotting the phase
fractions and chemical compositions as a function of temperature. In addition, continuous
cooling transformation (CCT) and time-temperature-transformation (TTT)-diagrams have

been created using the JMatPro-program, since these diagrams cannot be experimentally
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determined on cooling from the melt at the present state. Supplementary kinetic calculations
by means of MatCalc have been performed for the Ti-Nb alloyed steel to simulate the
precipitation evolution of secondary phase particles during the direct on-cooling and slow
cooling treatments. In order to account for a precise influence of the primary precipitate
phases on the second phase particles, the mean diameters of the primary precipitates were
experimentally determined, since MatCalc considers the kinetic and diffusion processes only
in the solid state. The data taken from the Scheil-calculations were further integrated in the
kinetic models and were kept constant during the ensuing kinetic calculations. The
precipitation domains for all simulations were set as austenite. Depending on the
experimentally observed particles, the nucleation sites for the secondary particles have been
appropriately selected. Further, the simulations have been properly adjusted according to the
concept of the critical temperature Ty [109], respectively. These setup parameters were used
for all simulations in the present work while all other (default) parameters remained
unchanged.

For better visualization, the results of the calculations have been reflected in the
discussion chapter in order to serve a better correlation between hot ductility and

precipitation states.
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5 Results

The obtained results from the direct on-cooling experiments, in which both steel alloys
were successively cooled to testing temperature after preceding melting, will be presented
first. Then, the results of the additional hot tensile tests on the Ti-Nb microalloyed steel will
be shown. In order to ensure a good overview of the results of the hot ductility
investigations, the hot ductility curves have been classified into three appropriate regions,

which are defined as follows:

e Low-temperature end (region 1): Testing temperatures 650-700°C
e Intermediate region (region 2): Testing temperatures 750-800°C

e High-temperature end (region 3): Testing temperatures 850-1000°C

For each region, selected typical and representative metallographic micrographs are
illustrated. Following this, the results of the individual transformation behaviors of the

investigated materials are presented.

5.1 Results of hot ductility and microstructural investigations

In the following section, hot ductility curves of reduction of area as a function of testing

temperature and associated metallographic microstructures of steels are presented.

5.1.1 Direct on-cooling - Low- and Ti-Nb microalloyed steel

Hot ductility curves for both in-situ melted and solidified steels according to the testing
schedule reported in chapter 4.3.1 are presented in Fig. 42. At the same time, the three
particular regions have been depicted in the figure as mentioned in the beginning of this
work. It can be seen, that the Ti-Nb-steel shows a relative low ductility over the whole tested
temperature range, having a ductility minimum at 800°C with a RA value of about 30%. In
the low-temperature end (region 1), the ductility curve remains almost flat with a maximum

ductility being hardly greater than 40% at 650°C, whereas the ductility slightly increases to
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values of approximately 60% RA in the high-temperature end at 1000°C. On the other hand,
the low-alloyed steel exhibits a better ductility behavior compared to the Ti-Nb steel with a
ductility minimum at 750°C of about 20% RA. From the ductility trough, the ductility curve
of the low-alloyed steel shows steeper slopes both towards lower and higher testing
temperatures. Here, the specimens have shown around 50% RA between 650°C and 700°C

and very high RA values well above 70% between 900°C—-1000°C within region 3.
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Fig. 42: Hot ductility curves of the investigated steels after being subjected to direct on-

cooling process.
5.1.1.1 Microstructural investigations - Low-alloyed steel

Representative micrographs for each region and characteristic metallographic results
obtained from the quenching experiments for the low-alloyed steel will be demonstrated in

the following.

Region 1: Testing temperatures 650-700°C

Fig. 43a shows the fracture surface of the specimen tested at 650°C (RA=49%) obtained
by SEM. As can be seen, the specimen exhibits parts of hot cracks with freely solidified
dendritic surfaces or grain boundary surfaces over a large part of the fracture surface and a
big shrinkage cavity formed in the edge-region. At a testing temperature of 700°C
(RA=51%), a mixed separation consisting of intergranular and dimple fracture is evident,

Fig. 43b.
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Fig. 43: Fracture surface (SEM) of specimen tested at a) 650°C (RA=49%) and b) 700°C
(RA=51%).

Microstructural LOM-investigations on the unstrained and quenched specimens tested at
the same temperature show bands of ferrite which surround the prior austenite grains,
Fig. 44a. On the other hand, the specimen, which was immediately quenched after fracture,

evinces increased ferrite-proportions as shown in Fig. 44b.

Fig. 44: LOM-images of quenched specimen tested at 700°C. a) after holding for 20s

without deformation; b) after fracture (total exposure time ~ 280s).
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Region 2: Testing temperatures 750-800°C

At testing temperatures between 750°C and 800°C, the SEM-images reveal a pronounced
dimpled intergranular fracture as exemplary illustrated in Fig. 45 for a sample deformed at

750°C showing the lowest RA value of 20%.

EHT=1000kv  Mag= 7X @19inchMonitor il F 00K Mag= 60X @19inchMonitar
SignaiA=SE1 W= 33mm _File Name= kimet3_3_13g0001.81 = Bt WD 27mm FileHame= kimet3 31300034

Fig. 45: SEM-fractographs of specimen tested at 750°C (RA=20%).

Specimens quenched at 750°C prior (Fig. 46a) and after deformation (Fig. 46b) show thin
intergranular ferrite bands, which was rather not the case at 800°C, Fig. 46¢ and Fig. 46d.

The measured mean grain size by ImageJ was found to be 1140pm at 750°C.

Fig. 46: LOM-images of quenched specimens. After 20s holding: a) at 750°C and c) at
800°C. After deformation: b) at 750°C (exp. time: 180s); d) at 800°C (exp. time: 290s).
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Region 3: Testing temperatures 850-1000°C

With increased testing temperatures above 800°C, the fracture mode changes considerably
from brittle to ductile showing transgranular fracture behavior with increased RA values up
to 80%. Fig. 47 shows a representative micrograph of a specimen obtained within this regime
with dendritic fracture areas in the specimen-center and plastic deformation towards

peripheral regions.
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Fig. 47: Fracture surface (SEM) of specimen tested at 950°C (RA=79%). a) specimen-

center; b) edge-region.
5.1.1.2 Microstructural investigations - Ti-Nb microalloyed steel
Region 1: Testing temperatures 650-700°C

The fracture surface of the tested Ti-Nb-alloyed steel specimens within the low-
temperature end are characterized by fine and dimpled intergranular structures as illustrated

in Fig. 48a at 650°C and Fig. 48b at 700°C.

EHT=2000 KV Mag= 50X @130
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Fig. 48: SEM-fractographs of specimen tested at a) 650°C (RA=39%) and b) 700°C
(RA=38%).
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Region 2: Testing temperatures 750-800°C

Distinct brittle fracture was observed at deformation temperatures between 750°C and
800°C as shown in Fig. 49a on the SEM-image for a specimen tested at 750°C. Additionally,
Fig. 49b presents the microstructure taken from the center of a specimen which was tested at
800°C and directly quenched after the start of necking showing. This image reveals clear

indications of intergranular fracture propagating along thin ferrite bands at austenite grains.

EHT=Z000kv  Mag= 60X @18 inch Manitor
SignalA=SE1 __ WD= 18mm__File Name = kimet3_3_1450008 61

Fig. 49: a) Fracture surface of specimen tested at 750°C (RA=31%). b) LOM-image taken

from the specimen center at the onset of necking at 800°C (total exposure time=120s).

Region 3: Testing temperatures 850-1000°C

Within region 3, typical intergranular fracture by grain boundary cracking with flat facets
(Fig. 50a) and marked separation by wedge-type cracking still persists at testing
temperatures up to 950°C as shown in Fig. 50b of sample quenched after 240s. Specimens
being pulled at a temperature of 1000°C, however, are characterized by a slight recovery in
ductility showing a mixed mode of ductile-brittle fracture, Fig. 51. However, the graphically

measured mean grain size in this steel was found to be 385pm at 900°C.

EHT=2000kv  Mag= 60K @ 19inchMonilor
Signal A=SE1 WD = 22mm__File Name = kimet3_3_14g0008 tf

Fig. 50: SEM-fractograph of specimen tested at 850°C (RA=33%). b) LOM-image taken

from the specimen center at the onset of necking at 950°C (total exposure time=240s).
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Fig. 51: Fracture surface of specimen tested at 1000°C (RA=58%).

5.1.2 Solution treatment - Ti-Nb microalloyed steel

The ductility curve of the solution treated samples is plotted in Fig. 52 with a quite
similar shape compared to the results obtained throughout the direct on-cooling process. The
minimum ductility temperature was found to be at 800°C with 30% RA followed by a hardly
recovering course of the ductility in region 3, despite the fact that the samples have not been
melted prior to cooling. On the other hand, the ductility continuously increases towards the

lower testing region reaching the highest RA of more than 50% at 650°C.
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Fig. 52: Hot ductility curve of solution treated Ti-Nb steel samples.
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5.1.2.1 Microstructural investigations

Region 1: Testing temperatures 650-700°C

Fig. 53a and b show light optical micrographs of a specimen tested at 650°C revealing a
ductile fracture with partly isolated grain boundary cracks just behind the fracture surface.
This ductile fracture behavior is better reflected by the additional SEM-micrographs shown

in Fig. 53¢ for the same testing temperature and Fig. 53d for a testing temperature of 700°C.

Mag= 50X @19 inchMonitor
Signal A= SE1 WD = 30mm _File Name = kimetd_3_159800024f

Fig. 53: a) and b) LOM-images of specimen tested at 650°C (RA=52%). SEM-
fractographs of specimen tested at ¢) 650°C (RA=52%) and d) 700°C (RA=50%).

Region 2: Testing temperatures 750-800°C

Within the region of lowest ductility, the appearing fracture is characterized by marked
intergranular cracking oriented at an angle of +£45° to the loading direction and crack
propagation within thin ferrite bands along the austenite grain boundaries as shown in

Fig. 54a at 800°C and Fig. 54b at 750°C.
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Fig. 54: a) Fracture surface of specimen tested at 800°C (RA=29%). b) LOM-image of a
specimen quenched after fracture at 750°C (RA=40%).

Region 3: Testing temperatures 850-1000°C

Within the high-temperature end of the testing regime, the investigated material still
reveals a poor ductility behavior with pronounced wedge-type cracking. The brittle
decohesion is displayed in Fig. bba—c¢ for testing temperatures at 850-900°C, whereas an
incipient mode of brittle-ductile fracture becomes only evident at 1000°C, Fig. 55d. The mean

austenite grain size is determined as 195pm at 900°C.
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Fig. 55: a) SEM-fractograph and b) LOM-image of specimen tested at 850°C (RA=31%).
¢) Longitudinal section of polished specimen tested at 900°C (RA=41%). d) Fracture
surface (SEM) of sample tested at 1000°C (RA=47%).
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5.1.3 Slow cooling - Ti-Nb microalloyed steel

The influence of the slow cooling process on the hot ductility of the Ti-Nb steel specimens
is shown in Fig. 56. Again, the ductility reaches a minimum at 800°C within region 2 with a
reduction of area of almost 40%. Towards higher testing temperatures, the ductility steadily

increases up to around 60%, while achieving a RA of 45% at 700°C in region 1.
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Fig. 56: Hot ductility curve of specimens after being subjected to the slow cooling process.

5.1.3.1 Microstructural investigations

Region 1: Testing temperatures 650-700°C

The fracture appearance of a specimen tested at 700°C within the low-temperature end is
mainly characterized by a mixed ductile-brittle fracture as can be seen in Fig. 57. A close-up

of the fracture surface is further showing partial laid-open melting cracks.
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Fig. 57: Fracture surface of specimen tested at 700°C (RA=44%).

Region 2: Testing temperatures 750-800°C

The enhanced embrittlement in the intermediate hot ductility testing range is
characterized by intergranular fracture with loose grain bonds as exemplary illustrated in

Fig. 58 for a testing temperature of 800°C, which evinced the lowest measured RA at 800°C.
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Fig. 58: Fracture surface of specimen tested at 800°C (RA=37%)

Region 3: Testing temperatures 850-1000°C

Fig. 59a and Fig. 59b demonstrate LOM-images of specimens which were strained at
850°C and at 950°C until the onset of necking and which were directly water-quenched to
room temperature. The microstructures reveal pronounced crack propagation along austenite
grain boundaries (Fig. 59a) and incipient austenite grain boundary loosening (Fig. 59b),
respectively. The higher the testing temperature, the more ductile the material has become,
characterized by few ductile dimples on the fracture surface, Fig. 59¢ at 900°C and Fig. 59d
at 1000°C.
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Fig. 59: LOM-images of partially strained specimen at a) 850°C (total exposure
time=150s) and b) 950°C (total exposure time=160s). Fracture surface (SEM) of
specimen tested at ¢) 900°C (RA=53%) and d) 1000°C (RA=62%).

5.1.4 Surface structure control cooling - Ti-Nb microalloyed steel

The ductility curve of specimens exposed to the SSCC process is plotted in Fig. 60. It is
more obvious that the present results do not display the typical shape of a ductility curve
with a pronounced ductility minimum as already observed during previous experiments.
Rather, a distinct ductility loss above 750°C can be noticed. In the lower temperature region
between 650-700°C, the specimens possess very good ductility behavior around 70%. At
750°C, however, the ductility severely drops to 20% and remains very poor with increasing

testing temperatures persisting up to the end of region 3.
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Fig. 60: Hot ductility curve of samples after being subjected to the SSCC process.

5.1.4.1 Microstructural investigations

Region 1: Testing temperatures 650-700°C

Fig. 61 shows different microstructural observations from specimens tested in the low
temperature end, in which the highest RA-values were obtained (RA=66-72%). As illustrated
in Fig. 61, the fracture surface of specimen tested at T700°C reveal ductile fracture
proportions, while Fig. 61b shows a ductile fracture appearance with a microstructure which

consists of almost entirely single ferrite-phase.
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Fig. 61: Fracture surface of specimen tested at a) 700°C (RA=66%). b) LOM-image of
specimen tested at 650°C (RA=72%).
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Region 2: Testing temperatures 750-800°C

In Fig. 62a—d, the light optical micrographs and appropriate SEM-images of specimens
tested between 750-800°C are presented showing marked intergranular fracture. The light
optical micrographs in Fig. 62b and Fig. 62d reflect a fine-grained microstructure with partly

isolated cracks behind the brittle fracture surface.
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Fig. 62: SEM-fractographs (a and ¢) and LOM-images (b and d) of specimen tested at
750°C (RA=22%) and at 800°C (RA=28%), respectively.

Region 3: Testing temperatures 850-1000°C

With increasing testing temperature, the SSCC-process caused the ductility to deteriorate
within the high-temperature end as well, resulting in materials decohesion characterized by
distinct grain separation with low RA-values. Fig. 63 presents representative fracture surfaces
of specimens which failed in a brittle manner at deformation temperatures between 900°C
and 1000°C. The brittle fracture appearance does not significantly differ from the

microstructures observed within the intermediate testing region.
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Fig. 63: a) Fracture surface of specimen tested at 900°C (RA=26%). b) LOM-image of
specimen tested at 1000°C (RA=32%). c¢) Fracture surface and d) LOM-image of
specimen tested at 950°C (RA=24%).

5.2 Results of transformation behaviors

This section gives an overview of the simulation results regarding the transformation

behaviors which have been determined by means of MatCalc and JMatPro.

5.2.1 Low-alloyed steel

The results of the equilibrium calculations and Scheil-simulations by MatCalc will be
presented first. Then, the results of the JMatPro-calculations including CCT and TTT-

diagrams will be demonstrated for the low-alloyed steel.

5.2.1.1 Equilibrium calculations

In a first step, thermodynamic equilibrium calculations using MatCalc have been
performed to predict the type and amount of equilibrium and precipitates phases which are

expected to appear over a certain temperature range. Fig. 64 shows an equilibrium diagram
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between 600°C and 1600°C for all elements up to a phase fraction of 0.001%, whereas

phosphorus has been excluded from the calculations for simplification purposes. It can be

seen, that all arising precipitate phases (cementite, AIN, MnS and MX) only exist in the solid

state. The major constituents of the secondary MX phase were Ti, Nb, C and N which stay

stable up to a maximum temperature of 1068°C. The equilibrium transformation

temperatures Ay and Ay were determined to be 820°C and 693°C, respectively. The results

of the observed transformation temperatures and the solution temperatures of the different

equilibrium phases have been summarized in Table 2.
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Fig. 64: Equilibrium phase diagram for the low-alloyed steel.

Table 2: Equilibrium phase transformation and precipitate dissolution temperatures for

low-alloyed steel.
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5.2.1.2 Scheil-Gulliver-calculations

Scheil-Gulliver simulations have been performed to predict the fraction and composition of
primary precipitation during solidification. Fig. 65 shows the residual liquid fraction down to
3% at a final temperature of 1364°C if the classical Scheil-model has been applied. By
congidering the back-diffusion of the interstitial elements C and N, the solidification
temperature increases from 1364°C up to 1460°C, giving a more realistic impression of the
solidification behavior of the respective steel alloy. For the sake of completeness, the
solidification temperature by the full thermodynamic equilibrium (1486°C at 3% liquid

fraction) has been added to the diagram as well.
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Fig. 65: Solidus-temperatures for equilibrium and solidification intervals according to
Scheil with and without back-diffusion of C and N.

Fig. 66 shows the calculated primary solid phases with backdiffusion of C and N up to a
liquid phase fraction of 1% (1449°C). In contrast to the equilibrium calculations, it can be
seen that the MnS-phase should be present as a primary phase in the solidified material. This
phase starts to precipitate within the liquid at 1452°C and reaches 0.01% phase fraction at
1% liquid fraction. The composition of the arising MnS-phase with around 50%Mn and 50%S,

however, is illustrated in Fig. 67.
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Fig. 66: Primary phases during solidification according to Scheil for the low-alloyed steel.
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Fig. 67: Composition of the primary precipitate phase MnS according to Scheil for the

low-alloyed steel.
5.2.1.3 JMatPro-simulations

The calculated continuous cooling transformation (CCT)-diagram for different cooling
rates is plotted in Fig. 68. The given grain size of 1140pm is equivalent to the measured
mean grain size during the direct on-cooling treatment as shown in section 5.1.1. As can be
seen, the ferrite-start-temperature on cooling for a cooling rate of 1°Cs! for instance, is
located at approximately 730°C. The A-temperature, on the other hand, was found to be at
825°C, coinciding well with the value obtained by MatCalc (820°C). Additionally, Fig. 69

illustrates a time-temperature-transformation (TTT)-diagram, showing which phases are to
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be expected once the steel has been quickly cooled from a defined austenitizing state to a

certain temperature at which it is isothermally kept for specific time periods.

1300
e ——— . Austenitization: 1250°C
1200 — Grain size: 1140 pm
1100 <
1000 i 100°Cs™ 10°Cs™ 1°Cs" 0.1°Cs"
%_)‘ 900 -
@
= 800 —
=
= -
T 700 S
o) 4
=1
T 600
=~ 4
500
J M, = 433°C
00— i
s 4 U O W, | SR ——,| S —,| R | S ————
0,1 1 10 100 1000 10000 100000

Time [s

—8— Forrite (0.1%) —&— Perlite (0.1%) —€— Bainite (0.1%) —%— Perlite (99.9%) —€— Bainite (99.9%)

Fig. 68: CCT-diagram for the low-alloyed steel /JTMatPro.
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Fig. 69: TTT-diagram for the low-alloyed steel /TMatPro.
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5.2.2 Ti-Nb microalloyed steel

This section contains the MatCalc-simulation results of the evaluated thermodynamic
phases for both equilibrium and Scheil-Gulliver non-equilibrium solidification states for the
Ti-Nb alloyed steel. Following this, the simulation results of phase transition temperatures

obtained by the JMatPro software are finally presented.

5.2.2.1 Equilibrium calculations

The results of the thermodynamic equilibrium analysis for the Ti-Nb-microalloyed steel by
plotting an equilibrium phase diagram between 600°C and 1600°C up to a phase fraction of
0.001% are displayed in Fig. 70. It can be seen, that the relative high amount of Ti together
with the higher amount of Nb compared to the low-alloyed steel cause the formation of a
Ti-Nb-rich primary MX-precipitate-phase up to a phase fraction of 0.33% with a solution
temperature of 1519°C, almost coinciding with the materials liquidus temperature. In this
case, the equilibrium transformation temperatures As and A, were determined to be 829°C

and 641°C, respectively.
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Fig. 70: Equilibrium phase diagram for the Ti-Nb microalloyed steel.

Table 3 summarizes the evaluated equilibrium phases and corresponding solution
temperatures. The results of the low-alloyed steel have also been added to the table for

comparison.
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Table 3: Equilibrium phase transformation and precipitate dissolution temperatures for Ti-Nb

microalloyed and low-alloyed steel.

Ti-Nb microalloyed steel | Low-alloyed steel

doa+ vy (Ad) 641°C 693°C

& o+ vey(Ay) 829°C 820°C
% Yeov+d 1452°C 1469°C
'% v+ 5oL 4yt (Ts) | 1483°C 1491°C
= |L+y+3-L+53 1484°C 1492°C
L+ 8oL (T 1520°C 1519°C

© Cementite_ sol 654°C 704°C
.59; £ | MnS_sol 1327°C 1453°C
£ 2| AIN_sol 660°C 1141°C
] MX sal 1519°C 1068°C

5.2.2.2 Scheil-Gulliver-calculations

The results of the Scheil-Gulliver analysis up to 3% liquid phase fraction are presented in
Fig. 71, again by making use of both the standard Scheil-Gulliver-simulation and the analysis
with back-diffusion of the fast diffusing elements C and N.

Equilibrium Scheil Scheil with backdiffusion of C and N

100 F

10 |

Liquid phase fraction [%]

3 . .
1440 1450 1460 1470 1480 1490 1500 1510 1520 1530

Temperature [°C]

Fig. 71: Solidus-temperatures for equilibrium and solidification intervals according to
Scheil with and without back-diffusion of C and N.

As can be seen, the backdiffusion leads to a slight increase of the solidification
temperature of about 10°C to 1462°C. Furthermore, the liquid and solid phase fractions as a
function of temperature at 1% liquid by taking into account the backdiffusion of C and N are

displayed in Fig. 72. The composition of the primary precipitate phase versus temperature is
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shown in Fig. 73. It can be seen, that primarily Ti, C and N are present within the liquid

range during solidification.
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Fig. 72: Primary phases during solidification according to Scheil for the Ti-Nb

microalloyed steel.
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Fig. 73: Composition of the primary precipitate phase MX according to Scheil for the Ti-

Nb microalloyed steel.
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5.2.2.3 JMatPro-simulations

The CCT-diagram using the software JMatPro for the Ti-Nb microalloyed steel is shown
in Fig. 74. Here, the austenite-to-ferrite transformation temperature for a continuous cooling
of 1°Cs™ is slightly lower at 720°C compared to the low-alloyed steel, taking into account the
experimentally obtained finer mean grain size as shown in section 5.1.1. The equilibrium
temperature A was found to be at 837°C. Furthermore, the calculated TTT-diagram

(Fig. 75) indicates that e.g. no ferrite is expected to be present below around e.g. 600°C.

1300

——— Austenitization: 1250°C

1200 —

1100 <

1000 —

900 ~
800 —

700 -

600 —

500 —

Grain size: 385 pm

100°Cs™ 10°Cs™ 1°Cs” 0.1°Cs

Temperature [°C]

400 -

1V PG RSN VSRS NN NEN—— N —

0,1 | 10 100 1000 10000 100000
Time [s]

—8— Ferrite (0.1%) —&— Perlite (0.1%) —€— Bainite (0.1%) —%— Perlite (99.9%) —€— Bainite (99.9%)

Fig. 74: CCT-diagram for the Ti-Nb microalloyed steel /TMatPro.
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Fig. 75: TTT-diagram for the Ti-Nb microalloyed steel /TMatPro.
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6 Discussion

This chapter analyzes the hot ductility behavior of the investigated steels between 650°C
and 1000°C (regions 1-3) and discusses the diverse observed embrittlement phenomena
during the thermomechanical treatments. The influence of the direct on-cooling process on
the hot ductility of the low— and Ti-Nb alloyed steel is discussed in detail first. Then, the hot

ductility behavior during solution treatment, slow cooling and SSCC process are discussed.

6.1 Direct on-cooling - Low- and Ti-Nb microalloyed steel

The analysis of the hot ductility behaviors of the low- and microalloyed steels are divided
into three testing temperature regions 1-3, beginning from region 3 at testing temperatures
from 850°C to 1000°C. Subsequently, the hot ductility within region 2 and region 1 are

compared and discussed.

6.1.1 Region 3: Testing temperatures 850-1000°C

Starting from the high-temperature end as highlighted in Fig. 42, an addition of titanium
and niobium clearly leads to a substantial loss in ductility over the whole region by applying
the respective thermomechanical schedule after melting and solidification. At first glance, the
microstructural observations on quenched specimens show noticeable differences between the
austenite grain sizes of the two tested steels (1140pm for the low-alloyed and 385pm for the
Ti-Nb steel). Despite the fact that the low-alloyed steel exhibits a coarser microstructure
than the Ti-Nb steel, the larger grain size does not impair the ductility as would have been
expected. Basically, a finer microstructure results in increased grain boundary surfaces and
increased amount of triple-points, impeding crack propagation [73], [74]. Therefore, the worse
hot ductility of Ti-Nb alloyed steel in the single austenite region is most likely related to the
precipitation states such as precipitates size and volume fraction [52]. For this reason,
additional quenching experiments at 850°C and 950°C were carried out to conduct

microstructural analyses by TEM and EDX using carbon extraction replicas.
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Fig. 76 shows a characteristic microstructure with homogeneously distributed small
precipitates of a specimen which was strained at 950°C using a strain rate of £=0.001s" until
the onset of necking and subsequently water-quenched. These particles were primarily found
inside the grains and infrequently on grain boundaries and were almost entirely identified as
Ti-Nb-rich carbides of cuboidal shape with chemical compositions of around 50-65at.-% Ti

and 20-30at.-% Nb.
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Fig. 76: a) TEM-image of specimen strained until necking and water-quenched at 950°C.
b) Typical EDX spectrum obtained from a particle.

Additionally, statistical analyses of the precipitates distribution have been performed by

determining the particles mean diameter (D) as well as the particles number density (Nvy)*:

total length of particles

[m], (1.9)

number of particles

Ny = number of particles 5) (1. 10)
area X thickness of replica sample '

According to the analyses, around 72% of the analyzed particles were in the size interval
between 20 to 40nm, with a mean particle diameter of 31nm.

Thermo-kinetic calculations by means of MatCalc have been performed to simulate the
precipitation evolution of the TiNb-precipitates during the direct on-cooling process. It was
assumed that the secondary particles nucleate on dislocations in austenite with a selected
equilibrium dislocation density of 1-10"m™?. In order to account for the influence of the
primary precipitates on the secondary ones, the mean diameter of the primary MX was
experimentally determined to be 1800pm. The phase fractions and chemical compositions, on

the other hand, were taken from the Scheil-calculations at 3% liquid fraction (Fig. 72). Even

3 Should be treated with caution, since a certain level of inaccuracy may still exist.
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though any secondary MnS-particles have not been found at the metallographic specimens,

the nucleation and growth of these particles have been considered in the calculations as well,

since they have been found to occur in the equilibrium diagram shown in Fig. 70.

The simulation results for 950°C are presented in the following, Fig. 77. As the phase

fraction of the MnS is below 10 percent, the results of these particles are thus not shown in

the figure.

1.500 Thermomechanical schedule

1.400

1.300

210s

— e ]
straining (10°%s")

1.200

1.100

1.000

Temperature [°C]

900

'
]
]
'
'
'
'
]
'
'
L
T
'
i
|
'
'
1

800 L

0 100 200 300 400 500
Time s]

Mean particles diameter

L.000E  Mx(prim)

100 ¢

oL MX (sec)

Mean diameter [nm]

A Exp.

200 300 400 500

Time |s]

0 100

Number density of particles

MX (sec)

10"

Number density [m™]

1 10 §
& A Exp.

10

0 100 200 300 400 500

Time [s]

Dislocation density [m?]

Phase fraction [%)]
5

Phase fraction of particles

0,01 ¢

'
'
1
1
L
1
'
'
'
1
1
'
'
'
'
i
'
1
'
'
'
1
'
1
'
'
'
'
1
1
'
!

1E-4}

1E-5 ¢

1B-6 ; i . . .

0 100 200 300 400 500
Time [s]
60 Composition of MX sec

. 50F ;
N :
8 40F ;

g -
= 30 '
b= |

8- 20 i

g TF i

Q I
© ‘:

300 400 500
Time |[s]

0 L L
0 100 200

Dislocation density in austenite

1x10"

8x10"

6x10"

4x10"

2x10" +

0 100 200 300 400 500
Time [s]

Fig. 77: MatCalc kinetic precipitation calculations during “direct on-cooling” process at

950°C with partially straining for 210s.

As can be seen, secondary Ti-carbonitrides start to nucleate at approximately 1140°C and

quickly grow up to around 10nm. On further continuous cooling, the mean radius slightly

decreases as the number density of the particles continuously increases. The second slight rise

in number density and decrease in mean diameter appears due to strain-induced precipitation
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by the increased number of dislocations (4.1-10"m?) and available nucleation sites upon
deformation (dashed line). A third nucleation at around 400s takes place, thus increasing the
particles number density and phase fraction and, in turn, slightly decreasing the particles
mean diameter, respectively. This effect eventually occurs due to the change of the chemical
composition of the particles, where the C-content increases and the Ti-content markedly
decreases. At the same time, the nitrogen of the compound falls to zero and is replaced by
niobium thus giving rise to the formation of TiNb-carbides. Then, the particles number
density remains constant with a simultaneous continuous particles growth up to 2lnm. The
resulting chemical composition of the secondary precipitate is 49%C, 35%Ti and 16%Nb
(at.-%) with a final phase fraction of 0.14%. Since the number density steadily increases, no
coarsening of the particles are therefore observed.

Of particular interest is the precipitation state of the sample, which has been strained at
850°C. Here, considerably more and finer particles of 6nm in mean diameter of roughly

spherical shape have been detected, Fig. 78.

Fig. 78: TEM-image of specimen strained until necking and water-quenched at 850°C.

By simulating the thermomechanical history by means of MatCalc (Fig. 79), this
condition becomes comprehensibly apparent, since the deformation at lower temperatures
increases the dislocation density in austenite to a greater extend from 110" to 9.9 - 10*’m™
and therefore the nucleation process during straining. The stepped increase of the number
density and the deviations in the mean diameter result from similar effects as previously
described for the deformation at 950°C. However, the resulting phase fraction of the
secondary precipitates is found to be 0.05%C with a chemical composition of 49%C, 32%Ti
and 19%Nb (at.-%). Table 4 summarizes the experimental and simulation results for the
mean particle diameter as well as the number density which are in quite good agreement

with each other, thus supporting the assumption of a dislocation-assisted particles nucleation.
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Fig. 79: MatCalc kinetic precipitation calculations during “direct on-cooling” process at

850°C with partially straining for 110s.

Table 4: Comparison of calculated and measured mean particle diameters and number densities.

Testing temperature Testing method D [nm] Ny [m?3]
TEM 31+4 8- 10"

950°C MatCalc 21 3-10%

TEM 6+3 5-10%

850°C MatCalc 9 1-10%

Moreover, Fig. 80 shows this distinct change in distribution of the experimentally

analyzed particles within the two tested microstructures at 950°C and 850°C.
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Fig. 80: Histograms of the analyzed particles for specimens tested at a) 950°C; b) 850°C.

On the basis of the above observations, the poor ductility can be mainly attributed to fine
dislocation-precipitation, which increases the strength of the austenite grains and therefore
the stress within grain boundary regions decreasing the plastic deformability and encouraging
austenite grain decohesion by the interlinkage of cavities [22], [62], [97], [110], [111]. This
accelerated linking of cavities, primarily around triple-point regions of grain boundaries,
induce the typical wedge-type cracking as illustrated in Fig. 50b.

There are only few studies available in literature which report the formation and influence
of complex TiNb-precipitates on the hot ductility of Ti-Nb steels after melting and
solidification [41], [57], [65], [81], [92], [94], [112]. Luo et al. [81], for instance, have reported a
marked deterioration of the ductility by adding 0.015-0.038%Ti to a 0.1%C-1.5%Mn-
0.03%Nb-0.005%N steel after melting the specimens in-situ by applying both a direct cooling
with 4°Cs™ or an undercooling step by 100°C prior to straining. They reported very fine
strain-induced TiNb(C,N) with a size of 10nm at 900°C, which led to finer and more frequent
precipitation and markedly extended the ductility trough to very poor RA-values within the
entire testing regime. Similar observations were found in the work by Banks et al. [65] that
an addition of Nb gave rise to poor ductility and which became even worse when Ti was
additionally added. This resulted in a finer mean precipitate size and an increased number
density. Carpenter et al. [57] reported a continuous decrease of the mean diameter of Ti-Nb-
particles in steels with 0.16%C-1.23%Mn-0.019%Nb-0.015%Ti-0.005%N with decreasing
testing temperature from 1000°C (43nm) to 850°C (5nm), this also being comparable with
the present results summarized in Table 4.

However, many researchers have pointed out that an addition of Ti to Nb-containing

steels has a detrimental influence on the hot ductility [57], [64], [65], [81], while, on the
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contrary, a slight improvement or no deterioration of the hot ductility have also been

reported, depending on the Ti:N ratio, Ti- N product and applied cooling rate [59], [62].

6.1.2 Region 2: Testing temperatures 750-800°C

The distinct drop in ductility within region 2, especially in the case for the low-alloyed
steel, can be clearly related to the presence of thin ferrite bands surrounding the austenite
grain boundaries during the austenite to ferrite transformation as revealed in Fig. 46. This
allows strain concentration in the thin intergranular ferritic phase, as schematically
demonstrated in Fig. 81, and accounts for the lowest ductility down to a minimum of 20%
RA at 750°C, since ferrite is softer than austenite at the respective temperatures. [10], [22],

[31], [74], [88]

a) on cooling b) o
@ Y
/ \ >

71\

Fig. 81: Embrittlement mechanism within the two-phase austenite-ferrite region.
a) Start of austenite to ferrite transformation along austenite grain boundaries on cooling;

b) Intergranular fracture due to strain concentration along these thin ferrite bands.

However, it rather seems that the increased depth of the ductility trough of the low-
alloyed steel is controlled by the coarser grain size as reported e.g. in [73] for a plain C-Mn
steel. From a macroscopic point of view, it can be assumed, that the grain separation at the
same ferrite film thickness and applied load may be even accelerated when the grain size
becomes larger, thus decreasing the ferrite volume fraction. This may avoid a uniform stress
distribution or an increased localized stress concentration within the ferrite bands. There are
also indications that insufficient deformation induced ferrite between the calculated A,s-
(730°C, Fig. 68) and Ac-temperature (820°C, Fig. 64) have been formed during straining to
increase the ferrite fraction between 750-800°C, Fig. 46. It should be noted that the
calculated As-temperature seems to be at least 20°C lower, since a very thin ferrite film of

<5pm thickness was visible after a holding time of 20s at 750°C, Fig. 46a.

()



Discussion

In the case of the Ti-Nb microalloyed steel, it can be suggested that, beside the
intergranular ferrite, additional fine dynamic precipitation has the major influence on the hot
ductility behavior within the trough and, in turn, concentrating the strain at grain boundary
regions [74]. This combined influence of the precipitation may therefore cause the broad
shape of the ductility curve as shown in Fig. 42. The slightly higher position of the ductility
minimum at 30% RA compared to the low-alloyed steel, on the other hand, may be related

to the finer grain size, respectively [21], [91].

6.1.3 Region 1: Testing temperatures 650-700°C

By lowering the testing temperatures, the ductility of the low-alloyed steel rapidly
improves to 50% RA between 650-700°C. This can be attributed to the increased amount of
ferrite preventing intergranular strain concentration [73]. Mintz suggests that at least 50%
transformation induced ferrite prior deformation is required to improve the ductility to
values of >40% RA for a similar plain C-Mn steel with 0.15%C and 1.4%Mn [113]. However,
this is not the case for the present investigated steel, since the measured ferrite fraction at
700°C after 20s was found to be 3% with a film-thickness of 20pm, Fig. 44a. This discrepancy
may be explained by the fast ferrite formation below A3 during testing for a total exposure
time of 290s until fracture, eventually showing a ferrite fraction of almost 50%, Fig. 44b. This
issue may also be confirmed using the calculated isothermal transformation diagram for the
respective steel, Fig. 69. Furthermore, according to the work of Wray [114], the strength
difference between y and o with decreasing testing temperature due to the work hardening
effect may have become smaller as well, which reduces local strain concentration and
increases the materials ductility.

No or very less recovery of the hot ductility could be observed for the Ti-Nb containing
steel in this region, even though the measured grain size was significantly finer with a
calculated A,s;—temperature being very close to those of the low-alloyed steel. The reason for
this is probably due to the sluggish increase in ferrite fraction on cooling because of the lower

v-finish temperature, Fig. 70, or to the combined deteriorating effect of precipitates.

6.1.4 Summary

This section summarizes the results of the hot ductility investigations for both steel alloys
during the direct on-cooling after preceding melting and solidification. As proposed by Mintz

et al. [11] (see section 3.2), the RA-value should be in excess of 40% to avoid surface cracking

76



Discussion

during the respective thermomechanical history. On this basis, Fig. 82 and Fig. 83 outline the
critical temperature ranges for embrittlement plus a representative image at which tensile
straining should be avoided. For the sake of completeness, the equilibrium transformation

temperatures A, and A have been added to the figures as well.

Thermomechanical history
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Fig. 82: Summarized illustration of the hot ductility results for low-alloyed steel during

direct on-cooling treatment.

It can be seen, that the region of embrittlement for the low-alloyed steel is roughly
between 700°C and 850°C, whereas the Ti-Nb microalloyed steel evinces a distinct broader
critical region of 650°C and 900°C.
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Fig. 83: Summarized illustration of the hot ductility results for Ti-Nb microalloyed steel

during direct on-cooling treatment.

6.2 Solution treatment - Ti-Nb microalloyed steel

The results of the solution treatment experiments are discussed in the following section,
starting with region 1 (testing temperatures 650-700°C), whereas regions 2 and 3 have been

merged into one (testing temperatures 750-1000°C).

6.2.1 Region 1: Testing temperatures 650-700°C

Ag illustrated in Fig. 52, the hot ductility within the low-temperature end is slightly
improved by 13% RA once a simple solution treatment process has been applied. This
behavior can be primarily related to the finer mean grain size being about twice as small
(195nm) as observed during the direct on-cooling process (385pm) probably due to the
remaining and undissolved Ti-rich particles inhibiting grain growth on heating, since these
precipitates may be stable up to the materials liquidus temperature, Fig. 72. Consequently,
this results in an increase in grain boundary areas favoring an accelerated nucleation and

growth of ferrite up to 68% at 650°C, Fig. 53.
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6.2.2 Regions 2-3: Testing temperatures 750-1000°C

According to the diagram shown in Fig. 52, reheated tensile specimens with a refined
austenite grain structure did not give rise to an improved ductility behavior across a broad
temperature range from 800°C to 1000°C as would have been expected. Above 950°C, the hot
ductility becomes even worse than the one from direct on-cooling, supposing that the
ductility is predominantly controlled by the deteriorating effect of fine second phase particles.

Luo and Zhao [115] observed similar poor ductility, when they investigated the influence
of high amounts of titanium (0.04-0.085wt.-%) on the hot ductility of reheated 0.2%C—Mn—
Cr—Al steel samples with 0.008%N (Ti:N ratios=5.5, 8.85 and 10). In these steels, precipitates
mainly consisted of Ti,CsS: and Ti(CN). Fine Ti(CN)-particles were only found in the steel
with a Ti/N ratio of 5.5, which were extensively finely distributed throughout the matrix
(<50nm) during deformation. This steel evinced the worst ductility behavior with a broad
ductility trough (RA<40% from 700°C to 1000°C). With increased Ti/N ratios up to 10, the
ductility was slightly improved or has changed a little, when coarse TisCsSo-precipitates were
preferentially formed which could remove more sulfur atoms from the matrix and boundaries
[16], [115].

In the present case, it can be assumed that the much greater Ti-content of the steel (Ti:N
ratio=18.43) primarily contributes to a considerable increase of both the number density and
amount of solute Ti being able to precipitate out of the supersaturated solid solution, forming
fine and detrimental MX-particles upon the thermomechanical treatment. This may be better
explained by plotting the ultimate tensile strengths (R.) into the graph as illustrated in
Fig. 84. Especially at 950-1000°C, the deteriorating effect of precipitates seems to outweigh
the positive influence of the fine grain structure on the hot ductility assuming that much
more precipitates may have been formed during the respective heat treatment giving less RA-
values. This again increases the stress within grain boundary areas relative to that within the
grain interior and encourages the formation of wedge cracks as presented in Fig. 55b and
Fig. 55¢c. The effect of grain refinement on the hot ductility seems to become more relevant
as the temperature decreases below 800°C. However, further microstructural examinations

would be necessary to fully confirm these assumptions.
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Fig. 84: Hot ductility curves and ultimate tensile stresses for Ti-Nb containing steel after

solution treatment and direct on-cooling within regions 1 and 3.

6.2.3 Summary

Fig. 85 highlights the observed results of the hot tensile experiments during the solution
treatment process which in turn reveals poor ductility up to 900°C. Refining the grain size,

however, enables the ductility to quickly recover towards lower testing temperatures.
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Fig. 85: Summarized illustration of the hot ductility results for Ti-Nb microalloyed steel

during solution treatment.
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6.3 Slow cooling - Ti-Nb microalloyed steel

The results obtained within regions 1 to 3 have been entirely merged into one section as

will be discussed in the following.

6.3.1 Regions 1-3: Testing temperatures 700-1000°C

The slow cooling process appears to not substantially affect the ductility behavior within
the whole testing temperature regime as illustrated in Fig. 56. The deviation of the measured
RA at 700°C, for instance, was found to be only 6%. This also applies for the testing
temperature region above 800°C, even though it has often been argued that a Ti:N above the
stoichiometric ratio of 3.42:1 and/or by utilizing a slow cooling rate should encourage coarse
precipitation resulting in an improved ductility [35], [57], [59], [62], [65], [81], [92]. However,
Fig. 86 presents the results of the TEM examinations taken from carbon extraction replicas

of specimens tested at 950°C and 850°C, respectively.
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Fig. 86: a) TEM-images and histograms of analyzed particles on specimen tested at
a) 950°C and b) 850°C.
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In contrast to literature, no significant differences in the precipitates size could therefore

be observed which would indicate any significant coarsening of the precipitates compared to

steels being subjected to the direct on-cooling process. As can be seen at 850°C (Fig. 86b),

the microstructure appears to contain rather a larger number density of homogeneously

distributed Ti-Nb-rich precipitates with a mean diameter of 6nm. The mean particles

diameter at a test temperature of 950°C, on the other hand, was found to be 26nm.

Associated kinetic calculations by MatCalc using the same setup parameters as presented

in section 6.1.1 manifest this poor ductility behavior if fine TiNb-rich precipitates at

dislocations along with a high volume fraction are present, Fig. 87.

Thermomechanical schedule

1.500 -
1.400 5
— 5°Cs™ i
1300 i
o v 19Cs" 1508
5 12001\, — i
2 straining (107s ):
g 1100p L 0.1°Cs"
g§ 1.000] ;
H [
900 i
800 A . " - L . ) M
0 200 400 600 800 1000 1200 1400 1600 1800
Time s]
Mean particles diameter
1.000 b MX(orim) :
el :
S '
8 i
£ 100 | ]
A Exp. i
% k MX (sec) :
B L4
g 10t
] 1
= :
1 , . \ . ) . \ La
0 200 400 600 800 1000 1200 1400 1600 1800
Time [s]
10 Number density of particles
107t
& 107t
& 10mf
R
S 107 MX(pri
g 10"F
E L
12
10
10 L & Exp.
10\ L ! 1 L 1 L ! I L1
0 200 400 600 800 1000 1200 1400 1600 1800

Time [s]

Dislocation density [m?]

Phase fraction [%)]

0,01

1E-6
0

60

Composition [at-%)]

1x10"
8x10"

6x10"

4x10"

2x10"

1E-3

1E-4 ¢

Phase fraction of particles

E

'
'
'
'

1
v
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
'
1
'
'
L

200

400 600 800 1000 1200 1400 1600 1800

Time |s]

Composition of MX__sec

200

400 600 800 1000

Time [s]

1200 1400 1600 1800

Dislocation density in austenite

T

0

200

400

600 800 1000
Time [s]

1200 1400 1600 1800

Fig. 87: MatCalc kinetic precipitation calculations during “slow cooling” process at 950°C

with partially straining for 150s.
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As observed during the direct on-cooling process, a slight increase of the number density
by one order of magnitude appears upon straining. As a consequence, the mean particles
diameter becomes reduced and further decreases to around 2nm with the sudden change of
the chemical composition from TiCN to TiNbC shortly after deformation. Afterwards the
particles continue to grow to 18nm and reach a final particles number density of 3 - 10*’m™.
The resulting phase fraction of the precipitates is found to be 0.08% with a chemical

composition of 49%C, 32%Ti and 19%Nb, respectively.
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Fig. 88: MatCalc kinetic precipitation calculations during “slow cooling” process at 850°C

with partially straining for 140s.

According to the calculations, similar evolution of the TiNb-precipitates can be observed
on further cooling to 850°C, except that the dislocation density in austenite increases by a

greater amount when a deformation is introduced as stated previously. Thus, the number
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density rises up to 1-10*'m™ and the mean diameter decreases to 10nm until the simulation
stops after 140s. The resulting phase fraction of the precipitates appears to be 0.07%, Fig. 88.
Again, the simulated mean particle diameters as well as the number densities obtained for

the slow cooling process are very consistent with the experimental TEM-results, Table 5.

Table 5: Comparison of calculated and measured mean particle diameters and number densities.

Testing temperature Testing method D [nm] Ny [m?]
TEM 26412 4-10%

950°C MatCalc 18 3-10%

TEM 6+3 1-10%

850°C MatCalc 10 1-10%

The observations in the present work are in relative good agreement with the results
reported by Carpenter et al. [57], who investigated the influence of different thermal patterns
on the hot ductility of 0.16%C-1.23%Mn-0.019%Nb-0.0.15%Ti  steels (Ti:N
stoichiometric=1.42) after melting the specimens in-situ. The mean diameter of the assessed
Ti-Nb-particles were 12nm and 1lnm at 950°C for cooling rates 3.33°Cs?! and 1.67°Cs?,
respectively, while 4nm and bnm were measured at 850°C. A coarsening of the precipitates
could only be achieved when additional thermal oscillations were introduced on cooling. This
improvement has also been confirmed by Banks et al. [92] who investigated the influence of
various thermal histories on the hot ductility of in-situ melted Ti-Nb steels. Nevertheless,
despite the extensive precipitation observed in the present steel, the reason for the overall

slight improvement of about 10% RA has yet to be clarified.

6.3.2 Summary

Fig. 89 gives an overview of the results during the slow cooling treatment with a little less
pronounced embrittlement region (~750-850°C) compared to the direct on-cooling and

solution treatment cycles.
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Fig. 89: Summarized illustration of the hot ductility results for Ti-Nb microalloyed steel

during slow cooling treatment.

6.4 Surface structure control cooling - Ti-Nb microalloyed steel

The results of the surface structure control cooling experiments are discussed in the
following, beginning with region 1 (testing temperatures 650-700°C), whereas regions 2 and 3

have been merged into one for better legibility.

6.4.1 Region 1: Testing temperatures 650-700°C

The concept of the SSCC has been adopted to control the microstructure by means of a
second recrystallization from cooling and reheating, since it has been reported to significantly
improve the ductility by refining the microstructure and suppressing the formation of
intergranular ferrite compared to steels which have heen directly cooled to test temperature
[94], [116]-[119]. Basically, this gives a higher ductility especially within the low-temperature
end, but only if specimens are sufficiently cooled below the As-temperature [117], [119]. This
behavior also applies for the present investigated Ti-Nb-steel, since the reverse o—y phase
transformation on subsequent heating (Fig. 41) produces much finer grains with

homogeneously distributed ferrite throughout the microstructure allowing the ductility to
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fully recover at lower deformation temperatures. As shown in Fig. 43b, almost 100% ferrite is
present after fracture at 650°C with a reduction of area above 70% confirming the positive

effect of the SSCC for this region.

6.4.2 Regions 2-3: Testing temperatures 750-1000°C

However, at testing temperatures above 700°C, the materials hot ductility becomes
seriously impaired with a ductility trough extending from 750°C up to 1000°C. The revealed
results within the austenite region are partly inconsistent with the results reported in most
literature [94], [116], [118], [120]. Kato et al. [94], for instance, who used almost equal process
parameters as in the current work, concluded that the SSCC led to both uniform ferrite and
precipitate distribution on their investigated 0.07%C-1.5%Mn-0.02%Nb-0.01%Ti-steel which
caused a distinct recovery of the ductility over the whole testing temperature range. Unlike
during the mild cooling process (similar to the direct on-cooling process), in which they
observed fine grain boundary precipitation, homogeneously distributed TiNb-carbonitrides
(<20nm) have been found in their investigated steel. On the contrary, Walmag et al. [119]
could not observe any improvements in the austenitic regime for 0.09%C-0.71%Mn—
0.013%Nb-steel by the double phase transformation. The ductility was still poor and the
trough was even widened although the grain was refined. It was assumed, that the respective
cooling and heating paths enhanced the final amount of precipitates than during the
conventional on-cooling treatment. Obviously, this statement coincides with the present
intensified embrittlement in the Ti-Nb alloyed steel which can be, in turn, related to the
presence of considerably denser TiNb-precipitates compared to the direct on-cooling process.
Similar observations have been recently made by Liickl et al. [117], who obtained very fine
and dense TiNb(CN)-precipitates on the identical steel alloy by using the same thermal
history of SSCC but without preceding melting. The process caused the ductility to
deteriorate up to 1050°C due to finer and denser precipitation compared to the mild cooling
process and was confirmed by supplementary kinetic MatCalc-calculations. The simulations
have shown that intense nucleation of fine TiNb-carbonitrides has been promoted during the
holding time in the ferritic range which led to a reduced ductility.

The results of the maximum austenite stresses during SSCC as a function of temperature
are given in Fig. 90. The significant stress increase compared to the resulting stress from the
direct on-cooling treatment may be again predominantly attributed to the increased pinning
of dislocations due to precipitates thus allowing fast formation of cavities preferably at grain

corners and making it easier for cracks to interlink.
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Fig. 90: Hot ductility curves and ultimate tensile stresses for Ti-Nb containing steel after

SSCC and direct on-cooling within regions 1 and 3.

6.4.3 Summary

Fig. 91 illustrates the ductility curve for the SSCC treatment including the distinct

embrittlement being initiated above 700°C up to the highest testing temperature of 1000°C.
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7 Summary and conclusions

The hot ductility of low- and Ti-Nb microalloyed steel exposed to different
thermomechanical histories was investigated in order to evaluate the tendency for transverse
surface cracking during the continuous casting process. In the course of preliminary
conventional hot tensile tests with preceding melting and solidification using the casting
simulator BETA 250-5, it was observed that the Ti-Nb microalloyed steel evinced very poor
ductility behavior with a ductility trough extending over the entire testing temperature
range. The reduced ductility within the austenite region occurred due to fine and dense
TiNb-precipitates which were homogeneously dispersed throughout the whole microstructure.
By contrast, the low-alloyed steel exhibited a deeper but narrower ductility trough with
improved ductility towards both lower and higher testing temperatures. The microstructural
observations on these samples, which have been tested within the ductility trough, have
shown that the embrittlement was characterized by intergranular cracking through thin
ferrite films along austenite grain boundaries.

Supplementary hot ductility investigations on the Ti-Nb alloyed steel without remelting
the specimens prior to cooling, showed no improvement in ductility behavior at the high-
temperature-end, even though the grains were significantly refined. This indicated that, in
turn, fine TiNb-precipitation appeared to primarily control the hot ductility within the
austenite region and making the material sensitive to intergranular fracture by grain
boundary segregation.

One of the important findings of the present work was the fact that a slow cooling
process below 1100°C at 0.1°Cs? did not lead to any coarsening of the existing TiNb-
precipitates which would have probably resulted in improved ductility. The results from
microstructural TEM-examinations have shown that the excess amount of Ti together with
the presence of Nb favored an accelerated nucleation of TiNb-precipitates on decelerated
cooling. Further computer simulations by means of MatCalc with dislocation-assisted
approaches could fully support the enhanced nucleation during straining and the dislocation-
pinning effect of Ti-Nb precipitates impeding ductile deformation. The kinetic calculations

showed also good agreement with the experimental TEM results.
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It became even obvious, that certain thermal histories such as the surface structure
control cooling pattern could promote much more and intense TiNb-precipitation, severely
deteriorating the hot ductility within the two-phase austenite-ferrite as well as within the
single-austenite region regardless of a much finer persisting microstructure. However, the
SSCC-process caused the hot ductility to fully recover at lower testing temperatures due to
sufficiently formed ferrite, capable of outweighing the negative influence of fine TiNb-
precipitation. The following Table 6 gives an overview of the critical temperature ranges at
which the materials are expected to be prone to

cracking during the respective

thermomechanical treatments and summarizes the results of the hot ductility experiments.

Table 6: Summary of hot ductility investigations for low- and Ti-Nb alloyed steel.
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Summary and conclusions

Conclusions

o The possibility of water quenching on the hot tensile machine BETA 250-5
has been successfully implemented within the scope of the present work.
This enables an appropriate “freezing” of the microstructure for useful
subsequent metallographic examinations, which was not feasible before.

o The second ductility minimum in both investigated steels appears within
the two-phase ferrite-austenite region. This allows strain concentration
within thin intergranular bands of ferrite once an external stress is applied.

o High quantities of Ti in a Nb-containing low-carbon steel does not improve
the materials hot ductility to preclude any transverse surface cracking
during continuous casting, as the test material is subjected to thermo-
mechanical histories similar to direct on-cooling, slow cooling or SSCC-
process. Therefore, it cannot be necessarily ruled out that the same steel
alloy without additions of Ti and Nb may possess a better hot ductility.

o It has been shown that a ten times slower cooling rate below 1100°C in this
alloy composition does not lead to an improvement of the hot ductility
compared to the conventional direct on-cooling process, since it still allows
permanent nucleation of fine and dense Ti-Nb precipitation without any
considerable coarsening of the particles.

o Refining the grain size of the Ti-Nb microalloyed steel does not result in
improved ductility within the austenite region, but it accelerates the
formation of o-ferrite allowing the ductility to fully recover at lower testing
temperatures.

o MatCalc provides a good estimation and valuable information about the
precipitation phenomena in steels during thermomechanical treatments.

o Hot ductility depends on both size and volume fraction of second phase
TiNb-particles. Increasing the volume fraction or decreasing the mean
particles diameter results in deterioration of the hot ductility.

o The preceding melting process and the resulting solidification cavities
during tensile testing may quantitatively decrease the RA-values due to the
internal notch effect, but it is expected to have minor influence on the

general course of the ductility curve in the present study.




8 Outlook and commercial implications

Laboratory hot ductility experiments, in which the test materials are often exposed to
continuous cooling to deformation temperatures, only roughly reflect real industrial casting
conditions, even if in-situ melting has been applied. This oversimplification does not consider
e.g. any complex thermal oscillations which arise on the strand surface within the secondary
cooling zone prior to straightening or unbending. An improved physical simulation of the
thermomechanical history may therefore influence the precipitation behavior of Ti-containing
particles which control the hot ductility. As reported by Carpenter et al. [57] and Banks et
al. [65], alternating cooling cycle promotes the formation of coarse TiNb-precipitation
resulting in improved ductility compared to Ti-free steels and better validates the beneficial
effect of Ti on reducing the cracking propensity during commercial continuous casting [22],
[52]. Apart from that, the positive influence of Ti on the hot ductility may be further
achieved when the Ti:N ratio becomes significantly decreased in order to limit the phase
fraction of Ti-rich precipitates upon cooling and deformation. However, further hot tensile
tests with modified temperature-profiles and accompanying extensive numerical simulations
by means of MatCalc as well as microstructural investigations must be performed to gain a
better understanding of the precipitation behavior in the Ti-Nb-alloyed steel. Nevertheless,
the more experience and data can be gained and collected, the better the estimations and
forecasts will become for industrial applications in order to save e.g. expensive casting trials.
It is also worth noting that due to the restricted castability at voestalpine Stahl GmbH, both
investigated steels in the present study are not directly comparable in the chemical
compositions. Therefore, appropriate examinations of the same microalloyed steel but
without additions of Ti and Nb would provide better reliable information regarding the
influence of only Ti, Nb or of both microalloying elements on the hot ductility behavior.

According to the current assessments, it is recommended to straighten the steel alloys well
below the A-temperatures, if the continuous caster is appropriately designed to sufficiently
withstand the higher forces during operation. The low-alloyed steel, on the other hand, may
be suited to be straightened within its austenite regime as well, but only if any risk of

unexpected outbreak of the melt can be totally and securely excluded from the process.
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