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Abstract

Al-Mg alloys modified with Sc and Zr possess superior mechanical properties than con-
ventional Al-Mg alloys while maintaining the beneficial materials characteristics such
as weldability and corrosion behavior. This unique combination of materials proper-
ties makes this type of alloys a promising candidate for applications in aircraft fuselage
components. However, so far there exist no Al-Mg-Sc-Zr alloys that reach the required
strength level of the currently used Al-Cu-Mg alloys. In this study, a newly developed

material produced using an alternative rapid solidification process is investigated.

This thesis deals with the fundamental characterization of a novel Al-Mg4-Sc0.4-Z1r0.12
alloy produced on industrial belt-casting equipment. The precipitation of the strengthen-
ing Al3(Sc,Zr) phase is studied in different materials conditions with respect to the degree
of Sc-supersaturation, temperature and time. In a temperature range between 250°C and
400°C, the hardness evolution is correlated to in-situ synchrotron X-ray diffraction mea-
surements and the precipitate evolution is studied using high-resolution scanning trans-
mission electron microscopy. The recrystallization kinetics of cold deformed material is
analyzed by means of in-situ confocal laser scanning microscopy, electron backscatter
diffraction, and energy filtered transmission electron microscopy. The results are corre-

lated to the hardness evolution during ageing between 325°C and 500°C for 60 min.

The age hardening effect from Alz(Sc,Zr) precipitates occurs slightly faster and is consid-
erably more pronounced at larger solute Sc-content. The Als(Sc,Zr) precipitate size at a
given ageing temperature is not affected by the degree of Sc-supersaturation, while their
volume fraction and number density increase with the Sc-content in solution. Peak ageing
is achieved at temperatures from 325°C within 180 min. Precipitation and recrystalliza-
tion occur simultaneously during ageing of cold deformed material. Full recrystallization
is not observed and the grain boundary migrations cease once the Zener pinning effect
from growing Als(Sc,Zr) precipitates is strong enough. The annealing duration to reach
this critical time is reduced with increasing ageing temperature and is observable in-
situ using confocal laser scanning microscopy. The softening kinetics follows a power-law

relation and reaches a steady state when significant Zener pinning is exerted.
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1 Introduction

The civil aircraft market showed a considerable growth over the last decades and is
expected to grow further substantially in the near future. The market performance of the
civil aircraft industry is put into numbers in Fig. 1.1 by means of the worldwide annual
revenue-passenger kilometers (RPK), i.e. the total number of air kilometers travelled by
paying customers. According to this forecast [1], the RPK will double in the next 20
years leading to an increasing need for civil aircrafts. In the same market study, a total
need for 32600 aircrafts is expected until 2034, amongst which around 23 000 single-aisle
types. This considerable demand for new aircrafts, in consequence, leads to a significant

need for structural materials (Fig. 1.2).

When considering the fraction of materials used in Airbus aircrafts over the last 50
years, Al-alloys were the dominant material until the latest twin-aisle aircraft A350
launched in 2014, as shown in Fig. 1.3. For this long-range aircraft a large volume of
composite materials, for example carbon-fiber reinforced plastics (CFRP), was used for
structural components at the expense of Al-alloys. Despite the higher materials price,
apparently, composite materials are profitable over the entire life cycle of long-range

airplanes as a result of lower weight and energy consumption. A study on the life cycle
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Fig. 1.3: Material mix used in Airbus planes over ~50 years from A300 (1972) to A350 (2014)
showing the reduced use of Al and the concurrently increased use of composite mate-
rials. Data kindly provided by Airbus Group Innovations.

energy consumption of several types of transport vehicles [2], however, showed that the
cost savings due to weight reduction are less pronounced for short-range aircrafts. A
comparable replacement of Al components by composite materials as for the Airbus
A350 is therefore not expected for the prognosticated 23000 next generation single-
aisle aircrafts, specifically the successor of Airbus A320 [3]. For fuselage components, in
particular, it is assumed that the weight reduction achieved by using expensive composite
materials instead of Al-alloys is not profitable.

The fuselage of an aircraft is a stiffened shell containing an external skin, as well as
longitudinal and transverse structural elements. The longitudinal reinforcing parts are
usually called stringers, the transverse parts are referred to as the frame. A typical
structural design of an aircraft fuselage is given in Fig. 1.4. Most of the primary loads
due to fuselage bending, shear, torsion, and cabin pressure are carried by the stringers
and the skin, while the frame supports to maintain the shape of the aircraft cross section
and prevent buckling. The major portion of the fuselage bending moment is carried by

the stringers wich are therefore loaded by axial forces resulting from the bending moment
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Fig. 1.4: Structural design of an aircraft fuselage. The main components are the outer skin, the
frames, and stringers. The typical shape of an Al stringer is illustrated in the right
image. Based on [5,6].

[4]. Therefore, main requirements for stringer materials are high strength and stiffness.
The shape of a typical Al stringer is given in the right image of Fig. 1.4. The production
of a metallic part of such shape requires several production steps including casting,
rolling, heat treatments, welding, and forming. In addition, the in-service behavior of
the part is crucial for the life cycle costs of the entire component. The in-service behavior
in that context particularly refers to the corrosion behavior. Besides the requirement of
sufficient strength, therefore, an Al-alloy used for stringers needs to be processable in

several ways and corrosion resistant.

Currently Al-Cu-Mg alloys, for example 2024, are the dominant stringer material in Al-
based airframe structures due to their high strength. On the other hand, these alloys are
susceptible to corrosion and are relatively heavy compared to other alloys such as Al-Mg.
In addition, Al-Cu-Mg alloys are non-weldable using fusion welding processes such as
laser welding, a process considered to replace riveted structures [7]. Consequently, the
currently used alloys should be replaced by novel materials that achieve similar strength
levels while outperforming the Al-Cu-Mg alloys along the production and life cycle. A

material that could be capable to meet these requirements is Al-Mg-Sc [3].

Al-Mg alloys modified with small amounts of Sc (or Sc and Zr) are potential candidates
to replace Al-Cu-Mg alloys for airframe stringers of future single-aisle aircrafts [3,7].
It is expected [8] that alloys of this type could have the positive processing properties
of Al-Mg alloys but achieve higher strength levels due to the formation of hardening
Sc- and Zr-containing phases. These phases of the type Als(Sc,Zr) precipitate out of a

supersaturated solid solution at elevated temperatures and determine to a large extent
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the mechanical properties as well as the processability of the alloy. The most impor-
tant effects of Al3(Sc,Zr) are the hardening effect due to fine precipitates and their
effect on preventing recrystallization in a deformed microstructure. The precipitation of
Al3(Sc,Zr) initially requires a solid solution supersaturated in Sc and Zr. As a solution
heat treatment on industrial scale is practically not feasible with an Al-Mg-Sc-Zr alloy, a
high degree of supersaturation and, in consequence, a pronounced precipitate hardening

effect is only achievable using rapid solidification processes.

According to Rgyset and Ryum [9], Sc-containing Al-alloys were first mentioned in the
1960’s in the former Soviet Union. Since then, the promising materials properties have
basically been known, however, the breakthrough as a structural material for the civil
aircraft industry has not yet occurred. The main reason for this is quite simple: The
positive properties could not compensate for the high price of Sc [10]. In addition, an
efficient use of Sc was not possible using conventional methods for Al-alloy production.
As the Sc-price was reduced to an acceptable yet still rather high level over the last
years [11], more efficient methods for alloy production were considered and evaluated.
Amongst these methods rapid solidification processes appear to be very promising. In
order to optimize a rapidly solidified Al-Mg-Sc-Zr alloy and to control the mechanical
properties of a final product, it is essential to understand the evolution of the microstruc-
ture and, in particular, the evolution of the strengthening Sc- and Zr-containing phases
during materials production. Knowledge of this fundamental behavior is necessary, for
example, to determine thermo-mechanical processing parameters and to understand the
behavior of welded structures to finally set-up a suitable production process for an entire
component. However, there exist no studies reporting on the fundamental behavior of

rapidly solidified Al-Mg-Sc-Zr alloys produced on industrial equipment.

This work deals with the fundamental characterization of a novel Al-Mg-Sc-Zr alloy
produced on industrial belt-casting equipment. The main focus is put on the kinetics
of precipitation of strengthening Sc- and Zr-containing phases, and in particular on the

interaction between precipitation and recrystallization in cold deformed material.




2 Literature Review

In this chapter, first the most relevant metallurgical phenomena that are investigated in
this work are explained. Second, the system Al-Mg-Sc-Zr is described in detail. Finally,
the properties of such alloys depending on the chemical composition and the processing

of the material are discussed and the most relevant open questions are highlighted.

2.1 Strengthening mechanisms in Al-alloys

The strength of a material is defined as its resistance to plastic deformation [12]. In
metals, plastic deformation is associated with the movement of dislocations through a
crystal, as illustrated in Fig. 2.1. By applying a shear stress, a dislocation glides through
the crystal in its slip plane until a step forms on the surface or grain boundary. The
shear stress must exceed the critical resolved shear stress (CRSS) necessary to move a
dislocation through the crystal. When the shear stress is released, a plastic deformation
remains. Consequently, the movement of dislocations must be hindered or even inhibited

by increasing CRSS in order to increase the strength of a metallic material [13,14].

In metals and alloys, strengthening is achieved by introducing barriers to the movement
of dislocations. These barriers are commonly categorized in four groups, whereas each

group represents one strengthening mechanism. The four mechanisms are [15]:
e Solid solution hardening
e Grain size hardening
e Precipitation hardening
e Strain (dislocation) hardening

The total strength of a material can be considered as a sum of the contributions of the

strengthening mechanisms, as suggested in [16]:

0 =00+ Os0l + Ogs + Oprec T Odis, (21)
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Shear Shear Shear
stress stress stress

Slip plane —

Edge
dislocation
line

Fig. 2.1: Schematic illustration of the movement of an edge dislocation in a crystal: (a) initial
position of the dislocation line, (b) movement of the dislocation for one lattice plane,
(c) plastically deformed crystal [13].

with the intrinsic strength g, and the strengthening contributions from solid solution
Osol, grain size oy, precipitates opre., and dislocations og4;5. The addition of the strength-
ening terms in Eq. 2.1 is not necessarily linear, as demonstrated by Fazeli et al. [17],
who modeled the superposition of solid solution, precipitation, and strain hardening in

an Al-Mg-Sc alloy using the expression:
0 = Osol T ( prec + adzs)l/n' (22)

They suggested values of the exponent n ranging from 1 to 2. Marquis et al. [18] calcu-
lated the superposition of solid solution and precipitate hardening using:

0= ( sol + prec)l/n7 (23)
where the best correspondence to experimental data of an Al-Mg-Sc alloy was found at
an exponent of n = 1. A linear strength superposition model was also used to calculate
the yield strength due to o, and oy in Al-Mg alloys [19] or to simulate the strengthening
contributions in steel containing Cu-precipitates [20]. In summary, a linear superposition
of the strengthening terms (Eq. 2.1) is reasonable but represents the upper limit of the
total strength calculated from individual contributions. The connection of the strength

o of a polycrystalline material and CRSS 7., is given by the Taylor factor M (Eq. 2.4).
The Taylor factor considers randomly oriented grains and equals M = 3.06 for Al [21].

o=M-1,. (2.4)
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The four strengthening mechanisms in principle apply to all metallic materials including
Al-alloys, however, their effect is more or less pronounced for different types of metals.
In the following sections, the single mechnisms are explained in different levels of detail
depending on the respective importance for Al-alloys in general, and Al-Mg-Sc-Zr alloys

in particular.

2.1.1 Solid solution hardening

A solid solution of atoms A and atoms B generally has a higher strength than pure
metal A. In other words, alloys are almost always stronger than high-purity metals. The
reason with respect to solid solution strengthening is that different atoms have different
sizes, leading to lattice strains around the solute alloying elements, as illustrated in Fig.
2.2. A solute atom that is smaller (Fig. 2.2 a) than the host atom produces tensile strain
and a larger solute atom (Fig. 2.2 b) produces compression strain. Either way, the solute
atoms are surrounded by a stress field that has to be overcome by the dislocation in order
to pass by, thus hindering the dislocation movement and increasing the strength of the
alloy. Moreover, solute atoms tend to diffuse to dislocations, as shown in the respective
right images in Fig. 2.2, leading to dislocation locking, i.e. a significant increase in stress
necessary to start dislocation movement. The strength increment introduced by solid

solution hardening is often described in a general form by [13,16]:
Ot = K1V C, (2.5)

with the constant k; representing the specific strengthening effect of atom B in material
A accounting for the shear modulus and atomic misfit. The concentration of the solute

element is considered by C' [22].

OO0000O0O OO0000O0O

(a) Smaller alloying element (b) Larger alloying element

Fig. 2.2: Lattice strains due to solid solution strengthening and possible positions of alloying
elements with respect to edge dislocations [13]
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Magnesium is one of the most common alloying elements to achieve solid solution
strenghtening in Al-alloys. Fig. 2.3 shows the influence of the Mg-concentration in Al on
the tensile properties of fully recrystallized alloys. Both the yield and ultimate tensile

strengths increase with increasing Mg-content of up to 10 wt.% [19].

In contrast to pure Al showing a smooth stress-strain curve in Fig. 2.3, the curves for
the different Al-Mg alloys reveal serrated shapes. This serrated flow behavior referred
to as Portevin-Le Chatelier (PLC) effect is typical for Al-Mg alloys. According to sev-
eral investigations [23-26], the most prominent and generally accepted explanation of
the PLC effect is based on dynamic strain aging (DSA) resulting from dynamic solute-
dislocation interactions. The DSA effect is described as follows: A dislocation enriched
in solute atoms (Fig. 2.2) requires a higher stress level to start dislocation movement
than to continue this movement. In other words, once the dislocation has overcome the
starting barrier it can move at a lower stress level. When the dislocation is temporary
trapped at local obstacles such as dislocations or precipitates, the solute atoms diffuse to
and pin the dislocation, thus increasing the dislocation activation barrier again [25,27].
The PLC effect is less pronounced at higher strain rates and lower temperatures (below

room temperature) in Al-Mg alloys as a result of the reduced Mg diffusion [28,29].

In commercial Al-Mg alloys, usually a maximum of 6 wt.% Mg is added due to limited

solubility and corrosion resistance [15,30].
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Fig. 2.3: Stress-strain curves of fully recrystallized Al-Mg alloys showing an increase in tensile
strength with increasing Mg concentration [19].
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2.1.2 Grain size hardening

A dislocation that reaches a grain boundary cannot continue its slip motion because of
the difference in orientation between the two neighboring grains (Fig. 2.4 a). The grain
boundaries serve as obstacles to the movement of dislocations, which pile up near the
boundaries. With decreasing grain size, the number of grain boundaries increases and
less distance can be travelled by a moving dislocation [16]. The strengthening effect due

to grain size can be expressed by the Hall-Petch relation:

o

75 (2.6)

Ogs =
where D is the grain size and ks is a constant that is affected by alloy content, grain
size uniformity and shape, and crystallographic texture. The coefficent ky equals 0.065
MPam™2 for pure Al and 0.1—0.2 MPam ™2 for many Al-alloys [16]. Among the Al-alloys,
higher ko-values of up to 0.3 MPam™2 are only reached in Al-Mg-alloys [31]. Although
this level is only slightly below that of Mg-alloy AZ31 (up to 0.4 MPam_%) [32], it is
considerably lower compared to several steel types (0.5 — 1.0 MPam_%) [33]. In conse-
quence of comparably low ko values, grain size hardening does not provide significant

strengthening in a large variety of Al-alloys, including Al-Mg.

It was shown for Al-Mg alloys [19] that the presence of Mg decreased the grain size in
deformed and recrystallized materials, as shown in Fig. 2.4 (b). However, despite the

significant grain size reduction from roughly 215 ym to 21 pm, the yield strength incre-

OO0 O0O0

OO0 OO0

OO0 OO OO0

(a) Dislocation movement is stopped at a high an-  (b) Micrographs showing large grains in pure Al
gle grain boundary [13] and finer grains in Al-Mgl0 [19]

Fig. 2.4: Dislocation movements are stopped at high angle grain boundaries (a) leading to
an increased strength in materials revealing a large amount of grain boundaries. In
consequence, fine-grained materials are stronger than coarse-grained materials (b).
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ment due the reduced grain size o4, equalled only around 35MPa. This strenghtening
increment was considerably smaller than that of solid solution hardening due to the ad-
dition of 10 wt.% Mg. For the same Al-Mg10 alloy, the strength increment o, equalled
roughly 110 MPa.

It should be noted that the Hall-Petch relation given in Eq. 2.6 is only valid for grain

sizes in the micrometer range and not for ultra-fine grained nanostructures, e.g. [34].

2.1.3 Precipitation hardening

Precipitation is a phenomenon where particles of a new phase form out of a supersatu-
rated solid solution [35]. If such particles are present in a material, they interfere with
the movement of dislocations, and therefore, increase the strength. The basic require-
ment for precipitation-hardening alloy systems is that the solid solubility limit of the
main precipitate forming element decreases with decreasing temperature. This facilitates
the typical precipitate strengthening process consisting of solution heat treatment, rapid

quenching, and ageing.

The heat treatment process as well as its connection to a theoretically relevant phase
diagram are illustrated in Fig. 2.5. First, a solution treatment at Tg is carried out to
dissolve the large 3 phases located at the grain boundaries and to generate a homoge-
nous solid solution . After quenching to Tq, e.g. to room temperature, only o grains
supersaturated in atoms B are present while the formation of § phases is suppressed.
The ageing step occurs at the temperature Ty to form g phase precipitates. The ageing
temperature and time strongly influence the strengthening effect by affecting the nature

of the precipiates, i.e. the size, structure, amount, and distribution [36,37].

The nature of the precipitates determines the interaction mechanism between disloca-
tions and precipitates. The possible dislocation-precipitate interaction mechanisms are
particle shearing and Orowan looping. Fig. 2.6 shows that, for a given precipitate vol-
ume fraction, particle shearing is the dominant mechanism at small precipitate sizes,
whereas Orowan looping dominates at larger precipitate radii. The transition from one
mechanism to the other occurs at the transition radius r;, where the maximum strength
is reached [36]. The dislocation-precipitate interaction mechanisms are explained in the

following sections.
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Fig. 2.5: Illustration of the precipitation hardening process using a schematic phase diagram
(left) and a corresponding heat treatment (right): Solution treatment (1,2) to dis-
solve B phases located at grain boundaries, followed by quenching (3) to achieve a
supersaturated solid solution. Ageing in o+ 3 phase field (4,5) to form small 8 phase
precipitates inside the « grains. Based on [13,14,37]

Shearing , Looping

Strength

Iy Radius

Fig. 2.6: Correlation of the strengthening increment due to precipitation hardening and the
precipitate radius for a given precipitate volume fraction. The precipitate-dislocation
interaction mechanism changes from particle shearing to Orowan looping at the tran-
sition radius r; [16].
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2.1.3.1 Shearing mechanism

Coherent precipitates with a size smaller than the critical radius r; are sheared by
a moving dislocation. The actual dislocation-precipitate interaction mechanism varies
from one alloy to another, whereas it is generally accepted, that one or often more of

the following mechanisms apply [21]:

e Chemical strengthening

Stacking-fault strengthening

Modulus strengthening

Coherency strengthening

Order strengthening

It was proposed by Seidman, Marquis et al. [18,38] that the relevant contributions in
Al-(Mg)-Sc alloys are modulus, coherency, and order strengthening. Furthermore, they
showed that the transition radius r; (Fig. 2.6) was determined by the combination of
these three shearing mechanisms and the Orowan strength (looping). In the present
work it is intended to estimate r; for a novel Al-Mg-Sc-Zr alloy. Accordingly, the relevant
mechanisms are explained more in detail including mathematical formulations, while the
principles behind chemical and stacking-fault strengthening are only described briefly.

For details on these mechanisms the reader is referred to [21].

2.1.3.1.1 Chemical strengthening

Chemical strengthening results from the production of additional particle-matrix inter-
facial area due to the shearing process. The magnitude of the strengthening increment
depends on the interfacial energy between precipitate and matrix. In [18,38] the neglect
of chemical strengthening for Al-Sc alloys is not specifically justified, however, accord-
ing to [20,21], the chemical strengthening effect is usually small compared to the other

shearing mechanisms.

2.1.3.1.2 Stacking-fault strengthening

The motion of dislocations is impeded, when the stacking-fault energies v, of the precip-
itate and matrix differ. The stacking-fault energy describes the extent to which disloca-
tions dissociate and split up into partial dislocations. When v, is different in precipitate

and matrix, the separation of the partial dislocations varies depending on the phase in

12
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which the dislocation resides. The strengthening increment depends on the magnitude
of the difference Ay, [21]. For Al-Sc alloys, this mechanism was neglected without

explanation, thus it can be assumed that the influence is comparably small [17,18,38].

2.1.3.1.3 Modulus strengthening

Modulus or modulus mismatch strengthening results from the difference in shear modu-
lus between matrix and precipitate. There exist several mathematical formulations of this
phenomenon in literature, all of which having very similar dependencies, e.g. [20,21,38].

For Al-(Mg)-Sc alloys, the following expression was used [18,38]:

1/2 3m_q
o = 0.0055M (AGY2( 2V ) (T (2.7)
" b )

where M is the Taylor factor, AG is the shear modulus mismatch between precipitate
and matrix, fi is the precipitate volume fraction, r is the mean precipitate radius, G is

the shear modulus of Al, b is the Burgers vector, and m is a constant.

2.1.3.1.4 Coherency strengthening

Coherent precipitates are surrounded by an elastic stress field as a result of the lattice
misfit between precipitate phase and matrix phase. Coherency strengthening results
from the interaction of the precipitate with this stress field. According to [18,38], the
corresponding strengthening effect in Al-(Mg)-Sc alloys can be described by:

o0 = Ma(Ge)2( IV " (2.8)
¢ : 0.18Gb?

Here, a. is a constant and ¢ is the linear misfit strain calculated as [18,38]:

2 |ap — Q|
~ 2p Pmi 2.9
3 a, (2.9)

with the lattice constants of precipitate a, and matrix a,,, respectively.

2.1.3.1.5 Order strengthening

Order strengthening occurs when a dislocation shears a coherent ordered precipitate and

creates an antiphase boundary. In Al-Sc alloys, the strengthening Al3Sc precipitates are

13
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of ordered nature, as explained in detail in 2.3.4, hence this mechanism applies. The
resulting strengthening effect is proportional to the antiphase boundary energy v,,, and
is expressed by [18,21]:

1/2
Vapb 371'2fVT
_ y Javt . 2.1
7o 2b (16Gb2> (2.10)

2.1.3.1.6 General formulation of the shear strength

When considering Eqgs. 2.7, 2.8, and 2.10, the mathematical formulation of the strength-

ening effect of shearable precipitates is summarized by [16,39]:
Oshear = Cl f\ll/a rl/b, (211)

with a constant C', the precipitate volume fraction fy, the precipitate radius r, and the
factors a and b. According to [16], the factors a and b are approximately equal to a value

of 2, setting the basis for the square-root shearing law illustrated in Fig. 2.6:

Oshear = Cl V fV - T (212)

The strengthening effect due to shearing of coherent precipitates increases with increas-
ing volume fraction and precipitate radius but, for a given volume fraction, is limited by

the transition radius ;.

2.1.3.2 Orowan mechanism

Unlike small coherent particles, that are sheared by a moving dislocation, incoherent
precipitates or any precipitates with radii larger than r; interact with dislocations in a
way referred to as Orowan looping. A schematic illustration of the Orowan mechanism is
given in Fig. 2.7. A dislocation bows around precipitates until impingement before it can
move on, leaving a dislocation loop around the particles. The passing-by requires higher
stress than dislocation glide in a precipitate-free grain, thus increasing the strength of
the material. The basic formulation of the Orowan strength is given by [16,40]:

1
O =aG bX, (2.13)

where G and b have their common meanings, a is a constant, and A is the average

inter-particle spacing. According to Eq. 2.13, a high strengthening effect is achievable

14
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with a small spacing between the precipitates. This correlation is rather easy to imagine
when considering Fig. 2.7. The inter-particle spacing A relates to the number density of

precipitates in the slip plane ng by [21]:
A =n;Y2 (2.14)

Since:

Vi (2.15)

Ng X —,
r

a basic formulation of the Orowan strength as a function of the precipitate volume

fraction fir and the radius r is found by [16]:

Vi (2.16)

with another constant a. For a given precipitate volume fraction fy,, therefore, high
strength translates into a large number of particles with a small radius r, as illustrated
by the 7! slope in Fig. 2.7 [16,40].

Do L

Precipitates

Dlslocatlon Dlslocatlon loop

Fig. 2.7: Interaction between a dislocation and precipitates with the inter-particle spacing A in
case of Orowan mechanism. The dislocation bows around precipitates (1-2) until im-
pingement (2-3) before it can move on, leaving a dislocation loop around the particles
(3) [40].
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Seidman, Marquis et al. [18,38] calculated the Orowan strength of Al-(Mg)-Sc alloys

based on a formulation of Ardell [21]:

0.4Gb In(Z)
™1l—v XA

Here, v is the matrix Poisson’s ratio and the other factors have their common meanings.

Oor = M

(2.17)

The corresponding inter-particle spacing was calculated using Eq. 2.18 [38]:

A= Kj}r) e 1.64} r (2.18)

2.1.3.3 Evolution of precipitates

The strengthening effect of precipitates depends on their size, structure, amount, and
distribution, as discussed above. These characteristics, and thus the strength of an age
hardened alloy, strongly depend on the evolution of the strengthening particles as a
function of ageing temperature and time. The evolution of a population of precipitates
is commonly categorized in three stages that occur during the ageing treatment (Fig.

2.5): nucleation, growth, and coarsening [35].

2.1.3.3.1 Nucleation

Nucleation refers to the initial formation of precipitates. The nucleation process is of
stochastic nature and describes the probability of the creation of nuclei with supercritical
size, i.e. thermodynamically stable nuclei. In that context, nuclei with a radius larger
than the critical size r* will grow further, while smaller ones dissolve. The steady state

nucleation rate is expressed by [35]:

Jos = ZPB*N.exp ( — Aki ) (2.19)

Here, Z is the dimensionless Zeldovich factor denoting the probability that a nucleus with
critical size grows further rather than dissolves. §* represents the atomic attachment rate
depending on the diffusion coefficient and mole fraction of solute atoms. N, is the number
of potential nucleation sites, AG* is the critical nucleation energy, k is the Boltzmann
constant, and 7" is the temperature. The most essential factor in Eq. 2.19 is the critical

nucleation energy that has to be overcome in order to form stable nuclei with a radius
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r*. The mathematical formulation based on [35] is calculated for spherical nuclei by:

16w 3
AGr = 2T
3 G2

vol

(2.20)

with the interfacial energy between precipitate and matrix v and the free energy change
due to nucleus formation G,,. The free energy change represents the driving force for
precipitation and depends on the degree of supersaturation of the precipitate forming
element in the matrix as well as the elastic strain energy per volume of precipitate.
More specific, G, is large in case of a high degree of supersaturation and low elastic
strain caused by the formation of precipitates. Summarizing Egs. 2.19 and 2.20, the
nucleation rate increases with increasing temperature, increasing driving force, and de-
creasing interfacial energy. In general, the interfacial energy ~ is low for coherent and
comparably high for incoherent precipitates, and may depend on the precipitate radius
and ageing temperature [41,42]. Nucleation events may occur homogeneously at random
lattice positions in the matrix or heterogeneously at positions such as dislocations or

grain boundaries [35,43].

2.1.3.3.2 Precipitate growth

The growth process is described by a diffusional flux of the precipitate forming elements
present in supersaturated solid solution towards the already formed nuclei. The total
precipitate volume increases by reducing the degree of supersaturation in the matrix.

Precipitate growth is mathematically expressed by [35]:

r(t) = \/r2 + S2Dt, (2.21)

with the precipitate radius r, the initial radius ry, the supersaturation parameter S, the

diffusion constant D, and the time ¢. The supersaturation parameter is given by:

G -C.

SoRron

(2.22)

Cy is the concentration in the matrix, C, is the equilibrium concentration in the matrix,
and C), is the concentration in the precipitates. The diffusion constant D depends on
the ageing temperature 7' by (e.g. [13]):

D = Dyexp < — %), (2.23)
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with a temperature-independent preexponent Dy, the activation energy (), and the gas
constant R. Accordingly, the growth rate (Eq. 2.21) increases with increasing annealing

temperature and supersaturation.

2.1.3.3.3 Coarsening

The final stage in the evolution of a precipitate population is coarsening, also termed
Ostwald ripening. This stage usually occurs when a phase equilibrium is already reached,
i.e. the degree of supersaturation is reduced to a value of 0. During the coarsening
process, larger particles continue to grow at the expense of smaller ones, reducing the
total number of particles at a constant precipitate volume fraction. The driving force for
precipitate coarsening is the minimization of the total interfacial area between matrix
and precipitates. By minimizing the interfacial area, the energy of a constant volume of

precipitates is reduced. Coarsening is faster at higher annealing temperature [35,43].

2.1.3.3.4 Influence of ageing parameters on the age hardening effect

The correlation between ageing temperature, time, and achievable strength is exemplar-
ily illustrated in the heat treatment curves of an Al-Mg-Si alloy in Fig. 2.8. The typical
shape of an age hardening curve, for example the gray one at 204°C, can be described
by a rather flat incubation time (0.1h) followed by a steep increment to the maximum
strength (~ 1h) and a subsequent strength reduction. When comparing the individual

age hardening curves, a strong dependency on the ageing temperature is observed [15].
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Fig. 2.8: Precipitation heat treatment curves for 6061 Al-alloy showing the influence of the
annealing temperature on the yield strength [15].
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A lower temperature leads to a prolonged incubation time resulting from a reduced nu-
cleation rate (Eq. 2.19). In addition, the peak strength is reached after longer ageing
times due to slower precipitate growth (Eq. 2.21). The nucleation and growth stages
may partially overlap depending on the complex, alloy-dependent interplay between the
two processes. If the nucleation rate is rather constant along the growth stage, both nu-
cleation and growth occur simultaneously until peak ageing is reached. If the nucleation
rate is reduced to 0 as soon as precipitate growth is initiated, the nucleation and growth
stages are completely separated. The latter case is often referred to as nucleation site
saturation [35,43].

The maximum precipitate hardening effect depends on the ageing temperature, as shown
by the different peak strengths in Fig. 2.8. The highest strength is achieved for the sam-
ple annealed at the lowest investigated temperature. High strength translates into a large
number of precipitates, as derived in 2.1.3.2. Indeed, at lower temperature, a larger num-
ber of smaller precipitates is formed. However, the process requires longer ageing times
due to reduced nucleation and growth rates [35,41,44]. It should be mentioned, that
the ageing temperatures may vary strongly from one alloy to the other and a minimum

temperature may be required to form the strengthening phases.

The loss in strength after reaching the peak age condition results from precipitate coars-
ening, where the precipitate number density is continuously reduced. Again, this process

is more pronounced the higher the ageing temperature [15,35].

2.1.3.4 Johnson-Mehl-Avrami-Kolmogorov notation

The precipitation kinetics is often described by the Johnson-Mehl-Avrami-Kolmogorov
(JMAK) notation. The JMAK formulation is a phenomenological model to quantita-
tively describe nucleation and growth processes [35,45]. The coarsening stage can not be

modeled with this approach, however, for technical applications coarsening is avoided.

The JMAK equation considers the volumetric formation of new particles from a solid
solution over time and is based on two major assumptions. First, the new phase nucle-
ates or grows regardless of whether it involves regions of the parent phase or already
transformed volume. All volume that is created by nucleation or growth is denoted as
extended volume. Second, the probability that nucleation events occur in untransformed
regions is related to the ratio between actual and extended volume [35]. During a time
interval dt, the fraction of extended volume X.,; increases by an amount dX.,;. With

the fraction of transformed volume X, it follows that the untransformed fraction equals
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1 — X;s. The increase of transformed volume fraction in the time interval dt reads [39]:

dXyp = (1= Xip) dX o, (2.24)
After separation of variables and integration one obtains:

Xewt = —In(1 — Xiy), (2.25)
or mathematically transformed:

Xip=1—exp(—Xeut). (2.26)
In the most simplified way, the fraction of extended volume can be written as [39]:

szgN@#, (2.27)
with the nucleation rate N, the growth rate G, and the time ¢. Since Eq. 2.27 is based
on several assumptions including a random distribution of spherical nuclei as well as
constant nucleation and growth rates, the JMAK equation is often found in its more

general form:
Xy =1—exp(—kt"). (2.28)

Here, the value k is the JMAK constant and n represents the JMAK exponent. Fig.
2.9 shows the common shapes of several JMAK functions qualitatively reproducing the
nucleation and growth stages of the ageing curves shown in Fig. 2.8. Since both n and &
do not represent physical quantities, their interpretation is sometimes ambiguous. The
exponent n is closely related to the transformation mechanism and can be viewed as a
measure for the relative importance of nucleation and growth mechanisms. The signifi-
cance of n is illustrated in Fig. 2.9 (a). There, at constant k, the shape of the functions
changes considerably when varying n between 1 and 4. Values between 1 and 2 are often
observed when nucleation rates are rather low and the transformation progress is con-
trolled by growth. Higher exponents of 3 or 4 indicate higher nucleation rates and may
occur in highly supersaturated systems. The coefficient k£ contains the nucleation rate
N and the growth rate G and is, therefore, a function of temperature and thermokinetic
boundary conditions of the transformation. The variation of k at constant n is given

in Fig. 2.9 (b). An increasing coefficient k shifts the curves to shorter times, while the
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Fig. 2.9: JMAK functions showing the influence of the parameters n and k. Based on [35].

general shape of the curves is essentially unaffected. Since the coefficient k includes the
cube of the growth rate, high values are typical for transformations with large growth

rates [35].

The JMAK equation was similarly developed to describe the evolution of recrystal-
lization, with N and G representing the nucleation and growth rates of recrystallized
grains. For more detailed insight on the interpretation of JMAK parameters as well as
the derivation of the JMAK equation itself, the reader is referred to [35,39,45].

2.1.3.5 Precipitation hardening of Al-alloys

Precipitation hardening is the most significant strengthening mechanism for a large vari-
ety of Al-alloys [46]. Considerable strengthening was achieved for example in Al-Cu-(Mg)
[47], Al-Mg-Si [48-50], Al-Zn-Mg [51,52], or Al-(Cu)-Li [53] alloys. On the other hand,
the strength of binary Al-Mg alloys [19] is not increased by applying the precipitation
hardening process shown in Fig. 2.5, despite the temperature dependent solubility of Mg
in Al. Although precipitates of the type AlsMg, form during ageing, these incoherent par-
ticles are located at grain boundaries and hence do not affect the dislocation movement
[37]. If the strength of Al-Mg alloys should be increased by precipitation hardening,
the addition of further elements such as scandium is required [54]. The precipitation

hardening behavior of Al-Mg-Sc alloys is described in detail in section 2.3.
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2.1.4 Strain hardening

Strain hardening, or work hardening, describes a phenomenon whereby a metallic mate-

rial becomes stronger as it is plastically deformed. This behavior is easily observable in

conventional stress-strain curves, for example in Fig. 2.3. It is generally accepted, that

the flow curve at temperatures below 0.3 — 0.4 T, (Fig. 2.10) is divided into 4 stages.

Fig. 2.10 (a) shows a schematic flow curve, while Fig. 2.10 (b) shows the work hardening

rate © = g—; as a function of the shear stress. The classification into stages corresponds

to the curves for Ty [55-57]:

e Stage I, also called easy glide, corresponds to free movement of dislocations in

monocrystals. This stage is not seen in polycrystals (Fig. 2.10).

e Stage II begins at the onset of deformation in fcc polycrystals and is characterized

by an approximately linear increase in shear stress and a constant strain hardening

rate. The slope is insensitive to temperature and strain rate. Due to dislocation

movement and interaction with obstacles, additional dislocations are generated by

a mechanism called Frank-Read source [37]. The more dislocations are present, the

more likely they interfere with each other and the stronger the material becomes.

e Stage III exhibits a decreasing slope and is highly sensitive to temperature and

strain rate. The presence of stage III limits the extent of stage II by rearranging

dislocations in cells and finally subgrains. The occurrence of stage III strongly

depends on the stacking fault energy 7, of the material. In alloys with very high

Vs, stage IIT may be so pronounced that stage II is not observed at all [57].
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(a) Schematic flow curves
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(b) Strain hardening vs. flow stress curves

Fig. 2.10: Hlustration of the work hardening stages for fcc polycrystals in terms of stress-strain
curves (a) and work hardening rate © vs. flow stress curves (b) [55].
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e Stage IV shows a rather linear increase in shear stress at a much flatter slope
compared to stage II. Stage IV occurs at large strains and finally ends up in
saturation, where the storage of dislocations is balanced out by their rearrangement

in subgrains. The stage of saturation is sometimes referred to as stage V [55].

In summary, the strain hardening effect of an alloy depends on the number of dislocations
that are generated and preserved in the microstructure during plastic deformation. The

strengthening effect due to dislocations can be expressed by [39]:

Odis — OélG b\/ﬁ, (229)

where a; is a constant, GG the shear modulus, b the Burgers vector, and p the dislocation
density. Recrystallized aluminum at room temperature, with G = 26 GPa, b = 0.286 nm,
and o; = 0.3, has a dislocation density p of around 10'°m~2 which leads to a strength
contribution of 0.2 MPa. For p = 10'm~2, as in heavily cold worked alloys, the strength-
ening contribution from dislocations o4 increases considerably to around 70 MPa [58].
The work hardening behavior in Al is significantly influenced by alloying elements, de-
pending on whether these elements are present in solid solution or form second phase

precipitates.

2.1.4.1 Influence of solute atoms

If solute atoms are present, work hardening is generally prolonged due to interactions
of alloying elements and dislocations. Solute atoms tend to confine dislocations to slip
planes which reduces the capability to climb or cross-slip, thus increases the impact of

work hardening [58].

It was demonstrated [19,24], that the presence of Mg significantly affects the work hard-
ening behavior of Al by extending stage II and retarding stage III (Fig. 2.10), thus
increasing the strain hardening increment. High-purity Al has a high stacking-fault en-
ergy 7ss allowing dislocations to climb and cross-slip even at room temperature. In
consequence, stage II is almost entirely suppressed and dislocations are arranged in cell
walls leading to a low dislocation density within the cells and low strength (Eq. 2.29).
According to several authors [19,59,60], vs¢ is reduced linearly with increasing Mg con-
tent. For Al-alloys with Mg contents greater than 3 wt.% [19], dislocations were arranged
in tangles rather than cells as a result of reduced capability to climb or cross-slip due to

reduced 7y, ¢. The strain hardening increment increased with increasing Mg concentration.
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2.1.4.2 Influence of second phase particles

The influence of second phase particles on the work hardening behavior strongly depends
on the nature, volume fraction, size, and spacing of the preciptitates. In case of shear-
able particles, the work hardening rate is rather low. This is due to the fact that the
dislocations, once they have cut through one precipitate, can cut through entire fields of
particles at roughly the same stress level. In case of non-shearable precipitates, on the
other hand, considerable work hardening is observed due to a significantly increasing

dislocation density in the process of Orowan looping [58,61].

2.2 Softening of a deformed microstructure

Part of the work expended to plastically deform a metal or alloy remains as stored energy
in the form of point defects and dislocations. This stored energy is progressively released
upon annealing due to restoration processes occurring at elevated temperature, leading
to softening of the material. Depending on several aspects such as the material type,
degree of plastic deformation, and annealing temperature, recovery or recrystallization
may be the dominant softening mechanism [62]. The softening processes of recovery
or recrystallization may occur during deformation at elevated temperature. In this case,
the phenomena are called dynamic recovery or dynamic recrystallization. In this section,
however, the focus is put on static phenomena, i.e. softening occurs upon annealing after
cold deformation. For further reading on dynamic restoration processes the reader is
referred to [39] or [58].

2.2.1 Recovery

Recovery refers to changes in the microstructure and properties of a deformed material
that occur during annealing prior to recrystallization, both in terms of temperature and
temporal sequence. The two major mechanisms are the recovery of excess point defects
and dislocation recovery. The recovery of point defects has only marginal influence on the
mechanical properties of a material and is often neglected. The recovery of dislocations,
on the other hand, significantly affects the strength of a material and is thus commonly

considered in order to describe the recovery kinetics [39,62].

The process of dislocation recovery consists of several stages which are schematically
shown in Fig. 2.11. The dislocation tangles present after cold deformation (a) form
cell walls and annihilate within the formed cells. These two main submechanisms of
recovery, illustrated in Fig. 2.11 (b) and (c), are achieved by glide, climb and cross-
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(a) Tangles (b) Cell formation  (c) Annihilation (d) Subgrains (e) Growth

Fig. 2.11: Stages of recovery: Dislocation tangles form into cells or annihilate within the cells
(a to c); Subgrains form (d) and grow (e) upon further annealing [39].

slip of dislocations. The driving force for cell formation is the energy release due to
a reduction of dislocation density. The dislocations inside the cell walls then arrange
geometrically to form low angle grain boundaries (LAGB). This process is driven by the
formation of fewer, more highly misoriented boundaries. The so formed subgrains (d)
grow upon further annealing (e), while reducing the total boundary area [39,62]. The
presence of solute atoms and fine distributions of second phase particles may inhibit or

retard recovery by pinning dislocations and subgrain boundaries [58].

The amount of recovery observed in a material strongly depends on the stacking fault
energy 7s¢ of the alloy. As explained previously, the stacking fault energy describes
the extent to which dislocations dissociate and split up into partial dislocations. In
other words, it determines the possibility of dislocation climb and cross-slip, the main
recovery mechanisms [39]. Stainless steels with low ~,¢ [63], for example, show only
limited recovery. In contrast, recovery plays an important role in materials with high
7sf, such as Al. The presence of Mg in Al reduces «,s linearly with Mg content, however,
technical Al-Mg alloys still possess medium to high ~,; values [59]. Mg is known to pin
dislocations in Al and may partly inhibit recovery by segregating at dislocations [39].

2.2.2 Recrystallization

Recrystallization is a process, in which new grains are formed in a previously deformed
microstructure. These new grains have a dislocation density of non-deformed material.
During the transformation process, the new grains consume the deformed microstruc-
ture. In contrast to recovery, which occurs rather homogeneously in a sample volume,
the microstructure during recrystallization is at any time divided into recrystallized and
non-recrystallized regions. The recrystallization sequence shown in Fig. 2.12 illustrates

the heterogeneity of the transformation. In a deformed (a) or partially recovered (b) mi-

25



Literature Review

(a) Deformed (b) Partial RV (c) Partial RX (d) Full RX (e) Abnormal GG

Fig. 2.12: Stages of recrystallization: In a deformed (a) or partially recovered (RV) (b) mi-
crostructure, new grains nucleate (c¢) and grow until full recrystallization (RX) is
reached (d). Abnormal grain growth (e) may occur on further annealing [39].

crostructure, new grains nucleate in highly distorted regions (c¢) and grow by movement
of high angle grain boundaries (HAGB) until the microstructure is fully recrystallized
(d). Thereafter, the grains may grow homogeneously or abnormal grain growth (e) may
occur. Based on Fig. 2.12, the kinetics of recrystallization is often divided into nucle-
ation and growth stages. While nucleation is related to the formation of dislocation-free
regions, growth involves the movement of HAGB due to an existing driving pressure, as
derived in the following section. A third stage, normal or abnormal grain growth, occurs
in a fully recrystallized material. Recrystallization kinetics in single phase alloys is of-
ten described by the JMAK equation (Eq. 2.28), similar to the kinetics of precipitation
[39,62,64].

In general, recrystallization requires higher degrees of plastic deformation and anneal-
ing temperature than recovery. Summarizing the correlations derived by Humphreys and
Hatherly [39]: The higher the degree of plastic deformation, the lower is the temperature

at wich recrystallization occurs and the smaller is the final recrystallized grain size.

2.2.2.1 Driving pressure for recrystallization

In general, a high angle grain boundary moves if the net pressure on the boundary is
positive. In the context of recrystallization, two cases have to be differentiated. The
first one refers to a situation where both recrystallized and non-recrystallized grains
are present (Fig. 2.12 ¢) and full recrystallization has not been reached. The total net

pressure P; that acts on a HAGB in such a situation can be expressed with [39]:
Py =Pp— Poc— Pz, (2.30)

where Pp is the driving pressure, Po the boundary curvature pressure, and P, represents

the Zener pinning pressure. The driving pressure for recrystallization Pp is provided by
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the dislocation density and is mathematically formulated by [39]:
Pp = ay pGV°. (2.31)

Here, a5 is a constant of the order of 0.5 and p, G, and b have their common meanings.
Since Pp increases linearly with the dislocation density, it depends significantly on the
local degree of plastic deformation. The boundary curvature pressure Ps opposes the
boundary movement in the given situation, because the grain boundary area increases
as the recrystallized grain grows, thus increasing the total energy. However, Pg is only
significant in the very early stages of recrystallization when the grains are in the range

of around 1 pm [39].

The second case that needs to be considered is given when full recrystallization has
already been reached (Fig. 2.12 d) and Pp = 0. The driving pressure for grain growth

is then expressed by:
P, =P — Py. (2.32)

In that case, P¢ is the driving force for grain growth aiming to reduce the total grain
boundary area. The driving pressure for grain growth P; is around two orders of mag-

nitude smaller than that for primary recrystallization P;, assuming constant Py [39].

2.2.2.2 Zener pinning pressure

The Zener pinning pressure P, describes the interaction of second-phase particles with
boundaries. Pz always opposes the driving pressures for boundary movement (Eq. 2.30
and 2.32). Precipitates exert a retarding pressure on moving LAGBs and HAGBs, thus

have significant influence on recovery and recrystallization in multi-phase alloys [39].

According to Nes et al. [65], the mechanism of Zener pinning is based on a reduction
of boundary area when a moving boundary intersects a particle. Lower boundary area
results in lower energy of the system, thus boundaries are attracted to particles. They

[65] found that the maximum restraining force F' of a single spherical particle equaled:
F = mry, (2.33)

with the particle radius r and the boundary energy 7. The restraining force can reach

multiples of that of spherical particles by modifying the particle shape. It was proposed
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by the same authors, that F' increased with increasing ellipsoid eccentricity but depended
on the interaction direction. Independent of the particle shape, the magnitude of the
restraining force (Eq. 2.33) is based on the nature of the interphase between particle
and boundary. If a HAGB moves past a coherent interface, in general, particle coherence
will be lost. The energy of the new incoherent interface is higher than that of the original
coherent interface, thus additional energy must be supplied by the moving boundary.
Therefore, coherent particles are more efficient in pinning boundaries than incoherent
ones. The restraining force of a coherent particle F, is twice as large as of an incoherent
particle (Eq. 2.33) [39,65]:

F. = 2mr. (2.34)

The Zener pinning pressure of a population of coherent precipitates, based on [39,65], is
derived as follows. The number of spherical particles with radius r and volume fraction

fv per unit volume is given by:

3fv

Yy = . 2.35
473 ( )
The number of particles that intersect a planar boundary is:
3fv
N, =2rN, = T (2.36)
The pinning pressure of coherent particles on unit area of the boundary equals:
P; = N,F.. (2.37)

Combining Eqs. 2.34, 2.36, and 2.37 leads to the formulation of the Zener pinning pres-
sure of a population of spherical, coherent particles:
_ 6fyy

P, = 2.38
A o ) ( )

with the precipitate volume fraction fi,, the grain boundary energy ~, and the precip-
itate radius r. According to Eq. 2.38, Pz has a high value for a large number of small
precipitates. If Py exceeds (Pp — P¢), the boundary movement, i.e. the recrystallization
process, stops and full recrystallization is not reached (Eq. 2.30). If P exceeds P in a

fully recrystallized microstructure, further grain growth is inhibited (Eq. 2.32).
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Knowledge about the precipitation and recrystallization processes can be used, for ex-
ample, to control the grain size during annealing [66]. The significant impact of small
precipitates on the recrystallization behavior of various Al-alloys was demonstrated in
several studies [67—69].

2.2.2.3 Strain induced boundary migration

The nucleation process in the context of recrystallization differs from that of precipita-
tion. According to Humphreys and Hatherley [39] as well as Doherty et al. [64], classical
nucleation theory involving random atomic fluctuations leading to the formation of sta-
ble crystallites with HAGBs is very unlikely due to low driving force and large interfacial
energy. Instead, nuclei from which recrystallized grains originate are small volumes which
pre-exist in the deformed structure. This understanding serves as a basis for a mecha-

nism referred to as strain induced boundary migration.

Strain induced boundary migration (SIBM) involves the bulging and movement of a
part of a pre-existing boundary, leaving a dislocation-free region behind the migrating
boundary. Characteristically, the new grains have similar orientation to the old grains
from which they originate. The driving force for SIBM arises from a difference in dislo-
cation density on opposite sides of the grain boundary. The boundary, or nucleus, grows

towards the deformed grain aiming for an energy reduction [39].

Nucleation occurs at locations with high dislocation density and orientation gradient.
Typical nucleation sites for recrystallization are grain boundaries, transition bands, shear
bands, and highly misoriented zones around large particles [39,64]. The nucleation at

large particles is explained in the following section.

2.2.2.4 Particle-stimulated nucleation

Particle-stimulated nucleation (PSN) refers to a phenomenon where nuclei of recrystal-
lized grains are formed in the vicinity of large, non-deformable second phase particles.
These particles are usually in the range of some microns. During the deformation of
an alloy containing such non-deformable particles, the strain gradient enforced in the
vicinity of the particles creates a region of high dislocation density and large orientation
gradients. This deformation zone is an ideal site for the development of a recrystalliza-
tion nucleus. The deformation zone extends to around one particle diameter from the
particle surface. Accordingly, depending on the degree of plastic deformation, PSN is

more effective with increasing particle size [64,70].
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PSN may be used to control the recrystallization texture and grain size by introducing,
for example, ceramic particles to Al-alloys. PSN was also observed in the vicinity of large
second phase particles that were formed by conventional heat treatments prior to cold

deformation and recrystallization annealing [39,70].

2.3 Alloying concept Al-Sc

Al-Mg-Sc-Zr alloys with technically relevant chemical compositions have less than 6 wt.%
Mg, 1 wt.% Sc, and 0.5 wt.% Zr [54]. The concentration of Mg is the highest of all alloying
elements, hence such alloys are in general considered as Al-Mg alloys modified with Sc
and Zr. Despite the high Mg-content, however, the dominant metallurgical system for
Al-Mg-Sc-Zr alloys is the Al-rich side of the binary system Al-Sc. Therefore, in this
section, first the general basics of the Al-Sc system are introduced. Thereafter, these
fundamentals are specifically adapted to Al-Sc alloys with additions of magnesium and

zirconium.

2.3.1 Aluminum

Aluminum is the most heavily consumed non-ferrous metal and the second most plenti-
ful metallic element on earth. Pure aluminum is usually electrolytically extracted from
Al;O3 Al-oxide which itself is in most cases refined from Bauxite. Pure Al has a high
electrical and thermal conductivity, is nonferromagnetic and is corrosion resistant over a
wide range of pH-values. Aluminum presents a face-centered cubic (fcc) crystal structure
over the whole temperature range up to the melting point at 933 K (660°C). The unit
cell has a lattice constant of 4.0414 A at room temperature and an atomic packing factor
of 0.74. The closest distance between two neighboring atoms is 2.863 A which gives an
atomic radius of around 1.43 A [71].

The success of Al as a material for structural components for lightweight design is based
on two major properties: high specific strength and stiffness. Aluminum has a low den-
sity of 2.7g/cm? compared to steel with 7.85g/cm3 or titanium with 4.54 g/cm?. Even
though pure Al having an ultimate tensile strength of around 50 MPa is a rather soft
material, its alloys may reach tensile strenghts up to several hundred MPa. The con-
sequence of low density and relatively high strength is a high specific strength. The
Young’s modulus of Al and its alloys (E4, = 70 GPa) is about three times smaller than
that of steel and the ratio of Young’s modulus to materials density is essentially the

same for Al-alloys and steels. Accordingly, direct replacement of steels with Al-alloys
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without modifying the geometry of a component does not increase its stiffness. On the
other hand, when the thickness of a simple beam subjected to bending load, for example,
is adapted to the materials properties, the use of Al instead of steel reduces the weight
by about 50% while achieving the same stiffness of the component. The combination of
high specific strength and stiffness with excellent corrosion resistance, makes Al-alloys
attractive as structural materials for many industry branches, in particular for aircraft
industries [15,72].

Aluminum alloys are categorized according to the major alloying elements contained
and are classified as heat-treatable or non-heat-treatable. An overview of the series of
wrought Al-alloys with their major alloying elements according to the International Al-
loy Designation System is listed below. Most of the alloys of the 2xxx, 6xxx, and 7Txxx
series are heat-treatable. In general, those alloys such as Al-Cu possess higher strength
than non-heat-treatable ones such as Al-Mg. Since this study focuses on specific Al-Mg-
Sc-Zr alloys, details on the metallurgy of pure aluminum and other alloys are omitted

in this section. For further reading the author refers to handbooks, e.g. [15,73,74].
Series of wrought Al-alloys [15,40]

e Ixxx: pure Al

o 2xxx: Al-Cu

o 3xxx: Al-Mn

o 4xxx: Al-Si

e Hxxx: Al-Mg

o Oxxx: Al-Mg-Si

o Txxx: Al-Zn

o 8xxx: Al-other elements

31



Literature Review

2.3.2 Scandium

Scandium is a light metal that occurs in more than 800 different mineral species with
an average abundance in the Earth’s crust of 25 ppm. Even though the occurrence of
Sc exceeds that of Mo, Sn, W, Ag, and Au, scandium is considered a rather exotic
element. This is mainly due to the fact that it is not concentrated in economically
exploitable deposits but is dispersed in rock-forming minerals. Today, scandium is mainly
produced as a subproduct during processing of various ores but undiscovered ressources

are probably very large [10].

Scandium is a light metal with a density of 2.99g/cm?® at room temperature and a
melting point of 1814 K (1541°C). The crystal structure is hexagonal close packed (hcp)
and the atomic radius equals 1.6 A. Pure scandium has a Young’s modulus of 79.3 GPa
[75].

According to Rgyset and Ryum [9] pure scandium has virtually no application at present
due to its limited availability and high price. However, there are some fields were Sc is
used as additive amongst which the most important one certainly is the function as an
alloying element in aluminum alloys [10]. The reason for this is quite simple: when added
to aluminum, scandium provides the highest increment of strengthening per atomic

percent compared to any other alloying element.

2.3.3 The binary system Al-Sc

Figure 2.13 shows a complete Al-Sc phase diagram. The equilibrium phases are Al, Al3Sc,
AlySc, AlSc, AlSc,, and Sc. For structural applications only Al-alloys modified with small
amounts of Sc are relevant, thus the Al-rich part of the phase diagram is of particular
interest. This section is shown in detail in Figure 2.14 (a). Apparently, the only Sc-rich
equilibrium phase present in an alloy with Sc-contents below 1wt.% is AlsSc. When
exceeding the eutectic composition of 0.55 wt.% Sc, Al3Sc is formed as a primary phase
upon solidification. The solidification of such an alloy is finished with the formation of
eutectic a-Al+Al3Sc at 660°C. Upon further cooling, secondary AlzSc phases precipitate
from the a-Al matrix until room temperature is reached. The maximum solid solubility
of Sc in Al is 0.4 wt.% at 660°C. This solid solubility, however, deacreases rapidly with
temperature, as illustrated in Figure 2.14 (b), and is reduced to values close to 0 wt.%
at room temperature. The exact compositions and temperatures in the phase diagrams

are still under discussion [9].
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Fig. 2.14: Al-rich region of the binary Al-Sc phase diagram (a) and solubility of Sc in Al as a

function of temperature (b) [9,77].
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2.3.4 Al3Sc phase

The properties of alloys that follow the Al-Sc system strongly depend on the presence
and nature of the equilibrium phase AlsSc. Therefore, the formation of this phase and

the resulting properties are discussed more in detail.

Al3Sc phase has the L1, type cubic unit cell with a lattice parameter of 4.1 A. As
illustrated in Figure 2.15, Al atoms are located at the cube faces while Sc atoms are
found at the corners. In equilibrium, Al3Sc may form in three ways depending on the

chemical composition [9,42]:

1. Al3Sc is the first solid phase to form upon solidification in case of a hypereutectic
alloy with > 0.55wt.% Sc.

2. The solidification of alloys with Sc-content > 0.4 wt.% finishes with the formation
of eutectic a-Al+Al3Sc.

3. Secondary Al3Sc phases precipitate from the a-Al matrix during cooling.

For non-equilibrium solidification and cooling, the formation of both primary and sec-
ondary AlsSc phases may be suppressed. In that case, an a-Al matrix supersaturated in
Sc is formed, facilitating the formation of secondary AlsSc precipitates in an annealing
treatment. The effect of Al3Sc phases on the microstructure and properties of Al-Sc

alloys is discussed in the following sections.

Fig. 2.15: L1 unit cell of AlgSc phase having Al atoms located at the cube faces and Sc atoms

at the corners [9].
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Fig. 2.16: Morphology of primary AlzSc phases with different cooling rates; (a) 1Ks™!, (b)
100Ks™1, (c) 1000 Ks™! [78].

2.3.4.1 Primary Al3Sc

The nucleation behavior and morphology of primary Al3Sc was studied in detail by
Hyde et al. [78]. It was shown that the shape of Al3Sc phases was in general cubic,
whereas the morphology was slightly modified with increasing cooling rate, as illustrated
in Figure 2.16. Higher cooling rates led to the formation of an internal substructure, while
the overall morphology of the primary Al3Sc phases was still cubic. The substructure
resulted from interconnected dendritic arms growing with direction-dependent velocities.
In good agreement to this fundamental study, other researchers e.g. [79,80] also reported

of primary Al3Sc phases with cubic or similar regular shapes.

2.3.4.2 Eutectic o.-Al4Al3Sc

The eutectic a-Al+Al3Sc was only vaguely described in the existing literature as it
has no particular influence on the microstructure and properties of Al-Sc alloys [9]. It
was, however, shown [78] that eutectic a-Al4+Al3Sc was found at grain boundaries in an

Al-Sc0.7 alloy. Little additional information about the eutectic is provided in [9].

2.3.4.3 Secondary Al3Sc

In equilibrium, secondary Al3Sc phases form during cooling as the solubility of Sc in
a-Al is reduced with decreasing temperature (Fig. 2.14). The more important formation
mechanism with respect to the mechanical properties of the alloy, however, is the targeted
precipitation from a supersaturated solid solution, as explained in section 2.1.3. If an
Al-alloy supersaturated in Sc is annealed, secondary Al3Sc precipitates are formed either
by discontinuous or continuous precipitation [9]. Discontinuous precipitation refers to a
mechanism, where a supersaturated solid solution decomposes to a less supersaturated
solution and AlzSc particles behind a moving grain boundary. Continuous precipitation

is described by classical nucleation and growth theory. Discontinuous precipitation in
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Al-Sc alloys was only observed in two cases: first, after quenching of alloys with high
Sc-content (0.7 wt.%) [79]; second, after direct quenching from homogenization tempera-
ture (600°C) to various annealing temperatures in an alloy with a Sc-content of 0.2 wt.%
[42]. As the present study focuses on neither of these cases, the phenomena involved in

discontinuous precipitation are not discussed in detail.

Continuous precipitation describes the formation of secondary AlzSc phases during age-
ing of a supersaturated solid solution of Sc in Al. The Al3Sc precipitation kinetics is well
described with the JMAK relationship and depends strongly on the ageing temperature
and degree of Sc-supersaturation [9]. Typical annealing temperatures for precipitation in
Al-Sc alloys lie within 250°C and 500°C, whereas highest strength was achieved between
250°C and 350°C [77]. This temperature range is considerably higher than for most other
age-hardening types of Al-alloys. Al-Cu and Al-Mg-Si are usually aged between 150°C
and 200°C, while the annealing temperature for Al-Mg-Zn is even lower with around
100°C to 180°C [15].

Nucleation starts directly with the formation of the equilibrium L1, phase Al3Sc as there
is no indication of any metastable phases [9]. The nucleation of coherent precipitates oc-
curs either homogeneously in the matrix or heterogeneously at dislocations, depending
on the degree of Sc-supersaturation and the dislocation density [41,81]. Robson et al. [41]
proposed a model to predict the dominant nucleation mechanism based on Sc-content
and dislocation density, as shown in Fig. 2.17 (a). The lines represent multiples of a dislo-
cation density of 1.5-10'' m~2, and indicate a dominance of the homogeneous nucleation
mechanism over a wide range of dislocation densities and Sc-concentrations. Heteroge-
neous nucleation is only significant when a combination of high temperature, low degree
of supersaturation, and high dislocation density is given. In such a situation, the elastic
strain fields surrounding the forming nuclei are relevant. Dislocations are then favored
nucleation sites because the precipitates surrounded by compressive strain fields are at-
tracted by the local tension close to dislocations. In agreement to the model, Jones et
al. [82] showed that homogeneous nucleation dominated in deformed and non-deformed
Al-0.25 Sc (wt.%). Further results by Novotny and Ardell [81] were also in qualitative
agreement with the model of Robson et al. [41].

The Al3Sc precipitation kinetics is faster at higher temperature and contents of solute Sc
in a-Al. The time-temperature-transformation (TTT) curves in Fig. 2.17 (b) show faster
Al3Sc precipitation in case of higher Sc-content due to larger driving force for nucleation
and growth. Faster transformation kinetics in case of increasing Sc-concentration was

also reported by Zakharov [83]. The JMAK exponent n ranged from around 1.3 to 2 in-
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Fig. 2.17: Predictive model by Robson et al. [41] showing the dominating nucleation mechanism
(a) as well as the time and temperature dependent transformation (TTT) for different
Sc-contents (b).

dicating nucleation site saturation, i.e. that all the particles nucleated in a short period
of time, rather than at a constant nucleation rate [9,42]. As expected (Eq. 2.21), the pre-
cipitate growth rate increased with increasing ageing temperature [42]. The coarsening
stage of Al3Sc occurs after longer ageing times compared to most other precipitates in
Al-alloys [9]. Iwamura and Miura [84] attributed this behavior to the low diffusivity of Sc
and the coherent interface between particle and matrix that is maintained for long times.
They observed an increasing coarsening rate when the coherency of Al3Sc precipitates

was lost at sizes between 15 and 40 nm.

The shape of secondary AlzSc precipitates was reported to be spherical in most cases,
e.g. [42,81,82,85,86]. Other shapes, in addition, were only found after days [86] or even
weeks [81] of ageing and will not be discussed here in detail since these treatments are

irrelevant for any practical application.

2.3.5 Addition of further elements

The transformation temperatures and chemical compositions of the individual phases
of the Al-Sc system are influenced by any other alloying element added to the system.
Zakharov [83] demonstrated the influence of several elements including Mg, Zr, Zn, Fe,

and Si on the precipitation kinetics of the AlsSc phase. Other studies described, for
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example, the influence of Cu additions [87], the behavior of Mn-alloyed materials [88] or
alloys including Mn and Cr [89]. This section focuses on the influence of the addition of
Mg and Zr on the Al-Sc system.

2.3.5.1 Magnesium

While Mg and Sc mutually reduce the solubility of each other in Al, no ternary AIMgSc
phases could be found in the Al-rich corner of the Al-Mg-Sc system [9]. The reduced
solubility of Sc in Al-Mg compared to that of Sc in Al shifts the eutectic Sc-concentration
to lower values. In a binary Al-Sc alloy, a minimum of 0.55wt.% Sc is required to form
primary Al3Sc phases (Fig. 2.14 a). In an Al-Mg-Sc alloy, however, it was shown [42,90]
that as little as 0.2wt.% Sc may be sufficient to produce primary AlzSc phases. The
formation of secondary AlzSc precipitates was in general unaltered by the presence of Mg
[18,83,91]. However, Zakharov [83] suggested that the precipitation kinetics was slightly
faster in the presence of Mg than in binary Al-Sc alloys as a result of the reduced solid

solubility.

The precipitate radius 7, at which the transition from particle shearing to Orowan
looping occurs (Fig. 2.6), equaled 2.1nm for a binary Al-Sc alloy [38] and increased
to 2.4nm by adding 2wt.% Mg [18] for a constant precipitate volume fraction. This
increase of r; resulted of a reduced lattice mismatch between particle and matrix due to
the addition of Mg leading to a reduction of the coherency strengthening term (Eqs. 2.8
and 2.9).

2.3.5.2 Zirconium

The addition of Zr to Al-Sc may lead to the formation of the additional phase Al3Zr [9].
The metastable variant of the Al3Zr phase having L1y crystal structure is an effective
dispersoid strengthener in several Al-alloys [67,92-94]. These dispersoids are usually
formed during homogenization of cast billets and inhibit recrystallization in the following
thermo-mechanical treatments. In the context of precipitation hardening of Al-Sc-Zr

alloys, however, the individual formation of both Al3Sc and Al;Zr is not desired [9].

If scandium and zirconium are added in a weight ratio of around 2:1, full solubility of Zr
in Al3(Sc,Zr) can be achieved [95]. The formation of precipitates of the type Al3(Sc,Zr) is
more favorable with respect to the mechanical properties than an individual appearance
of both Al;Sc and Al3Zr [96-98]. While the nucleation and growth stages of Als(Sc,Zr) are
very similar to that of Al3Sc, the coarsening stage is significantly retarded for the ternary

phase as a result of its complex composition [44,95,99-103]. It was demonstrated, e.g.
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[44,95], that Als(Sc,Zr) precipitates have a distinct heterogeneous composition revealing
a Sc-rich core and a Zr-rich shell. Amongst others, Deschamps et al. [44] attributed
this core-shell structure to the lower diffusion coefficient of Zr compared to Sc in Al.
As a consequence of the heterogeneous composition, the precipitate coarsening stage
is controlled by the movement of slowly diffusing Zr. Therefore, precipitate coarsening

occurs significantly slower in ternary Al-Sc-Zr compared to binary Al-Sc alloys.

2.4 Al-Mg-Sc-Zr alloys

This section summarizes the metallurgical properties of Al-Mg-Sc-Zr alloys derived
from the fundamental discussion of the literature. First, the strengthening mechanisms
that apply to Al-Mg-Sc-Zr alloys are discussed regarding the chemical composition and
thermo-mechanical processing history. Second, the resistance to recrystallization and
grain growth due to Als(Sc,Zr) precipitates is summarized. Third, the need for rapid
solidification in order to produce high strength Al-Mg-Sc-Zr alloys is discussed. Finally,
the most important open questions are highlighted, that need to be clarified in order to

control the materials properties of a novel alloy produced on industrial equipment.

2.4.1 Strengthening

Grain size hardening is a very efficient way to increase the strength of a wide range of
materials without necessarily modifying their chemical compositions, as introduced in
section 2.1.2. Grain refinement in Al-(Mg)-Sc-(Zr) alloys is achieved by the formation
of primary Al3Sc or Al3(Sc,Zr) phases. Several studies [78-80,90,104,105] demonstrated
that primary Als(Sc,Zr) phases serve as nucleation sites for a-Al grains leading to con-
siderable grain refinement. The addition of 0.55 wt.% Sc, for example, reduced the grain
size by two orders of magnitude for an Al-alloy [79]. Costa et al. [80] presented a study
on Al-Sc alloys with 0.5, 0.7, and 1 wt.% Sc, where they demonstrated that not only the
grain size decreased with increasing Sc-content but also that the roundness of the single
grains increased. The grain morphology changed from large columnar grains to more fa-
vorable small equiaxed grains with very limited dendritic substructure. For castings, Sc
was found to be a more effective grain refiner than the usually used TiBs [90]. The lat-
tice misfit between a-Al and AlzSc is very low, for example 1.33% at room temperature
or 0.47% at the eutectic temperature. This low lattice misfit facilitates hetereogeneous
nucleation of a-Al grains at primary AlsSc phases during solidification leading to grain
refinement[106].
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Despite the substantial grain refining effect of primary Als(Sc,Zr) phases, no substantial
grain size hardening was observed for the investigated alloys, e.g. [80,104]. The small
grain sizes achieved using casting processes were still too big to affect the yield strength
significantly. These results are in good agreement to the reported low Hall-Petch slopes
(ko value in Eq. 2.6) for Al-alloys. In order to achieve high-strength Al-Mg-Sc-Zr alloys,
therefore, the controlled formation of primary Als(Sc,Zr) to produce fine o-Al grains is

not a promising way.

High strength in Al-Mg-Sc-Zr alloys results of a combination of solid solution hardening
due to Mg, precipitation hardening from secondary Als(Sc,Zr) particles [18,77,91], and,
if applied, strain hardening due to plastic deformation [17,107]. Fig. 2.18 illustrates the
influence of Mg (a) and Zr (b) additions on the microhardness evolution of Al-Sc alloys.
The binary Al-Sc alloy in Fig. 2.18 (a) shows a typical precipitation hardening curve.
A rather constant offset to higher values is achieved by adding Mg resulting from the
superposition of solid solution and precipitation strengthening. The comparison of the
Al-0.2Sc alloy in Fig. 2.18 (a) and the Al-0.4Sc alloy in Fig. 2.18 (b) illustrates the influ-
ence of the Sc-content on the strength. A higher Sc-concentration considerably increases
the maximum strength of the alloy. The positive impact of Zr addition on the hardness
is demonstrated in Fig. 2.18 (b). While the binary Al-Sc alloy shows the typical hard-
ness drop associated with precipitate coarsening, this effect is considerably retarded by
adding appropriate amounts of Zr. The initial stages of precipitation and the maximum

hardness, however, are not significantly affected by the presence of Zr.
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Fig. 2.18: Superposition of Mg solid solution and AlsSc precipitation strengthening (a) and
retarded coarsening due to Zr addition (b) in Al-Sc during annealing at 350°C.
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The strain hardening behavior of Al-Mg-Sc-Zr strongly depends on the presence and
nature of Alz(Sc,Zr) precipitates prior to deformation. It was shown [107] that the work-
hardening rate was low for underaged material as the precipitates were sheared by dis-
locations. In overaged condition, on the other hand, more pronounced work hardening

was observed due to interactions of dislocations with larger, non-shearable particles.

2.4.2 Recrystallization resistance

The strength of work hardened Al-Mg material is in general lost in a following heat
treatment due to recrystallization and recovery. Conventional Al-Mg3 deformed to 0.8
strain showed full recrystallization after only 5 min of isothermal ageing at 360°C [108].
The presence of AlzSc or Al3(Sc,Zr) in similar alloys, on the other hand, significantly
limited both recovery [109] and recrystallization [82,88,108,110-112] processes due to
Zener pinning. Ocenasek and Slamova [108], for example, showed that the addition of
0.25wt.% Sc and 0.08 wt.% Zr to Al-Mg3 was sufficient to limit the fraction of recrys-

tallized material to less than 3% even when annealed for 8h at 520°C.

Grain growth is considerably impeded in fine grained Al-Mg-Sc and Al-Mg-Sc-Zr alloys.
Various authors [96,113-120] reported on ultra-fine grained microstructures produced
by equal-channel angular pressing (ECAP). Quaternary Al-Mg-Sc-Zr provided best sta-
bility of ultra-fine grains compared to ternary Al-Mg-Sc or Al-Mg-Zr alloys due to the
formation of Al3(Sc,Zr) precipitates [96]. Fine grains were also produced via friction stir
processing (FSP) [121-125] or other severe plastic deformation methods [126-129]. In all

cases, the grain structure could be maintained in the presence of Al3(Sc,Zr) precipitates.

2.4.3 Rapid solidification

High strength and recrystallization resistance require the formation of secondary AlszSc
or Al3(Sc,Zr) precipitates. The precipitation of the phase, in turn, requires the presence
of a solid solution supersaturated in Sc prior to ageing. For most Al-alloys, supersatura-
tion in the main precipitate forming element(s) is achieved by a solution heat treatment
followed by quenching (Fig. 2.5). Typical solution temperatures for 2xxx [47], 6xxx [48],
or 7xxx alloys [130] lie within 480°C to 530°C. Similar procedures were carried out for
Al-Sc alloys, e.g. [42,81,85,86], however, the employed solution temperatures were con-
siderably higher ranging up to 650°C for a maximum Sc concentration of 0.3 wt.%. These
high temperatures are a natural consequence of the limited solubility of Sc in o-Al, as
shown in Fig. 2.14, and conventional solution temperatures of around 500°C would dis-

solve only as little as 0.07 wt.% Sc. All the studies on Al-Sc alloys mentioned before,
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for example [42,81,85,86], were carried out to study microstructural features using small
volume samples produced on laboratory scale. For applications on industrial scale, on
the other hand, a solution heat treatment close to the melting temperature is not feasi-
ble, simply because heavier parts such as entire coils would severely plastically deform

under their own weight at these temperatures.

Rapid solidification, i.e. quenching from liquid state, is used to cross phase boundaries
fast enough to totally, or at least partially, prevent the formation of equilibrium phases.
Such solidification is achieved by imposing a high cooling rate during solidification, which
requires that the melt is in good contact with an effective heat sink. Non-equilibrium
phases formed by rapid solidification include glasses, quasicrystalline phases, new crys-
talline phases, and equilibrium phases with extended composition range [131,132]. In the
current context, the extension of the solid solubility beyond the equilibrium level is of

particular interest.

Solid solutions with chemical compositions far beyond equilibrium can be produced by
rapid solidification if the velocity of the solidification front is higher than the diffusive
atomic motion of solute trying to escape [133]. As an example, by applying this principle,
up to 15wt.% Cu were dissolved in solid Ag, whereas the equilibrium solid solubility of
Cu in Ag is around 9 wt.% at the eutectic temperature (~ 780°C) and is close to 0 wt.%
at room temperature [134,135]. Apparently, not only the formation of secondary but also

of primary Cu-rich phases was suppressed.

Rapid solidification processes seem to be ideal candidates to produce Al-Mg-Sc-Zr alloys
with a high degree of Sc supersaturation, even with hypereutectic composition. Accord-
ing to [136], solidification and cooling rates of around 100 Ks™' should be sufficient to
form a supersaturated solid solution with 0.7 wt.% Sc. This hypothesis is somewhat con-
tradictory to the observed small primary phases in an Al-0.4wt.% Sc alloy solidified
at 1000 Ks™' [78]. However, a minimum required solidification rate was not tested in
the available literature so far, and the applied methods [136-138] revealed cooling rates
even higher than 1000 Ks™'. Herding et al. [136] studied a spray formed Al-4.5Mg-0.7Sc-
0.1Zr-0.5Mn alloy (wt.%) solidified with up to 10° Ks™*. The entire alloy content was
in solution after the initial production process and considerable precipitation hardening
was achieved in a following thermo-mechanical treatment. In rolled and annealed condi-
tion, this material exceeded the mechanical properties of Al-Cu-Mg alloy 2024. However,
to produce a large volume material in sheet metal condition, the proposed processing

route based on spray forming is probably not suitable.
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Selective laser melting (SLM) was applied to produce and characterize prototype parts
made of Scalmalloy® Al-4.5Mg-0.66Sc-0.37Zr-0.51Mn (wt.%) [137]. SLM uses powder
material that is molten and solidified layer by layer reaching solidification rates well in
excess of 10° Ks™'. In the paper, no details on the microstructure or precipitate evolution
are given, however, the strength levels after ageing reached values similar to [136], thus
the suppression of primary and secondary Als(Sc,Zr) due to SLM can be assumed. In
a similar study, Rometsch et al. [138] demonstrated that a large amount of Sc can be
brought in solution using SLM, but that the Sc-concentration varied significantly from
the bottom to the top of the manufactured part. They suggest to carefully control the
thermal history of the component to avoid the formation of coarse Als3(Sc,Zr) at the
bottom, while building-up new layers on top. At present, SLM is a highly promising
technique to produce complex parts with outstanding mechanical properties, but is not

considered as a method to produce large volume components.

Only one recent study in the available literature deals with a rapidly solidified Al-Mg-
Sc-Zr alloy that is produced as a precursor material for sheet metal parts. The study by
Mousavi Anijdan et al. [139] characterizes the mechanical properties of a strip casted Al-
Mg alloy containing 0.4 wt.% Sc and 0.15 wt.% Zr. After strip casting to 10 mm thickness,
cold rolling (1 mm), and ageing for several hours at 300°C, a yield strength of around
400 MPa was reached. The results of the mechanical properties seem to be promising,
however, the study reveals no details on the Sc-content in solution, the deformed and

annealed microstructure, the precipitate evolution, or other fundamental aspects.

In summary, the production of high volume Al-Mg-Sc-Zr material requires rapid solid-
ification if the entire Sc-content should be used for precipitation hardening. Additive
manufacturing techniques providing exceptional solidification rates are capable to dis-
solve large amounts of Sc but are not suitable to produce precursor material for sheet
metal parts. Strip casting, or similar processes, are promising candidates to produce
large volume Al-Mg-Sc-Zr material. However, there exist neither fundamental studies
describing the microstructure of such alloys, nor papers reporting on the metallurgical

processes involved in deformation, annealing, or precipitation.

2.4.4 Open questions for alloy development

There exists a substantial amount of literature in the field of Al-Sc alloys, and a large
part of which was discussed here. Most papers, however, focus on high-purity binary or
ternary lab-scale alloys. Many of these studies, in fact, were carried out only to elabo-

rate or validate mathematical models using Al-Sc as a model system. To the author’s
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knowledge, there are only two studies available [54,139] reporting on Al-Mg-Sc-Zr alloys
produced on industrial equipment. In a paper by Filatov and coworkers [54] several Al-
Mg-Sc-Zr alloys with varying chemical compositions are described. None of them reaches
the desired strength level of Al-Cu-Mg alloys. A reasonable explanation is that the al-
loys investigated by the group were produced using conventional casting techniques. An
efficient use of Sc as strengthening alloying element, however, requires direct chill cast-
ing processes with high solidification and cooling rates. As mentioned previously, there
exists only one study reporting on a rapidly solidified alloy produced on strip casting
equipment [139]. However, no basic microstructure characterization or details on the ki-
netics of precipitation or recrystallization are presented there. For example, the amount
of Sc in solution after casting, one of the most essential characteristics for precipitation
hardening, is not discussed. In other words, the quantitative correlation between mi-
crostructure evolution and mechanical properties is so far unknown for rapidly solidified

alloys produced on industrial scale.

The most important aspects that need to be understood in order to develop a novel,

rapidly solidified alloy are derived as follows:
e Amount of Sc in solution after the industrial processes.
e Precipitation hardening potential depending on the degree of Sc-supersaturation.

e Description of the Al3(Sc,Zr) precipitation kinetics depending on the content of

solute Sc.

e Microstructure evolution during deformation depending on the materials condition,

temperature, strain, and strain rate.

e Softening behavior during annealing of a cold deformed alloy depending on the

materials condition, ageing temperature, and degree of plastic deformation.

e Separation of the individual softening kinetics from that of precipitation hardening

during annealing of cold deformed material.
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3 Objectives and approach

The overall objective of this work is to analyze the behavior of a novel, rapidly solidified
Al-Mg-Sc-Zr alloy during thermo-mechanical processing. This alloy was developed within
the research project "OscAR” and was produced for the first time using an industry-
scale belt caster. The alloy is intended to be used as a stringer material, however, the
processing routine of the casted alloy is so far unknown. In any case, the casted belt
has to be rolled to sheet metal condition in order to finally produce a stringer by roll
forming. The processing of the alloy should be directed towards achieving high strength

in the final product while having enough formability during materials processing.

The first objective of this study is to characterize the belt-casted material with regard to
the microstructure, mechanical properties, and the amount of Sc in solution. In a second
step, an alternative materials condition is produced using an electron beam process with
highest solidification and cooling rates. The intention of this procedure is to achieve the
highest possible degree of Sc-supersaturation and compare the materials properties to

the as-cast material as a benchmark.

Based on the basic characterization, the second main objective is to systematically eval-
uate the materials behavior during different age hardening treatments of non-deformed
material. This includes the hardening potential as a function of Sc-content in solution,
temperature, and time, as well as a quantitative description of the precipitation kinet-
ics. The mechanical properties need to be correlated to the microstructure evolution, in

particular, to the strengthening Sc- and Zr-containing phases.

The third main objective is to analyze and describe the concurrent phenomena of hard-
ening and softening occurring during annealing of a deformed Al-Mg-Sc-Zr alloy. It is
aimed to separate the kinetics of precipitation hardening and softening due to recovery or
recrystallization to quantitatively describe each phenomenon. Again, the microstructure
evolution during ageing of deformed material needs to be correlated to the mechanical

properties as a function of temperature, time, and degree of deformation.
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4 Experimental

In this work, several aspects of a novel belt-casted Al-Mg-Sc-Zr alloy developed in the
project ”OscAR” were studied. In a first step, the belt-casted material was analyzed
with respect to the presence of primary, eutectic, and secondary Al3(Sc,Zr) phases to
determine the content of Sc in solution. Parts of the material were re-melted and solidi-
fied with highest solidification and cooling rates using an electron beam process to study
an additional materials condition with highest solute Sc-concentration. Thereafter, the
Al3(Sc,Zr) precipitation kinetics was studied for both materials conditions, i.e. as a func-
tion of the degree of Sc-supersaturation, temperature, and time. Finally, cold deformed
samples were subjected to various investigations to separate the kinetics of precipitation
hardening and softening due to recovery or recrystallization. In-situ methods were used

to precisely study the temporal evolution of the processes.

4.1 Material

The investigated material was an Al-alloy with a nominal chemical compostition of
4wt.% Mg, 0.4wt.% Sc, and 0.12wt.% Zr casted to an 8 mm thick, 280 mm wide, and
30m long belt using a continuous belt-casting technology. The chemical composition
is shown in Table 4.1. Three different materials conditions were studied in this work:
as-cast (AC), pre-aged (PA), and electron-beam re-solidified (EBRS).

4.1.1 As-cast condition

For the given casting conditions, the solidification and cooling rates were estimated by
the materials producer with around 30 Ks™!. These rates are medium-high compared to

different Al-casting processes ranging from 107! to 102 Ks™" [140].

Table 4.1: Chemical composition of the belt-casted Al-Mg-Sc-Zr alloy (wt.%)

Alloy Al Mg Sc Zr Fe Si Cu Mn Zn others
AlMg4Sc0.4Zr0.12 bal. 3.89 0.37 0.13 0.04 0.05 0.002 0.02 0.04 0.007

46



Experimental

4.1.2 Pre-aged condition

A small portion of the as-cast (AC) material was aged at 325°C to promote the formation
of Al3(Sc,Zr) precipitates prior to further processing. This materials condition was called

pre-aged (PA). The samples were inserted in a heated furnace and aged for 60 min.

4.1.3 Electron-beam re-solidified condition

Parts of the as-cast (AC) material were remelted and solidified using an electron-beam
re-solidification (EBRS) process. The objective of this procedure was to generate an
alloy subjected to a very high solidification rate of up to 10° Ks™* [141]. EBRS was
performed using an EBG 45-150 K14 electron beam welding machine (pro-beam). The
main processing parameters were an acceleration voltage of 150kV, a beam current of
10mA, and a processing speed of 10mms~t. The focus of the electron beam was set

slightly below the surface of the casted belt to avoid pores in the re-solidified material.

4.2 Methods

Several methods and procedures were used to modify the conditions of sample material
and test the resulting mechanical properties. The property modifying methods included
cold deformation and various heat treatments. The material’s response to these treat-

ments was measured by hardness testing.

4.2.1 Plane-strain deformation

Specimens of AC and PA material were compressed at room temperature in plane-strain
condition using a Gleeble® 3800 Hydrawedge system (DSI). Plane-strain deformation
was used to simulate an industrial rolling process [142]. The deformation procedure is
schematically illustrated in Fig. 4.1 (a) and (b). The 20 mm long, 10 mm wide, and 4 mm
thick specimens were machined from the center of the casted belt and compressed to
final equivalent strains of 0.5 and 1.5 with a strain rate of 1s~!. For all microstructure

images of deformed samples, deformation occurred in vertical direction.

4.2.2 Heat treatments

Two different kinds of heat treatment procedures were used depending on the desired
heating rate and temperature cycle. Furnace annealing was used for slow heating rates,

while dilatometer annealing was carried out for higher heating rates, as follows.
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Deformed (D)
Non-deformed (ND)

Fig. 4.1: Specimen and anvils before (a) and after (b) plane strain deformation in a Gleeble®
3800 Hydrawedge system (dimensions in mm). Deformed specimen and cutting plane
to machine dilatometer samples (c¢). Dilatometer samples with a thickness of 3 mm
indicating deformed (D) and non-deformed (ND) sample positions (d).

4.2.2.1 Furnace annealing

Samples in non-deformed AC and EBRS conditions were heated in a furnace to 250°C,
325°C, and 400°C with a heating rate of 1°Cs™". A total of 12 samples per condition was
aged at each temperature to study the Als(Sc,Zr) precipitation kinetics. The individual
samples were annealed in the furnace for different durations ranging from 0.1 to 180 min
prior to air cooling. Finally, the hardness was measured in every sample after the ageing

treatment.

4.2.2.2 Dilatometer annealing

Dilatometer annealing was performed for AC and PA samples after cold deformation to
equivalent strains of 0.5 and 1.5 to study the recrystallization behavior of the material.
Individual samples with a thickness of around 3 mm were cut out of the deformed spec-
imens, as shown in Fig. 4.1 (c¢) and (d). Consequently, the dilatometer samples revealed
a distinct heterogeneity with a deformed center (D) and non-deformed (ND) edges (Fig.
4.1 d). These samples were annealed in a DIL 805A /D dilatometer (Baehr). They were
mounted between rods made of quartz and were held with a force just large enough to
prevent the loss of the samples. Thus, the thermal expansion was not inhibited. A K-type

thermocouple was welded on the surface of each sample to control the temperature.

Table 4.2 gives an overview of the dilatometer annealing experiments including the initial
plastic strain, the ageing temperatures and times, as well as the total amount of samples
used per materials condition. The heat treatments were carried out at 325°C, 400°C,
and 500°C for the AC condition, while in case of PA condition annealing was done at

400°C only. The controlled heat-up occurred within 1 min from room temperature to the
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Table 4.2: Overview of the dilatometer annealing experiments and total number of samples
used per materials conditions.

Strain () Temperature (°C) Time (min) Samples
0.5 325 0.1
As-cast (AC) and 400 to 84
1.5 500 60
0.5 - 0.1
Pre-aged (PA) and 400 to 28
1.5 - 60

respective target temperature by induction heating. This corresponds to heating rates
between 5 and 8°Cs™'. A total of 14 samples was annealed per temperature and strain
with ageing times ranging from 0.1 to 60 min. More specific, the ageing times were 0.1,
0.5, 1, 2, 3, 4,5, 7, 10, 15, 20, 30, 45, and 60 min. After annealing, the samples were
cooled down to room temperature in a He-gas flow within seconds. The hardness was

measured in every sample after dilatometer annealing.

4.2.3 Hardness testing

Hardness testing was done to study and compare the mechanical properties in various
sample conditions, and after different processing routes and thermo-mechanical treat-
ments. The used hardness measurement method was HV0.1 Vickers hardness with a load
of 0.981 N. An automatic M1C010 hardness tester (EMCO-TEST) was used. A mini-
mum of 15 individual measurements was carried out per sample condition in order to

ensure statistical significance.

4.3 Microstructure analyses

A large variety of techniques was used to study the microstructure in different materials
conditions. In-situ investigation methods were carried out to study the temporal evolu-
tion of time and temperature dependent phenomena. Several scanning and transmission
electron microscopy techniques were used to characterize micro- and nanostructures to

finally correlate the findings to the in-situ investigations.

Some microscopy figures consist of several subfigures. If the scale is the same for all
subfigures of a figure, the length of the scale bar on the right bottom subfigure applies
to all other subfigures.
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4.3.1 In-situ synchrotron X-ray diffraction

Diffraction occurs when a wave encounters regularly spaced objects with spacings com-
parable to the wavelength. Diffraction measurements in crystals, in general, are based
on Bragg’s law [143,144]:

nA = 2d - sin ©. (4.1)

In Eq. 4.1, n is the order of reflection (usually 1), A is the wavelength of the incident
beam, d is the interplanar spacing, and © represents the scattering angle. This relation-
ship, schematically shown in Fig. 4.2, determines that constructive interference occurs at
an angle © only if the path length difference between the deflected rays 1’ and 2’ equals
a whole number of wavelengths A. X-ray diffraction (XRD) measurements are commonly
used to determine the crystal structure or the interplanar spacing of a crystalline mate-
rial, or for phase identification in alloys. In the latter case, the interplanar spacings of
various lattice planes of the respective phases need to be known in order to identify the
measured signals. The majority of XRD measurements is carried out ex-situ, i.e. the ma-
terials condition does not change during the measurement. In that case, laboratory XRD
measurement, devices with acquisition times in the range of hours can be used. If fast
transformations should be studied in-situ, on the other hand, the signal acquisition time
in laboratory devices is too long as a result of a lack of brilliance of the X-ray beam. To
study the precipitation kinetics at elevated temperature, for example, a highly brilliant
Synchrotron X-ray beam needs to be used. For further information on Synchrotron light
sources and their application in materials science, the reader is referred to [145,146].

Incideni ~ \\ 1Dliffra(:ted
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Fig. 4.2: Diffraction of X-rays by planes of atoms, where constructive interference occurs only
if Bragg’s law is satisfied [13].
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To analyze the presence, formation or dissolution of different phases during annealing,
in-situ synchrotron X-ray diffraction (XRD) measurements were carried out at the Aus-
trian SAXS beamline at Elettra Sincrotrone Trieste [147]. The beamline was set-up to
use monochromatic X-rays with a wavelength of 0.154 nm. X-ray patterns were recorded
with a Pilatus 100k pixel detector (Dectris). The angular scale of the patterns spanned
the range between 30° and 53° and was calibrated with LaBg powder. AC and EBRS
specimens were cut to 70 to 100 pm thick samples which were placed in a custom made
sample support for transmission measurements mounted on a DHS 1100 heating stage
(Anton Paar). This arrangement allowed to capture XRD patterns every 10 seconds
while subjecting the samples to a heat treatment. For both AC and EBRS samples, the
same temperature cycle as for the furnace annealing at 400°C was carried out, i.e. a
heat-up stage with a heating rate of 1°Cs™* followed by isothermal ageing for 180 min
and air cooling. The temperature during the heat treatment was measured using a K-
type thermocouple mounted on the heating stage. To evaluate the intensity of the XRD
peaks, the Al3(Sc,Zr) peak height was determined by fitting a Lorentzian peak with a

linear background to the data for the given time step.

4.3.2 In-situ confocal laser scanning microscopy

Confocal laser scanning microscopy (CLSM) is a technique primarily used for high-
resolution imaging of molecules in biomedical sciences [148]. In addition, in-situ CLSM
was successfully applied to study various temperature dependent microstructural phe-
nomena in metals. These include both solid-liquid [149-151] and solid-solid [152-156]
phase transformations. The latter investigations show the suitability of CLSM to ob-

serve the formation and migration of boundaries.

In-situ CLSM was never used to study the recrystallization behavior of alloys. However,
in this work it was considered as a very suitable approach due to its capability to visu-
alize boundary migrations and to determine the local and temporal evolution of these
transformations. CLSM was carried out using a 1LM15 (Lasertec) microscope to study
the recrystallization behavior of AC and PA samples in-situ during annealing after cold
deformation. The samples were prepared as follows: First, plane strain compression to
final equivalent strains of 0.5 and 1.5 was carried out, as explained in 4.2.1. Second,
specimens were prepared in the same way as for dilatometer annealing (Fig. 4.1 d). The
final sample preparation step is illustrated in Fig. 4.3 (a). CLSM samples with a width of
3mm were cut out of the center of the deformed specimens and polished manually. The

centers of the small samples were investigated by in-situ CLSM and electron backscat-
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ter diffraction (EBSD). Fig. 4.3 (b) shows the simulated strain distribution in a sample
that was cold deformed to a total equivalent strain of 0.8 under plane strain condition.
Despite the heterogeneous strain distribution typical for the process [157-159], it can be
observed that the strain in the center of the sample corresponds roughly to the global
strain of the sample. It was, therefore, assumed that the strain in the centers of the

samples deformed to 0.5 and 1.5 strain also corresponded to the respective global strain.

The annealing treatments in the CLSM were done analogous to those in the dilatome-
ter. Heat treatments were carried out inside the CLSM at 325°C, 400°C, and 500°C
for the AC condition, and at 400°C in case of PA condition. The samples were heated
by infrared rays within 1 min in an Ar-3%H, atmosphere, held for 60 min at the target
temperature, and subsequently cooled down to room temperature. During annealing, an
area of 300x 220 pm was scanned at a rate of 30 frames per second while an image was

captured every second.

Strain

CLSM, EBSD

0 0.5 1.0 1.5

(a) Schematic illustration of a 3mm wide CLSM  (b) Simulation of the strain distribution in a sam-
sample cut out of a deformed specimen. Sample ple cold deformed to a final equivalent strain of 0.8
center investigated by CLSM and EBSD. (Courtesy of Martina Dikovits)

Fig. 4.3: Illustration of a 3mm wide sample used for annealing in a CLSM (a). The center
of the sample was investigated by in-situ CLSM and electron backscatter diffraction
(EBSD). Simulation of the strain distribution in a sample after cold deformation under
plane strain condition to a total equivalent strain of 0.8 (b). Despite the heterogeneous
distribution, the center of the sample revealed a strain of 0.8, identical to the global
deformation of the sample.
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4.3.3 Scanning electron microscopy

Scanning electron microscopy (SEM) is used to image and analyze bulk specimens.
Electrons are accelerated through a voltage difference towards the specimen where they
interact with the sample volume. These interactions can be measured with appropriate
detectors. The most important signals in metals and alloys are detected from secondary
electrons (SE), backscattered electrons (BSE), Auger electrons (AE), and X-rays [160].

4.3.3.1 Electron backscatter diffraction

Electron backscatter diffraction (EBSD) is a technique that is universally used for char-
acterizing the local crystallography of materials. As an add-on package to SEM, EBSD
gives information about the phase structure, grain structure, local misorientation, tex-

ture, and other aspects of bulk specimens [161].

In this work, EBSD measurements were carried out mainly to study the local misorienta-
tion of the AC and PA samples before and after the CLSM procedure. To acquire proper
data, the thin oxide layer that formed on the sample surface during the CLSM proce-
dure was removed by Ar-etching for 300s prior to analyzing the samples. A JSM7001F
(JEOL) field-emission SEM was used at an acceleration voltage of 15kV with a step size
of 0.25 pm. Boundaries with misorientation greater than 12° were defined as high angle
grain boundaries (HAGB) while those having lower misorientations were considered as
low angle grain boundaries (LAGB). Areas with a confidence index (CI) lower 0.1 after

normalization were colored in black.

Recrystallized grains were distinguished from deformed or recovered ones by calculating
grain orientation spread (GOS) maps. The grain orientation spread is the average devia-
tion in orientation between each point in a grain and the average orientation of the grain
and is a useful technique to identify recrystallized grains [162]. In this work, the GOS
limit for recrystallized grains was set to 1.5°, i.e. the difference in orientation between
each point in a recrystallized grain and the average orientation of this particular grain

was less than 1.5°, similar to [163].

To compare the microstructure obtained on the surface of CLSM samples with that
inside the bulk, a 100 pm thick layer was removed by Ar-ion milling after analyzing
the surface. This procedure was done only for the AC samples annealed at 400°C in
the CLSM. The bulk microstructure was analyzed using the same EBSD procedure as

explained above.
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4.3.3.2 Energy-dispersive X-ray spectroscopy

Energy-dispersive X-ray spectroscopy (EDS) is capable to give element-sensitive images
of a SEM-sample. When the electron beam interacts with a sample volume, X-rays are
emitted with element-specific energy, thus identifying the local chemical composition.
EDS measurements were carried out using a LEO 1450VP (ZEISS) scanning electron

microscope.

In this work, EDS was used to identify microstructural features in micrometer range re-
garding their chemical composition. In particular, Sc- and Zr-rich phases in non-deformed
condition as well as in recrystallized material were investigated. The identification of re-
crystallized grains was based primarily on the EBSD data, as explained above. However,
Al3(Sc,Zr) have the same lattice structure as o-Al which allows no differentiation based
on EBSD data. Therefore, the results of the GOS analysis were further refined using EDS
maps of Sc to allow a differentation between recrystallized grains and large Als(Sc,Zr)

phases.

4.3.4 Transmission electron microscopy

Unlike SEM characterization, where bulk samples are studied, transmission electron
microscopy (TEM) uses thin foil samples that are transmitted by an electron beam
causing various interactions with the sample volume. The resolution of a modern TEM
may reach to the range of a single atom depending on the instrumentation, the mode of
operation, the sample condition, and other factors [164]. Consequently, TEM is a suitable

technique to study precipitates in the nanometer range, such as Alz(Sc,Zr) precipitates.

The preparation of TEM samples included the following steps: A thin foil with a thickness
of about 500 pm and a diameter of 3 mm was cut from the bulk sample using a diamond
wire saw and an ultrasonic disk cutter. After dimpling and polishing the sample, an
Ar-ion milling step under 4kV at an angle of 4° at the top and 6° at the bottom was
carried out until a hole with electron transparent edges appeared. The investigations

were carried out at specimen thicknesses of about 0.5 times the inelastic mean free path.

4.3.4.1 High-resolution scanning TEM

High-resolution scanning TEM (HR-STEM) provides atomic resolution by scanning a
convergent beam along very small specimen areas. Investigations were carried out on a
Cs-probe corrected Titan® 60 — 300kV (FEI) equipped with a Super-X EDX detector
(FEI) and a GIF Quantum energy filter (Gatan), operated at 300 kV. High-angle annular
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dark-field (HAADF) images were acquired showing the heavier Sc and Zr brighter than
the Al matrix. To verify whether the elements in question were present, simultaneous

X-ray and electron energy-loss spectroscopy (EELS) acquisitions were performed.

In this work, HR-STEM was carried out to study the presence and nature of Alz(Sc,Zr)
precipitates in AC and EBRS conditions after the in-situ XRD measurements.

4.3.4.2 Energy-filtered TEM

Energy-filtered TEM (EFTEM) is capable of acquiring filtered images with optimized
contrast at a resolution in nanometer range. A Tecnai F20 (FEI) operated at 200kV
equipped with a Tridiem post column imaging filter (Gatan) was used to study the pre-
cipitate structure of AC and EBRS samples after 180 min of ageing at 325°C and 400°C.
The samples annealed at 250°C could not be analyzed quantitatively due to the very
small precipitate size.

The filtering energy was set such to deliver highest contrast between Alz(Sc,Zr) precipi-
tates and matrix. This was reached at an energy of 40eV with a slit width of 10eV,
generating bright precipitates in a dark matrix. Using this light-dark contrast, the pre-
cipitates could be identified in order to quantify the precipitate radius, volume fraction,
and number density for the different sample conditions. For identification of the pre-
cipitates and analysis of the sample thickness, the software DigitalMicrograph (Gatan)
was used. The precipitate radius was calculated from the images assuming spherical
particles. Based on the radius of every single precipitate, the total precipitate volume
was calculated for every individual measurement. The corresponding total measurement
volume was calculated from the sample thickness and the measuring area. The ratio of
precipitate volume and total measurement volume was used to determine the precipi-
tate volume fraction for every measurement. The precipitate number density was finally

evaluated by dividing the number of precipitates by the respective measuring volume.

EFTEM measurements were also used to study the interactions of precipitates and high-
angle grain boundaries in recrystallized material. An AC sample was analyzed that was
deformed to 0.5 strain and annealed at 400°C for 1h in a CLSM. In that case, the char-
acterization was carried out on a Cs-probe corrected Titan® 60 —300kV (FEI) operated
at 300kV using a GIF Quantum energy filter (Gatan).
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4.4 Experimental summary

Fig. 4.4 summarizes all experimental investigations. The hardness evolutions of AC and
EBRS material due to furnace annealing were combined with in-situ XRD as well as
HR-STEM and EFTEM investigations to study the Als(Sc,Zr) precipitation kinetics.
Cold deformed AC and PA samples were subjected to dilatometer annealing followed by
hardness measurements, on the one hand, and in-situ CLSM as well as EBSD, EDS, and

EFTEM investigations, on the other hand, to investigate the kinetics of recrystallization.

AlMg4Sc0.4Zr0.12
|

<

d—
ld—

4—

AC EBRS AC PA
No mechanical Plane-strain
processing cold deformation
Furnace In-situ ?rtttgr_ In-situ
annealing XRD : CLSM
annealing
Y Y Y Y
HR- EBSD,
Hardness STEM, Hardness EDS,
EFTEM EFTEM

Precipitation
kinetics

Recrystallization
kinetics

Fig. 4.4: Summary of materials conditions and experimental methods used to determine the
precipitation and recrystallization kinetics of the belt-casted AlMg4Sc0.4Zr0.12 alloy.
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5 Results and analyses

This section shows the results obtained in this work and is subdivided into three main
parts. The first one shows the characterization of the material in AC, PA and EBRS
conditions. The second part deals with the precipitation kinetics in different sample
conditions, while the third part is related to the kinetics of softening, in particular

recrystallization.

5.1 Materials characterization

The three different initial sample conditions as-cast (AC), electron-beam re-solidified
(EBRS), and pre-aged (PA) were analyzed regarding grain structure, hardness, presence
and nature of Al3(Sc,Zr) phases, and degree of Sc-supersaturation. The grain structure
in AC condition was equiaxed rather than columnar with an average grain size of around
30 pm, as shown in the electron-backscatter diffraction (EBSD) image in Fig. 5.1 (a).
The samples in AC condition revealed a hardness value of 66 +2.5HV0.1. The grain size
and morphology in PA condition was very similar to that in AC, however, the hardness in
case of PA condition was considerably higher with values of 94+3.2HVO0.1. This hardness
increase was attributed to the presence of secondary Als(Sc,Zr) precipitates that formed
during pre-ageing at 325°C for 60 min, as discussed in detail in the following sections. The
grain size for PA condition was similar to that of AC material and was not investigated

quantitatively.

The grain size in EBRS condition was significantly smaller than for AC and PA with
around 5pum, as demonstrated in Fig 5.1 (b). This reduction in grain size resulted from
the exceptionally high solidification rates associated with the EBRS process. The EBRS
samples revealed a hardness of 65 + 2.8HV0.1. The considerable reduction in grain size
compared to AC condition (Fig. 5.1) had no influence on the hardness. The values for

grain size and hardness investigations are summarized in Table 5.1.
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(a) As-cast (AC) (b) Electron-beam re-solidified (EBRS)

Fig. 5.1: EBSD orientation maps of as-cast (a) and electron-beam re-solidfied (b) material re-
vealing significant differences in grain size due to different solidification rates. (HAGB
in black, colours correspond to crystal orientation according to reference triangle.)

Table 5.1: Summary of hardness and grain size for different initial sample conditions. The grain
size in PA condition was similar to AC material and was not analyzed in detail.

Condition | Hardness (HV0.1) Grain size (pm)

AC 66 2.5 30+ 6
PA 94+ 3.2 -
EBRS 65 £ 2.8 5+E2

Fig. 5.2 shows non-etched light-optical microscopy (LOM) images of AC (a), PA (b),
and EBRS (c) samples. In all images, dark gray microstructural features highlighted
with arrows were detected. In case of AC and PA conditions, a large amount of these
features was present with similar distribution, either as individual regular shapes (black
arrows) or as clusters of smaller entities (white arrows). In case of EBRS condition, on
the other hand, the number of those features was significantly reduced, as shown in Fig.
5.2 (c¢). During the EBRS process, most of these microstructural entities were dissolved

and their formation was supressed due to the high solidification rates.

The features highlighted in Fig. 5.2 were further investigated using SEM and EDS tech-

niques. The results of these analyses on AC samples are shown in Figs. 5.3 and 5.4.
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(a) As-cast (AC) condition

(b) Pre-aged (PA) condition

(c) Electron-beam re-solidified (EBRS) condition

Fig. 5.2: LOM images of AC (a), PA (b), and EBRS (c) conditions. Black arrows indicate
individual features with regular shape, white arrows indicate features in clusters.
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Fig. 5.3 (a) shows a SEM image taken from one of the regular shaped entities indicated
with black arrows in Fig. 5.2. The phase with a size of roughly 20 pm was found to be
rich in Sc and Zr using EDS analysis (Fig 5.3 b). From the chemical composition and
the regular shape, the phase was identified as primary Al3(Sc,Zr). This primary phase
was located in the center of an o-Al grain with grain boundaries enriched in Mg. In
good agreement with previous studies [78,80], it is shown from Fig. 5.3 that the primary
Al3(Sc,Zr) phase served as nucleation site for the o-Al grain that grew in all directions

while segregating the lower melting Mg-rich liquid phase.

Similar SEM and EDS analyses were carried out for the clusters highlighted with white
arrows in Fig. 5.2, as shown in Fig. 5.4. Again, the phases were identified as Sc- and
Zr-rich. However, in contrast to the large primary phase shown in Fig. 5.3, the phases
were smaller, less regular in shape, and located at o-Al grain boundaries rather than the
grain centers. It is assumed that these Al3(Sc,Zr) phases represent primary phases with

less regular shape as a result of rapid solidification [78] and eutectic a-Al+Al3(Sc,Zr).

The main target of the characterization of the initial conditions was the quantification
of the Sc-content in solution that might contribute to precipitation strengthening in
a further age hardening process. Two different approaches were followed to study the
degree of Sc-supersaturation in AC and EBRS conditions. In PA condition, the content
of solute Sc was assumed to be negligible, i.e. close to 0, as a result of progressed
Al3(Sc,Zr) precipitation during pre-ageing at 325°C for 60 min. Arguments supporting

this assumption are discussed in section 6.2.

Al Mg

oscar13
MAG: 1000 x HV: 20,0 kV WD: 12,2 mm

EHT=2000 kY Mag= 1.00K X @ 19 inch Monitor
Signal A=BSD WD= 8mm__File Name = 05car13g0005.tif

(a) SEM image (b) EDS map

Fig. 5.3: SEM (a) and EDS (b) images showing a large primary Als(Sc,Zr) phase located in
the center of an Al-grain with Mg-segregations at the grain boundaries.
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Al 4 [

EHT=2000 KV = 200K X @18 inch Monitor o Oscar13
Signal A =BSD = File Name = oscart 3g0040.tif ! MAG: 2000 X HV: 20,0 KV WD: 12,5 mm

(a) SEM image (b) EDS map

Fig. 5.4: SEM (a) and EDS (b) images showing clusters of primary or eutectic Alz(Sc,Zr).

The first approach to study the degree of Sc supersaturation was a simple image analysis
based on the LOM images shown in Fig. 5.2. The estimation neglecting the presence of Zr
and Mg was conducted as follows: First, the area fraction of Als(Sc,Zr) was determined
for AC and EBRS samples by analyzing the LOM images in Fig. 5.2. Using a graphical
analysis tool (ZEISS KS400), the area fractions were quantified based on the contrast
between the light matrix and the darker Al3(Sc,Zr) phases. It was assumed that the
area fractions corresponded to the volume fractions. From the area or volume fractions,
the Al3(Sc,Zr) weight fractions were calculated by taking into account the different
weights of the unit cells of o-Al (107.928 u) and Als(Sc,Zr) (125.902u). The conversion
factor between Als(Sc,Zr) volume fraction and weight fraction equalled 1.167. The weight
fraction was used to determine the amount of Sc that was bound in Al3(Sc,Zr) phases.
The estimation of the Sc-content in Als(Sc,Zr) phases was based on a binary Al-Sc phase
diagram (Fig. 2.13) where the a-Al+Al3Sc phase field ranged from 0 to 35.7 wt.% Sc at
room temperature. Finally, the content of solute Sc was determined as the difference
between the nominal Sc-content (0.4 wt.%) and the content of Sc bound in Als(Sc,Zr)
phases. The individual values of this graphical estimation are shown in Table 5.2. The
amount of Sc in solution was quantified with 0.12wt.% in AC condition and 0.39 wt.%
in EBRS condition.

The second approach to analyze the content of solute Sc was based on quantitative
HR-TEM EDS measurements of the precipitate-free matrix in AC and EBRS samples.
These analyses revealed degrees of Sc-supersaturation of 0.15 wt.% in AC condition and

0.35wt.% in EBRS condition. The average values of the two investigation approaches,
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graphical analysis and HR-TEM, were used for further analyses in this work. A summary
of the values aquired with the two approaches as well as the average values are given in
Table 5.3. For further investigations, the average values of the two analyses were used
equalling 0.13 + 0.02 wt.% in AC and 0.37 &= 0.03 wt.% in EBRS conditions.

Table 5.2: Estimation of solute Sc-content in different materials conditions: Alz(Sc,Zr) area
(volume) fraction and weight fraction based on graphical analysis of micrographs,
Sc content in Al3(Sc,Zr) and solid solution calculated from Al-Sc phase diagram.

Al3(Sc,Zr) proportion (%) Sc (wt.%) proportion in
Condition Area/Volume Weight Al3(Sc,Zr) Solid sol.
AC 0.674 0.786 0.281 0.119
EBRS 0.022 0.026 0.009 0.391

Table 5.3: Nominal Sc content and degree of Sc-supersaturation in different sample conditions
derived from image analysis and HR-TEM EDS measurements (wt.%).

‘ Sc content ‘ Sc in solid solution
Condition ‘ nominal ‘ Image HR-TEM Average Std. dev.
AC 0.4 0.12 0.15 0.13 0.02
EBRS 0.4 0.39 0.35 0.37 0.03

5.2 Precipitation kinetics

The precipitation kinetics of samples in AC and EBRS conditions was studied focusing
on the influence of the degree of scandium supersaturation prior to ageing. First, the
hardness evolution was determined by hardness measurements after ageing at 250°C,
325°C, and 400°C for up to 180min in a furnace. Second, in-situ synchrotron XRD
measurements were carried out to analyze the phase transformations occurring during
ageing. Third, the Al3(Sc,Zr) precipitate state was characterized by HR-STEM and

EFTEM in terms of mean radius, volume fraction, and number density.

5.2.1 Hardness evolution

Fig. 5.5 shows the hardness evolution for different degrees of Sc-supersaturation and
ageing temperatures. As shown in the previous section, the hardness values for AC and

EBRS conditions were almost identical prior to ageing. During the first stage of ageing,
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the hardness remained at about the same level as in the initial condition for all tem-
peratures. However, as the hardness increased, the EBRS samples showed clearly higher
values than the AC samples for all temperatures with an offset of roughly 15HVO.1.
The period of time before the first hardness increase, the incubation time, depended on
the ageing temperature. The incubation time decreased from 45 min at 250°C to around
2min at 400°C, independent of the degree of Sc-supersaturation. From the shape of the
curves, it could be denoted that the samples at 250°C did not reach the peak age condi-
tion within 180 min, that those annealed at 325°C showed peak ageing between 120 and
180 min, while the samples aged at 400°C presented a peak after around 20 min. After
reaching the maximum hardness, the samples aged at 400°C showed a slight but con-
tinuous decrease of the average hardness values. At lower temperatures, no decrease in
hardness was observed in the investigated time range. The hardness values after 180 min

of furnace annealing of AC and EBRS samples are summarized in Table 5.4.
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Fig. 5.5: Hardness evolution as a function of Sc-supersaturation and ageing time at 250°C (a),
325°C (b), and 400°C (c) revealing significant influence of both the amount of Sc in
solution prior to ageing as well as the ageing temperature.

Table 5.4: Hardness values after 180 min of furnace annealing of AC and EBRS samples.

Hardness (HVO0.1)
Temperature (°C) | 0.13wt.% Sc (AC) 0.37wt.% Sc (EBRS)

250 77+ 3.7 88 +4.3
325 95 £ 3.0 111 £ 2.1
400 87+£2.1 104 £2.5
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Fig. 5.6: Hardness evolution as a function of temperature and ageing time for 0.13 wt.% (AC)
(a) and 0.37wt.% (EBRS) (b) Sc in solution; Hardness increment after ageing for
180 min as a function of initial Sc-content in solid solution (SS) and temperature (c).

In Fig. 5.6, the hardness evolution is summarized for Sc-supersaturations of 0.13 wt.% in
AC condition (a) and 0.37 wt.% in EBRS condition (b) for the investigated temperatures.
A quantitative comparison of the maximal hardness achieved within 180 min of ageing
as a function of Sc-supersaturation and ageing temperature is given in Fig. 5.6 (c¢). The
maximum hardness increment of almost 70% was achieved for the EBRS sample aged
at 325°C.

5.2.2 In-situ X-ray diffraction

In-situ XRD experiments were carried out during ageing at 400°C in order to charac-
terize the evolution of the phases responsible for the observed hardness increments. The
diffraction profiles in the relevant 2 © regime are presented in Fig. 5.7 (a) for an AC and
an EBRS sample aged for 0 and 180 min. The relevant peaks were identified as Al and
Al3(Sc,Zr) and are comparable to [80]. While the Al-peaks remained unchanged from
the beginning to the end of the experiment, modifications of the Als(Sc,Zr) peak were
observed, as illustrated in the close-up of this peak in Fig. 5.7 (b).

When considering Al3(Sc,Zr) after 0 min of ageing, a small narrow peak was present in
the AC sample that could not be detected in EBRS condition (Fig. 5.7 b). This observa-
tion corresponded to the fact that primary and eutectic Als(Sc,Zr) phases evidenced by
this peak were only present in AC and not in EBRS condition. After ageing for 180 min
at 400°C, the Al3(Sc,Zr) peak in the AC sample was more pronounced, indicating the
formation of further Al3(Sc,Zr) phases. The Als(Sc,Zr) peak also became broader due to
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Fig. 5.7: XRD profiles at 400°C after 0 and 180 min of ageing for AC and EBRS samples. The
full range of relevant peaks (a) and the detailed illustration of the Al3(Sc,Zr) peak
(b) demonstrate modifications of the Al3(Sc,Zr) peak over time.

the small size of the new crystallites and the elastic strain field produced by the coherent
interfaces [143]. This broadening effect was even more pronounced for the EBRS sample,
were a quite high but rather broad peak emerged, as shown in a more detailed temporal
sequence of the Alz(Sc,Zr) peak formation in Fig. 5.8. The changing shape from flat and
broad to more pronounced clearly indicates the formation and growth of precipitates.
The chronological sequence of the normalized Al3(Sc,Zr) peak intensity was correlated
to the normalized hardness evolution. For both measurements, the normalization was
done with respect to the maximum and minimum measured values:
= Vi = Vinin

Vi= o, 5.1
Vmaa; - me ( )

where V; is the normalized value of V;, while V,,., and V., represent the maximum
and minimum measured values. A slightly modified Johnson-Mehl-Avrami-Kolmogorov

(JMAK) equation was used to describe the evolution of the normalized hardness and

peak intensity values:
F(t) = Yo — A-exp(—kt), (5.2)

with the time ¢ and the JMAK parameters k£ and n. The additional parameters Yj
and A were introduced to account for strong oscillations in the peak intensity signal
and ranged from 0.7 to 0.9. The outcome of this comparison for the AC sample aged at
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Fig. 5.8: Al3(Sc,Zr) peak of the EBRS-sample  Fig. 5.9: Normalized hardness and Al3(Sc,Zr)

aged at 400°C showing the temporal XRD-peak intensity as a function of
sequence of the peak formation dur- ageing time for the AC-sample an-
ing ageing for 180 min. nealed at 400°C.

400°C is shown in Fig. 5.9. The fitted curves for hardness and peak intensity showed very
similar shapes, with JMAK coefficients of £k=0.021 and 0.015, and of n=1.75 and 1.96,
respectively. Here, the JMAK analysis was applied primarily to compare the evolutions of
hardness and Al3(Sc,Zr) intensity. The parameters, however, indicate growth-dominated
Al3(Sc,Zr) precipitation [9,35]. Details on the physical relevance of the JMAK parameters
are discussed in 6.3.3. Since no other transformations than that of Als3(Sc,Zr) occurred
and the temporal sequence of hardness and Alz(Sc,Zr) intensity correlated very well, the

hardness increment upon ageing was attributed solely to the precipitation of this phase.

5.2.3 Quantitative precipitate characterization

High resolution STEM investigations were used to find and characterize the Als(Sc,Zr)
precipitates. High-angle annular dark field (HAADF) measurements presented in Fig.
5.10, as well as EELS and EDX measurements were used to identify the precipitates. Fig.
5.10 (a) gives an overview of an AC sample aged at 400°C revealing a large population of
bright round particles. Electron energy loss spectra (EELS) of the particles and matrix
clearly demonstrated the presence of Sc in the particles and depletion of Sc in the matrix.
This consideration was not possible for Zr due to the low Zr-content and the resulting
low measuring signal. Fig. 5.10 (b) shows a detailed image with highest resolution of
such an Al3(Sc,Zr) particle revealing full coherency with the Al-matrix. Furthermore,
the ordered L1, phase structure with alternating Al and (Sc,Zr) lattice planes could be

recognized.
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(a) Overview of several Als(Sc,Zr) precipitates (b) Single coherent Als(Sc,Zr) precipitate

Fig. 5.10: HR-STEM HAADF images of precipitates in a sample aged at 400°C and EELS
Sc-L-edge of particles and matrix (a) identify the observed particles as Sc-rich thus
Al3(Sc,Zr). The detailed image of an Als(Sc,Zr) precipitate (b) illustrates full co-
herency as well as the ordered L1, phase structure.

To quantify the precipitate population as a function of Sc-supersaturation and ageing
temperature, various EFTEM images with strong element contrast were taken at several
sample positions. An example of such an analysis for a sample aged at 400°C is illustrated
in Fig. 5.11. The initial measurement with the bright Als(Sc,Zr) precipitates and the
dark matrix is given in Fig. 5.11 (a), the evaluation of the precipitates is shown in Fig.
5.11 (b). Based on the analysis of an average of around 450 precipitates per sample
condition, the precipitate radius, Al3(Sc,Zr) volume fraction, and number density were

calculated assuming spherical particles.

Fig. 5.12 illustrates the precipitate size distributions of the AC and EBRS samples
aged at 325°C and 400°C for 180 min, shown as histograms of normalized counts versus
precipitate radius. Independent of the degree of Sc-supersaturation, the mean radius was
larger for the respective sample aged at higher temperature. The variation of the degree
of Sc-supersaturation at a given temperature, however, did not influence the precipitate
size distribution significantly. In case of the samples aged at 325°C for 180 min, the mean
radius was 3.8 +2.0nm for AC and 3.4+ 1.8 nm for EBRS conditions. The samples aged
at 400°C for 180 min showed mean radii of 5.2 £ 1.8 nm for AC and 5.1 + 1.7nm for
EBRS conditions.
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(b) Precipitates identified by contrast difference

(a) Raw image as measured

Fig. 5.11: Precipitate analysis for a sample aged at 400°C: EFTEM image obtained using a
10eV slit at an energy loss of 40eV (a); Precipitate identification using light-dark
contrast (b) to isolate the precipitates from the matrix for further calculations.
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Fig. 5.12: Normalized Alz(Sc,Zr) size distribution as a function of the degree of Sc-super-
saturation for AC and EBRS samples aged at 325°C and 400°C for 180 min; The
size distributions are similar for a given temperature and are shifted to larger radii

with increasing temperature.
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The Al3(Sc,Zr) precipitate volume fraction was calculated for the samples aged at 325°C
and 400°C. Fig. 5.13 (a) shows the volume fraction versus the amount of Sc in solu-
tion prior to ageing for a total of three Sc-concentrations: 0 wt.%, 0.13wt.% (AC), and
0.37wt.% (EBRS). The virtual measurement point at 0 wt.% Sc, logically, gives a vol-
ume fraction of 0. The dashed line represents the theoretical limit calculated for room

temperature from the Al-Sc phase diagram (Fig. 2.13) neglecting the Zr content by:

fv = Jwo = fwa 567 (5.3)
fW,AlgSc - fVV,a

fw,o is the weight percentage of Sc in the entire alloy, fi,, is the Sc weight percentage
in oa-Al, fw aizsc is the Sc content in Al3Sc, and the value 0.867 is the conversion fac-
tor between AlsSc weight and volume fraction. At room temperature, fi, = 0% and
fw.atsse = 35.7%. The solubility of Sc in a-Al, fyy,,, increases slightly with increasing
temperature, as shown in Fig. 2.14 (b). In numbers, fi,, equals about 0.01 wt.% at
325°C, and 0.02 wt.% at 400°C. Consequently, the difference in solubility up to 400°C
is so small, that the error introduced by approximating the theoretical volume fraction

with that of room temperature is considered as negligible.

The measured precipitate volume fractions after 180 min of ageing in Fig. 5.13 (a) showed
a monotonous increase with increasing degree of Sc-supersaturation (0 to 0.37 wt.%
Sc) for both ageing temperatures. Following the theoretical limit, the volume fractions
showed a nearly linear dependency with the amount of Sc in solution prior to ageing.
The curves were almost identical for the different ageing temperatures, indicating that
an equilibrium state has already been reached in all cases. The references appended to
Fig. 5.13 (a) will be discussed in detail in section 6.3.4.2.

Fig. 5.13 (b) presents the influence of ageing temperature and degree of Sc-supersatu-
ration on the Al3(Sc,Zr) number density. For both temperatures, the number density
increased linearly with the Sc content in solution prior to ageing, with the slope at
325°C being 2.5 times that at 400°C. All the measured and calculated values of the
TEM investigation are summarized in Table 5.5. The rather large standard deviations
are not uncommon and result of the broad precipitate size distribution (Fig. 5.12 a),
comparable to [41,86]. In addition, the thickness of the TEM samples may influence the
results when considering very small precipitate sizes leading to larger standard devia-
tions. However, similar standard deviations were observed for atom probe tomography
studies [97,165]. The logical context of the values shown in Table 5.5 is verifiable within

the standard deviations using a simple mathematical prove.
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Fig. 5.13: Al3(Sc,Zr) precipitate volume fraction (a) and number density (b) for 0wt.%,
0.13wt.% (AC), and 0.37wt.% Sc (EBRS) samples aged at 325°C and 400°C for
180 min in a furnace. The measuring point at O0wt.% Sc represents a virtual mea-
surement. The theoretical limit in (a) corresponds to the equilibrium Al3Sc volume
fraction in a binary Al-Sc phase diagram at room temperature. Precipitate volume
fraction and number density increase with increasing degree of Sc-supersaturation.

Table 5.5: Summary of the precipitate characterization of AC and EBRS samples aged at
325°C and 400°C for 180 min in terms of mean radius, volume fraction, and number
density. Average values and standard deviations.

Mean radius (nm) | Vol. fraction (%) | Num. dens. (1075 nm™3)
Condition Temp. | Avg.  Std. dev. | Avg. Std. dev. | Avg. Std. dev.
AC 325°C | 3.8 2.03 0.36 0.07 10.6 6.1
400°C | 5.2 1.76 0.31 0.06 4.4 0.6
EBRS 325°C | 34 1.83 0.78 0.22 26.9 9.9
400°C | 5.1 1.72 0.74 0.29 10.9 6.2
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5.3 Recrystallization kinetics

The recrystallization kinetics of samples in as-cast (AC) and pre-aged (PA) conditions
were studied focusing on the influence of the degree of cold deformation and ageing
temperature. The hardness evolution in deformed (0.5 and 1.5 strain) an non-deformed
(ND) materials (Fig. 4.1) was studied after ageing at 325°C, 400°C, and 500°C for up to
60 min in a dilatometer. The corresponding microstructure evolution was observed in-
situ by CLSM, and characterized by EBSD and EFTEM. The in-situ CLSM approach
is shown in detail for AC samples deformed to 0.5 and 1.5 strain aged at 400°C. For all
other samples aged at different temperatures and having different inital conditions, only
the main results are presented. The main part of this section deals with the AC materials
condition, whereas only selected PA samples were used for comparison. Therefore, unless

indicated differently, unspecified sample conditions refer to the as-cast (AC) state.

5.3.1 Deformed material

Fig. 5.14 (a) shows an EBSD boundary map of a sample in non-deformed (ND) AC
condition revealing no local misorientations inside the grains. An increasing local mis-
orientation was observed after cold deformation to strains of 0.5 (Fig. 5.14 b) and 1.5
(Fig. 5.14 c), whereas the degree of misorientation was more pronounced for the sample
deformed to 1.5 strain. The grains became flatter the higher the plastic strain, and large
black areas with low confidence index (CI) resulting from high local strains appeared
(Fig. 5.14 c). The lowest hardness of 69 + 2.9 HV0.1 was measured for the ND-material,
in agreement with Table 5.1. The material deformed to 0.5 strain revealed a hardness
value of 99 = 4.5 HV0.1 and that deformed to 1.5 strain a value of 111 £ 5.1 HV0.1.

(a) Non-deformed AC material (b) Deformed to 0.5 strain (¢) Deformed to 1.5 strain

Fig. 5.14: EBSD boundary maps of non-deformed AC material (a) and AC samples deformed
to 0.5 (b) and 1.5 (c) strain showing increasing misorientation with increasing strain.
Deformation occurred in vertical direction, as for all microstructure images.
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5.3.2 Hardness evolution

Fig. 5.15 shows the hardness evolution in deformed (D) and non-deformed (ND) sample
positions of AC material after ageing for different times at 325°C (a), 400°C (b), and
500°C (c). The end of the 1 min heat-up stage from room temperature to the respective
target temperature is indicated with a vertical dashed line. The initial values represent
the hardness at room temperature prior to ageing for the different materials conditions.
In Fig. 5.15, error bars representing the standard deviations are only presented for se-
lected measurements to improve the readability of the figures. The sizes of the plotted

error bars are representative for all other error bars.

At 325°C, the hardness in ND condition remained at the initial level for 1 min of isother-
mal ageing followed by a steep increase up to the maximum hardness after around 20 min
(Fig. 5.15 a). The hardness values of the deformed samples decreased during the heating
stage, then remained at the reduced hardness level for about 1min before increasing
to a constant plateau which was reached after the same time as the maximum for ND
condition. The hardness values of the sample deformed to 1.5 strain were always higher

than that of the sample deformed to 0.5 strain.

The shapes of the hardness evolution curves obtained at 400°C were similar to that of
ageing at 325°C, as shown in Fig. 5.15 (b). In ND condition, the hardness started to in-
crease immediately after heat-up and the maximum hardness was reached already after
around 5 min. The hardness maximum at 400°C was lower than that at 325°C. The de-
formed samples showed a hardness reduction during heating, followed by an immediate
hardness increase to a constant plateau. This plateau was again reached after the same

period of time as for the ND sample.

For the samples aged at 500°C (Fig. 5.15 ¢), the hardness evolution showed a different
behavior. The hardening of the ND material occurred already during heat-up and the
maximum hardness was reached after 30s of isothermal ageing. In contrast to the ND
material aged at 325°C and 400°C, the samples aged at 500°C revealed a considerable
hardness drop after the peak hardness was reached. Similar behavior was observed for
the deformed material, where the hardness decreased significantly during the heat-up
stage, followed by a steady hardness decrement upon ageing. However, the hardness of
the deformed material was still higher than that of the ND condition.
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Fig. 5.15: Hardness evolution in deformed (0.5 and 1.5 strain) and non-deformed (ND) AC con-
ditions over time during ageing at 325°C (a), 400°C (b), and 500°C (c). The vertical
dashed lines represent the end of the 1 min heat-up stage from room temperature to
the respective target temperature prior to isothermal ageing for 60 min.

73



Results and analyses

5.3.3 In-situ CLSM

Samples cold deformed to 0.5 and 1.5 strain were annealed in a confocal laser scanning
microscope using exactly the same temperature cycle as for the dilatometer annealing.
The in-situ CLSM methodology is introduced using the AC samples aged at 400°C.

5.3.3.1 Microstructure prior to annealing

The basic principle to visualize grain boundaries in a CLSM is illustrated in Fig. 5.16.
At room temperature before aging (Fig. 5.16 a) no grain boundaries were visible. The
polished surface only revealed a large primary Alz(Sc,Zr) phase in the center as well as
some small pores. While heating-up the sample, grain boundaries became visible due
to thermal grooving [166], as shown in Fig. 5.16 (b). Some of the grain boundaries
(HAGB) are indicated exemplarily in the image. After heating to 400°C, the CLSM
image in Fig. 5.16 (b) corresponded quite well to the EBSD boundary map acquired at
room temperature before ageing shown in Fig. 5.16 (c). For further analyses, therefore,
CLSM images captured immediately after heating-up (e.g. Fig. 5.16 b) were considered

as equivalent to the as-deformed microstructure.

5.3.3.2 Microstructure evolution during annealing

Microstructural changes during annealing were documented by capturing CLSM snap-
shots. For the AC sample deformed to 0.5 strain aged at 400°C, several of these images

are presented in Fig. 5.17. The temporal range of snapshots covers the full annealing

Room temperature

Primary !
Aly(Sc,Zr)

B

(a) Room temperature image (b) Image after heat-up to 400°C (¢) EBSD boundary map

Fig. 5.16: CLSM images of a sample deformed to 0.5 equivalent strain at room temperature
(a). After heat-up to 400°C (b) high angle grain boundaries (HAGB) become visible,
as indicated exemplarily. Corresponding EBSD boundary map (c) acquired at room
temperature.
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timespan from 0 to 60 min. When comparing the figures, it can be observed that the
microstructure at the surface transformed in several ways. On the one hand, stable
boundaries became richer in contrast due to thermal grooving, for example the HAGB
highlighted in black. On the other hand, the migration of existing and formation of new
boundaries could be pursued, as indicated exemplarily with a white arrow. The local
initiation of boundary movement at triple points occurred by a rapid migration within
the first minute. Further boundary migrations became increasingly slower until the mi-
crostructure modifications ceased after around 5 min. Concerning the temporal sequence,

no further modifications could be detected until the end of the in-situ experiment.

i

Fig. 5.17: Temporal sequence of CLSM images during annealing at 400°C of an AC sample
deformed to 0.5 strain. Examples of stable boundaries (black) and moving boundaries
(white) are highlighted.
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5.3.4 Microstructure characterization

The grain structure after CLSM was characterized by EBSD to confirm and further
analyze the in-situ observations. Precipitate-boundary interactions were investigated by
EFTEM measurements.

5.3.4.1 Verification of CLSM using EBSD

Fig. 5.18 shows a comparison of CLSM images and EBSD maps obtained before and
after the annealing procedure at 400°C of an AC sample deformed to 0.5 strain. In the
as-deformed state (Fig. 5.18 a to ¢) most of the HAGB could be observed in CLSM
whereas boundaries with misorientations smaller 12° could not be detected. The EBSD

maps revealed a deformed microstructure recognizable by local deformation bands with

misorientations between 2 and 5° inside the grains.

O mmm 12 1800
P

(d) 400°C, 60 min (e) 400°C, 60 min (f) 400°C, 60 min

[

Fig. 5.18: Comparison of CLSM and EBSD data of a sample deformed to 0.5 strain: CLSM
image (a), boundary map (b), and orientation map (c) of the as-deformed material;
CLSM image (d), boundary map (e), and orientation map (f) of the same sample
position after annealing at 400°C for 60 min.
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Fig. 5.19: Superposition of an orientation map after annealing at 400°C for 60 min with a
12° boundary map of the same sample position before aging (bold lines); Arrows
indicate that recrystallized (RX) grains nucleated at grain boundary triple points
(TP); sample cold deformed to a strain of 0.5.

During CLSM at 400°C for 60 min (Fig. 5.18 d to f), the microstructure was modified
and new boundaries formed. A very good correlation of the HAGB measured from EBSD
with the visible boundaries in CLSM was found when comparing Fig. 5.18 (d to f). The
newly formed grains were free of local misorientations and thus clearly recrystallized. In
addition, large recovered subgrains with misorientations higher 7° were faintly visible in

CLSM, as indicated by arrows in the images.

From the CLSM images in Fig. 5.17 it was stated that recrystallization initiated solely at
grain boundary triple points. This observation was confirmed by a comparison of EBSD
images of as-deformed and annealed states. Fig. 5.19 shows a superposition of HAGB
of the as-deformed sample (bold line) on an orientation map of the same sample after
annealing. The recrystallized (RX) grains were located at the former triple points (TP).
At this point it should be mentioned, that the 2D-observation of a 3D-phenomenon
such as recrystallization may lead to misinterpretation of some aspects of the observed

process. A comparison between surface and bulk observations is given in 5.3.6.

5.3.4.2 Precipitate-boundary interactions

EFTEM investigations of HAGB between recrystallized and non-recrystallized grains

were performed after annealing at 400°C for 60 min. Fig. 5.20 shows a zero-loss filtered
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(a) Zero-loss overview image (b) Energy-filtered detail image

Fig. 5.20: EFTEM images of a HAGB between a deformed (non-RX) and a recrystallized (RX)
grain; zero-loss filtered (a) and filtered using a 10eV slit at an energy loss of 40 eV
(b). Sample deformed to 0.5 strain aged at 400°C for 60 min.

image (a) of such a boundary and the correlating image obtained at an energy loss of
40eV (b). The right side of the images shows a recrystallized and the left side a non-
recrystallized grain. The bright secondary Als(Sc,Zr) precipitates in Fig. 5.20 (b) were
homogeneously distributed in the matrix and no preferred nucleation at the HAGB was
observed. The wavy shape of the HAGB, as highlighted in Fig. 5.20 (a), indicates that
the boundary was moving from right to left (arrow) until it was pinned by the Als(Sc,Zr)

particles, that formed during annealing.

5.3.4.3 Characterization of highly deformed samples

The same CLSM and EBSD procedure as for the AC sample deformed to 0.5 strain was
carried out for an AC sample deformed to 1.5 strain. Similar to the 400°C annealing of
the sample deformed to 0.5 strain, the boundary migration was fast at the beginning of
the in-situ CLSM experiment, whereas no further boundary migrations could be observed
between around 5 and 60 min. Fig. 5.21 shows a comparison of CLSM and EBSD images
before (a to ¢) and after (d to f) annealing at 400°C for 60 min. A correlation between
CLSM and EBSD in the as-deformed state was given. Due to severe deformation resulting
in a large amount of boundaries, however, the CLSM image was more diffuse compared

to the sample deformed to 0.5 strain in Fig. 5.18 (a). The correlating EBSD maps in Fig.
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5.21 (b) and (c) revealed a highly deformed microstructure with large areas of measured
points with low CI values. When comparing the CLSM images before (a) and after
annealing (d), several microstructure modifications were visible. However, in contrast
to the less deformed sample (Fig. 5.18), not all of the new boundaries were clearly
detectable in CLSM, as can be observed when comparing the CLSM and EBSD images
after annealing (Fig. 5.21 d to f). In case of a large amount of small grains, therefore,
CSLM alone gave only a rough estimation of the size of the recrystallized area. For the

sample deformed to an equivalent strain of 1.5, recrystallization occurred at severely

deformed sample positions and grain boundary triple points (Fig. 5.21 e and f).

(d) 400°C, 60 min (e) 400°C, 60 min (f) 400°C, 60 min

Fig. 5.21: Comparison of CLSM and EBSD data of a sample deformed to 1.5 strain: CLSM
image (a), boundary map (b), and orientation map (c) of the as-deformed material;
CLSM image (d), boundary map (e), and orientation map (f) of the same sample
position after annealing at 400°C for 60 min.
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5.3.5 Quantification of recrystallization

The quantification of recrystallization includes the isolation of recrystallized grains as
well as the assessment of the fraction of recrystallized material and the temporal evolu-

tion, i.e. beginning and end of recrystallization processes, for all investigated samples.

5.3.5.1 Isolation of recrystallized grains

Fig. 5.22 illustrates the isolation of recrystallized grains based on EBSD and EDS data
for AC samples after CLSM-annealing at 400°C for 60 min. Fig. 5.22 (a to c¢) shows the
sample deformed to 0.5 strain, Fig. 5.22 (d to f) shows that deformed to a strain of
1.5. GOS and EDS Sc-maps were used to isolate the recrystallized grains from deformed
grains and primary Alz(Sc,Zr) phases. The superpositions of CLSM images with the

isolated recrystallized grains in Fig. 5.22 (c, f) showed very good correlation.

(b) EDS Sc-map, 0.5 strain (¢) Superposition, 0.5 strain

Min - Max y

= Il o 20 |
, —

(d) GOS map, 1.5 strain (e) EDS Sc-map, 1.5 strain (f) Superposition, 1.5 strain

Fig. 5.22: Analysis of recrystallized area fraction for samples deformed to 0.5 (a to ¢) and 1.5
(d to f) strain. GOS maps (a, d), EDS Sc-maps (b, e), superpositions of recrystallized
grains (orientation maps) with correlating CLSM images (c, f).
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5.3.5.2 Evolution of recrystallization

Similar to the samples deformed to 0.5 and 1.5 strain aged at 400°C, the evolution of
grain boundary migrations was assessed for all other AC samples. The outcome of these
CLSM investigations is summarized in Fig. 5.23 for the AC samples deformed to 0.5
strain and in Fig. 5.24 for those deformed to 1.5 strain. For both Figs. 5.23 and 5.24, the
images in the top row correspond to ageing at 325°C, the center row refers to annealing
at 400°C, and the bottom row to 500°C. The left columns in the figures show CLSM
snapshots taken at the respective critical time where boundary migrations ceased. In the
center columns, the corresponsing EBSD boundary maps after 60 min of annealing are
given. The CLSM snapshots at the critical time with the isolated recrystallized grains

of the respective EBSD images after 60 min of ageing are shown in the right column.

No HAGB migrations could be observed in an AC sample deformed to 0.5 strain during
annealing for 60 min at 325°C (Fig. 5.23 a). Accordingly, no recrystallized grains were
detected by means of EBSD (Fig. 5.23 b) and no critical time was determined. During
annealing at 400°C, it was observed that boundary migrations ceased after 5 min (Fig.
5.23 ¢). The corresponding EBSD boundary map after 60 min (Fig. 5.23 d) revealed
several recrystallized grains. The excellent correlation of these recrystallized grains with
the CLSM snapshot at 5min shown in Fig. 5.23 (e) proved that no further boundary
migrations occurred after this critical time. At 500°C similar behavior as at 400°C was
observed, however, the critical time was reached already after 30s. Again, the CLSM
snapshot after 30s showed good correlation to the recrystallized grains obtained from
EBSD after 60 min, as illustrated in Fig. 5.22 (h).

The determination of the critical times where boundary migrations stopped was less
precise for the samples deformed to 1.5 strain as a result of the smaller recrystallized grain
sizes. During annealing at 325°C (Fig. 5.24 a to ¢), the sample deformed to 1.5 strain
showed only minor modifications in the microstructure with respect to grain boundary
movement. The EBSD boundary map after 60 min of annealing, shown in Fig. 5.24 (b),
revealed fine recrystallized grains that could not be clearly identified in the CLSM. At
400°C (Fig. 5.24 d to f) the boundary migrations stopped after roughly 5 min. The EBSD
boundary map showed a larger amount of recrystallized grains compared to the sample
aged at 325°C. At 500°C (Fig. 5.24 g to i) the boundary migrations occurred quickly and
stopped already after around 30s. The superpositions of CLSM and EBSD images (Fig.
5.24 ¢, f, i) showed good correlation, however, small grains were not clearly detectable
in the CLSM with the used optics. The area fraction of recrystallized grains increased

with increasing temperature, while the grains were located in distinct bands in all cases.
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Fig. 5.23: Microstructure characterization of AC samples deformed to 0.5 strain aged at 325°C
(a, b), 400°C (c, d, e), and 500°C (f, g, h): In-situ CLSM snapshots (a, c, f) at
the critical ageing time, where visible microstructural modifications stopped. EBSD
boundary maps after ageing for 60 min (b, d, g) of the same sample position as in (a,
¢, f) where strain-free grains (white) represent recrystallized grains. Superposition
(e, h) of the CLSM image with the isolated recrystallized grains represented as an
orientation map.
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Fig. 5.24: Microstructure characterization of AC samples deformed to 1.5 strain aged at 325°C
(a, b, ¢), 400°C (d, e, f), and 500°C (g, h, i): In-situ CLSM snapshots (a, d, g) at
the critical ageing time, where visible microstructural modifications stopped. EBSD
boundary maps after ageing for 60 min (b, e, h) of the same sample position as in (a,
d, g) where strain-free grains (white) represent recrystallized grains. Superposition
(c, £, i) of the CLSM image with the isolated recrystallized grains.
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5.3.5.3 Fraction of recrystallized material

Fig. 5.25 shows the quantification of the recrystallized area fraction as a function of initial
strain and annealing temperature after ageing for 60 min. The values were determined
from the EBSD images shown in Fig. 5.23 and Fig. 5.24. In accordance with state-of-the-
art knowledge on recrystallization [39,64], the recrystallized area fraction increased with
increasing annealing temperature and strain. Consequently, a maximum recrystallized
area fraction of 27% was observed for the sample deformed to 1.5 strain aged at 500°C.
The recrystallized grain size was rather constant over the ageing temperatures for a
given strain and revealed values of around 6.5 pm for a strain of 0.5 and around 3 pm for
a strain of 1.5, in good agreement with [39]. The quantification of the grain size should

be considered as a very rough analysis as a result of the small amount of grains.

A summary of the temporal evolution, the recrystallized area fraction, and the size of
recrystallized grains is given in Table 5.6. The critical times where boundary migrations
stopped could be clearly identified for the samples deformed to 0.5 strain. At 325°C
no HAGB migrations were observed, while boundary migrations ceased after 5 min at
400°C and after 0.5 min at 500°C. The determination of the critical time was less precise
for the samples deformed to 1.5 strain as a result of the smaller grain size. Here, the
HAGB migrations ceased before 60 min of ageing at 325°C. At 400°C and 500°C, the
critical times were in a similar range than those determined for the respective samples

deformed to 0.5 strain.
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Fig. 5.25: Recrystallized (RX) area fraction at the surface after ageing for 60 min showing an
approximately linear dependency with the ageing temperature for AC material.
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Table 5.6: Summary of the results from recrystallization quantifications for AC samples.

Condition Strain Temperature Critical time RX area RX grain
() (°C) (min) fraction (%) size (pm)
AC 0.5 325 - 0 -
400 5 7.5 7.44 £5.21
500 0.5 12.2 5.76 + 3.29
AC 1.5 325 < 60 4.9 1.97 +£1.08
400 ~5 12.6 3.12+2.45
500 ~ 0.5 27.1 3.29 +2.46

5.3.6 Correlation between surface and bulk material

The data points of the recrystallized area fraction shown in Fig. 5.25 were derived from
individual measurements on the sample surface. Therefore, error bars are missing in
the graphs as a meaningful estimation of the measurement error was not possible. In
addition, it is known that diffusion controlled processes such as recrystallization or pre-
cipitation may show different behavior on surfaces than inside a sample volume. As a
consequence, a fundamental aspect when considering in-situ observations on surfaces
is the comparison of the observed surface phenomena to the behavior inside the bulk
material. The analysis of the bulk material and the comparison to the observations on

the sample surface were carried out for the AC samples annealed at 400°C only.

The microstructural features obtained from the bulk of samples deformed to 0.5 and 1.5
strain aged at 400°C for 60 min are presented in Fig. 5.26 and Fig. 5.27, respectively.
The sample deformed to 0.5 strain revealed a recrystallized area fraction of 7.2% with
an average grain size of 5.6 pm. The sample deformed to a strain of 1.5 showed a recrys-
tallized area fraction of 18.5% with an average grain size of 3.9 pm. The recrystallized
area fraction and grain size of the surface and bulk are summarized in Fig. 5.28. When
considering the area fraction, a good correlation between surface and bulk could be ob-
served. The surface and bulk values for a given strain were comparable and the trend
of increasing area fraction with increasing strain was in good agreement with state-of-
the-art research [39,64]. The recrystallized grains were located at grain boundary triple
points, which is in good agreement with the observations at the surface. The picture was
similar for the recrystallized grain sizes: The measured values for surface and bulk were
in the same range and the decreasing grain size with increasing strain applied to the
basics of recrystallization. For both recrystallized area fraction and grain size, the values

of the surface lay within the standard deviations of the values inside the bulk material.
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Fig. 5.26: Boundary (a) and orientation map (b) of bulk material and isolated recrystallized
grains (c). Sample deformed to 0.5 strain and annealed at 400°C for 60 min in a

CLSM.
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(a) Boundary map (b) Orientation map (c) Isolated recrystallized grains

Fig. 5.27: Boundary (a) and orientation map (b) of bulk material and isolated recrystallized
grains (c). Sample deformed to 1.5 strain and annealed at 400°C for 60 min in a
CLSM.
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Fig. 5.28: Recrystallized (RX) area fraction (a) and average grain size of the recrystallized
grains (b) of surface and bulk material as a function of plastic deformation. Samples
deformed to 0.5 and 1.5 strain prior to annealing at 400°C for 60 min. Error bars of
bulk measurements represent the standard deviations calculated from average values
of four individual EBSD measurements.

5.3.7 Pre-aged material

Pre-aged (PA) samples were analyzed during ageing at 400°C for 60 min in a dilatometer
and inside the CLSM to investigate the influence of the initial precipitate state on the
softening kinetics. In PA sample condition, Alz(Sec,Zr) precipitates were already present
prior to deformation. It was assumed that the precipitate volume fraction was close to
equilibrium, i.e. 0.34 £ 0.04% (Table 5.5), as discussed in section 6.2.

5.3.7.1 Hardness evolution

The evolution of the hardness in non-deformed (ND) and deformed PA material is given
in Fig. 5.29. As shown in Table 5.1, the initial hardness of the ND (PA) material was
higher than that of the ND (AC) material. Due to pre-ageing at 325°C for 60 min, the
initial hardness value of 94 +3.2 HVO0.1 of the ND (PA) material was similar to the peak
hardness of the ND (AC) sample aged at 325°C (Fig. 5.15 a). The deformed PA samples
revealed initial hardness values of 113+ 5.4 HVO0.1 for 0.5 strain and 123 £6.1 HVO0.1 for

1.5 strain.

The hardness of the ND (PA) material (Fig. 5.29) showed a minimal reduction during
ageing at 400°C. As expected for an Al-(Mg)-Sc-Zr alloy, the hardness was reduced only

gradually indicating slow coarsening of Al3(Sc,Zr) precipitates. Precipitate coarsening,
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Fig. 5.29: Hardness evolution in non-deformed (ND) and deformed (0.5 and 1.5 strain) sample
positions in PA material over time during ageing at 400°C. Vertical dashed line
represents end of 1 min heating stage.

however, was not significant in the considered time range, as shown by the very limited
reduction in hardness after 60 min of annealing. The deformed samples showed a decrease
in hardness during the heat-up stage, followed by continuous but marginal softening until
the end of the 60 min annealing procedure at 400°C. At any time, the hardness values of
the deformed PA samples were slightly higher than that of the AC samples (Fig. 5.15)

aged at the same temperature.

5.3.7.2 Microstructure characterization

Fig. 5.30 shows the outcome of the in-situ CLSM and EBSD study for the PA material
deformed to 0.5 (a to ¢) and 1.5 strain (d to f) aged at 400°C in the CLSM. The CLSM
snapshots at the critical time where visible boundary migrations stopped are given in
Fig. 5.30 (a, d), the corresponding EBSD boundary maps after 60 min of ageing are given
in Fig. 5.30 (b, e), while Fig. 5.30 (c, f) shows the superposition of the CLSM images
with the isolated recrystallized grains.

For both strains, no grain boundary migrations could be observed after around 30s of
ageing at 400°C (Fig. 5.30 a, d). The EBSD boundary maps (Fig. 5.30 b, e) revealed
strongly deformed microstructures with a small number of recrystallized grains. It was
found that for both strains, the recrystallized area fraction in case of PA material was

below 1% with average grain diameters of around 3.5 pm.
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(d) 1.5 strain, 400°C, 0.5 min (e) 1.5 strain, 400°C, 60 min (f) 1.5 strain, superposition

Fig. 5.30: Microstructure characterization of PA samples deformed to 0.5 (a, b, ¢) and 1.5
strain (d, e, f) aged at 400°C: In-situ CLSM snapshots (a, d) at the critical ageing
time where visible microstructural modifications stopped. EBSD boundary maps
after ageing for 400°C (b, e) of the same sample position as in (a, d) where strain-
free grains (white) represent recrystallized grains. Superposition (c, f) of the CLSM
image with the isolated recrystallized grains.
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6 Discussion

The most important results of this study are discussed in this section. First, the strength-
ening mechanisms are summarized for the given Al-Mg-Sc-Zr alloy. Second, the different
initial materials conditions are compared with respect to the presence and nature of the
Al3(Sc,Zr) phase and the degree of Sc-supersaturation. Third, the precipitation kinetics
is derived regarding several process variables. Fourth, the in-situ CLSM methodology as
well as the recrystallization kinetics are discussed in detail. Finally, recommendations
for the production of a stringer made of belt-casted Al-Mg-Sc-Zr alloy are given based

on the fundamental considerations of this study and additional literature sources.

6.1 Acting strengthening mechanisms

The relevant strengthening mechanisms for the given belt-casted Al-Mg4-Sc0.4-Z10.12
alloy were solid solution, precipitation, and strain hardening. A grain size reduction did
not influence the hardness of the material, as shown in Table 5.1. The influence of the
Mg-content on the solid solution strengthening was not investigated as the concentration
of Mg was not varied. The positive impact of Mg, however, was already demonstrated by
Marquis et al. [18]. The most important strengthening contributions, precipitation and
strain hardening, were both associated with the presence of secondary Als(Sc,Zr) phases.
First, finely dispersed Al3(Sc,Zr) precipitates oppose dislocation movement and signifi-
cant precipitate strengthening was achieved, as demonstrated in section 5.2. Second, if
present in a cold deformed microstructure, these phases inhibited recrystallization and
recovery, thus maintaining the strain hardened microstructure to a certain extent (sec-
tion 5.3). Third, if present before cold deformation, non-shearable particles increase the
work hardening effect by generating dislocation loops and retarding dynamic recovery
effects, as shown in [107]. However, a fundamental analysis of the effect of Als(Sc,Zr)
precipitates on the strain hardening rate of Al-Mg-Sc-Zr alloys was not carried out in

this work.
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6.2 Degree of Sc-supersaturation

Three different materials conditions were considered in this study: as-cast (AC), electron-
beam re-solidified (EBRS), and pre-aged (PA). As the grain size did not affect the mate-
rials properties, the most relevant differences were the presence and nature of Als(Sc,Zr)

phases and the degree of Sc-supersaturation.

In AC condition, primary and eutectic Al3(Sc,Zr) phases were present, while 0.13 wt.% of
nominal 0.4 wt.% Sc was in solution. Accordingly, the solidification rate of the belt-caster
used to produce AC material, i.e. around 30 Ks™!, was not enough to prevent the forma-
tion of equilibrium Alz(Sc,Zr) phases. This observation was in agreement with studies on
rapid solidification of Al-Sc alloys, where solidification rates higher than 103 Ks™' were
suggested to dissolve similar quantities of Sc [136-138]. In case of EBRS condition, only
a marginal amount of primary Al3(Sc,Zr) was detected leading to a much higher content
of 0.37 wt.% Sc retained in solution. Apparently, the EBRS procedure with solidification
rates of 10* —10° Ks ™! [141] was a suitable method to dissolve almost the entire nominal

Sc-concentration of 0.4 wt.%, again in accordance with [136-138].

In PA condition, primary, eutectic, and secondary Als(Sc,Zr) were present. The sec-
ondary phases formed during pre-ageing at 325°C for 60 min. The presence of sec-
ondary Al3(Sc,Zr) was not investigated using TEM, however, the higher hardness of PA
(94HVO0.1) compared to AC (66 HV0.1) material confirmed the existence of strength-
ening phases. For PA material, it was assumed that the Sc-concentration retained in
solution was negligible. The latter assumption was not confirmed with 100% certainty,
but several observations in this study point in this direction. The precipitation hardening
curve in Fig. 5.5 (b) showed that peak age condition was reached after around 120 min
of ageing at 325°C. After 60 min of ageing, 95% of the maximal hardness were reached.
However, the heating conditions for pre-ageing were not identical to that used for the
detailed investigations on the hardening kinetics shown in Fig. 5.5 (b). For pre-ageing,
the samples were put in the heated furnace having already reached 325°C, while for
studying the precipitation kinetics, the furnace with the samples inside was heated to
325°C with 1°Cs™!. Consequently, the sample heating rate for pre-ageing was presumably
higher than that leading to the hardening curves in Fig. 5.5. In section 6.3.3 it will be
explained in detail, that higher heating rates result in faster precipitation kinetics. Possi-
bly, the peak age condition was reached during pre-ageing at 325°C already after 60 min.
After additional ageing at 400°C, no further hardening of PA samples was observed (Fig.
5.29). Accordingly, there was no solute Sc left for further precipitation, which supports

the assumption that the solute Sc-concentration was negligible after pre-ageing.
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6.3 Precipitation kinetics

A description of the precipitation kinetics is derived based on the results of hardness
measurements, in-situ synchrotron XRD analyses, and the precipitate characterization.
In addition, the precipitate radius r; (Fig. 2.6) at which the transition from particle

shearing to Orowan looping occurs, is estimated based on literature data.

6.3.1 Precipitate transition radius

The precipitate transition radius r; is the relevant quantity to determine whether particle
shearing or Orowan looping is the active precipitate-dislocation interaction mechanism.
Since 1, is a function of the precipitate volume fraction fy (Egs. 2.7 to 2.18), it can
be assumed that the value of r; changes during the precipitation process and may also
differ for AC and EBRS conditions. Therefore, the transition radii are estimated for a
range of precipitate volume fractions considering an Al-Mg4 (wt.%) alloy with varying
Sc-concentrations. The Zr-content is neglected due to an absence of proper data. The

analysis follows an approach proposed by Seidman, Marquis et al. [18,38] for Al-(Mg)-Sc.

First, the precipitate strengthening effect of shearable particles is calculated as a func-
tion of the precipitate radius r for a range of volume fractions fy, considering modulus
(Eq. 2.7), coherency (Eq. 2.8), and order strengthening (Eq. 2.10). Second, the Orowan
strengthening effect is calculated as a function of r for the same fy range (Egs. 2.17
and 2.18). Finally, the intersection point of the strengthening curves for shearing and
Orowan looping for a given precipitate volume fraction represent the respective tran-
sition radius r;. The relevant materials constants in Eqs. 2.7, 2.8, 2.10, 2.17, and 2.18
have the following values [38]: M = 3.06, AG = 42.5 GPa, G = 25.4 GPa, b = 0.286 nm,
m = 0.85, a. = 2.6, and v = 0.34. The magnitudes of these constants were derived for
Al-Sc alloys, but should also hold for Al-Mg-Sc alloys with low Mg-concentration [18].

Modulus strengthening o,,, and coherency strengthening o, reach maximum values when
the shearing dislocation is close to the Al3Sc interface. Order strengthening o,, on the
other hand, is a maximum when the dislocation has already sheared half the precipi-
tate. Accordingly, the strengthening contributions to the shearing law do not reach their
maximum strengthening effects at the same time and one has to assess which quantity,
om + 0. or 0,, has a higher value. The calculated shearing stress is then taken as the
higher one of the two strength maxima [38]. o, + 0. was calculated from Eqs. 2.7 and
2.8. The linear misfit strain € (Eq. 2.8) depends on the lattice parameters of precipitate
a, and matrix a,, (Eq. 2.9). Based on literature data, Lee et al. [19] proposed that a,
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of a-Al depended linearly on the Mg-concentration in solution:
Ay, = 4.048 + 0.00452 - Mg (wt.%). (6.1)

For a Mg-content of 4 wt.%, the matrix lattice parameter a,, equals 4.066 A. With the
Al;Sc lattice parameter a, = 4.1A [9], it followed that ¢ = 0.00556. According to
Ardell [21] and others [18,38], the maximum order strengthening effect o, 4. is radius-

independent and is calculated by:

1/2
3””) . (6.2)

%m:mmh%s

2b

With 4 = 0.5 Jm~? [38], it followed that Tomaz = 136 MPa for a precipitate volume
fraction fy = 0.34% (AC), and 0, mar = 204 MPa for fiy = 0.76% (EBRS). The values
for fy correspond to the average measured values for AC (0.34%) and EBRS (0.76%)
conditions after ageing at 325°C and 400°C for 180 min shown in Table 5.5 and Fig. 5.13
(a), respectively. Independent of the volume fraction, the value of o, + 0. exceeded that
of 0, mas for precipitate radii larger than 0.8 nm. Consequently, the transition radius 7,

was determined as the point of intersection of o,, + 0. with the Orowan strength o,,.

Fig. 6.1 shows the calculated strengthening effect for particle shearing (o, + o.) and
Orowan looping for AC (a) and EBRS (b) conditions. The transition radius r; equaled
1.95nm for AC (fy = 0.34%) and 2.06 nm for EBRS (fy = 0.76%) conditions. The
maximum precipitate strengthening effect at r, increased from 186 MPa to 283 MPa
by increasing the precipitate volume fraction from 0.34% to 0.76%. This result was in
qualitative agreement to the significantly higher hardness values achieved for EBRS

material compared to AC condition (Fig. 5.5).

The calculated values of r; were in a similar range as other data presented in the literature
[17,18,38], however, they seemed to be at the lower bound of this range. For a binary
Al-Sc alloy, r; equaled 2.1 nm at fiy = 0.75% [38], and for an Al-Mg-Sc alloy with 2 wt.%
Mg, r; = 2.4nm at a volume fraction of 0.53% [18], which was slightly higher than
the values presented in Fig. 6.1. The increase of r, by adding Mg was explained by a
reduced lattice misfit € resulting from an increased matrix lattice parameter a,,. This
statement is in good agreement to Eq. 6.1. Interestingly, it was not possible to recalculate
the values of r; [18,38] with the numbers given in the mentioned papers. Possibly, the
deviation resulted of a different approach to determine the misfit parameter . Fazeli et
al. [17] estimated 7, in a model to predict the strengthening effect of Al3Sc. They fitted
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Fig. 6.1: Determination of the transition radius r; from particle shearing to Orowan looping
for AC (a) and EBRS (b) conditions.

the transition radius such, that the modelled hardening curves corresponded best to the
experimental data. In that case, ; = 3.7 nm for an Al-alloy containing 2.8 wt.% Mg and
0.16 wt.% Sc having a precipitate volume fraction of 0.45%. Compared to [18,38] and

the values calculated in this study, this value seems to be at the upper bound of r,.

Fig. 6.2 shows the evolution of the transition radius as a function of the Al3Sc precipitate
volume fraction for an Al-Sc and an Al-Mg4-Sc alloy. The values for the Al-Sc alloy were
recalculated from [38]. For both alloys, the overview (Fig. 6.2 a) demonstrates a steady
increase of r; with increasing fy, whereas the Mg-containing alloy presents higher values
due to a decreased misfit strain ¢, as discussed above. Fig. 6.2 (b) shows a detailed
section up to a precipitate volume fraction of 1% indicating the transition radii of AC
and EBRS samples after ageing at 325°C and 400°C for 180 min. When considering the
precipitation process of EBRS samples, r; increased from 1.86nm at fi, = 0.001% to
2.06 nm at fiy = 0.76%.

The measured precipitate radii of furnace annealed AC and EBRS samples equaled in
average 3.6 nm after ageing at 325°C for 180 min, and 5.15nm after ageing at 400°C for
the same time (Fig. 5.12). Accordingly, the measured radii in peak age condition exceeded
r¢, thus Orowan looping was the active precipitate-dislocation interaction mechanism in
these materials conditions. During growth of the precipitates, on the other hand, it can be
assumed that the precipitates were shearable over a long period of time. This assumption
also considers, that the calculated r; values shown in Figs. 6.1 and 6.2 represent lower

bounds compared to literature, as discussed above.
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Fig. 6.2: Transition radius r; as a function of precipitate volume fraction estimated for an Al-Sc
alloy [38] and an Al-Mg4-Sc alloy. Overwiew (a) and detail of the relevant range of
volume fractions fy (b) indicating AC and EBRS conditions.

6.3.2 Precipitation hardening

Figs. 5.5 and 5.6 showed that the hardness due to precipitation was significantly influ-
enced by the ageing temperature and the degree of Sc-supersaturation of up to 0.37 wt.%.
After 180 min of ageing at 325°C and 400°C, the measured precipitate radii ranged from
3.2 to 5.2nm (Table 5.5) and Orowan looping was the active precipitate-dislocation in-

teraction mechanism.

Costa et al. [80] studied different lab-scale Al-Sc alloys with 0.5 wt.% to 0.7 wt.% Sc in
solid solution, showing a strong dependency of the ageing temperature on the hardening
behavior. The amount of Sc in solution, on the other hand, did not influence the hard-
ness. When considering Fig. 5.6 (¢) in this context, it can be observed that the hardening
potential per wt.% Sc decreased with the degree of Sc-supersaturation. This behavior
is shown by the flatter slope of the curve at higher Sc-content in solution. The Orowan
strength, or hardness HV', depends on the reciprocal inter-particle spacing A between
Al3(Sc,Zr) precipitates (Eq. 2.13):

1
AV « —. (6.3)

A
The inter-particle spacing A relates to the reciprocal square root of the number density
of obstacles in the slip plane ng (Eq. 2.14). The precipitate size distributions were inde-

pendent of the precipitate volume fraction for a given ageing temperature, as shown in
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Figs. 5.12 and 5.13. For a constant precipitate size distribution, ng is proportional to the
volume fraction fy (Eq. 2.15 and [38]), thus the hardness increment for a given ageing

temperature HVp reads:

HVy o /s </ fv. (6.4)

Finally, Fig. 5.13 showed a linear dependency of the precipitate volume fraction and
number density with the degree of Sc-supersaturation. Accordingly, the hardness incre-
ment for a given ageing temperature related to the square root of the Sc-content in

solution:

HVp o< y/Sc (wt.%). (6.5)

As a result of this square root relation, it can be expected that the hardening poten-
tial per wt.% Sc will be further reduced when increasing the Sc-content in solution to
values higher than 0.4 wt.%. For a Sc-content of 0.37 wt.% (EBRS), peak ageing could
be achieved after ageing at 325°C for 180 min, leading to a maximal hardness increase
of around 70%. Higher hardness might be achieved by reducing the ageing temperature
and extending the ageing time, as shown for binary Al-Sc alloys [80].

Fig. 6.3 summarizes the influence of the degree of Sc-supersaturation, ageing tempera-
ture, and heating rate on the precipitation hardening behavior. The hardness increment
was more pronounced for the higher solute Sc-content (Fig. 6.3 a), as discussed in detail
above. The influence of the annealing temperature was already shown for the samples
annealed in the furnace. In addition, Fig. 6.3 (b) shows the hardness evolution in non-
deformed (ND) material of AC samples annealed in the dilatometer. Precipitation hard-
ening was most pronounced for the sample annealed at 325°C, whereas the hardness
increment was reduced with increasing temperature. Similar to the furnace annealed
samples and in agreement with studies on lab-scale alloys [38,86], this observation was
attributed to a rapidly reducing driving force for nucleation and high precipitate growth
rate at higher temperature. In consequence, a smaller amount of larger precipitates was
formed at higher temperature. Finally, Fig. 6.3 (c) shows the influence of the heating
rate on the hardness of AC samples annealed at the same temperature. The heating
rate of 1°Cs™! refers to furnace annealing, while the heating rate of 5°Cs™' relates to
dilatometer annealing. In Fig. 6.3 (c), the ageing temperature was 400°C, however, the
observations discussed hereafter were consistent for all other temperatures investigated

in this study. For a heating rate of 1°Cs™!, the hardness increase occurred later in time

96



Discussion

120 H 100 100

~5- 0.13% Sc o 325C & 1°C/s
10 —{1 0.37% Sc —{1+ 400°C —O— 5°C/s
Temperature 325°C —/— 500°C Temperature 400°C e 2
~ - . ~ 90 L— ~ 90+ g
= 100 Heating rate 1°C/s — Heating rate 5°C/s - Sc-content 0.13% H %’SQ%
g 1007 S Sc-content 0.13% e i
z e Z z
@ 90 80— P
(%] [%] 1%
[ Q Q
= = [ =4
T 804 B ©
(2 o ©
T T 70 T
70 |
60 | 60 | 60 kS
T T L e LI ————
1 10 100 0.01 0.1 1 10 0.01 0.1 1 10 100
Ageing time (min) Ageing time (min) Ageing time (min)
(a) Influence of Sc-content (b) Influence of temperature (c) Influence of heating rate

Fig. 6.3: Influence of the solute Sc-content (a), the ageing temperature (b), and the heating
rate (c) on precipitation hardening.

compared to a higher heating rate of 5°Cs~'. The maximal measured hardness was higher
for the lower heating rate but this peak-age condition was reached after a longer period
of ageing time. In agreement with Deschamps et al. [44], both observations could be
attributed to the higher driving force for nucleation at lower heating rate leading to a

larger number of smaller precipitates.

6.3.3 Quantification of precipitation kinetics

The precipitation kinetics of strengthening phases in multi-component alloy systems is
often modeled using commercial or self-written algorithms, simply because the influenc-
ing factors are too complex and interdependent to even estimate the kinetics by hand.
The interested reader is referred to a textbook by Kozeschnik [35], where the fundamen-
tals of precipitation modeling are explained in detail. There are several papers available
reporting on the precipitation behavior of Sc-containing Al-alloys using predictive mod-
els to calculate the precipitate volume fraction, number density, and size distribution as
a function of chemical composition, ageing temperature, and time [41,84,95,167,168]. On
the other hand, there exist studies [42,169] where the precipitation kinetics in terms of
precipitate volume fraction was estimated by fitting the JMAK equation (Eq. 2.28) to
experimental data. In this section, it is intended to estimate the precipitation kinetics
based on experimental results by using JMAK fits. These fits are used to analyze several
influencing factors, to compare the given industrial alloy to literature data on binary

Al-Sc alloys, and as a basis for further analyses on the recrystallization behavior.
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The evaluation of the peaks from in-situ synchrotron XRD measurements in Fig. 5.7
showed that no other phases than Al3(Sc,Zr) formed during isothermal ageing. This ob-
servation was in good agreement to HR-STEM and EFTEM measurements where a fine
distribution of Al3(Sc,Zr) precipitates was found. Furthermore, the temporal evolution of
the Alz(Sc,Zr) XRD peak showed good correlation to the corresponding hardening curve
(Fig. 5.9). Taking all these results into consideration, the analysis of the precipitation

kinetics using the JMAK relationship based on the hardness evolution is sensible.

6.3.3.1 Furnace annealed samples

Fig. 6.4 shows the JMAK analysis of furnace annealed samples based on the hardness
curves shown in Fig. 5.5. The hardness values in Fig. 6.4 (a) were normalized according
to Eq. 5.1 and fitted using Eq. 2.28. Based on the in-situ XRD analysis, the evolution of
the normalized hardness values was considered as the normalized Alz(Sc,Zr) precipitate
volume fraction. The shapes of the curves in Fig. 6.4 (b) were similar for AC and EBRS
samples at a given temperature. However, for either temperature, the precipitation was
slightly faster for the EBRS sample with 0.37 wt.% Sc in solution due to the larger driving
force for precipitation in case of a higher degree of supersaturation. Similar behavior was
reported in previous studies on lab-scale Al-Sc materials [9,83]. At 325°C, the JMAK fits
revealed a steeper incline than that at 400°C expressed by higher n-values (Table 6.1).
On the other hand, the k-values were lower for the JMAK curves at 325°C compared
to 400°C. In general, larger n-values correspond to a stronger influence of nucleation

events on the transformation process, whereas larger k-values are associated with higher
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Fig. 6.4: Normalized hardness evolution (a) and JMAK fits (b) of the normalized hardness
during ageing of AC and EBRS samples at 325°C and 400°C for up to 180 min.
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Table 6.1: JMAK coefficients k& and exponents n for the precipitation kinetics analysis of AC
and EBRS samples aged in a furnace at 325°C and 400°C.

Temperature (°C) Condition Sc in solution (wt.%) k n
325 AC 0.13 = 0.02 0.0002 2.23
EBRS 0.37£0.03 0.0011 1.85
400 AC 0.13 £ 0.02 0.0404 1.38
EBRS 0.37 £ 0.03 0.0735 1.25

growth rates [35]. This behavior was in agreement with the TEM measurements where
a larger amount of smaller precipitates was observed for ageing at 325°C compared to
400°C (Figs. 5.12 and 5.13).

The n-values in Table 6.1 were in agreement with the JMAK exponents reported for
continuous precipitation in a binary Al-0.2Sc alloy [42]. There, the n-value equaled 1.8 in
a temperature range between 275°C and 325°C, and 1.3 between 375°C and 450°C. The
values found for n in this study and reported in [42] indicate a precipitation mechanism
close to nucleation site saturation [9]. The term nucleation site saturation in the context
of homogeneous nucleation refers to a situation, where the nuclei are formed in a short
period of time, followed by a fast reduction of the nucleation rate while the existing nuclei
grow. Similar behavior was reported by Robson [167], who demonstrated a model to
predict the number density, size, and volume fraction of Alz(Sc,Zr) during precipitation.
He found that the precipitate number density increased rapidly in the early stages of
transformation as a result of a high nucleation rate. With reduced supersaturation in
the matrix, the nucleation rate dropped and the number density remained at a constant
level until coarsening was initiated. It was concluded, that the nucleation rate decreased
more sharply than the growth rate as the supersaturation decreased. During ageing of
a 7050 alloy modified with 0.18 wt.% Sc and 0.13 wt.% Zr at 480°C, for example, it was
found that the equilibrium volume fraction of Als(Sc,Zr) precipitates was reached after
around 30 min, while the number density reached its maximal value already after less
than 5min. In consequence, the precipitate number density remained constant for the

larger part during growth [167].

The good agreement of the JMAK parameters found in this study with the JMAK
and modeling data found in literature support the hypothesis that the precipitation
kinetics can be assessed directly using precipitation hardening curves. Furthermore, it
was concluded that the precipitation kinetics of the industrial Al-Mg-Sc-Zr alloy studied
in this work does not differ considerably of that of high-purity lab-scale Al-Sc alloys.
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6.3.3.2 Dilatometer annealed samples

Fig. 6.5 (a) shows the normalized Als(Sc,Zr) precipitation kinetics of AC samples an-
nealed in a dilatometer at 325°C, 400°C, and 500°C for 60 min. The curves represent
JMAK fits of the normalized hardness evolution of non-deformed (ND) material shown
in Fig. 5.15. The vertical dashed line represents the end of the 1min heat-up stage,
which corresponds to a heating rate of around 5°Cs™'. At 500°C, precipitation occurred
already during the heating stage leading to a normalized precipitate fraction of 0.8 prior
to isothermal ageing. The JMAK equation was derived for isothermal ageing and, in
fact, does not consider heating or cooling processes [35,39]. Striktly speaking, JMAK is
not suitable for any ageing treatments, as the samples are not heated instantaneously.
This is commonly neglected, because the influence of the heating cycle is often very lit-
tle. For the sample dilatometer-annealed at 500°C, however, it is noteworthy that using
the JMAK equation represents only a rough estimation of the kinetics. The sample an-
nealed at 400°C showed a normalized Alz(Sc,Zr) precipitate volume fraction of 0.15 after
heating, while the curve representing ageing at 325°C revealed no increase in precipitate

volume fraction.

Similar to Fig. 6.4, the JMAK curves in Fig. 6.5 (a) were shifted to shorter ageing times
with increasing temperature. Accordingly, the coefficient k increased significantly the
higher the annealing temperature. The exponent n was similar for all temperatures re-
vealing values of around 1.1 (Table 6.2). The values determined for n were lower, while
the & values were higher than the values observed for furnace annealing (Table 6.1).
This difference must be related to the considerably higher heating rates used in the
dilatometer. Apparently, even for the sample annealed at 325°C, some nucleation oc-
curred already during the heating stage. The driving force for further nucleation during
isothermal ageing was then reduced due to reduced supersaturation, leading to growth
of existing nuclei. Low nucleation and high growth rates are in general associated with
low n and high & values [35,45].

Fig. 6.5 (b) shows faster kinetics in case of a heating rate of around 5°Cs ™' (dilatometer)
compared to 1°Cs™" (furnace). A higher heating rate not only results in faster kinetics
but influences the size and number of Alz(Sc,Zr) precipitates. For a given annealing tem-
perature, larger precipitate radii and smaller number densities are attained the higher
the heating rate is [44]. Verifying this conclusion, Fig. 6.3 (c¢) showed a lower hardness
for the sample heated-up with a higher heating rate.
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Fig. 6.5: JMAK fits of non-deformed (ND) AC material aged in a dilatometer at 325°C, 400°C,
and 500°C (a). Vertical dashed line represents end of 1 min heat-up stage. Influence
of the heating rate on the precipitation kinetics (b) of samples annealed in a furnace
(1°Cs™!) and dilatometer (~ 5°Cs™1).

Table 6.2: JMAK coefficients k& and exponents n for the precipitation kinetics analysis of AC
samples aged in a dilatometer at 325°C, 400°C, and 500°C.

Temperature (°C) Condition Sc in solution (wt.%) ‘ k n

325 AC 0.13 £ 0.02 0.17 1.1
400 AC 0.13 £ 0.02 1.66 1.0
500 AC 0.13 +£0.02 208 1.1

6.3.4 Analysis of Al3;(Sc,Zr) precipitates

The AC and EBRS samples aged at 325°C and 400°C for 180 min were analyzed in detail
by various TEM techniques. These analyses revealed a homogeneous distribution of
spherical, coherent Al3(Sc,Zr) precipitates. Similar to investigations on lab-scale alloys,
e.g. [9,85], and in good agreement with a model proposed by Robson et al. [41], no
preferred nucleation at dislocations or grain boundaries was observed for the investigated
Sc-supersaturations and ageing temperatures. Several studies, e.g. [44,95,99], reported
on a heterogeneous element distribution in Alz(Sec,Zr) precipitates, i.e. a Sc-rich core
and a Zr-rich shell. In the present work, a visible core-shell structure was not observed.
However, in contrast to the mentioned studies, the research focus in this work was not put
on the precipitate morphology evolution during ageing, thus the Als(Sc,Zr) morphology

was not investigated with enough depth to make a clear statement.
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6.3.4.1 Precipitate size

As shown in Fig. 5.12, the mean precipitate radius after 180 min of ageing was not
significantly affected by the Sc-supersaturation prior to ageing and increased from around
3.5nm at 325°C to roughly 5nm at 400°C. These results are difficult to compare with
existing literature due to the general lack of investigations focusing on short ageing
times. In addition, the precipitate size is strongly influenced by the nucleation and thus
the heating rate, which differs considerably from one study to another. However, when
extrapolating data published on binary Al-Sc alloys [86] to shorter ageing times, the
precipitate radii are in a similar range as in the present study. The results shown in
Fig. 5.12 are also comparable to [9], where precipitate sizes in the range of 2 to 6nm
were reported for samples aged between 250°C and 350°C. Hence, the precipitate radii
shown for the industry-scale belt-casted Al-Mg-Sc-Zr alloy were in a similar range as in

lab-scale Al-Sc alloys.

6.3.4.2 Volume fraction

Peak ageing was achieved after 20 min for the samples aged at 400°C and after 120 min for
the samples aged at 325°C in the furnace. In peak-age condition, the Al3(Sc,Zr) volume
fraction corresponded to the equilibrium state, as confirmed by the coinciding measured
volume fractions (EFTEM) with the theoretical limit in Fig. 5.13 (a). The findings from
EFTEM measurements are compared to atom probe tomography (APT) [97,165] and
small-angle X-ray scattering (SAXS) [44] studies, since there are no papers available
showing similar results using TEM. The results from [44,97,165] are represented in Fig.
5.13 (a) by individual data points. The measurements from Knipling et al. [97] correlate
to peak ageing at 400°C of an Al-0.1Sc-0.1Zr (at.%) alloy. The APT results reported by
Vo et al. [165] relate to peak ageing of a friction stir processed Al-Mg4.1-Sc0.47-Zr0.022
(wt.%) alloy at 290°C. Deschamps et al. [44] investigated an Al-0.16Sc-0.1Zr (wt.%)
alloy at 450°C. These results included in Fig. 5.13 (a) underpin the findings shown in
this study: The solid solubility of Sc in o-Al can be neglected up to a temperature of
400°C, since only the results for ageing at 450°C [44] showed a reduced volume fraction
compared to the theoretical limit at room temperature. Furthermore, it is demonstrated
that the precipitate volume fraction is independent of the Mg-content. The precipitation
of Al3(Sc,Zr) is driven primarily by the Sc-content, while the influence of Zr on the
volume fraction is limited by the generally low Zr-contents. For illustration of the relative
importance of Sc compared to Zr, the theoretical equilibrium precipitate volume fraction
of an Al-Mg4-Sc0.4-Zr0.12 alloy is only around 10% larger than that of an Al-Mg4-Sc0.4

alloy assuming Sc and Zr are fully interchangeable.
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6.3.4.3 Number density

The precipitate number density is the dominant factor to determine the total strength
of an age hardened material with homogeneous precipitate distribution, as it denotes
nothing less than the number of obstacles for dislocation movement. Consequently, the
highest overall hardness was measured for the sample in peak-age condition with the
largest number of Al3(Sc,Zr) precipitates, i.e. the smallest inter-particle spacing A (Egs.
2.17 and 2.18). This maximal hardness and number density was achieved for the EBRS
sample aged at 325°C, as shown in Fig. 5.6 and Fig. 5.13. The Sc-diffusion in Al at 325°C
was slower than at 400°C, leading to more nucleation events and slower growth rates
which resulted in a larger amount of smaller precipitates. Consequently, the maximum

hardness was higher at 325°C than at 400°C for a given amount of Sc in solution.

The AC sample aged at 325°C had a hardness of 95 + 3.0 HV0.1 and the EBRS sample
aged at 400°C a hardness of 104 4+ 2.1 HVO0.1 after ageing for 180 min. Despite their
different hardness values, these two samples had roughly the same precipitate number
density (Fig. 5.13 b). In both cases, Orowan strengthening was the active precipitate-
dislocation interaction mechanism, thus the strength depended on the reciprocal inter-
particle spacing A (Eq. 2.17). When calculating A (Eq. 2.18) using the values for fi, and
r from Table 5.5, A = 91 nm for the AC sample aged at 325°C, and A = 82nm for the
EBRS sample aged at 400°C. These calculations support both the hardness and TEM

measurements.

6.3.4.4 Evolution of precipitates

Fig. 6.6 summarizes schematically the evolution of Al3(Sc,Zr) precipitates during ageing
at 325°C (a to d) and 400°C (e to h). The chronological sequence is based on the
JMAK analysis obtained for the AC samples annealed in a furnace for 180 min, and
considers literature data [9,42,167]. The precipitation process of Als(Sc,Zr), in general,
was characterized by fast nucleation in the first minutes, followed by growth of the
existing precipitates, as shown by the JMAK parameters in Table 6.1 in accordance with
[9,167]. At 325°C, nucleation was comparably slow and the growth stage started after
around 10 min. Due to the low temperature, a large number of nuclei was formed (Fig.
6.6 b). After 30 min of ageing at 325°C (c), the volume fraction increased to roughly 50%
of the maximum, whereas the increase in volume fraction resulted predominantly from
the growth of existing nuclei. The equilibrium volume fraction was reached after around
120 min due to precipitate growth, and this precipitate state was unaltered until the end

of the heat treatment (d). At 400°C, nucleation occurred in a shorter period of time
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Fig. 6.6: Schematic evolution of Als(Sc,Zr) precipitates during ageing of AC samples at 325°C
(a to d) and 400°C (e to h) for 180 min.

(Fig. 6.6 €). A smaller amount of nuclei was formed compared to 325°C, resulting from a
reduction of the driving force for nucleation due to rapid reduction of Sc-supersaturation
at higher temperature. Precipitate growth started earlier in time and after 10 min a
normalized volume fraction of around 0.65 was reached. Again, precipitate growth was
the dominant transformation mechanism. The equilibrium volume fraction was reached
after 30 min (Fig. 6.6 g), and slight precipitate coarsening occurred until the end of the
heat treatment (h). The behavior of the EBRS samples was similar to that of the AC
samples, however, the kinetics was shifted to slightly shorter times and the number of

precipitates was around 2 times higher.

6.4 Recrystallization kinetics

The in-situ CLSM approach to study the recrystallization kinetics was used for the first
time in this study. Therefore, first the applied methodology is discussed and compared to
other available methods. Afterwards, the behavior of deformed material in an annealing
process is analyzed in detail, focusing on the influence of plastic deformation, temper-
ature, and precipitate state. In particular, the quantitative description of the isolated
softening kinetics as well as the estimation of driving pressure and Zener pinning effect

are derived and compared to the microstructural investigations.
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6.4.1 In-situ CLSM method

The CLSM approach presented in this study is especially suitable when investigating
the recrystallization behavior of a novel age hardening alloy with rather unknown ki-
netics. Classicaly, such a problem is studied as alternating series of heat treatments and
microstructural investigations, requiring a large amount of microstructure characteri-
zations for every single combination of temperature and strain. If the recrystallization
kinetics do not follow the JMAK relation, as it is the case when precipitation and re-
crystallization occur simultaneously, the kinetics can not be estimated and the amount
of microstructural investigations increases further. Using the proposed in-situ CLSM
approach, in contrast, with just one single experiment per strain and temperature, it is
possible to determine the temporal and local sequences of recrystallization even for non-
constant growth rates. The benefits of this approach are even more pronounced when
considering investigations over longer periods of time. Measurements of the grain struc-
ture using standard EBSD is recommended to validate the observations from CLSM,
while TEM and EFTEM investigations are necessary for the analysis of the precipitates.
The correlation of the recrystallization phenomena between surface and bulk was proved
to be good enough for the tested alloy in the investigated parameter range. A proper
estimation of the materials behavior could be made in terms of recrystallized area frac-

tion, and size and location of recrystallized grains.

Most available methods to study recrystallization in-situ investigate phenomena related
to recrystallization rather than directly observing the microstructure evolution. By us-
ing high precision dilatometry [170], for example, the recrystallized volume fraction was
studied as a function of time for high purity ultrafine-grained Ni. The measurement was
based on the length change of the samples resulting from the release of free volume dur-
ing recrystallization. There are no similar studies for alloys with several components and
phases, as it is probably a very difficult task to isolate the signal responsible for recrys-
tallization in complex alloys. Differential scanning calorimetry (DSC) was successfully
applied [171] to study the recrystallization behavior of pure copper during heating with
different heating rates. By measuring the exothermic peak associated with the release
of stored energy, the recrystallization kinetics was studied as a function of temperature
during heating. However, recrystallization during isothermal ageing can not be stud-
ied by DSC, since the measurement itself requires a steady temperature increase over
time. In DSC studies on commercial 2014 Al-Cu alloy [172] or Al-Mgl2 [173], the sig-
nals corresponding to recrystallization could not be isolated due to overlapping effects

of precipitate formation and recrystallization. Similar behavior can be expected for the
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Al-Mg-Sc-Zr alloy used in this study where precipitation and recrystallization occur in
a similar temperature range. Using in-situ X-ray diffraction (XRD), the appearance of
reflections can be observed during ageing which is a measure for recrystallization in de-
formed alloys [174,175]. A synchrotron source is required for such a complex experiment
to facilitate time-resolved analyses. The local sequence of recrystallization can not be

followed with any of the discussed methods.

The only currently available method to observe the microstructure evolution during re-
crystallization is the use of EBSD combined with a heating stage in a scanning electron
microscope. Field et al. [163] investigated the recrystallization behavior of commercially
pure Cu in-situ using high temperature EBSD. They collected EBSD patterns every
3min since the scan time equalled 2 — 3min for the investigated 18 x 18 pm area. This
approach could be employed up to a temperature of 175°C, when the recrystallization
kinetics was much slower than the scan time. The in-situ EBSD results are striking for
the used material but the method itself is only applicable if the evolution kinetics is
very slow and the investigated area is in the range of only a few microns. A quasi in-situ
approach was presented by Bozzolo et al. [176,177] who studied the recrystallization be-
havior of different materials using a sample stage with heating and cooling rates of up to
175°Cs ™!, Several temperature cycles consisting of annealing at the target temperature
followed by cooling to room temperature for EBSD data acquisition allowed to visualize
the recrystallization kinetics of the investigated materials stepwise. A comparable ap-
proach was presented by Yamamoto et al. [178] who investigated the recrystallization
kinetics of Al-Mg-Si alloys using cycles of annealing and EBSD measurements of the
same sample position. However, in case of investigating several annealing temperatures
on a large sample area over long periods of time, the stepwise EBSD method is expected

to be rather time consuming.

Compared to the in-situ or quasi in-situ methods explained above, the CLSM approach
presented in this work has several advantages and some disadvantages. The in-situ CLSM
method itself is a straightforward approach, is easy to apply, and requires only simple
data interpretation. The recrystallization process can be observed directly on a surface
area of hundreds by hundreds of microns and the start and end of the transformation
can be determined. The experimental effort is reduced to only one single experiment
that needs to be carried out for every combination of temperature and strain. On the
other hand, it was shown that the resolution is limited and that grains in the range of
only a few microns are not clearly detectable. Furthermore, the CLSM approach is only

useful if the recrystallization kinetics is slow enough to observe boundary migrations.
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The precision of the methodology is lower compared to EBSD and is not suitable to

study detailed recovery kinetics.

In summary, the proposed in-situ CLSM approach employed in this work is a very suit-
able method to roughly characterize the recrystallization kinetics of alloys that exhibit

recrystallization and precipitation in a similar temperature regime.

6.4.2 Softening of deformed samples

In the current context, softening refers to the reduction of hardness due to the restoration
of an initially cold deformed microstructure in an annealing treatment. Both, softening
due to recrystallization or recovery, and hardening from Al3(Sc,Zr) precipitates, occurred
simultaneously during annealing of deformed AC samples, as shown in Figs. 5.15, 5.20,
5.23, and 5.24. According to various authors [9,41,82], the precipitation kinetics in Al-Sc
alloys is not affected by the degree of plastic deformation within the regimes of Sc-
content and temperature considered in this study. This statement is in good agreement
with the hardness measurements shown in Fig. 5.15, where the end of the incubation
time was identical for deformed and non-deformed (ND) material at a given tempera-
ture. The same applies regarding the time period to achieve the maximum hardness. In
consequence, the Als(Sc,Zr) precipitate state for a given Sc-concentration and heating
rate depended only on the ageing temperature and time. The JMAK analysis of the
dilatometer-annealed samples shown in Fig. 6.5 (a) is valid for both deformed and non-

deformed materials for a given temperature.

In this section, the connection between strain hardening, precipitation hardening, and
softening is discussed in detail. Fig. 6.7 shows a schematic illustration of the full pro-
cess of sample preparation, cold deformation, and dilatometer annealing for the AC and
PA samples deformed to 0.5 strain prior to annealing at 400°C for 60 min. For each of
the processing steps, the respective sample hardness is shown. In addition, the hardness
difference compared to the previous step resulting from hardening or softening phenom-
ena is displayed. The process starts with the non-deformed (ND) AC sample with a
hardness of 69 HV0.1. By ageing at 325°C for 60 min, the hardness was increased by
25HVO0.1 due to precipitation of Alz(Sc,Zr). The resulting materials condition was the
non-deformed pre-aged (PA) one, with a hardness of 94 HV0.1. The second process step
was cold deformation to a strain of 0.5. The hardness of the AC sample increased by
30HVO0.1 to a value of 99 HV0.1 due to strain hardening. The strain hardening increment
for the PA sample, on the other hand, equalled only 19 HV0.1, resulting in a hardness
value of the PA (D) sample of 113HVO0.1. A reduced strain hardening increment in the
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particles-containing condition was not expected [107]. However, this somewhat unusual
behavior was not further investigated, as the main intention was to analyze the influ-
ence of Alz(Sc,Zr) precipitates on the softening kinetics. The third step, annealing in a
dilatometer at 400°C for 60 min, promoted precipitation hardening and softening due to
restoration of the deformed microstructures. For the AC (D) sample, the precipitation
hardening increment equalled 14 HV0.1 (Fig. 5.15 b). The hardness decrement, mainly
due to recrystallization (Fig. 5.23 ¢ to e), equalled 28 HV0.1 to achieve a final hardness
of 85 HVO0.1. In contrast, no precipitation hardening occurred for the PA (D) sample and
a hardness reduction of 21 HV0.1 was measured due to annealing, as shown in step 3
of Fig. 6.7. Since hardly any recrystallization occurred in PA condition (Fig. 5.30), the
softening from 113 HV0.1 to 92HVO0.1 resulted mainly from recovery.

® @ O

0.5 strain Softening 28 HV
| v
AC (ND) AC (D) [ 400°c AC (D)
69 HV ! 99 HV ”| 60min 85 HV
A T

Precipitation hardening 14 HV

Strain hardening 30 HV
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| 325°C
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Precipitation
hardening ; Softening 21 HV
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N PA (ND) PA (D) 400°C PA (D)
94 HV 113 HV G 92 HV
A ,T«

Precipitation hardening 0 HV

Strain hardening 19 HV

Fig. 6.7: Schematic illustration of the full process of sample preparation (1), cold deformation
to 0.5 strain (2), and dilatometer annealing (3) at 400°C for 60 min for AC and PA
samples. The schematic flow chart shows the influence of each processing step on the
respective hardness considering precipitation and strain hardening as well as softening
due to restoration.
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Table 6.3 gives an overview of the hardness values of deformed materials before and
after 60 min of ageing as well as the corresponding hardness contributions for all inves-
tigated AC and PA samples. The calculation of the individual hardness contributions is

schematically illustrated in Fig. 6.8 and was carried out as follows:

HVprea = HVpo— HVpeo (6.6)
H‘/prec - HVND,GO - HVND,O (67)
HVD,soft = HVD,red + H‘/;?’I‘EC' (68)

The acronyms in Table 6.3 and in Eqs. 6.6 to 6.8 have the following meaning: HVp is
the initial hardness of the deformed samples corresponding to step 2 in Fig. 6.7. HVp g
is the hardness after 60 min of ageing (Step 3 in Fig. 6.7). HVp ,eq is the corresponding
total hardness reduction between step 2 and 3. HV e is the hardness contribution from
precipitates (Step 3) measured in non-deformed (ND) material. HVp g0t is the hardness
reduction due to softening of the deformed microstructure during annealing in step 3. The
value A HV; (Fig. 6.8 a) is the hardness difference between deformed and non-deformed

material at a given time step and will be introduced in detail in section 6.4.4.

Table 6.3: Summary of initial hardness (HVpg), hardness after 60min of ageing (HVp g0),
corresponding total hardness reduction (HVp ;eq), hardness increment due to pre-
cipitation (HVprec), and hardness reduction due to restoration processes (HVp goft)
at various temperatures for AC and PA samples deformed to 0.5 and 1.5 strain.

Condition Strain () Temperature (°C) | HVpy HVpg HVpred HVpree HVDgoft

AC 0.5 325 99 96 3 22 25
400 85 14 14 28

500 73 26 3 29

AC 1.5 325 111 102 9 22 31
400 90 21 14 35

500 77 34 3 37

PA 0.5 400 113 92 21 0 21
1.5 400 123 93 30 0 30
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Fig. 6.8: Schematic illustration of the calulation of individual hardness values from the hardness
curves of deformed (D) and non-deformed (ND) materials upon dilatometer annealing.
Initial (index 0) and final (index 60) hardness values and difference between D and
ND material (AHV;) (a). Calculation of precipitation hardening increment (HV prec)
and total hardness reduction of deformed material (HVp ;eq) (b). Curves correspond
to the sample heat treated at 325°C for 60 min.

The values from Table 6.3 are illustrated in Figs. 6.9 and 6.10. In AC condition, the
hardness after 60 min of ageing HVp g9 (Fig. 6.9 a) was reduced linearly with increasing
temperature for both degrees of cold deformation. For each temperature, the hardness
of the samples deformed to 1.5 strain exceeded the hardness values of those deformed to
0.5 strain by around 10 HV0.1. The corresponding total hardness reduction HVp eq in
Fig. 6.9 (b) showed a linear increase with increasing temperature and a rather constant
offset to higher values for the more severely deformed AC samples. The hardness after
60 min of ageing at 400°C was slightly higher in PA compared to AC condition (Fig. 6.9
a). The total hardness reduction for PA samples was higher than for AC samples, as no

precipitation hardening occurred during annealing of PA material (Fig. 6.9 b).

Fig. 6.10 (a) shows the hardness reduction adjusted for precipitation hardening HVp g,
i.e. pure softening due to restoration processes (Eq. 6.8). Here, the hardness reduction
increased with increasing temperature for the AC samples, and again, the samples de-
formed to 1.5 strain showed more pronounced softening than those deformed to 0.5
strain. The progress of the AC curves in Figs. 6.9 (b) and 6.10 (a) was very similar to
that in Fig. 5.25, where a steady increase of the recrystallized area fraction with tem-

perature was observed, and higher values were measured for more severe deformation.
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The similar dependencies of softening and recrystallized area fraction with annealing
temperature support both measurements. The PA samples showed reduced softening
due to restoration processes compared to the AC samples (Fig. 6.10 a), which is in good
agreement to the in-situ CLSM and EBSD investigations (Fig. 5.30), where hardly any
recrystallization was observed.

Fig. 6.10 (b) exemplarily summarizes the hardening and softening contributions occur-
ring during annealing in the dilatometer and CLSM for an AC sample deformed to 1.5
strain, that was aged for 60 min. The hardness increment from Als(Sc,Zr), HV pec, de-
creased with increasing annealing temperature. Softening due to restoration processes
occurring in the deformed microstructure, HVp g, increased slightly with tempera-
ture. The total hardness reduction considering restoration and precipitation processes,
HVp red, increased with increasing temperature. In other words, the total measured hard-
ness reduction increased with increasing temperature but was partly compensated by

the hardening increment from Alz(Sc,Zr) precipitates.
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Fig. 6.9: Hardness of cold deformed (0.5 and 1.5 strain) AC and PA samples after 60 min of
ageing (HVp g0) at various temperatures (a) and corresponding total hardness reduc-
tion (HVp yeq) with respect to the hardness of the cold deformed state (b) showing
increasing softening with increasing annealing temperature.
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and precipitation hardening (HVec) for an AC sample deformed to 1.5 strain (b).
Error bars are in similar range as in Fig. 6.9 (b) but were removed to improve
readability.

6.4.3 Softening mechanisms

The mechanisms to which softening occurred during annealing of deformed AC samples
depended on both the initial strain and the ageing temperature, as shown in the CLSM
and EBSD images (Fig. 5.23 and Fig. 5.24). The AC sample deformed to 0.5 strain
that was heat treated at 325°C did not show any recrystallized grains. Thus, softening
occurred purely due to recovery. For all other samples, a certain fraction of recrystal-
lized grains was observed that increased with increasing temperature and initial plastic
deformation. However, the maximum reached recrystallized area fraction was only 27%
after ageing at 500°C for 60 min. In comparison, conventional Al-Mg3 alloys deformed
to a true strain of about 0.8 showed full recrystallization after only 5 min of isothermal
ageing at 360°C [108].

Jones et al. [82] proposed that recrystallization was fully inhibited for several hours up
to 500°C in a high-purity binary Al-Sc alloy with 0.25wt.% Sc in solution deformed to a
true strain of 1.6. On the other hand, they showed that in an alloy with only 0.12 wt.% Sc
in solution, recrystallization was impeded below 370°C, whereas at temperatures above
~ 400°C full recrystallization was observed. They explained these observations with the
relative magnitude of the driving force for precipitation compared to the driving force

for recrystallization. At higher Sc-content (0.25wt.%), precipitation was faster than re-
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crystallization leading to Zener pinning even at 500°C. At lower Sc-content (0.12 wt.%),
it was suggested that the driving force for recrystallization was higher than that of pre-
cipitation at temperatures higher 400°C and the other way round at temperatures below
370°C. The Al-Mg4-Sc0.4-Zr0.12 alloy in AC condition used in the present study had
a solute Sc content of 0.13wt.%. It would be expected that the alloy behaved like the
Al-Sc0.12 alloy in the mentioned study [82] in case of similar deformation. This, however,
was not the case and precipitation and recrystallization occurred simultaneously for the
AC samples deformed to 1.5 strain even at 500°C. This behavior is explained with the
reduced solid solubility of Sc in Al in the presence of Mg and Zr [42,90] leading to an
increased driving force for Al3(Sc,Zr) precipitation, thus faster kinetics. In consequence
of the faster precipitation kinetics, the Zener pinning effect exerted by the Als(Sc,Zr)
particles in the used Al-Mg-Sc-Zr alloy occurred earlier in time compared to the binary
Al-Sc0.12 alloy shown in [82].

The EBSD images after annealing in a CLSM at 400°C for 60 min (Fig. 5.18 e, f) showed
several recrystallized grains, but also few large recovered subgrains that were not fully
surrounded by HAGBs, thus not termed recrystallized. These subgrains, highlighted with
arrows in Fig. 5.18, were free of local misorientations and revealed orientations similar
to their respective grain of origin. The mechanism behind such transformation is strain
induced boundary migration (SIBM), whereas in case of the large recovered subgrains,
the process was not finished due to pinning effects from Als(Sc,Zr) precipitates. There-
fore, the morphology of the recovered subgrains was similar to that of growing subgrains
in single-phase Al during early stages of SIBM [179]. When analyzing the recrystallized
grains in Fig. 5.18 (f), it was recognized that also the recrystallized grains revealed ori-
entations similar to their original grain (Fig. 5.18 ¢). Therefore, SIBM was considered
as the main recrystallization mechanism, in agreement with studies on Al-Sc [82] and

other dispersoid-containing Al-alloys [67].

For the samples deformed to 0.5 strain, recrystallization initiated at grain boundary
triple points (Figs. 5.19 and 5.23). The samples deformed more severely to 1.5 strain
revealed recrystallized grains located in distinct bands. Again, the grains nucleated at
locations with highest dislocation densities. These nucleation sites were the grain bound-
aries of highly deformed, very flat grains indicated with a low CI (black) in Fig. 5.21 (b,
c). As a consequence, the recrystallized grains were aligned along the original boundaries
in bands. For all investigated sample conditions of AC and PA materials, large primary
Al3(Sc,Zr) phases were present. Particle-stimulated nucleation (PSN), however, was not

observed in any case.
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The pre-aged (PA) samples deformed to 0.5 and 1.5 strain showed less than 1% recrys-
tallized area fraction after 60 min of ageing at 400°C, compared to 7% and 12% for the
AC samples deformed to 0.5 and 1.5 strain, respectively. The fact that recrystallization
was inhibited in the presence of Al3(Sc,Zr) precipitates was in good agreement with pre-
vious studies, e.g. [88,108]. The softening effect during annealing observed in Fig. 5.29,
therefore, occurred mainly due to recovery, in accordance with the reduced softening
due to restoration HVp g for the PA samples compared to the AC samples (Table 6.3
and Fig. 6.10 a). In other words, the hardness decrement due to recovery was less pro-
nounced than that of recrystallization. The degree to which recrystallization occurred
was determined from EBSD measurements, whereas a quantification of recovery was not

carried out.

6.4.4 Quantitative softening kinetics

In 6.4.2 it was explained that the precipitation kinetics in deformed and non-deformed
positions of as-cast (AC) samples depended on temperature and time, but not on the
degree of plastic deformation. This consideration allowed to isolate the hardness decrease
caused by recrystallization or recovery from the hardening effect due to precipitation
(Table 6.3). In this section, the temporal evolution of softening is derived by simply
subtracting the hardness value in ND condition (HVyp) from that of the deformed
material (HVp) at every time step ¢ based on the data from Fig. 5.15:

AHV; = HVp; — HVyp,. (6.9)

The value of AHV; represents the remaining strain hardening increment at every time
step (Fig. 6.8 a). The outcome of this evaluation for the AC samples aged at 325°C,
400°C, and 500°C is given in Fig. 6.11. The normalized Al3(Sc,Zr) volume fraction is
represented by the respective JMAK fits of Fig. 6.5 (a), while the hardness difference
between deformed and non-deformed conditions (Eq. 6.9) is given by AHV. The initial
values of AHV obviously represent the hardness increase due to cold deformation prior

to ageing. It was found that the softening kinetics followed a power law relation:
AHV =a+b-t", (6.10)

where a and b are constants, ¢ represents the time, and r is an exponent. The results of
the individual fits from Eq. 6.10 are also incorporated in Fig. 6.11. At 325°C, AHV de-

creased steadily during ageing demonstrating a continuous reduction of the initial strain
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Fig. 6.11: Normalized Als(Sc,Zr) precipitate volume fraction and evolution of the hardness
difference between deformed and non-deformed AC material (AHV) as a function of
ageing time at 325°C (a), 400°C (b), and 500°C (c).
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hardening effect (Fig. 6.11 a). The fitted curves were similar in shape for different strains,
whereas AHV was always larger for the sample deformed to 1.5 strain compared to that
deformed to 0.5 strain. The general behavior during ageing at 400°C (Fig. 6.11 b) was
similar to that observed at 325°C, however, the hardness loss during heat-up was more
pronounced and the curves flattened significantly after around 5 min. The flattening of
the AHV curves coincided with the rise of the Al3(Sc,Zr) volume fraction and the end
of grain boundary migrations observed by in-situ CLSM at 400°C in Fig. 5.23 and Fig.
5.24. At 500°C this behavior was even more pronounced and AHV reached a steady
state after ageing for around 30s. Again, the AHV curves reached their minima at the
same time as the Al3(Sc,Zr) volume fraction reached its maximum and the microstruc-
ture modifications shown by in-situ CLSM ceased (Fig. 5.23 and 5.24). The exponents
from Eq. 6.10 were similar for strains of 0.5 and 1.5 for a given temperature and equaled
r = 0.2 at 325°C, r = 0.5 at 400°C, and r = 1 at 500°C. For the investigated range of
temperatures, times, and degrees of plastic deformation, AHV did not reach the mini-
mum value of 0. In other words, the hardness increment introduced by cold deformation
was never fully removed. This observation is in agreement with the microstructure char-

acterizations from CLSM and EBSD revealing only partial recrystallization.

The same separation of softening and precipitation hardening was carried out for the PA
samples aged at 400°C. Fig. 6.12 shows the normalized Al3(Sc,Zr) precipitate volume
fraction and the hardness difference AHV between deformed (PA) and ND (PA) ma-
terial. The Al3(Sc,Zr) precipitate volume fraction reached its equilibrium state already
before deformation, and therefore equaled a normalized value of 1 over the entire heat
treatment. Despite the different precipitate state, AHV showed the same power-law de-
pendency for the PA samples as determined for the AC material, given in Eq. 6.10. The
exponent r from Eq. 6.10 equaled roughly 0.6 and a steady-state was already reached
after around 1 min for both strains of 0.5 and 1.5. The latter obervation is again in good
agreement with the early stop of grain boundary migrations observed by in-situ CLSM

in the presence of precipitates (Fig. 5.30).

In summary, softening could be described with a simple power-law relation from Eq.
6.10 independent of the acting mechanism. According to literature [39], similar func-
tions were often used to describe growth rates that decreased significantly with time.
This interpretation makes sense when considering that both recrystallization and recov-
ery are increasingly impeded in the presence of precipitates that are growing in size,
volume fraction, and number density with time. In such a situation, the Zener pinning

effect becomes stronger while the growth rates of grains and subgrains decrease.
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Fig. 6.12: Normalized Als(Sc,Zr) precipitate volume fraction and evolution of the hardness
difference between deformed and non-deformed PA material (AHV) as a function of
ageing time at 400°C.

6.4.5 Estimation of the driving pressure for recrystallization

The EBSD images of the deformed AC samples after annealing (Figs. 5.23 and 5.24)
revealed local misorientations and deformation bands in the non-recrystallized grains,
similar to a deformed microstructure (Fig. 5.14). A fully recovered substructure, on the
other hand, was not observed. When comparing Figs. 5.23 and 5.24 with the EBSD image
of the ND material in Fig. 5.14 (a), it can be expected that there exists still considerable
driving force for recrystallization in the form of an increased dislocation density after
annealing. It is well established [39] that the pressure for boundary movement in the

situation of partial recrystallization can be described by:

P=Pp— Po— Py, (6.11)
where:

Pp=aypGb° (6.12)
represents the driving pressure, as explained in detail in section 2.2.2.1. Based on these

formulations, it is intended to derive a relative estimation of the driving pressure Pp

from the measured AHV values. It is known that hardness and strength have a linear
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dependency, e.g. [180,181]:
HV = k30, (6.13)

with a constant k3, and that the strength can be represented as a sum of strength

contributions from different barriers to dislocation movement (e.g. [16]):
0 =00+ Osol T Ogs + Oprec + Odis- (614)

Similar to Eq. 6.9, the difference between the strength of deformed (D) and non-deformed
(ND) material is expressed by:

A(T:UD—O'ND. (615)
It was shown that all strengthening contributions apart from that of dislocation density

o4is were equivalent in deformed and non-deformed conditions. Therefore, the strength

difference can be expressed as:

Ao = Aogis = Odis,p — Odis,ND- (6.16)
Since [39]:
Odis — O[lG b\/ﬁ, (617)

it follows that:

Acgis = ks (\/PD — /PND) (6.18)

where k4 is a constant, and pp and pyp are the dislocation densities in deformed and
ND material, respectively. The dislocation density in case of ND material is usually
several orders of magnitude smaller than in deformed condition [58]. Consequently, pnp
was neglected in Eq. 6.18. From Eq. 6.13, 6.16, and 6.18 the following relationship was
derived:

Paes X AHV?Z, (6.19)
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Using Eq. 6.12 and 6.19, the relative driving pressure between deformed and ND material
finally relates to:

Pp oc AHV?, (6.20)

This notation of the relative driving pressure implies a value of Pp = 0 for the ND

material.

6.4.6 Estimation of the Zener pinning pressure

The Zener pinning pressure for coherent, spherical particles [39] is described by:

6.fvy
P, = . 6.21
7 5 (6.21)

In section 6.3.3, it was concluded that the precipitate number density increased rapidly
in the early stages of precipitation but remained constant during the larger part of
the precipitate growth stage. To estimate the temporal evolution of the Zener pinning
pressure, an approximation was used assuming that all precipitate nuclei were formed
simultaneously at the beginning of the ageing treatment. The precipitate number density
was assumed to remain constant during the growth stage. Under these considerations,
the increasing radius r of the spherical precipitates lead to an increase in volume fraction
with:

AT o

fr=57" (6.22)

Using Eq. 6.22 to substitute r from Eq. 6.21, lead to the estimation:
2
Py o 7. (6.23)

6.4.7 Comparison of driving pressure and Zener pressure

Both driving pressure and Zener pinning pressure were normalized for graphical in-
terpretation. The driving pressure Pp (Eq. 6.20) for a temperature 7" and a strain e
was normalized with respect to the initial AHV? value of the 1.5 strain sample for the

respective AC or PA condition:

AHV2.

Ppu(re) = ~orm (6.24)
T AHVZ 5y
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The Zener pressure (Eq. 6.23) was already calculated from the evolution of the nor-
malized Als(Sc,Zr) precipitate volume fraction (Fig. 6.11), thus P; = Pz, with the
normalized Zener pinning pressure Pyz,. It is noteworthy that the values of Pp, and
Pz, are not to be compared with respect to their magnitude, as they do not represent

absolute values. Rather, they are only comparable regarding their temporal evolution.

Fig. 6.13 illustrates the evolution of the normalized driving pressure Pp, and the nor-
malized Zener pinning pressure Py, for samples deformed to 0.5 and 1.5 strain. Fig.
6.13 (a to c) represents ageing of AC material at 325°C (a), 400°C (b), and 500°C (c).
The evolution of Pp,, and Py, for PA samples aged at 400°C is shown in Fig. 6.13 (d).

During ageing at 325°C (Fig. 6.13 a) the driving pressure Pp , was continuously reduced
without reaching a steady minimum. The Zener pinning pressure Py, increased due to
Al3(Sc,Zr) precipitation reaching a maximum after around 20 min. In case of ageing at
400°C, Pp,, was reduced over time but reached a rather flat region when Py, reached its
maximum value after around 5 min, as shown in Fig. 6.13 (b). This observation was in
agreement with the ceasing recrystallization process detected from the in-situ CLSM and
EBSD investigations. At 500°C, the minimum of Pp, and the maximum of Pz, were
reached after around 30s, as it was observed from the microstructure characterizations.
In contrast to the AC samples annealed at lower temperatures, a reduction in hardness
due to precipitate coarsening was observed at 500°C (Fig. 5.15 c). Consequently, the
Zener pinning pressure Py, was reduced after reaching a maximum, indicated with an
arrow in Fig. 6.13 (c). However, despite the reduced Zener pinning pressure, the driv-
ing pressure for recrystallization was not large enough to proceed recrystallization in
the considered annealing time. It is expected that recrystallization would continue, once
the precipitate number density was low enough so that, in absolute values, Pp > Py.
The relative driving pressure for recrystallization after 60 min of ageing decreased with
increasing temperature for the AC samples (Fig. 6.13 a to c). These observations are
in agreement with the measured recrystallized area fraction (Fig. 5.25) and hardness
reduction (Figs. 6.9 and 6.10).

Fig. 6.13 (d) shows the normalized driving pressure Pp, and Zener pinning pressure
Py, for the PA samples annealed at 400°C. The maximum Zener pinning pressure was
exhibited at the beginning of the annealing procedure and was constant until coarsening
initiated after around 2min, as shown by the hardness reduction of non-deformed PA
material in Fig. 5.29. The high Zener pinning pressure at the beginning of the annealing
procedure resulted in an almost full inhibition of recrystallization, as shown in Fig. 5.30.

The normalized driving pressure Pp, reached a minimum value already after 1 min of
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ageing at 400°C, in accordance with the CLSM and EBSD investigations. Despite the
reduction of Py, after 2min due to coarsening, apparently, the absolute Zener pinning
pressure exceeded the absolute driving pressure for recrystallization until the end of the
experiment. A quantitative comparison between the Pp ,, values in AC and PA condition
in Fig. 6.13 is not possible due to the difference of the initial AHV? values.
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Fig. 6.13: Estimation of the evolution of normalized driving pressure Pp , and Zener pinning
pressure Py, during ageing of AC material at 325°C (a), 400°C (b), and 500°C (c),
as well as PA material at 400°C (d). Normalization of Pp, with respect to initial
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normalized Al3(Sc,Zr) volume fraction. Vertical dashed lines represent end of 1 min
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6.5 Recommendations for alloy and stringer production

The production process of a welded Al-Mg-Sc-Zr stringer in the context of the current

research project ”OscAR” is intended to consist of the following steps:

1. Casting using a rapid solidification method.

2. Thermo-mechanical processing to produce sheet metal.
3. Roll forming of the sheet into a stringer.

4. Welding of the stringer on a sheet panel.

5. Creep forming of the welded component.

Based on the fundamental outcome presented in this work and published in [182-185],
some recommendations can be derived in order to appropriately design an industrial
production process. In addition to the precipitation and rerystallization kinetics, the
deformation behavior [186-188] and the weldability [189] of the used Al-Mg-Sc-Zr alloys

were investigated.

6.5.1 Casting

After belt casting, in AC materials condition, a fairly large amount of primary and eutec-
tic Al3(Sc,Zr) phases was present leading to a reduced supersaturation in Sc. However,
it was demonstrated in this study, that a high degree of Sc-supersaturation is the key
factor in order to achieve high strength. Therefore, it is recommended to optimize the
used belt-caster towards higher solidification and cooling rates. If this is not possible,
the use of an alternative casting technique with high solidification and cooling rates such
as twin roll casting (TRC) [190-192] is suggested.

6.5.2 Thermo-mechanical processing

The casted material needs to be processed into sheet metal by rolling. This rolling op-
eration can be done at room temperature or at elevated temperature. Both cold and
hot deformation up to 400°C was investigated using plane-strain compression testing
to simulate industrial rolling processes [186,188]. Defect-free samples could be produced
with both cold and hot deformation using appropriate processing parameters. The flow

1

curves for the samples deformed with a strain rate of 10s™" are shown in Fig. 6.14 for

the entire investigated temperature range. The flow stress was reduced with increasing
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Fig. 6.14: Flow curves of AC samples deformed with a strain rate of 10s~! using plane-strain
compression tests in a temperature range from room temperature to 400°C.

temperature as a result of dynamic recovery effects. Alz(Sc,Zr) precipitates formed dur-
ing deformation at temperatures higher than 350°C only if the strain rate was as low
as 1072571, However, the strengthening precipitates could not compensate for the dy-
namic softening effect, as shown by hardness measurements at room temperature [186].
Higher hardness values could be achieved if cold deformation was followed by an ageing
treatment. In order to achieve maximum strength, therefore, cold deformation is rec-
ommended. On the other hand, cold deformed sheet metal without any additional heat
treatment showed a very brittle behavior with fracture elongations of only 2 — 3%. To
form a stringer from sheet metal by roll forming, the ductility of the Al-Mg-Sc-Zr sheet
needs to be improved to around 10%. One way to increase the ductility in the entire

sheet is annealing in a temperature regime, where recrystallization or recovery occurs.

In the present study, the behavior of cold deformed Al-Mg-Sc-Zr during annealing was
investigated in detail. The recrystallization of cold deformed AC material was signifi-
cantly inhibited at 325°C even if the Al3(Sc,Zr) precipitates were not present prior to
the heat treatment. The hardness of the cold deformed material was maintained to a
large extent since softening was partly compensated by the precipitation of strength-
ening Als(Sc,Zr) particles. According to the findings in 5.3 and 6.4, annealing of cold
deformed material at temperatures higher than 325°C should be avoided if the strength
should be maintained at a high level. In additional activities in the project, it was found
that the desired fracture elongation of 10% in a cold rolled sheet was only achieved after

several hours of ageing at temperatures as high as 400°C leading to an unacceptable loss
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in strength. These results on a macroscopic level are in agreement with results of the
present study obtained from laboratory tests, where it was found that recrystallization

and softening occurred predominantly at temperatures higher than 325°C.

6.5.3 Forming of a stringer

Roll forming at room temperature was successfully applied in the project if the fracture
elongation of the rolled sheet was higher than 10%. The required heat treatment to
achieve enough ductility for cold roll forming, however, was accompanied by an unac-
ceptable loss in strength, as mentioned above. Therefore, it was aimed to integrate an
induction heating system into the roll forming process to facilitate local heating in the
severely deformed regions of the cold rolled sheet to locally increase the formability. The
fracture elongation of the non-heat treated cold rolled Al-Mg-Sc-Zr sheet was assessed as
a function of temperature in a preliminary hot tensile testing study. Fig. 6.15 (a) shows
the outcome of this investigation. The test cycle consisted of heating to the respective
testing temperature with 5 Ks™*, followed by a 10s holding time prior to testing. It was
found that a temperature of 200°C was high enough to achieve the desired fracture elon-
gation. Temperatures higher than 325°C, on the other hand, should be avoided to limit
potential softening effects and to prevent precipitation of Al3(Sc,Zr) phases. A prelimi-
nary hot roll forming test was successfully applied based on these recommendations. Fig.
6.15 (b) shows the first prototype of a hot roll formed stringer made of Al-Mg-Sc-Zr.
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Fig. 6.15: Fracture elongation of a cold rolled Al-Mg-Sc-Zr sheet as a function of temperature
obtained from hot tensile tests (a). Prototype of a hot roll formed stringer (b) made
of Al-Mg-Sc-Zr (Courtesy of H. Kerstan, Welser Profile Austria GmbH).
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6.5.4 Welding

Laser and friction stir welding (FSW) are considered as relevant welding processes to
join stringers and skin panels. In general, Al-Mg-Sc(-Zr) alloys show good weldability
similar to conventional Al-Mg alloys using both fusion [193,194] and friction stir welding
[195,196]. The mentioned studies [193-196] were carried out using materials where Al;Sc

precipitates were present prior to welding and the Al matrix was free of solute Sc.

In the present work, it was intended to characterize a rapidly solidifed alloy with a cer-
tain amount of Sc in solid solution prior to welding. Laser welding was not investigated
in the project but it can be assumed that the degree of Sc-supersaturation will increase
in the weld region, similar to what was observed in the EBRS material. FSW of as-
cast (AC) Al-Mg-Sc-Zr material was studied in detail [189] to analyze the influence of
the welding parameters on the Als(Sc,Zr) precipitation using an ISTIR FSW machine
(MTS). Blind welds on 8 mm thick casted material were accomplished using a threaded
pin tool (Stirtec) with a shoulder diameter of 15 mm and a pin length of 5.5 mm. The ba-
sic processing parameters were a tilt angle of 0° and a tool rotation speed of 1200 min~*.
Two different parameter sets were studied aiming for a variation in heat input. The high
heat input weld was carried out using a welding speed of 100 mmmin~' and a vertical
down force of 6.5kN, while the low heat input weld was done at 1000 mm min~" and
32.5 kN vertical down force. The hardness across the welds was studied in as-welded and
in post-weld heat treated (PWHT) conditions (325°C for 60 min).

Fig. 6.16 shows hardness patterns across the friction stir welds of low (a) and high heat
input (b). The acronym AS refers to the advancing side of the weld, and RS refers to
the retreating side [197]. The respective dashed lines represent the as-welded conditions,
while the full lines correspond to the PWHT conditions. In case of low heat input (Fig.
6.16 a), the hardness in as-welded condition was at a similar level in the unaffected base
material and the different zones inside the weld. After PWHT, the hardness increased
in average by 22HVO0.1 due to precipitation of Al3(Sc,Zr) phases leading to a rather
constant hardness plateau across the entire weld. In case of high heat input (Fig. 6.16
b), the hardness in as-welded condition increased with decreasing distance to the weld
center with the highest hardening increment of around 12HVO0.1 inside the stir-zone.
However, after PWHT no further hardening was observed inside the weld and the hard-

ness of the unaffected base material was not reached.

Temperature measurements were carried out during welding at various distances from

the weld center using K-type thermocouples. The most relevant measuring position was
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Fig. 6.16: Macrosections and hardness patterns across low (a) and high (b) heat input friction
stir welds showing the influence of the welding parameters and post-weld heat treat-
ment on the Als(Sc,Zr) precipitation. Yellow circles indicate positions of temperature
measurements 5mm from the weld center [189].

located 5mm away from the weld center on the advancing side, as indicated by the
yellow circles in Fig. 6.16. The peak temperature at this point equaled 460°C for low
heat input and 475°C for high heat input, thus the temperature difference at this point
was surprisingly small. However, it was found that the exposure to high temperatures
was significantly longer in case of high heat input welds. As the temperatures inside
the welds were certainly higher than the measured temperatures beside the weld, it was
concluded, that strengthening Als(Sc,Zr) precipitates were formed already during the
welding process at temperatures higher than 475°C in the high heat input weld. In con-
sequence, the hardness in as-welded condition increased slightly in the weld zone of the
high heat input weld. In such a case, the precipitates are expected to be coarse and have
a low number density, as shown in 5.2 and 6.3. During PWHT at 325°C, therefore, no
additional precipitation hardening could be achieved. In contrast, the maximum hard-
ness was lower inside the weld compared to the unaffected base material. For low heat
input welds, the exposure to elevated temperatures was short enough to prevent the
formation of Al3(Sc,Zr) precipitates during welding. In consequence, the hardness was
constant across the entire weld and base material. In summary, friction stir welding with
low heat input is recommended for industrial application, because the strength of the

weld can be controlled by a PWHT and can reach the same level as the base material.
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6.5.5 Forming of a welded component

The final step in the production routine is a creep forming process of the welded compo-
nent, as explained in [198]. The primary goal of this process is to form a component of
specific shape. In addition, the process can be used to achieve peak-age condition for the
given Al-Mg-Sc-Zr alloy having Sc in solid solution prior to creep forming using appro-
priate processing parameters. According to the findings in this study, the forming tem-
perature should not exceed 325°C, since the maximum achievable hardness decreased.
Lower annealing temperatures might result in higher final hardness but would require
ageing times longer than 180 min. The heating rate should be lower than ~ 5°Cs™! to

promote precipitate nucleation and achieve a high precipitate number density.

Fig. 6.17 summarizes the optimized processing routine. After belt casting using an opti-
mized process with a solidification rate high enough to dissolve large amounts of Sc, the
material is cold rolled into sheet metal condition. Hot roll forming to stringer profiles
is carried out by locally increasing the temperature to around 200°C to locally increase
the ductility while preventing the formation of Al3(Sc,Zr) due to short exposure time.
The stringers are welded to the skin panels by FSW using low heat input to keep Sc
in solid solution. In the final creep forming process, the alloy is peak aged at maximum

325°C to promote the formation of a fine distribution of Als(Sc,Zr) precipitates.

Belt casting
Sc in solid solution

¥

Cold rolling
Sc remains in solution

v
Hot roll forming
(Tlocal = 20000)
Sc remains in solution
v
Friction stir welding
(low heat input)
Sc remains in solution
v
Creep forming
(T<325°C, t=3h)
Al;(Sc,Zr) peak aged

Fig. 6.17: Summary of the optimized processing routine with respect to the presence of Sc.
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7/ Summary and conclusions

Al-Mg alloys modified with Sc and Zr possess superior mechanical properties than con-
ventional Al-Mg alloys while maintaining the positive materials characteristics such as
weldability and corrosion behavior. This unique combination of materials properties
makes this type of alloys a promising candidate for applications in aircraft fuselage com-
ponents, in particular for stringers. However, so far there exist no Al-Mg-Sc-Zr alloys
that reach the required strength level of the currently used Al-Cu-Mg alloys. One of the
main drawbacks of Al-Mg-Sc-Zr alloys is the need for rapid solidification, since a solution
heat treatment in practice is not possible. Here, a new material developed and produced
using an industrial belt-casting process was characterized to correlate the microstruc-
ture evolution and the corresponding mechanical properties to the thermo-mechanical

processing routine.

The novel industry-scale belt-casted Al-Mg4-Sc0.4-Zr0.12 alloy was analyzed for the
first time. It was found that in as-cast condition, only 0.13wt.% of a potential of
0.4wt.% Sc was in solution. The remaining 0.27 wt.% Sc was bound in primary and
eutectic Alz(Sc,Zr) phases and did not contribute to precipitation strengthening. Using
an electron-beam re-solidification (EBRS) process, it was possible to dissolve almost the

entire content of Sc and, thus, increase the degree of Sc-supersaturation.
Precipitation kinetics

The precipitation kinetics was quantitatively determined as a function of ageing time,
temperature, and degree of Sc-supersaturation. The age hardening behavior of furnace
annealed samples was correlated to in-situ synchrotron XRD measurements and HR-

STEM and EFTEM analyses. The conclusions can be summarized as follows:

1. Within 180 min of isothermal ageing, peak-age condition was achieved at 325°C and
400°C, not at lower temperatures. For each temperature, the samples with a higher
degree of Sc-supersaturation showed more pronounced age hardening response.
The maximum hardness increase of around 70% was achieved for the material
with 0.37 wt.% Sc in solution (EBRS) after ageing at 325°C for 180 min.
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2. The hardness increase was solely due to the precipitation of coherent, nano-sized

Al3(Sc,Zr) precipitates distributed homogeneously in the matrix.

3. The number of Al3(Sc,Zr) nucleation events decreased and the precipitate growth
rate increased with increasing temperature. For a given temperature, the precipi-

tation kinetics was slightly faster for a higher degree of Sc-supersaturation.

4. In peak-age condition, the precipitate volume fraction was close to the theoretical
limits of the binary Al-Sc system. The influence of Mg and Zr on the precipitation

kinetics could be neglected.

5. The mean precipitate radius increased with increasing temperature but was rather
unaffected by the varying amount of Sc in solution prior to ageing. The Al3(Sc,Zr)
number density, in contrast, showed a linear dependency with the degree of Sc-
supersaturation. Furthermore, the number density decreased with increasing age-

ing temperature.

6. For the studied material, the JMAK analysis could be carried out directly on the
hardness values to determine the precipitation kinetics of Alz(Sc,Zr). The precipi-
tation process occurred by a fast increase of the precipitate number density in the
early stages, followed by a rapid decrease of the nucleation rate with decreasing su-
persaturation and the growth of existing precipitates until an equilibrium volume

fraction was reached.

In-situ CLSM approach

A novel process based on confocal laser scanning microscopy (CLSM) was introduced
to study the recrystallization kinetics of age hardening alloys in-situ. This precedure
was shown for the first time using the newly developed Al-Mg4-Sc0.4-7r0.12 alloy. The

following conclusions can be drawn:

1. CLSM is a powerful method to observe the migration of existing and the forma-
tion of new grain boundaries during recrystallization. The in-situ technique allows
pursuing the temporal sequence and local initiation of recrystallization in a single

experiment.

2. The observed grain structure evolution in CLSM was in good agreement with
EBSD measurements both before and after annealing. The accuracy of the CLSM
observations decreased with increasing deformation and decreasing grain size due

to limited resolution.
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3. The in-situ observations at the surface correlated to the microstructure modifi-
cations inside the bulk material both in terms of recrystallized area fraction and

grain size, as well as to the measured hardness evolution.

4. Pros of the proposed CLSM approach:
e Straightforward approach, easy to apply, simple data interpretation
e Direct observation on a surface area of hundreds by hundreds of microns
e Start and end of recrystallization process determined in a single experiment

e Local evolution of recrystallization can be directly observed

5. Cons of the proposed CLSM approach:
e Limited spatial resolution in case of large deformation and small grains

e Recrystallization kinetics slow enough to observe boundary migrations

Recrystallization kinetics

The kinetics of softening was studied using a combined approach of heat treatments
in a dilatometer, hardness testing, in-situ CLSM observations, and electron microscopy
techniques. The softening kinetics was isolated from that of precipitation hardening by
calculating the difference in the hardness evolution between deformed and non-deformed
material assuming deformation-independent Al3(Sc,Zr) precipitation. Hereafter a sum-

mary of the most relevant conclusions:

1. In as-cast (AC) material condition, the Als(Sc,Zr) precipitation occurred by fast
growth of nuclei that formed after short ageing times. In this case, the Zener pin-
ning effect increased with increasing precipitate volume fraction. In pre-aged (PA)
material condition, an Al3(Sc,Zr) precipitate volume fraction close to equilibrium
was present prior to annealing, thus the maximum Zener pinning pressure was

exerted from the beginning of the heat treatment.

2. Recovery was the dominant softening mechanism for AC material deformed to a
strain of 0.5 prior to ageing at 325°C. For larger strain and/or higher annealing
temperature, recrystallization was the dominant mechanism. In pre-aged (PA) con-
dition, recrystallization was almost fully inhibited and recovery was the dominant

mechanism even at 400°C.

3. For the as-cast (AC) material, recrystallization ceased after around 5 min at 400°C

and after 0.5min at 500°C due to significant Zener pinning. The ceasing grain
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boundary migrations were observed in-situ using CLSM. The effect of Zener pin-
ning of Al3(Sc,Zr) precipitates was confirmed by TEM investigations where particle-

boundary interactions were observed.

. Full recrystallization was not observed in the investigated range of plastic strains
and annealing temperatures. The maximum recrystallized area fraction for the AC
sample deformed to 1.5 strain aged at 500°C equaled 27%.

. The total hardness reduction of deformed samples due to annealing increased
with increasing ageing temperature, whereas the hardness reduction associated
with recovery or recrystallization was partly compensated by the precipitation of
Al3(Sc,Zr) phases in AC material.

. The isolated softening kinetics followed a simple power law relation, independent
of the precipitate state prior to ageing and independent of whether recovery or
recrystallization was the dominant softening mechanism. The power law kinetics

corresponds to a decreasing growth rate of recrystallized grains.
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8 Outlook

The potentials and drawbacks of belt-casted Al-Mg-Sc-Zr alloys were fundamentally an-
alyzed in this thesis. One of the most relevant outcomes, the quantitative description of
the Al3(Sc,Zr) precipitation as a function of the Sc-content, will be used as a reference
to implement the Al-Mg-Sc-Zr alloy system in the software application MatCalc. This
software is capable of calculating phase equilibria and precipitation kinetics in multi-
component systems, provided that the used thermodynamic and diffusion databases are
optimized using reliable experimental data. In consequence, ressource-consuming exper-

imental studies can be reduced to a minimum in the future.

The findings of this study need to be implemented in the relevant industrial processes
to take a practical step forward towards producing an Al-Mg-Sc-Zr stringer. Prelimi-
nary studies on the behavior of the alloy in some of the production steps showed rather
positive results. The production of parts and components from Al-Mg-Sc-Zr sheet metal
with high strength is possible if higher cooling rates can be achieved in the casting
process to avoid any formation of Als(Sc,Zr) phases. If this is the case, a production
route consisting of cold rolling, roll forming at locally increased temperatures, friction
stir welding, and creep forming may be promising. In addition, Al-Mg-Sc-Zr alloys are
highly interesting for additive manufacturing. As shown in the present study, the most
beneficial mechanical properties can be achieved only by rapid solidification, which is the
most relevant characteristic of many additive manufacturing processes. The suitability of
Al-Sc powders for the selective laser melting (SLM) process was already demonstrated,
e.g. [137,138]. In these studies, exceptional mechanical properties were achieved in the
additive manufactured materials. It would be interesting to study the suitability of wire

based additive manufacturing processes using arc or electron beam as a power source.

Based on the promising properties of the alloy investigated in this study and its future
application potential, this thesis is finished with a statement of Gunnar Raade, a senior

curator at the Geological Museum of the University of Oslo, Norway [10]:

"I am convinced that scandiums’s heyday is ahead of us.”
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