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Kurzfassung

Der Wirkungsgrad von Flugzeugen lasst sich durch die Verwendung fortschrittlicher Werkstoffe
erhoéhen, die entweder eine generell leichtere Konstruktion oder hohere Verbrennungs-
temperaturen in der Gastubine ermoglichen. Der Einsatz von Gamma-Titanaluminiden, hoch-
festen intermetallischen Legierungen, ermoglicht beides. Dieser Materialtyp ist ein viel-
versprechender Nachfolger von weit etablierten Nickelbasis-Superlegierungen fiir diverse
Triebwerkskomponenten, da er dhnliche Hochtemperaturfestigkeiten bei nur etwa halber Dichte
aufweist.

Ein laufendes Forschungsprojekt widmet sich der Herstellung von Niederduckturbinenschaufeln
aus einer Titanaluminid-Legierung durch Gesenkschmieden. Der Schmiedeprozess erfordert
hohe Krifte und Temperaturen, was zu einer hohen Belastung der Schmiedegesenke fiihrt. Aus
diesem Grund muss deren Werkstoff hervorragende Hochtemperatureigenschaften aufweisen,

um einen stabilen Produktionsprozess und lange Lebensdauer zu gewiahrleisten.

Die vorliegende Arbeit liefert eine detaillierte Untersuchung des thermomechanischen Verhaltens
dreier Legierungen, die als Gesenkwerkstoff in Betracht gezogen werden. Es handelt sich um gut
verarbeitbare Nickelbasislegierungen, die aufgrund ihrer charakteristischen teilchengehirteten
Mikrostruktur ausgezeichnete mechanischen Eigenschaften im betrachteten Temperaturbereich
aufweisen. Die weit verbreitete sowie gut untersuchte Legierung Inconel 718 dient als Referenz-
werkstoff und wird mit zwei neu entwickelten Superlegierungen, Allvac 718Plus und Haynes 282,
verglichen. Basierend auf den Ergebnissen physikalischer Simulationen des Schmiedeprozesses
wird eine Werkstoffwahl getroffen.

In thermomechanischen Versuchen an Zugproben wurden Temperatur- und Lastzyklen dem
realen Schmiedeprozess nachempfunden. Mit mikrostrukturellen Untersuchungen und
numerischen Ausscheidungssimulationen wurde versucht, die erhaltenen Ergebnisse zu inter-
pretieren und ein generelles Verstindnis Uber das Materialverhalten unter den gegebenen

Bedingungen zu erlangen.

Die thermomechanischen Versuche wurden bei unterschiedlichen maximalen Spannungen und
bis zu unterschiedlichen plastischen Dehnungen durchgefiihrt. Alle drei Legierungen wiesen eine
Spannungsabhingigkeit der minimalen Dehnraten enstprechend Potenzgesetzen auf. Die
Auswertung der Spannungsexponenten im industriell fir Schmiedegesenke relevanten Bereich
niedriger plastischer Dehnungen ldsst vermuten, dass es sich beim vorherrschenden

Verformungsmechanismus um Versetzungskriechen handelt.

Verglichen mit dem Ausgangsgefuge wiesen plastisch verformte Proben verschiedene mikro-
strukturelle Verinderungen auf. Es konnten eine starke Verformung der Kornstruktur und
Entfestigungsmechanismen wie Teilchenvergroberung, Teilchenumwandlung sowie dynamische

Rekristallisation beobachtet werden.

AbschlieBend wurde eine Reithung der Werkstoffe im Hinblick auf Wirtschaftlichkeit und
Standzeit durchgefihrt.
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Abstract

Aircraft efficiency can be increased by the utilization of advanced materials which enable either
lighter structural construction or higher jet engine combustion temperatures. Both approaches
can be realized by the use of gamma titanium aluminides, high-strength intermetallics. The
material is a promising successor of widely established Ni-base alloys for certain aircraft engine

components as it exhibits similar mechanical properties at only around half the density.

A current research project focuses on the processing of this intermetallic compound to low-
pressure turbine blades via die forging. This forming process requires high stresses and
temperatures. Therefore, the forging tool material has to meet great demands regarding its high-

temperature properties in order to guarantee a stable production process and long service life.

In this study, a detailed investigation of the thermomechanical behavior of three pre-selected
candidates for the forging die material is presented. All three investigated materials are readily
processable Ni-base superalloys which exhibit excellent mechanical properties due to their
characteristic precipitation strengthened microstructures. Inconel 718, a widely applied and
thoroughly investigated alloy, is used as reference material and compared to two rather new
superalloys, Allvac 718Plus and Haynes 282.

Final material selection is performed based on the results of physical forging simulations.
Thermomechanical tests were carried out using tensile samples with temperature and load cycles
based on the real forging process. Microstructural investigations and numerical simulations were
performed to interpret the obtained results and to get a general insight into the material behavior

under given conditions.

Thermomechanical tests were carried out at three different maximum stress levels and up to
varying plastic strains. For all investigated alloys, the stress dependence of their minimum strain
rates followed power-law relationships. An evaluation of the corresponding stress exponents
suggests that the predominating deformation mechanism up to very low plastic strains (as

industrially relevant for forging dies) is dislocation creep.

Different microstructural changes were observed in deformed specimens compared to the initial
state. These changes include strong deformation of the grain structure and softening mechanisms

such as precipitate coarsening or transformation as well as dynamic recrystallization.

To conclude the work, a benchmark regarding service life and cost effectiveness is presented.
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Introduction

1 Introduction

Since the beginning of motorized aviation in the early 20" century, the world has changed
significantly. Fast and inexpensive long-distance travelling and shipping laid the cornerstone of

globalization.

In the last decades, the severe economic and ecological impact of the aircraft industry led to a
great amount of research to improve aircraft efficiency. Fuel consumption and therefore
operating costs and negative environmental effects (keyword global warming) need to be
reduced. One important way of improving aircraft efficiency is to develop new, advanced

materials which enable either lighter construction or higher jet engine combustion temperatures.

The manufacture and processing of such materials is a major challenge. Thus, comprehensive
experience and research are needed in order to process these materials into high quality, ready-to-
mount components. A typical example of such high-duty products are turbine blades. Exposed to
severe mechanical, thermal and chemical load, these components need to fulfill highest reliability

and durability requirements.

Several critical processing steps and considerable efforts in quality management and inspection
are needed to produce such products. This work deals with one manufacturing step of turbine
blades: shaping via die forging. High stresses and temperatures are required to form the blade
material which is a novel, high-strength light-weight alloy. Therefore, the forging tool has to meet
great demands regarding mechanical and thermal material properties in order to achieve long

service life and guarantee a stable production process.

Based on a physical simulation of the forging process, forging die material selection and
characterization is performed in the present work. Three materials, all of which are Ni-base
superalloys, are being investigated and compared.

Graz University of Technology 1



Initial situation and objectives

2 Initial situation and objectives

The project partner, Béhler Schmiedetechnik GmbH & Co KG (BSTG), manufactures forgings
for different applications, for instance aerospace engine parts, turbine blades and a variety of

structural cornponents.1

A current work project of BSTG, called DAFNE (Development of y-TiAl forgings in a near
conventional hot-die low-cost process and evaluation of prototype production), is part of the
European Clean Sky initiative which promotes the development of different technologies to
increase the environmental performance of aircraft.”

Aims of DAFNE project are as follows:

e The development of a small-scale series production for titanium aluminide (TiAl) turbine
blades for geared turbofan engines, concretely for the last stage of the low-pressure
turbine of PW71524G test engine (see Figure 1) which will be applied in the currently
developed Bombardier CSeries airliner. The replacement of previously used Ni-base alloys
as blade material by y-TiAl will result in significant weight reduction.

e The stabilization of the turbine blade manufacturing processes. The process steps are as
follows: pre-forming (upsetting) of the blank, coating with a ceramic thermal barrier, pre-
heating, hot-die forging, jet-cutting of the forging flash, heat treatment and adjustment.

e The optimization of the manufacturing processes.

e The development of an execution plan for the large-scale series production in which up
to 24800 turbine blades are manufactured annually until 2023.

Forging is performed on a Schloemann hydraulic press (see Figure 2) with an adapted control
system which enables low deformation speeds and an accurate control of die position, speed and
temperature. Due to the use of a conventional hydraulic press the investigated industrial process

. . ’5
is called “near-conventional”.

In order to produce sound forgings in an economical manufacturing process, following
requirements arise for the forging die material:
e temperature resistance and microstructure stability up to temperatures above 800°C

e 9¢ood mechanical properties at operating temperatures
o strength and creep strength
o toughness
o fatigue strength

e clectrical conductivity (for inductive heating)

e high thermal conductivity

¢ Jow thermal expansion

e oxidation resistance at operating temperatures

e good processability (to keep die manufacturing costs low)
e good weldability (for repair work)

e affordable material costs

Graz University of Technology 2



Initial situation and objectives

Based on these requirements, a previous materials selection using the software Cambridge
Engineering Selector (CES) suggested the use of Ni-base superalloys. *

In the present work, based on a physical simulation of the forging process, three such superalloys
are investigated regarding their thermomechanical behavior: Inconel 718, a widely applied and
thoroughly investigated alloy, is used as reference material and compared to two rather new
superalloys, Allvac 718Plus and Haynes 282.

A comparison of the material performance in the physical forging simulations combined with
microstructural characterization and interpretation should lead to a recommendation concerning
the forging die material selection.

combustion chamber

low-pressure turbine

(3 stages)

high-pressure compressor
(8 stages)

fan gear low-pressure compressor high-pressure turbine
(3 stages) (2 stages)

Figure 1. PW1524G test engine

Figure 2. Schloemann hydraulic press
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Literature Review: Die forging

3 Literature Review

3.1 Die forging

According to DIN 8583-4, die forging is defined as a technique in which metal is formed mainly
using (uni- or multiaxial) compressive stresses via tools which are moved against each other,

enclosing the work piece and containing its shape. >

Die forging belongs to the manufacturing technique bulk forming as the work piece dimensions are
of the same magnitude in all directions (in contrast to sheet metals, for instance). Furthermore, it
is a hot forming process as it typically takes place at temperatures higher than the metal’s
recrystallization temperature which enhances the formability and therefore decreases forging

6,7
forces and stresses.

The process is characterized by tool-dependent shaping of the work pieces (called forgings) via
impressions of the upper and lower tools (called forging dies). Die forging is commonly used for
large-batch production of different kinds of products, reaching from semi-finished parts that
require further processing to ready-to-mount finished parts. Typical die forged components are

crankshafts, front axles, roller bearing rings, gear wheels, wheel hubs and turbine blades. 8

3.11 Die forging process

Starting from the forging blank (which is commonly rolled rod, strip or billet stock), forgings
typically run through one or more intermediate forming processes depending on the complexity
of the desired geometry. These processes can involve bending or pre-profiling (typically via free
forming or die forming processes with partly enclosed work piece) to approach the final contour.
This has the following advantages for the final forming process: ®

e prevention of excessive local flash formation

e improved metal flow in die impressions resulting in reduced forging forces

e reduction of die wear

e improved grain orientation and end form quality of the work piece

e prevention of metal flow in longitudinal direction for elongated work pieces

Figure 3 shows two basic die forging methods of which the process with flash has higher
industrial significance. The basic types of die filling processes are material flows parallel to
(upsetting), perpendicular to (spreading) or against the tool movement (rising) as illustrated in

Figure 4.

After filling the impression, excess material is forced through the flash gap. The flash geometry
affects the stresses inside the forging and the material flow behavior and should therefore be
carefully designed in order to produce sound forgings. After forging, the flash is removed either
in hot (= forging temperature) or cold (room temperature) condition depending on the material’s

strength and the work piece geometry.” '

Graz University of Technology 4
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die forging without flash :;7 ——— punch 1

die

work

% \ o
e ejector

die forging with flash flash path impact area
\ /
__ upper die /
74— work piece
~ flash
% ™ lower die flash ’gap flash gutter

Figure 3. Basic die forging methods (adapted from )

Die forging without flash, on the contrary, does not require this flash trimming operation.
Furthermore, it reduces the necessary forging force and saves up to 40% material. However, it

requires high accuracy of the forging blank’s volume, contour and positioning. ''

Za

“ upsetting
%

A

feeding

/ % filling
N |

upsetting spreading rising

Figure 4. Basic filling processes of forging dies (adapted from 1)

In comparison to cast components, forgings typically obtain better mechanical properties. Pores
can form in cast components during the transition from liquid to solid state of the metal due to
shrinkage. If located at critical positions, these pores can have fatal influence on the component’s
lifetime. However, they can be closed when the cast material is rolled, pre-formed and/or forged
(i.e. when it is worked). Furthermore, this processing leads to a beneficial grain orientation during
forging. For these reasons, forgings obtain higher strength and ductility and thus lower weight

which makes them a favorable choice for components working under high static and dynamic

loading conditions. 6
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3.1.2 Damage mechanisms of forging dies

Forging dies are subjected to a combination of thermal, mechanical, tribological and chemical
exposure. A continuous thermal load results from the elevated die base temperature Ty, and
near-surface cyclic thermal stresses arise from changing surface temperatures during each forging

cycle (see Figure 5).

b
/ cooling due to inserting »
radiation and ——— lubricantinto ——— Waiting for new __|
convection die impression forging cycle
)
=
=
=
g
51 s
=y
=] -
2] EE
£ 8
o= B
] 2 .
ElR T die base
;;" -'—;D _E T MeTT T T TSI T T T T T = — -7 temperature Tg;,
S8 .4
=] .
2| £ s pause lubricant pause
time

Figure 5. Temperature sequence of the die surface during a forging cycle (adapted from 12)

The peak temperature during the forging phase depends on material, mass and temperature of
dies and work piece. Furthermore, it is influenced by normal stress, forging time, an optional
thermal barrier as well as the relative movement between tools and work piece resulting from
material flow. The peak temperature (and therefore the temperature gradient) determines the
maximal thermal compressive stresses resulting from strain constraint. If these compressive
stresses locally exceed the die material’s yield strength, residual tensile stresses form after a
following temperature drop. Due to lubrication of the die impression between forging cycles, its
surface temperature can decrease to values lower than the die base temperature. This results in
the formation of additional thermal tensile stresses due to strain constraint. Cyclic plastic
deformation arising from these alternating stresses can ultimately lead to crack formation and

: 10,12
component failure.

Due to the relative movement between tool and work piece, different friction conditions arise in
their contact area. The tribological system is influenced by the material flow, the temperature as
well as lubricant and reaction products, particularly scales. Therefore, depending also on the
surface finish of the friction partners, all conditions from solid state to hydrodynamic fluid
friction can appear. Consequently, severe tool wear can occur, especially at positions with high

relative velocity and contact pressure. °

Figure 6 summarizes common damage mechanisms of forging dies. Crack initiation due to
mechanical fatigue typically appears at positions with high stress concentration. However, the real
state of stress in the die results from a superposition of mechanical and thermal stresses.
Therefore, in order to be able to prevent tool damage, these stresses should be determined as
precisely as possible which is typically achieved via numerical forming simulations using the finite
element method (FEM).®
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1: wear

/ 2: thermal fatigue
1314 / — crack initiation

==

=)
W 3: mechanical fatigue
04— — crack initiation
\\ 4: plastic deformation
/ l \
1 3 2

1/4

Figure 6. Damage mechanisms of forging dies (adapted from %)

3.2 Ni-base alloys

3.2.1 Application and properties of Ni-base alloys

Ni-base superalloys belong to high temperature materials which can be used above 550 °C under
considerable mechanical load and chemical exposure for long times. They typically contain up to
15 alloying elements and obtain strengthening particle volume fractions of up to around 70%
which enables long-term operation at up to 85% of their melting temperature. The main driving
force for the development of Ni-base alloys is the gas turbine industry as the efficiency of
turbines for power plants and aircraft is raised by increasing the combustion temperatures.
However, such superalloys are also widely used for different applications in mechanical and

process engineering because their properties generally include: ' '*

e 9¢ood mechanical properties at operating temperatures
o strength and creep strength
o ductility and fracture toughness
o fatigue strength

e corrosion and oxidation resistance at operating temperatures
e thermal microstructure stability

e cconomical manufacture and processing
3.2.2 Microstructure of Ni-base alloys

Ni-base superalloys feature a face centered cubic (fcc) Ni-Cr (y) matrix which accounts for

. . . 1 1
several beneficial material properties: 315

e Ni exhibits no allotropic transformation which may lead to structural destabilization or a
change in properties.

e The y matrix has a high solubility for alloying elements which enables both solid solution
strengthening and precipitation hardening.

Graz University of Technology 7
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A strongly bonding oxide surface layer prevents intrusion of H and S into the material as

well as loss of alloying elements.

The crystal lattice exhibits multiple slip systems which promotes the alloy’s ductility and

formability.

Precipitation of ductile strengthening phases is facilitated in contrast to brittle phases.

Figure 7 shows an overview of typical alloying elements for Ni-base alloys with their basic

effects and a rough indication concerning their quantity. A more detailed description of these

effects is given in Table 1 for selected alloying elements relevant to the present work.

The main microstructural parameters influenced by alloying elements are:

Precipitation
Precipitate ot e modification Grain
oint base 1
forl‘ners- element \ Surface boundary
T\H“‘“‘\ \ \ protection phases

Fe || ] = \ \ \
] joe ) e GQ\AS Feo| er)
— | L7 ==
bt 1 b L \
\ \ \ t { \ | \ 1 \
Te| Ru |\Rn | Pa [Ag= cd | in | Sn -sb
1\ |; 1 \ \ &

e 1\ Xe
w | AT =TT
24 ReYos| i | et | Au | Hg | Ti\Pb\Bi\Pn\ At |\ Rn
. J | \ \ \ s ! 1! \ \ \
Grain-boundary Solid-solution cross hatching: beneficial trace elements
strengthening strengthening horizontal line hatching: harmful trace clements

Figure 7. Typical alloying elements of Ni-base alloys and their principal effects 16

13,14

lattice parameter (i.e. the distance between unit cells in the crystal lattice) of the y matrix

and intermetallic precipitate phases (see Figure 8)

stacking fault energy (affecting dislocation cross-slip and climb movements)

diffusion coefficients in the matrix and at grain boundaries (affecting microstructure

stability)

modulus of elasticity

solidus temperature

oxidation resistance

type, amount and morphology of precipitate phases

lattice parameter, nm

0,358

0,357

o
w
a
[+>]

2
w
43}
5}
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Ti E
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Figure 8. Influence of substitutional elements on the lattice parameters of the Ni solid solution (y, left) and NizAl

phase (V', right) (adapted from 13)
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Table 1. Typical alloying elements of Ni-base alloys and their effects on

microstructure and material properties (continued on the next page) '3 14,1721

element effects
strong solid solution strengthening of the y matrix
forms the y' phase (NizAl)
Al forms an ALO; surface layer to prevent high temperature oxidation (long-term protection for
temperatures higher than 950 °C)
with increasing content of Al the phase stability is reduced (more Ni is bound in y' phase which
decreases the content of Ni in the y matrix)
strong solid solution strengthening
substitutes Al in y' and Nb in y" and therefore increases the volume fractions of y'/y"
Ti forms TiC carbides and Ti(C,N) carbonitrides
forms the embrittling n phase (Ni;Ti) in case of high alloy content
increases the y/y' lattice misfit parameter and therefore the y' coarsening rate
can decrease oxidation resistance
strong solid solution strengthening
substitutes Al in y' therefore increases the volume fraction of y'
increases the y/y' lattice misfit parameter but delays y' coarsening because of its low diffusion
Nb coefficient
forms the metastable y" phase (NisNb)
forms NbC carbides
forms & phase (Ni;Nb) preferably at grain boundaties in case of high alloy content
decreases oxidation resistance
moderate solid solution strengthening (high solubility in y matrix)
increases the creep strength by reducing the stacking-fault energy
Cr provides corrosion resistance due to the formation of a Cr,Oj surface layer
supports the formation of protective ALO; surface layer
forms carbides (mainly M2;Cs and M7Cs)
facilitates the formation of TCP phases (o, Laves)
low cost substitute for Ni
Fe facilitates the formation of TCP phases
decreases oxidation resistance in case of high alloy content
slight solid solution strengthening
increases creep strength by reducing the stacking-fault energy
reduces the solubility of Al and Ti and thetefore increases y' volume fraction
Co delays y' coatsening but reduces y' solvus temperature
can decrease high temperature corrosion resistance in case of high alloy content
counteracts the formation of TCP phases
raises the solidus temperatute
strong solid solution strengthening
increases creep strength by reducing the stacking-fault energy
increases modulus of elasticity
Mo decreases the diffusion coefficients of other elements in the matrix
increases the y' solvus temperature
forms carbides (especially MC)
facilitates the formation of TCP phases
decreases oxidation and hot gas corrosion resistance
similar effects as Mo
W segregates strongly
strongly increases the alloy’s density (heavy element)
strong solid solution strengthening
substitutes Al in y' and Nb in y" and thetefore increases the volume fractions of y'/y"
delays y' coarsening
Ta reduces the Al,Oj surface layer growth rate

forms TaC carbides
facilitates the formation of TCP phases

increases oxidation and hot gas corrosion resistance

strongly increases the alloy’s density (heavy element)
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element effects

Mn e tends to segregate at grain boundaries which has embrittling effect (decreases hot workability and
creep ductility) but improves weldability
e compounds with S to globular MnS at grain boundaries

B e cffective at grain boundaries (smaller than Ni)

e decreases the grain boundary diffusion coefficient and therefore improves creep strength
e prevents the formation of carbide films on grain boundaries and carbide coatsening

e forms borides (as a replacement of carbides)

e affects the susceptibility to hot cracking for higher alloy content

e suppresses the formation of Laves phase

e strongly decreases the alloy’s solidus temperatute

C N e form carbides and carbonitrides

e strongly decrease the alloy’s solidus temperature

S e decreases ductility without influencing strength
e does not influence grain structure as well as morphology and quantity of precipitates

P e increases rupture life and ductility

e does not influence grain structure as well as morphology and quantity of precipitates

Figure 9 shows the crystal structure of certain phases typically observed in Ni-base alloys. The
intermetallic, face centered cubic y' phase of nominal stoichiometry Ni;Al (see Figure 9, left) is
the predominant strengthening phase in most Ni-base alloys. Typically, y' precipitates rather
quickly and homogeneously in the y matrix in the form of coherent, nanometer-sized particles
acting as effective obstacles for dislocations. The lattice parameter of the phase and therefore its
volumetric misfit to the matrix is mainly influenced by alloying elements (see Figure 8, right).
The lattice misfit is typically very small, which benefits microstructure stability, and determines
the shape of the precipitates. With rising misfit, y' morphology typically changes from spherical
(< 0.2%) to cubic and finally to plate-like (> 1.25%). The volume fraction of y' phase is primarily
determined by the (Al+Ti) content of the alloy and its stability by the Al/Ti ratio. The strength of

Ni;Al exhibits a positive temperature dependence resulting in a maximum at around 800 °C.

Generally, workability and weldability of an alloy strongly decrease with increasing y' level while
14,22,23

its tensile and creep properties increase.

[001]
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Figure 9. Crystal structure of different precipitate phases in Ni-base alloys 24

The body centered tetragonal y" phase of nominal stoichiometry Ni;Nb (see Figure 9, center)
occurs in superalloys with high Nb content. In contrast to y', the phase is only partially coherent
to the y matrix resulting in plate-like precipitate morphology and high coherence stresses causing
an excellent strengthening effect. For the same reason, however, y" phase is unstable at elevated
temperatures and tends to coarsen and transform to the stable orthorhombic 6 phase of the same

nominal stoichiometry (see Figure 9, right). Latter is an incoherent phase typically occurring at

Graz University of Technology 10



Literature Review: Ni-base alloys

grain boundaries as plate-shaped precipitates. Depending on their size and amount, these &
platelets exert a certain pinning force on grain boundaries and are therefore suitable to control
grain growth during hot heat treatment and deformation or to prevent intergranular cracking. For
higher volume fractions and larger particle size, however, 8 phase has an embrittling effect on the

. 13,22, 25
microstructure, %%

Other important precipitate phases present in Ni-base alloys are carbides mainly of MC, M,;C,
and M,C type. MC are stable primary carbides forming during solidification for which reason
they may contain N and are therefore often denoted as M(C,N) or simply MX. Typically, these
particles are rather large (> 1pum) and do not have relevant influence on the alloy’s mechanical
properties. A small amount of MX phase can dissolve during solution annealing and, during
subsequent tempering, precipitate as fine particles, preferentially at dislocations, which results in
effective strengthening. However, these particles tend to coarsen and transform to M,;C, during
long-term thermal exposure. Latter can be considered the most important carbide type in Ni-base
alloys. After dissolving during solution annealing, M,,C, precipitates mainly at grain boundaries.
This can prevent grain boundary sliding, especially in the case of small, spherically shaped and
uniformly distributed particles. However, for certain morphologies and large particle sizes, M,;Cg

can also have an embrittling effect. ">

Further precipitates observable in Ni-base alloys are topologically close packed (TCP) phases like
u, Laves or o. In contrast to geologically close packed phases with their isotropically tightest
packing, TCP phases obtain planes with layers of bigger atoms. Therefore, these phases have
fewer slip systems which makes them hard and brittle. The formation of TCP phases results in a
depletion of solid solution strengthening elements in the matrix. They exhibit complex crystal
structures with large elementary cells and are incoherent to the y matrix. For these reasons, the

occurrence of TCP phases decreases the alloy’s toughness, fatigue strength and rupture time. ">

Table 2 summarizes the properties and effects of the most important precipitate phases in Ni-

base alloys.
Table 2. Typical precipitate phases in Ni-base alloys and their effects on

microstructure and material properties (continued on the next page) 1314 22,23

phase crystal elements/formula notes
structure
Y fcc Nis(ALTY) e main strengthening phase in many Ni-base alloys

e coherent phase (slight lattice misfit to the y matrix)
e typically obtains high volume fractions

e mostly spherically or cubically shaped

Y bet Ni3(Nb,ALTi, Ta) e only occurs at high content of Nb

e plate-shaped, partly coherent phase

e metastable

e} ortho- Ni;(Nb,ALTi,Ta) e only occurs at high content of Nb
(or ) | rhombic e occurs mostly as coarse plates at grain boundaries
e has embrittling effect but can delay grain coarsening
" hep NisTi e forms at high Ti/Al ratios after long thermal exposure

e cellularly shaped at grain boundaries or as plates with
Widmannstitten pattern inside grains
e typically forms coarse structures
MX fcc M= Ti,Nb e irregularly shaped
(Ta, W, Mo) °
X=CN

variable composition

e very stable (dissolves above the solidus temperature)
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phase crystal elements/formula notes
structure
M23Cs | cubic M = Cr, Fe, Mo, W, e grain boundary precipitates in different shapes
Ni, Co (Ti, Nb) (films, globules, plates or cells)
e most common type: Cr3Cq
M,C cubic M = Fe, Mo, W, e randomly distributed at grain boundaries
Nb, Ta, Ni, Co e occurs at high content of Mo and W
e replaces M23Cs at high temperatures
M-Cs | hexagonal | Cr;Cs o block-shaped grain boundary precipitates
e less common, typically forms after exposure above
1000 °C
e relatively unstable (tends to transform to M»3Cq)
M;B, tetragonal | M = Mo, Ta, Nb, e only occurs at high content of B (> 0.01%)
Ni, Fe e shaped similarly to carbides
" rhombo- (Co,Fe)7(Mo,W)s e TCP phase (decreases creep strength and ductility)
hedral e occurs at high content of Mo and W
e shaped as coarse, irregular Widmannstitten pattern
Laves | hexagonal | A,B o TCP phase (decreases creep strength and ductility)
e less common (only occurs at high content of Fe
A = Fe, Co, Cr, Mn, Si and in the presence of Si)
B = Mo, W, Nb, Ti, Ta e irregularly shaped (elongated globules, platelets)
o tetragonal | (Fe,Ni,Co).(Cr,Mo,W), e TCP phase (decreases creep strength and ductility)
_ e derived from the intermetallic phase FeCr
withx =y~ 1.7 ® less common
e irregularly shaped (elongated globules, needles,
plates, Widmannstitten pattern)
e forms after extended exposure at high temperatures

3.2.3 Investigated materials

3.23.1 Inconel 718

Inconel 718 (commonly abbreviated as IN718 or just alloy 718) is a wrought, Fe-rich
precipitation-hardenable superalloy used since 1965. Nowadays the alloy accounts for nearly half
of the total quantity of globally used Ni-base alloys because of its very high strength, corrosion
resistance and creep resistance up to 650 °C. Furthermore, Inconel 718 shows good hot and cold
workability, excellent weldability and is moderately priced due to its high Fe and low Co contents.
Table 3 shows the nominal chemical composition of the alloy which is used for a wide range of
applications such as components for gas turbines, rocket engines, cryogenics, space and process
technology as well as in chemical, oil and gas industry. The alloy was not primarily designed for

creep resistance but for high strength up to temperatures of 650°C. '*?**

Table 3. Nominal chemical composition of Inconel 718, wt.% 32

Ni+ Co | Co Cr Fe [Nb+ Ta| Mo Ti Al C Mn Si Cu B [P+S
50.00 - | max. | 17.00- | 17.90| 4.75 - 2.80-10.65- 10.20 - | max. | max. | max. | max. | max. | max.
55.00 1.00 |21.00 (bal) | 5.50 330 [1.15 [0.80 0.08 | 0.35 | 0.35 | 0.30 | 0.006 | 0.03

In contrary to many y' hardening superalloys, Inconel 718 exhibits high Nb and rather low Al and
Ti contents. This leads to the precipitation of the metastable, partially coherent y" phase which
produces very effective strengthening. For that reason, Inconel 718 typically obtains higher yield
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strength than most exclusively y' strengthened superalloys. Depending on the exact chemical
composition and heat treatment, the total volume fraction of y' and y" strengthening phases is
around 15% in precipitation hardened condition and the typical ratio of y' to y" is around 1:3. In
Inconel 718, y' preferentially precipitates in areas between y" particles with a local depletion of Nb

28,29

(see Figure 10).

" R = o~ — —
Figure 10. Microstructure of Inconel 718 after 500 hours exposure at 760 °C?7

Prolonged exposure at temperatures higher than 650 °C leads to overaging of y" phase which
consequently transforms to the stable 8 phase. This results in a loss of strength and rupture life.
Figure 11 shows a precipitation-time-temperature (PTT) diagram of ', y" and & phases
emphasizing this behavior. The beginning and type of precipitation, however, depends on the
material condition after processing, i.e. its residual strain, the concentration of primary 6 phase
and, most importantly, the amount of Nb segregation. Further commonly observed precipitate
phases in Inconel 718 are primary carbides of NbC type and carbonitrides of Ti(C,N) type. After
extended thermal exposure, 6 phase and «-Cr might also be present in the alloy. Latter is a Cr-
rich body centered cubic phase preferentially precipitating at grain boundaries and & particles and,

27,29, 30

just like the TCP o phase, decreasing the alloy’s toughness.
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Figure 11. Precipitation-time-temperature diagram for different phases of Inconel 71831

Table 4 summarizes the three most important commercial heat treatments of the alloy
depending on the desired mechanical properties. Some of the physical and mechanical properties

of Inconel 718 are shown in Table 5.
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Table 4. Commercial heat treatments of Inconel 718 32 33

mechanical properties solution annealing precipitation hardening
high reld
® ughest room temperature yie 1-2 hours at 927-1010°C 8 hours at 718°C followed by furnace
and tensile strength ; . o 3
followed by air or water cooling to 621 °C, 8-18 houts aging at

* b.est crecp prop cruies cooling to room temperature | 621 °C followed by air cooling
e highest fatigue strength

¢ highest ductility at low 1-2 hours at 1038-1066 °C 10 hours at 760 °C followed by furnace
temperatures followed by air or water cooling to 649 °C, 20 hours aging at
e lower ductility at high temperatures cooling to room temperature | 649 °C followed by air cooling

* slightlylower strength 1-2 hours at 1010-1038°C

followed by air or water
cooling to room temperature

® best corrosion resistance 6-8 hours at 788 °C followed by air

e best microstructure stability at cooling

temperatures above 700 °C

Table 5. Physical and mechanical properties of Inconel 718 32

T T A a E v
P sol | “lia [750°C [ 760°C | 20-100°C [ 20-760°C | 20°C | 760°C | 20°C [ 760°C
kg/dm?| °C | °C W/m'K 106/K GPa -
819 [1260 1336 | 11.4 | 232 12.8 16.0 208 | 154 | 0.294 | 0.306

Figure 12 shows the temperature dependence of the alloy’s tensile properties pointing out its
excellent strength up to temperatures of around 760 °C from where a rapid drop in strength and a

strong increase in elongation are observable.
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Figure 12. Tensile properties of Inconel 718 (adapted from %)

3.2.3.2  Allvac 718Plus

Allvac 718Plus is a novel Ni-base superalloy developed on the basis of Inconel 718 and
maintaining the desirable properties including good weldability, processability and moderate cost.
However, mainly due to increased Al content, optimized Al/Ti ratio and the addition of Co and
W, rupture life and thermal stability are strongly improved and the alloy’s temperature capability
was increased by 55 °C. So far, the alloy is used for rotating and non-rotating parts in gas turbines
(such as casings, rings, seals, disks and blades) as well as tooling applications (like shear knifes,

forging dies or extrusion tools). >
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As opposed to Inconel 718, the predominant strengthening phase of Allvac 718Plus is y' phase
occurring as spherical nanometer-sized precipitates uniformly distributed in the matrix (see
Figure 13). The alloy contains high content of Nb and Al and exhibits rather slow precipitation
and particle growth rates in contrast to many other y' strengthened superalloys. Because of its
small volumetric misfit, minimal specific surface and high Nb content, y' phase exhibits high
stability during thermal exposure of Allvac 718Plus. Compared to y" phase in Inconel 718, its
coarsening rate is much lower (see Figure 14) and its transformation to & phase happens
significantly slower. The second important precipitate phase in Allvac 718Plus, 8 phase, occurs in
the form of thin, micrometer-sized plates, preferentially at grain boundaries but also at twin
boundaries and inside grains. It typically obtains less volume fraction than in Inconel 718 and is
more stable with slower coarsening rates at high temperatures. The precipitation of y'/y" and &
phases happens faster and at higher temperatures in Allvac 718Plus and their solvus temperatures
are higher which benefits the alloy’s high temperature properties. Optimal mechanical properties
are obtained by carefully controlling the volume fraction, size and distribution of § phase. Ideally,
small plate-shaped & precipitates are evenly arranged along grain boundaries. However, the

precipitation of 8 and y' phases strongly depends on several factors such as the solution annealing

conditions and plastic deformation. Depending on the amount of present  phase, Allvac 718Plus
25, 28, 34, 36

obtains y' phase fractions of up to 20-23%.

| o
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Figure 13. Microstructure of Allvac 718Plus after 2 hours exposure at 875 °C37
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Figure 14. Coarsening rates of strengthening phases in Inconel 718, Allvac 718Plus and Waspaloy
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Similar to Inconel 718, primary MX carbonitrides are present in Allvac 718Plus and o phase
might be found after extended thermal exposure. According to recent investigations, no y" phase
is believed to be present in the alloy. Instead, an additional plate-shaped phase similar to & phase
but with hexagonal close packed structure was found. Its composition is Ni;Al ;Nb, 5 and it can

. . . . . . . 2 5
form as lamellar precipitate at grain boundaries as well as inside grains. **>>?’

The nominal chemical composition and some physical and mechanical properties of Allvac
718Plus are summarized in Table 6 and Table 7.

Table 6. Nominal chemical composition of Allvac 718Plus, wt.% 3

Ni| Co Cr Fe Mo \u4 Nb Ti Al C Mn Si B P S

bal.

8.00-(17.00- | 8.00-[2.50-]0.008-|520- [0.50- [1.20- |0.01 - | max. |max. |[0.003- |0.004 - | max.
10.00 ]21.00 |10.00 |3.10 |1.400 |5.80 [1.00 |[1.70 |0.05 ]0.35 |0.035 |0.006 |0.020 |0.025

Table 7. Physical and mechanical properties of Allvac 718Plus 3

T T A a E v
p sol | "l 750°C [ 760°C | 20-100°C | 20-760°C | 20°C | 760°C | 20°C [ 760°C
kg/dm?| °C | °C W/m'K 10¢/K N/mm? -
8.25 [1260 [1343] 103 | 23.9 123 153 214 | 170 | 0.308 | 0.337

The alloy’s tensile properties are shown in Figure 15. It exhibits slightly higher strength and
ductility than Inconel 718 up to a temperature of around 760 °C.
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Figure 15. Tensile properties of Allvac 718Plus (adapted from 3%)

3.2.3.3  Haynes 282

Introduced in 2005, Haynes 282 is a wrought, y' strengthened superalloy with major amounts of
Co, Cr and Mo for solid solution strengthening. It was developed for improved creep resistance
at high temperatures (650-930°C) and obtains very good thermal stability, oxidation resistance
and high temperature tensile properties. Furthermore, it exhibits good weldability as well as hot
and cold workability. This combination of strength and processability is a result of an optimized
y' level. The alloy is considered for critical components in land-based and aircraft gas turbines,

steam turbines as well as in aerospace and automotive applications. 39,40
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The chemical composition of Haynes 282 and some of its physical and mechanical properties are
listed in Table 8 and Table 9. In contrary to Inconel 718 and Allvac 718Plus, it contains no Nb
and therefore no y" and 8 phases. In precipitation hardened condition the alloy contains around
20% spherically shaped v' particles (see Figure 16). Further typical phases observed in Haynes
282 are primary MX carbonitrides of the type (Mo, Ti,Cr)(C,N) and (Mo,Cr),C carbides.
Furthermore, secondary Cr,;C; carbides as well as M;B; borides are typically distributed along

grain boundaries. H, 42

Table 8. Nominal chemical composition of Haynes 282, wt.% 43

Ni Co Cr Fe Mo Ti Al C Mn | Si B

57.00 max. max. | max.
(bal) 10.00 |20.00 150 8.50 [2.10 |[1.50 |0.06 030 10.15 0.005

Table 9. Physical and mechanical properties of Haynes 2824

T T A a E v
p sol | “lig ['50°C [ 760°C | 20-100°C [ 20-760°C | 20°C [ 760°C | 20°C [ 760°C
kg/dm*| °C | °C W/m-K 106/K GPa -
8.29 [1300[1375] 10.3 | 25.8 121 | 146 217 | 170 | 0319 | 0.354

Figure 16. Microstructure of Haynes 282 showing y' precipitates

Figure 17 shows the temperature dependence of Haynes 282 tensile properties. The alloy
exhibits less strength and higher ductility than alloys 718 and 718Plus at temperatures lower than

around 700 °C. With rising temperature, however, its strength decreases slower.
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Figure 17. Tensile properties of Haynes 282 (adapted from 43)
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3.3 Plasticity and deformed microstructure

Plastic deformation of cubic metals occurs due to dislocation glide or twinning. Former is the
predominant deformation mechanism in bcc metals and fcc metals with moderate to high
stacking fault energies (such as Ni). Typically, glide (or slip) takes place along the most tightly
packed planes and directions of the lattice system (called slip system, {111}<110> for fcc

13,63
metals).

Figure 18 shows several microstructural features of polycrystalline metals deformed by
dislocation glide. During plastic deformation of a polycrystalline material, its dislocation density
generally increases (Frank-Read mechanism). Furthermore, the crystal orientation inside a grain
changes according to the direction of applied stress and with respect to boundary conditions
arising from neighboring grains. These changes include crystallographic rotations and lead to a
preferential grain orientation called fexzure. This texture varies with the extent of deformation.
Generally, the deformation inside a grain is inhomogeneous which leads to regions of different
crystallographic orientation inside the initial grain. In many metals (such as Ni), the majority of
dislocations generated during plastic deformation form dislocation boundaries called cells or

63,45

subgrains (see Figure 18).

In materials which do not form cells due to their low stacking fault energy, the formation of
deformation bands (and deformation twins) is facilitated. Deformation bands are regions of constant
crystallographic orientation inside grains and can be formed via two mechanisms. The first
mechanism is based on the fact that different slip systems can be simultaneously activated by the
imposed stress and, thus, crystallographic rotation can happen in different directions. According
to the second mechanism, different grain regions may undergo different strains if the required
energy is less than for homogeneous deformation and overall geometrical compatibility can be
achieved. The most important influence factors on the formation of deformation bands are the
deformation temperature as well as the orientation and size of initial grains. Typically,
deformation banding is less likely to occur at high temperatures and small grain size. In contrast
to deformation bands, shear bands, which are slim regions of strong shear, form through lattice
rotations to geometrically preferential directions and can propagate transgranularly through the

whole material. ®>*

Dislocation
boundaries

Dislocations

Deformation

bands Shear bands

Figure 18. Microstructural features of polycrystalline metals deformed by dislocation glide ¢3
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3.4 Hot deformation mechanisms
3.41 Creep

Creep is defined as time-dependent plastic deformation of a material under constant stress (or
load) and temperature. The temperature influence on creep is a result of diffusion processes
which have a serious effect above about 40% of the material’s melting temperature. Figure 19
shows a typical creep curve representing the strain behavior of a material under creep conditions

and the corresponding strain rate curve with the three stages of creep.

I1 I11 €

€o
-z i

Figure 19. Typical creep curve (left) and corresponding strain rate curve (right) with the three stages of creep#’

fracture fracture
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In the primary stage, fast initial plastic deformation takes place after preceding elastic
deformation &y. However, the creep rate € decreases due to a reduction of mobile dislocations

during work hardening. 4

The secondary period of creep is characterized by constant creep rate. In this steady-state (or
power law) creep stage, € reaches a minimum. This is due to a balance between strain hardening
and dynamic recovery processes resulting in constant dislocation density. In general, the steady-
state creep rate depends on the applied stress 0, the temperature T and the material’s grain size d

and can be predicted using constitutive power law relationships (Norton creep law) of the form

3

_Qc
e R 1]

)

. de
e=—=K
dt d

3
3

where K is a material constant, n the power law exponent, m the grain size exponent, Q. the

activation energy for creep and R the universal gas constant. *>*’

In the tertiary creep period the creep rate rapidly increases due to a degradation of the precipitate
microstructure (Oswald ripening, see chapter 3.5.1) or the formation of pores and cracks which

ultimately leads to fracture.

Figure 20 (left) shows the stress and temperature dependence of creep strain. Both an increase in
stress and in temperature raises the slope of the curve and therefore the creep rate. In Figure 20
(right) the influence of stress and grain size on the creep rate is shown. At lower stresses,
increasing the grain size enhances the creep strength which stands in contrast with room
temperature material behavior (Hall-Petch relationship). In general, the grain size dependence is
believed to decrease at higher stresses when the creep mechanism changes from diffusion creep

to dislocation creep. For many materials (such as Inconel 718), however, it was shown that the
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creep rate is still grain size dependent during dislocation creep conditions and that positive as well

as negative grain size exponents are possible for different alloys. "'

] ‘\ : power-law
+ breakdown
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diffusion creep @ coarse grain
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Figure 20. Stress and temperature dependence of creep strain (left) (adapted from 32) and stress and grain size
dependence of the creep rate (right) (adapted from '3)

3.4.1.1  Creep deformation mechanisms

The mechanical strength of metals and alloys generally decrease with increasing temperature and
some of their properties become time-dependent. This is attributable to the following

microstructural effects: >+

e higher mobility of atoms and dislocations

e higher equilibrium concentration of vacancies
e activation of new slip systems

e precipitate coarsening (Oswald ripening)

e recrystallization and grain growth

e oxidation and corrosion

Creep is roughly categorized in diffusion and dislocation creep. Creep through grain boundary
diffusion (Coble creep) has low activation energy, i.e. happens at relatively low temperatures and
stresses. At higher temperatures, volume (or bulk) diffusion is predominant (Nabarro-Herring
creep). Figure 21 shows a schematic visualization of the two diffusion creep mechanisms and how
diffusion creep leads to grain boundary sliding (which can be impeded by grain boundary
precipitates). As these mechanisms are diffusion controlled, they can be mitigated by increasing
the material’s grain size (see also Figure 20, right). The power law exponent for diffusion creep

typically ranges from 1 to 2.

o= 9\

I |

Figure 21. Creep deformation of a polycrystal via volume and grain boundary diffusion (left) and grain boundary
sliding caused by volume diffusion (right) 13
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The second major creep mechanism, dislocation creep, is caused by movements of point defects
(impurities or vacancies) in the crystal lattice and typically occurs at higher stresses. Dislocations
can move by gliding in slip planes, i.e. planes with the closest packed atoms in the lattice system.
If there are obstacles (i.e. stress fields caused by coherent precipitates, other dislocations or
stacking faults) in their slip plane, dislocations need to climb over them in order to be able to
turther glide along. The gliding process causes nearly all the strain but the climbing process is the
rate controlling mechanism as it requires vacancy diffusion and thus happens preferably at higher
temperatures. Figure 22 shows how diffusion leads to dislocation climb (left), how the climb-

glide sequence leads to creep (center) and how dislocation cell structures form. *

DISLOCATIONS
MOVE MAINLY
BY CLIMB

Figure 22. Dislocation climb mechanism (left) enabling dislocation creep via climb-glide sequences (center) leading
to dislocation cell formation (right) 5334

Typical power law exponent values for dislocation creep are around 3, 5 or 8. Latter is believed to
occur for alloys which do not form subgrains during deformation, i.e. maintain unchanged

microstructure due to the presence of stable precipitates or dispersoids. >

Figure 23 shows a schematic creep deformation mechanism map with characteristic deformation
mechanisms. The ratio of the temperature T to the melting temperature Ty, called homologous
temperature Tp, is assigned to the abscissa. The ordinate represents the normalized shear stress
7/G, whete G is the material’s shear modulus at T. The map is divided into fields which represent

the dominant deformation mechanism for the particular mechanical and thermal load.

Beneath the theoretical strength (which the material would exhibit without imperfections),
deformation is caused by dislocation glide. At lower stresses, dislocation climb (power law creep)
is the dominant deformation mechanism. The field is divided into a low and high temperature
region based on different diffusion mechanisms (see Figure 22, right). The diffusion creep field
with the two discussed mechanisms is located in the low-stress and high temperature region of
the deformation mechanism map and elastic deformation predominates mainly at lower

53
temperatures.”

Graz University of Technology 21



Literature Review: Hot deformation mechanisms

//
/
f
)
3

—)
CREEP\ H.T.CREEP

{lattice diffusion)
10"
1010 108515 |

N\ b
DIFFUSIONAL FLOW

T ¥ T
boundary bk
10.}'. 1 diffusion Qiu;-un

0 0.2 0.4 0.6 0.8 1.0

T/ Ty

L.T. CREEP
= lcore ditfusion)

10°

normalized shear stress

Figure 23. Schematic creep deformation mechanism map 36

3.4.1.2  Creep of alloys

Creep resistance is effectively influenced by alloying, i.e. strengthening mechanisms caused by
alloying elements. Depending mainly on the type and amount of solute atoms as well as the
temperature, solid solution strengthening accounts for several modifications of the
microstructure that influence creep behavior. The interaction of dislocations and substitutional
atoms is influenced due to their respective (tensile or compressive) stress fields, resulting in an
increase in the necessary stress to pass the atoms. Similar behavior arises from local changes in
the shear modulus caused by solute atoms. Furthermore, as already mention in chapter 3.2.2,
certain alloying elements reduce the effective diffusion coefficients and the stacking fault energy
which is another way to decrease the creep rate. However, the most important mechanism to
increase creep strength is strengthening via thermally stable, especially coherent, particles. The
strengthening contribution of precipitates is a function of stress, temperature as well as particle
size and volume fraction. Furthermore, it is influenced by the dislocation-particle interaction
during deformation: cutting (only coherent particles), bypassing, climbing and drag. Cutting and
bypassing of particles are temperature independent mechanisms and require certain stresses to
occur. Therefore, diffusion controlled dislocation climb is often the rate controlling mechanism

during high temperature deformation at intermediate stresses. ' *

Figure 24 (left) shows the beneficial influence of particle strengthening on creep strength
characterized by the denoted stress Oyp. This #hreshold stress (or back stress) takes dislocation
pinning of particles into account and can be implemented in the constitutive equation [1] (see

chapter 3.4.1) to describe the creep behavior of the respective particle-free material:

Qc
é§=K (0 —oy,)" e RT 2]
There are different approaches for modeling the threshold stress which is believed to depend on
the dislocation-particle interaction mechanism. In particle strengthened alloys, this mechanism
changes with increasing stress from dislocation climb to particle cutting (small particles) or

bypassing (larger particles).
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In the case of bypassing (Orowan looping), the stress is typically modeled as a function of
temperature, particle size and volume fraction. Lower particle size at constant phase fraction
increases the Orowan stress (see Figure 24, right). In case of dislocation climb, however, the

back stress is assumed to depend mainly on the external stress and less on the microstructure. !

Due to this change in the dislocation-particle interaction mechanism, particle strengthened alloys
obtain larger stress exponents at higher stresses. A thorough description of modeling of back
stresses depending on the predominant interaction mechanism in y' strengthened superalloys is

given by Stevens et al.”

In general, the creep rate increases in the course of creep loading due to particle coarsening

(increasing precipitate size at constant volume fraction) as the number of dislocation-particle

interactions decrease.

n>4 particle phase fraction

dislocation ereep = const cutting or
in smgle phase bypassing
material

dislocation creep shift of the

in particle log &
strengthened

material many small
particles

transition according
to particle size and
number density

log é

climbing

fewer large

diffusion creep particles _
logo logo

Figure 24. Schematic influence of particle strengthening on creep strength (left) and influence of particle size and

dislocation-particle interaction mechanism on the creep rate (right) (adapted from !3)

Figure 25 shows deformation mechanism maps for pure nickel and a particle strengthened Ni-
base superalloy (MAR-M200). In both maps, the typical stress-temperature profile of a turbine
blade is highlighted by rectangular areas, revealing the strong difference between the materials’

strain rates under these conditions and pointing out the excellent creep resistance of superalloys.
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Figure 25. Deformation mechanism maps for pure Ni (left) and the Ni-base alloy MAR-M200 (right) 2
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3.4.1.3  Creep damage

During creep, the creep rate is typically raised due to microstructural changes such as altering
dislocation and precipitate structures or the formation of pores and cracks. These pores and
cracks are typically referred to as creep damage. Creep damage can occur at very low stresses,
propagate at constant stress and is predominantly intergranular. After the formation of crack
nuclei (which can occur already in the first stage of creep), they grow to micropores. The number
of these pores increases proportionally with the creep strain until eventually micro- and macro-
cracks form, typically in the third stage of creep (see Figure 26). Figure 27 shows the two basic
mechanisms responsible for creep damage. The first mechanism typically occurs at lower
temperatures and is associated with vacancy diffusion due to high localized stresses at grain
boundaries, resulting in the formation of pores (cavities). In the second mechanism, grain
boundary sliding causes stress concentrations at triple points or grain boundary particles. If these
stresses are not relaxed by diffusion processes or plastic deformation inside the grain, crack

S 13,47,52
initiation of so called wedge cracks occurs. ">

t
Figure 26. Development of creep damage (adapted from !3)

§ §

¥ I

Figure 27. Creep damage formation at grain boundaries (cavities, left) and triple points (wedge cracks, right) 47
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3.4.2 Dynamic recrystallization

In dynamic recrystallization (DRX), deformed grains are replaced by new grains with lower
dislocation density during deformation. In general, the driving force for recrystallization is the
energy stored in the microstructure, i.e. the dislocation density. Therefore, certain preceding
deformation of the microstructure is required to start the recrystallization of a grain to lower its
internal energy and to maintain its growth into deformed material. The recrystallized grain size is
determined primarily by the extent of deformation (i.e. the strain). For a given strain, the
recrystallization temperature generally increases with increasing strain rate and initial grain size (as
DRX preferentially occurs at grain boundaries). Figure 28 shows the schematic microstructure

63, 64

of a polycrystalline material before (left) and after DRX (right).

For precipitation hardened alloys, the particle size and volume fraction has a strong influence on

recrystallization kinetics. While a uniform dispersion of many small precipitates can inhibit

recrystallization, it is accelerated by larger (typically > 1um) particles due to particle stimulated
63, 65

nucleation in which recrystallization nuclei form directly on the precipitate surface.

Figure 28. Polycrystalline microstructure before (left) and after partial dynamic recrystallization (right) ¢

Dynamic recrystallization may also occur during (dislocation) creep (see Figure 29). The
changing dislocation substructure facilitates new waves of primary creep which drastically

54
accelerates the creep rate.”

f o OLD DEFORMED

NEW
GRAINS

to

Figure 29. Dynamic recrystallization as a result of creep >*
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3.5 Microstructure modeling and numerical simulation

In general, great amount of experimental work is necessary in order to study the properties of
engineering alloys during certain thermomechanical processes (such as cold or hot forming, heat

treatment or service).

Mathematical models can help to explain material behavior during such processes. On one side,
models are used to establish relations between processing parameters and the microstructural
evolution of materials. On the other side, they help to understand the connection between their

microstructure and mechanical properties.

Numerical simulations utilizing such models can therefore be used to predict the effects of a
given process on material properties of, conversely, to design and/or optimize a process based

on knowledge concerning material properties (see Figure 30).

However, models of physical processes are typically based on assumptions and simplifications
which are often valid only for a limited range of process parameters or describe only certain
mechanisms while neglecting others. Nevertheless, when supported by physical process
simulations and microstructural investigations, numerical simulations able to predict the
microstructural evolution of alloys are a very important tool for material development, processing

and application.

process

a(t)/ ()

T(t)

mechanical microstructure

properties grain size and structure
strength precipitation state
ductility dislocation density

Figure 30. Principal relationship between technical processes, the microstructure of materials and its mechanical

properties and their influence on each other

3.5.1 Theory of precipitation kinetics

Precipitation processes occur when the solubility limit of alloying elements in the matrix is
exceeded at a certain temperature. Figure 31 shows the left (i.e. high Ni content) parts of binary
phase diagrams with Ti, Al and Nb and different phase regions. With increasing temperature, the
fcc y solid solution can solve more alloying elements which is the basis to achieve precipitation
strengthening. Typically, at first, supersaturated solid solution is obtained by annealing in the

according phase diagram region. Subsequent rapid cooling suppresses the formation of phase
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equilibrium enabling finely dispersed precipitation of desirable intermetallic phases during

subsequent tempering carried out below the solution (or solvus) temperature of these phases. "

1800 Ni;Ti Ni;Al

Ni;Nb
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Figure 31. Binary phase diagrams of Ni and typical alloying elements with according intermetallic phases used for
precipitation strengthening (adapted from )

Precipitation processes proceed in three phases. The first stage, nucleation, is a stochastic process
which occurs due to the formation of atom clusters mainly via vacancy diffusion. Once a
precipitate nucleus reaches a critical size (d%), it starts growing due to chemical driving forces.
This growth is typically proportional to v/t while the particle volume fraction (or phase fraction,
f) increases roughly linearly (see Figure 32). In the third stage, small precipitates dissolve in
favor of larger ones. In this process, the mean particle size increases proportional to 3/t while the
volume fraction remains nearly constant (Oswald ripening). This leads to a steady increase of the

inter-particle distance (1) and, therefore, loss in strength. >’

nucleation growth coarsening

> Qo

t tﬂ? tﬂﬂ

Figure 32. The three stages of precipitate evolution during thermal exposure (adapted from 13)
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3.5.2 Numerical simulation software MatCalc

MatCale ® is a software package for the numerical simulation of thermodynamic equilibria and
precipitation kinetics of multi-component and multi-phase materials using the CAILPHAD
approach. In this method, analytical expressions of Gibbs energy are modeled for each phase as a

function of temperature, pressure and chemical composition. *’

The software is based on the thermodynamic extremal principle of maximum entropy production
in which thermodynamic forces are formulated in terms of chemical potentials. MatCalc utilizes
databases containing comprehensive thermodynamic and diffusion data and calculates precipitate
nucleation kinetics via classical nucleation theory extended for multi-component systems. Once a
precipitate has nucleated and reached critical size, its growth rate and the rate of compositional
change are obtained by solving linear systems of equations. Details on mathematical modeling,

numerical solution and applications are given in work by Kozeschnik and Swoboda et al. "

Following parameters are needed for the definition of a system to be simulated in MatCalc:

e temperature profile and strain rate resulting from the process of interest
e chemical composition of the alloy

e matrix phases (i.e. precipitation domains)

e dislocation density as well as grain and subgrain size of the matrix phases

® precipitate phases

o nucleation sites
shape
volumetric misfit

number of particle classes to be simulated

o O O O

optional corrections of the nucleation rate or interface energy

Different precipitate phases are known to nucleate at different microstructural regions such as
the bulk, dislocations, grain and subgrain boundaries or other precipitates. The number of
nucleation sites available in the matrix phase is therefore determined by its grain and subgrain size
as well as its dislocation density. The nucleation rate is directly proportional to the available
number of nucleation sites. For this reason, sufficient information about the initial microstructure

is of great importance in order to propetly predict its evolution in the numerical simulation.

Furthermore, the nucleation rate strongly depends on the interfacial energy of precipitates.
MatCalc calculates phase interface energies using a generalized nearest-neighbour broken-bond
approach assuming planar and sharp phase interfaces.” This approach is rather inaccurate,
especially for spherically shaped precipitates near their solvus temperature. For this reason,
interface energy correction can be necessary in certain situations. Radis et al., for instance,
suggested temperature dependent interface energy correction for y' and & phases in Allvac

5

718Plus to fit experimental data. !

MatCalc has been successfully utilized to predict the microstructure of Ni-base superalloys during

: 35,76,77,78
annealing processes.”> ™"
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4 Experimental

4.1 Materials

For thermomechanical testing, tensile samples of the three studied alloys (Inconel 718, Allvac
718Plus and Haynes 282) were fabricated and heat-treated as described in the following chapters.

411 Inconel 718
4.1.1.1  Chemical composition

Table 11 shows the measured chemical composition of the received Inconel 718 forged billet

according to the manufacturer Special Metals.

Table 10. Measured chemical composition of Inconel 718 billet, wt.%

Ni Co Cr Fe | Cu| Mo | Nb | Ti | Al C B Mn Si P S
max.

0.001

53.21| 0.15 | 19.32 | bal. | 0.03| 2.99 | 5.2 |0.95|0.49 | 0.022 | 37-10¢ | 0.06 | 0.11 | 0.007

4.1.1.2  Sample preparation and heat treatment

A cylindrical billet of Inconel 718 was received from BSTG (see Figure 33) and heat-treated at
IWS laboratory in a muffle furnace with an internal type S thermocouple (PtRh-Pt). Before heat
treatment, the temperature distribution in the furnace chamber was measured with additional
type K thermocouples (NiCr-Ni) and a multimeter (BBC Goerg Metrawatt M4052).

The thermocouples were placed at different locations inside the chamber. It was shown that the
temperature gradient in the measurement area was negligible but the internal thermocouple
apparently showed too high temperatures. For this reason, the heat treatment was performed
with additional thermocouples fixed onto the billet in order to monitor its surface temperature at

different positions.

At first, the billet was solution annealed at 1010 °C in standard atmosphere for one hour and
subsequently air cooled. After that, a 10 mm disk was cut with a band-saw and metallographic
samples were cut out at different positions of the disk. This was done to examine the

homogeneity of the microstructure over the billet’s cross section.

The resulting micrographs indicated a certain inhomogeneity of the microstructure (see chapter
5.2.1.1). Grain size and the distribution of large particles differed rather strongly from the billet’s

center to the border which is most likely attributable to the lower cooling rate of the center.
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Figure 33. Inconel 718 billet

Therefore, in order to obtain a more uniform microstructure of all samples, they were fabricated
to net-shape (except for the threads) via wire-cut electrical discharge machining before heat
treatment. Cylindrical samples were cut out parallel to the billet’s longitudinal axis (see Figure 34,
left).

Heat treatment of the samples was then again carried out at standard atmosphere in a muffle
furnace while monitoring their temperature via an external type K thermocouple. The
temperature profile consisted of another hour of solution annealing at 1010 °C and subsequent
precipitation hardening at 788 °C for six hours, each step followed by air cooling (see Figure 34,
right). The high solution annealing temperature was chosen to solubilize as much Nb as possible
and therefore prevent the element from being bound in & phase. This enables the precipitation of
a high amount of y" phase during tempering.

The obtained microstructure was examined by producing metallographic samples from waste

pieces after both solution annealing and precipitation hardening.

Finally, threads were machined on the cylindrical samples and, before carrying out the
thermomechanical tests, a small burr remaining on the specimens after electrical discharge

machining was removed using grinding paper.
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Figure 34. Sampling positions of Inconel 718 tensile samples (left) and conducted heat treatment (right)
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4.1.2 Allvac 718Plus

4.1.2.1  Chemical composition

Table 11 shows the measured chemical composition of the received Allvac 718Plus forged billet
according to the manufacturer /4TI The stated values are averaged between two measuring
positions (billet top and bottom).

Table 11. Measured chemical composition of Allvac 718Plus billet, wt.%

Ni Co Cr Fe | Cu | Mo \\4 \4 Nb Ti Al
bal. 9.16 1792 1934 1 0.02 | 2.695 | 1.00 0.03 5.50 0.75 1.51
C B N Mn | Si Zr Ta Mg Sn P S

max. | max. max.
0.022 | 0.0045 | 0.00555 | 0.06 | 0.06 0.01 0.01 0.00125 | 0.0031 | 0.009 0.0003

4.1.2.2  Sample preparation and heat treatment

As for Inconel 718, a pre-cut cylindrical billet of Allvac 718Plus in as-forged condition was used
for the tensile specimen fabrication. The billet was heat-treated at BSTG according to Figure 35.
Solution annealing (968°C for 1 h) was carried out at intermediate temperature in order to obtain
around 2-4% & phase. Precipitation hardening consisted of a two-stage tempering treatment at
788 °C and 704 °C, respectively, with intermediate furnace cooling (cooling rate 56 °C/h).

1000 968°C, 1h

900
800
700
600
500
400
300
200
100

0

788°C, 8h

FC  704°C, 8h

t.h
Figure 35. Heat treatment of Allvac 718Plus

In contrast to Inconel 718, tensile samples were taken from Allvac 718Plus billet perpendicular to

its longitudinal axis via wire-cut electrical discharge machining (see Figure 36).

Figure 36. Allvac 718Plus billet and sampling positions of tensile specimens
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4.1.3 Haynes 282

4.1.3.1  Chemical composition

Table 12 shows the measured chemical composition of the received Haynes 282 forged billet
according to the manufacturer Haynes International. As for Allvac 718Plus, the shown values are

averaged between two measuring positions (billet top and bottom).

Table 12. Measured chemical composition of Haynes 282 billet, wt.%

Ni Co Cr Fe | Cu Mo W Nb Ti Al
max. max. max.
bal. | 10.375 | 19.445 | 0.79 0.01 8.52 0.01 01 2125 1.57
C B Mn Si Zr Ta Mg P S
max. max. max. max.
0.0615 | 0.004 0.04 | 0.05 0002 | 001 0.003 0.002 | 0.002

4.1.3.2  Sample preparation and heat treatment

A pre-cut billet in solution annealed condition (1150 °C for 1 h) was the basis for Haynes 282
tensile samples. Two-stage tempering (1010 °C for 2 h and 788 °C for 8 h, respectively) was
performed at BSTG according to Figure 37.

1150°C, 1h

1100 1010°C, 2h
1000

900
800
700

788°C, 8h

400
300
200
100

AC

th
Figure 37. Heat treatment of Haynes 282

Tensile samples were cut from Haynes 282 billet perpendicular to its longitudinal axis (see
Figure 38).

Figure 38. Sampling positions of Haynes 282 tensile specimens
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4.2 Thermomechanical testing

Thermomechanical testing was carried out using a Gleeble 3800 testing system to reproduce the
conditions during forging of turbine blades in a physical simulation. The real temperature profile
of the thermomechanical tests cannot be published due to confidentiality agreements. All
G, 7580, 81

parameters are proprietary of Bohler Schmiedetechnik GmbH & Co K
4.2.1 Physical forging simulation

The task of the physical forging simulations was to simulate the mechanical and thermal material
load of the real forging process as realistic as possible. Figure 39 shows CAD models of the
turbine blade forging and the lower die which is exposed to the highest temperature and load

cycles.

Figure 39. Model of the turbine blade forging (left) and the lower forging die (right)

Temperatures and stresses occurring in the real process were obtained from elastic-plastic FEM
simulations in DEFORM-3D at BSTG.

The forging procedure is as follows: Prior to forging, the dies are heated inductively to a defined
surface temperature measured via pyrometer. Due to the long heating-up time of around two
hours and a holding time of 30 minutes it can be assumed that their temperature distributions are

homogeneous at that point.

Subsequently, the pre-formed and pre-heated work piece with a temperature above 1200 °C is
placed onto the lower die which consequently heats up. Around five seconds later, the upper die
touches the work piece and the forging process starts. The process (and therefore the contact
between both dies and the work piece) lasts between 30 seconds and one minute. Subsequently,
the upper die is lifted and the work piece is removed from the lower die which lasts between 20

seconds and one minute.

After cleaning with a crowbar and compressed air as well as lubricating, the die is closed in order
to achieve temperature balance. The next forging cycle starts after around two minutes. Figure

40 shows the simulated temperature and stress distributions of the lower die during forging.
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TIY’I.’\'(
. 4 -~ I
-200
I -250
Tyie -300
temperature stress in vertical
direction, MPa

Figure 40. Temperature (left) and stress distribution of the lower die during forging (right)

The temperature of the die’s central and lower section (Ty;e) is assumed to stay at a constant level
throughout the whole process. Temperature and stress at the most heavily loaded zone of the die
surface were used as input parameters for the physical forging simulation. The simulations were
executed on a Gleeble 3800 testing system using tensile samples (see Figure 41). This sample
geometry was chosen because of the possibility to load it in compressive as well as tensile
direction which was necessary as the dies are exposed to compressive as well as tensile stresses in

the course of the real forging process.
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Figure 41. Tensile sample for physical forging simulation

During forging, the die surface is loaded with compressive stress due to the forging force. This
mechanical stress is accompanied by thermal stresses which result from temperature gradients
inside the die. These thermal stresses occur due to prevented material extension and can be
positive or negative. For the uniaxial stress state (and therefore tensile specimens), this strain

constraint can be expressed according to
o
€=z +a AT =0 3]

where E is the modulus of elasticity and a the coefficient of thermal expansion (CTE). The

resulting thermal stress 0y is obtained by solving the equation for o
o, = —E a AT [4]

For an assumed maximum die surface temperature Ty, 4, due to heat input via the hot work piece
and a minimum temperature T,y due to cleaning and lubricating, the temperature difference AT
is 90 °C during and -70 °C after forging, respectively. This leads to an exposure of the die surface
to compressive stress Oyx during forging (AT > 0) and tensile stress gy after forging (AT < 0).
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Figure 42 shows a schematic illustration of the lower die during a whole forging cycle with the
assumptions concerning stresses and temperatures. The maximum stress values used in the
forging simulation were based on the resulting maximum equivalent zon Mises stress and the
maximum stress in vertical direction, respectively, obtained from FEM simulations in which
mechanical (0;,) and thermal shares (0;) were considered:

[3]

o =0y +0;

forging force Hiesurfaoe

die surface =l or die surface
T= Tdio o 0,6,<0 T= Tmm < Tdin‘
0, o 0 / o 0.oc 0
— ——— s = e = T ™ P e s———————— yel
\\-k / \\l 7/ _\\ / il o \__/ ‘\ w
die center die center die center
T = const T iie T e

Figure 42. Schematic illustration of the lower die before (left), during (center) and after forging (right)

The physical forging simulations were carried out stress controlled. Therefore, no direct
consideration of the thermal stresses due to strain constraint was possible for which reason this
thermal share was added to the external specimen load. Figure 43 shows the thermal and
mechanical cycles of the physical forging simulation with the stress components resulting from
abstraction of the real forging process. The total stress 0 was used as mechanical control variable
during the tests. The highest compressive stress occurring during the forging cycles is denoted as

maximum stress (Oppqy) as it obtains the highest absolute value.

The following parameters were chosen for the temperature and stress profiles in order to make

the tests both realistic and time-efficient:

e heating-up time from room temperature to Tg;e 20s
e holding time at Ty, 5s
e heating-up time from Tg;e to Tipgy and load build-up to Oy 15s
e holding time at Ty qx 40 s
e load duration at Oy gy 30s
e Joad decay to gpx 5s
e load duration at gy 5s
e cooling-down time from Tyq, to Tyie and load decay to 0 = 0 10s
e holding time at Tg;, and 0 = 0 5s
e cooling-down time from Ty, to Tpyip and load build-up to oyy 5s
e holding time at Ty, and opy 0s
e heating-up time from Ty to Tyygy and load build-up to 0y, 20's

® ctc.

These parameters result in a total forging cycle duration of 80 s which is around 150% to 250%

faster compared to the real process.

Graz University of Technology

35



Experimental: Thermomechanical testing

Tmax I
Gma\'
Tgic
Tmin
O
0
Oty

T, 1 cycle = 80s

0 30 60 90 120 150 180
t,s

Figure 43. Thermal and mechanical load cycles used in physical forging simulations

In order to gain insight into the material behavior under different loading conditions and to
consider possible future changes of the forging force, the maximum compressive stress Oppqy Was
varied. A total of 36 specimens were tested at maximum stress values between -300 and -450

MPa (see Table 13) for different amounts of simulated forging cycles.

Table 13. Specimen designations and testing conditions

Omax
450 MPa | -350 MPa | -300 MPa
} Inconel 718 1,2,3 | 450910,13]6,7,8, 11,12
Specimen Iy vnes 282 0,7,8,11 | 23,509 1,4,6,10
N0 [Allvac 718Plus | 0,5,8 1,2,6,9 3,4,7

4.2.2 Calibration measurement for thermal stresses

Thermal stresses resulting from a change in the die surface temperature during and after forging
were calculated and verified by measurements. In these measurements, specimens were heated
from room temperature to Tgje force-controlled to simulate free specimen extension. The
control mode was then changed to extension and the specimens were heated to Tp,qy and

subsequently cooled to Ty, (sece Figure 44).

During this thermal cycle, the specimen extension was held zero to simulate strain constraint and,

thus, to measure the resulting thermal stresses 0y and Oy
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Figure 44. Temperature cycle used for calibration measurements

4.2.3 Gleeble 3800 testing system

All thermomechanical tests were carried out on a DSI Gleeble 3800 testing system used for
material testing and physical simulation (see Figure 45). All necessary signals to control different
variables (such as force, extension or temperature) are provided by a digital closed-loop

mechanical and thermal control system. **

)
; h
: g
: “
|6

Figure 45. Gleeble 3800 testing system used for thermomechanical testing 82

The device contains a resistance heating system for heating rates of up to 10000 °C/s. Specimens
are clamped with high thermal conductivity jaws and can be optionally quenched with air, inert
gas or water to achieve cooling rates of up to 10000 °C/s (depending on sample geometry and
temperature). Thermocouples welded to the specimen provide signals for specimen temperature
control, allowing the realization of practically any desired thermal cycle due to their accuracy and

fast thermal response.

The Gleeble 3800 hydraulic servo system is capable of exerting static forces of up to 98 kN in
tension and 196 kN in compression with a maximal strain rate of 2000 mm/s.
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Force and displacement are measured via load cells and linear variable differential transformer

transducers. Available control modes include force, stroke, (true or engineering) stress or strain as

well as signals from external extensometers.

Depending on the desired mechanical testing principle (such as compression/tension or torsion)

and deformation speed, the system can be equipped with different mobile conversion units. For

this work, the basic pocket jaw unit for compressive and tensile tests was used. Figure 46 shows

the setup of the system’s sample chamber with its most important components.

The mechanical and thermal control modes, status messages as well as all control and measured

variables can be monitored on a status display before and during tests (see Figure 47). Adjacent

control knobs are used to set the respective variables zero and, in the case of s#vke, move the

shaft for specimen assembly before a test.

thermocouple and extensiometer connectors moving and fixed pocket jaw

7

shaft

cooling air in- and outlet wedge grips
Figure 46. Gleeble 3800 sample chamber
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Figure 47. Gleeble 3800 status display
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The desired thermal and mechanical load cycles as shown in Figure 43 were defined in the

application software QuikSim 2. Figure 48 shows a screenshot of the program for a typical test
with a maximum stress of -350 MPa, three thermocouples (TC1-TC3) and 1000 desired forging

cycles.

The data obtained from thermomechanical tests was processed and visualized using the data

analysis software OriginPro 8. Curve smoothing was accomplished via Fast Fourier transform

(FFT) filtering.

set maximum =~ |
Stroke, Force
and heat

output

~

repeat cycle
1000 times
via loop-
command

set stress and strain calculation mode

:

set variables to aquire

4

5

6

7 activate mechanical and thermal system
8 | start with control mode Stroke and TC1
9 define sampling frequency

10 00:05,0000 0 wait 5s

1 viode ~ | set control mode to Stress and TC1

12 00:05,0000 0 wait 5s

13 define sampling frequency

14 reset CGauge and Stroke to zero

15 00:10,0000 0 wait 10s

16 00:20,0000 Tae heatupto Ty, in20s

17 | 00:05,0000 0,000 Ty holdfor5s

18 00:15,0000 -350,000 Toax heatup to T, and build-up compressive load
18 00:30,0000 -350,000 Tynax hold for 30s

20 00:05,0000 -220,000 Ty decrease compressive load

21 00:05,0000 -220,000 Tax hold for 5s

22 00:10,0000 0,000 Tge cooldownto Ty, and unload

23 00:05,0000 0,000 Tge hold for 5s

24 00:05,0000 170,000 Tain cool downto Ty and build-up tensile load

00:20,0000 heatup to Ty, and build-up compressive load

Tms.\

sync command to avoid full FIFO buffer
Tiax hold for 30s

00:30,0000 -350,000

28 00:05,0000 -220,000 Tmax decrease compressive load

29 00:05,0000 -220,000 Ty hold for s

30 00:10,0000 Tge cooldownto Tg. andunload

N 00:05,0000 0,000 Tge hold for s

32 00:20,0000 0,000 0 cool down

33 01:00,0000 0,000 0 cool down

34 viechanical | High r deactivate mechanical and thermal system

Figure 48. QuikSim 2 program for physical forging simulations

Graz University of Technology 39



Experimental: Thermomechanical testing

4.2.3.1  Temperature measurement

Depending on the desired testing temperature range, different thermocouple types are suitable to
measure and control the specimen temperature. For this work, type K thermocouples (NiCr-Ni)
were used because of their low cost, uncomplicated weldability to Ni-base alloy specimens and

sufficient maximum operating temperature of 1372°C.*

Thermocouple wires with a diameter of 0.2 mm were welded on the middle of each specimen

perpendicular to its axis 1 mm apart from each other using a DST Thermocouple Welder 35200 (see
Figure 49).

Figure 49. Thermocouple Welder (left) and thermocouple wires welded on a tensile specimen (right)

4.2.3.2  Specimen clamping

For the physical simulation of the forging process, the tensile specimens needed to be firmly
fixed in axial direction. This was done in a two-stage clamping process. At first, the specimen was
clamped in tensile direction pneumatically via copper jaws and locking nuts (see Figure 50, left).
Subsequently, clamping in the opposite (compressive) direction from both sides was achieved via

counterpieces consisting of shims, setscrews and nuts (see Figure 50, right).

Figure 50. Two-stage clamping process of the tensile specimens in tensile (left) and compressive direction (right)
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4.2.3.3  Stress and strain measurement

During the thermomechanical tests, specimen stress and strain had to be precisely determined.
Therefore, instead of using the machine’s stroke displacement signal, the specimen extension was
measured directly on the specimen surface with external extensometers. This was done to
eliminate the influence of thermal expansion and elastic deformation of machine components

which ultimately results in measurement errors.

For the physical forging simulation, an Epsilon diametral extensometer (see Figure 51) was used to
measure the specimen diameter during the tests. The sensor was placed at the middle of the
specimens and held in its position by a rubber band (see Figure 52). The specimen cross section
was positioned between the extensometer’s quartz rods of which one is movable. Thus, changes
in the specimen diameter during thermomechanical testing lead to displacements of the movable
rod resulting in changes of the measuring signal. With this CGanuge signal, the true strain and

stress can be determined as follows. *

The true strain € is defined as
l dl l
E = j- = ln— [6]

where [y is the initial length of the specimen and [ its actual length. Assuming volume

consistency (lg Ag = [ A), equation [6] can be rewritten as

A d
e=In—2=2In 9

— [7]
A do + Ad

where Ay and A ate the initial and actual specimen cross sections, respectively, and d the initial
specimen diameter. The true stress 0 can be expressed as a function of the force F and the

change in diameter Ad according to

F 4F

°T AT n(dy+0d)?

This true stress was controlled using CGauge signal in the physical forging simulation.

return spring movable and fixed quartz rod

signal cable

cooling hoses . '
measuring unit

Figure 51. Diametral extensometer used for physical forging simulations (CGauge signal)
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Figure 52. Setup of CGauge sensor (left) for strain determination during thermomechanical testing (right)

For calibration measurements (see chapter 4.2.2), however, a different approach was chosen to
determine stress and strain. The axial specimen extension was measured with an Epsilon axial
extensometer (see Figure 53). The main components of this sensor are two edged ceramic rods one
of which is movable in transverse direction. These knife edges are positioned so that they touch
the specimen radially in the middle at a distance of 10 mm. They are held in this position via
ceramic fiber cords and tension springs. As the specimen length changes, the distance between

the knife edges changes which results in a proportional alteration of the measuring signal.

This HZTO071 signal (corresponding to Al) was used as mechanical control value during the
calibration measurements. The axial extension was kept zero during the thermal cycle and the

resulting thermal stresses were determined via the following definition of the engineering stress:

F 4 F
== 9]
AO T[do

This approach was used because the Epsilon axial extensometer supplies a more accurate signal

at low strains.

movable and fixed ceramic rod with knife edge measuring unit

/ signal cable

T —— ke cooling hoses

Figure 53. Axial extensometer used for calibration measurements (HZT071 signal)

Both extensometers were air cooled during thermomechanical testing to avoid damage by

overheating and measurement errors due to excessive thermal expansion of sensor components.
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4.3 Metallography and microscopy

Microstructural investigations using light optical microscopy (LOM) and scanning electron
microscopy (SEM) were performed at IWS. Furthermore, high-resolution field emission SEM
(FEG-SEM) observations were carried out at Vienna University of Technology.

Metallographic samples were cut with an abrasive cutting machine (WOCO TOP 350) using
coolant to minimize heat generation. Figure 54 shows the typical sampling position on a
deformed specimen and roughly indicates the specimen regions where detailed metallographic
investigations on the base material (i.e. undeformed zone) and the deformed material were
performed. Unless specified differently, all micrographs presented in this work were taken in

longitudinal specimen direction, i.e. the direction of external load.

border

center

border

-
e

Figure 54. Metallographic sampling position and investigated regions of deformed specimens

Metallographic samples were mounted using a hot mounting press (S#uers CitoPress-20) and epoxy
resin (Struers DuroFast) at 250 bar and 180 °C for 4 minutes followed by water cooling for 2.5
minutes. Subsequently, the samples were wet grinded with a grinding/polishing machine (Szuers
TegraPol-31) using 120, 180, 320, 500, 800, 1200 and 2400 grit/inch SiC grinding papers. After
that, the samples were polished on the same machine using polishing cloths and a diamond
suspension (S#ruers DiaDuo-2) consisting of diamond particles 3um and 1pm, respectively) and
cooling lubricant. SEM and FEG-SEM samples were further polished using oxide polishing

suspension (S#uers OP-S) for up to 20 minutes.

Finally, metallographic etching was performed on LOM and certain SEM samples. Different
etching agents and methods were tested and the best results were obtained using the etchants
shown in Table 14. After each mentioned preparation step, the samples were cleaned with water
and ethanol. For SEM and FEG-SEM samples, ultrasonic cleaning in alcohol was performed as
last preparation step.
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Table 14. Metallographic etchants for the investigated Ni-base alloys

etching time at
etchant
room temperature
Inconel 718 100 ml  hydrochloric acid (HCI) 10-15's
Allvac 718Plus | + 4 ml hydrogen peroxide (H20O5) 20-30's
60 ml HCI
Haynes 282 + 20 ml nitric acid (HNOs) 30-40 s
+ 2,5 mg Cupric chloride (CuCly)

LOM examinations were performed using Zeiss Axio Observer.Z1m and Zeiss Discovery. 1720 SteREO
microscopes and the image analysis software Axiol7sion. SEM was carried out on LEO 7450 1P
(Graz University of Technology) and FEI Qnanta 200 FEGSEM (Vienna University of
Technology) scanning electron microscopes equipped with SE/BSE detectors and EDX systems.

Grain size evaluations were performed using the linear intercept method according to ASTM
E112 with the help of a MATI.AB script. #5.% For each evaluation, at least four micrographs of
different specimen base material positions at sufficiently low magnifications (50 x - 125 x) were
investigated in order to minimize statistical errors. Only regular grain boundaries were used for

interceptions, i.e. coherent as well as incoherent twin boundaries were neglected.

Precipitate quantification was performed using FEG-SEM images with magnifications of at least
30000x. The mean diameters and phase fractions of the investigated phases were determined by
simple image analysis. Selected micrographs were first processed for optimal brightness and
contrast in Adobe Photoshop CS6. Then, a threshold filter was applied to generate black and white
images highlighting the precipitates (see Figure 55). Their dimensions were measured in pixel
and converted to nm via the corresponding image scale. At least 20 particles were gauged per
micrograph and up to three micrographs were evaluated for each alloy. For each processed

micrograph, the precipitate phase fraction was determined via

4p

f=
Aot

[10]

where Ay, is the area of all precipitates (black) and Aty the total image area. The final mean

diameter and phase fraction was then obtained by averaging the corresponding values of each
micrograph.
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used for precipitate quantification
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4.4 Numerical simulation

All simulations were performed with MatCale 5.51 (release 1.071) using the thermodynamic
database #c_ni_v2.000.tdb and the diffusion database m¢_ni_v2.000.ddb.

For all calculations, simplified chemical compositions were chosen according to the measured

compositions of the received alloys (see Table 15).

Table 15. Chemical compositions of the alloys used in MatCalc simulations, wt.%

Co Cr Fe Mo W Al Ti Nb C B
Inconel 718 0.150 | 19.320 | 17.50| 2.990 | - 0.49 | 0.950 | 5.20 [0.0220| 37 -10°¢
Allvac 718Plus | 9.160 | 17.920 9.34| 2.695 | 1.0 | 1.51 | 0.750 | 5.50 |0.0220 | 0.0045
Haynes 282 10.375 | 19.445 0.79| 8.520 | - 1.57 | 2.125 - 0.0615| 0.0040

4.4.1 Thermodynamic equilibrium

To obtain information about occurring equilibrium phases and their solvus temperatures, stepped
equilibrium calculations were performed in a temperature range between 550 °C and 1400 °C. In
these calculations, the chemical composition of the materials as well as expected phases had to be
specified (see Table 16). These considered phases were mainly chosen according to literature (see
chapters 3.2.2 and 3.2.3).

Table 16. Phases considered for equilibrium calculations and their MatCalc designations

equilibrium phases

o liquid (liguid) o MX (fee_al#07)

o v (foe_al) o M23Co (m223006)

o ' (gamma_prime) o MC (m60)
Inconel 718 ° y" (gam;mz_dp) o M;Cs (m7c3)

® 3 (delta) e G (sigma)

o 1 (ni3ti) ® u (mu_phase)

e MyB (m2b) e Taves (lav_c15)
Allvac 718Plus | same as for Inconel 718 but without y"
Haynes 282 same as for Inconel 718 but without y" and &

4.4.2 Precipitation of primary carbides during solidification

In order to determine the composition and phase fraction of primary MC precipitates, Scheil-
Gulliver solidification simulations® were performed in a temperature range between 1400 °C and
1. 88

1000 °C according to preliminary analyses by Rindler et a

In these simulations, the same phases as for the corresponding equilibrium calculations were

considered and back-diffusion of C and B was permitted.
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4.4.3 Precipitation kinetics during heat treatment and forging

For precipitation kinetics simulations, the respective temperature profiles of each alloy during
heat treatment and forging was defined as MatCalc heat treatment. However, different amounts
of forging cycles were simulated for each alloy as their experimentally determined minimum

strain rates differed (see chapter 5.1).

In MatCalc, deformation was modeled to occur only in the 40 seconds long forging phases at
Tinax- For this reason, twice the absolute value of the experimentally obtained average strain rate
(for a maximum stress of -350 MPa) was used during this phase. During the remaining 40

seconds of the forging cycle the strain rate was set zero.

Table 17 summarizes the microstructural parameters used for the y (fc_a7) matrix phase in heat
treatment and forging simulations. Linear functions for the temperature dependency of elastic

moduli and Poisson’s ratios (in °C) were derived from literature values.”***

Grain sizes were chosen according to experimental results (see chapter 5.2) while no subgrain

sizes were defined.

For all three alloys, the equilibrium dislocation density of the y matrix was assumed to be 10" m?
and a novel model for dynamic dislocation evolution during deformation was applied. This
model takes dislocation creation (A), annihilation of parallel dislocations with opposite Burger’s
vectors (B) and annihilation by dislocation climb (C) into account via material parameters.® The
same parameters were used for all three alloys, i.e. A = 50, B = 5 and C = 10°. Furthermore,
excess vacancy formation was considered during deformation at T4, and a vacancy diffusion

correction factor of 10 was applied.

Table 17. Microstructural parameters of the y matrix and forging parameters used in MatCalc

grain elastic modulus, Pa Poisson’s ratio Stmn: forging
size, m rate, s cycles
Inconel 718 100 - 10| (206 - 65/830 - 'T) - 10° | 0.293 + 0.033/830 - T | 2.4 - 10+ 10
Allvac 718Plus | 50 - 10| (215-47/830-T) - 10° | 0.308 + 0.032/830 - T | 5.0 - 10 50
Haynes 282 150 - 10| (218 -57/830-T) - 10° | 0.318 + 0.037/830 - T | 2.2-10¢ 500

Different combinations of considered phases were tested for heat treatment and forging
simulations according to experimental results, equilibrium calculations and suggestions from
literature. Table 18 shows the precipitation phases chosen for the final calculations and their

nucleation sites.

According to experimental results, two possible nucleation sites were defined for 6 phase in
Inconel 718 and Allvac 718Plus during forging. For that reason, two separate populations of the
phase were considered in the calculations. For all three alloys, the predefined MX phase in
MatCalc, fec_al#07, was disabled and replaced by a MC phase with predefined constituents
according to the composition of primary carbides determined in Scheil-Gulliver simulations (see
chapter 5.3.2). This was done to reduce calculation time. Two populations of this MC phase with

different nucleation sites were considered for Haynes 282.
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For y" and & phases, a shape correction factor of 0.1 was used to take their platelet shape into

account. All other phases were assumed to be spherical.

The stated numbers of precipitate size classes for the computations in MatCalc were chosen both

to obtain accurate results and to optimize calculation time.

Table 18. Phases considered for precipitation kinetics simulations in MatCalc and their nucleation sites

precipitate nucleation sites num.b?r of
precipitate
phase heat treatment forging size classes
v/ bulk 30
Inconel 718 |3 grain boundaries | dislocations and 30
grain boundaries
MC dislocations 10
Allvac 718Plus | same as for Inconel 718 but without y"
Y bulk 30
MC dislocations and grain boundaries 10
Haynes 282 M23Cs grain b01gmdaries 10
McC grain boundaries 10

The contribution of coherence stresses via volumetric misfits of y' and y" precipitates during
nucleation and deformation was taken into account in the calculations. Table 19 shows the used

misfit values of the regarding phases in each alloy taken from literature. ™ ””'

Furthermore, interfacial energy correction of v, y" and & phases was accomplished via
temperature dependent correction factors. For Inconel 718 and Haynes 282, these factors were
adapted from those used by Radis et al. for Allvac 718Plus * (see Table 19). This was done to
consider the differing solution temperatures of the regarding phases in each alloy as determined

from equilibrium calculations (see chapters 5.3.1).

Table 19. Volumetric misfit and suggested interfacial energy correction factors of precipitate phases in MatCalc

phases | volumetric misfit 1nterfa.c ¢ energy
correction factors
Y 0.021 91 1.00 at 20°C
Inconel 718 y 0.004 1 0.95 at 800°C
o - 0.60 at 900°C
Y -0.003 78 1.00 at 20°C 7
Allvac 718Plus 0.95 at 850°C
8 - 0.60 at 975°C
0.002 at 590°C | 1.00 at 20°C
Haynes 282 ¥ 0.000 at 725°C 0.95 at 900°C
-0.002 at 880°C 0.60 at 1040°C
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5 Results

5.1 Thermomechanical testing
5.1.1

Specimen temperature distribution

Figure 56 shows the results of temperature measurements at different specimen positions for

Inconel 718 and Haynes 282 specimens. The temperature distribution along the specimen is

symmetric, small deviations can be explained with inaccurate thermal element welding positions.
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Figure 56. Temperature distribution in Haynes 282 (left) and Inconel 718 specimens (right)

5.1.2 Calibration measurements

The result of Inconel 718 calibration measurement is shown in Figure 57 (left). The indicated

maximum thermal compressive and tensile stresses were considered as input parameters for its

forging simulation.
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Figure 57. Stress and temperature signals of Inconel 718 calibration measurement (left) and comparison of the

resulting thermal stresses (right)
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To validate both the calibration measurement and the stress values calculated for the other alloys,
calibration tests were also performed with them. Table 20 shows the calculated and measured
thermal stresses of all three investigated materials. The values were calculated according to

equation [4] (see chapter 4.2.1) using the alloys’ respective elastic moduli and CTE at Tge.

Deviations between calculated and measured values are rather small and their variation between
the alloys was considered negligible especially as the stress curves showed good agreement (see
Figure 57, right). For these reasons, it was considered appropriate to choose the same thermal

stresses for the physical forging simulations of all three alloys (0. = -220 MPa/gyy = 170 MPa).

Table 20. Calculated and measured thermal stresses during and after forging for the three investigated materials

Inconel 718 Allvac 718Plus Haynes 282
O.x, MPa | O ,MPa | o;x, MPa | oy, MPa | o, MPa | Oy, MPa
calculated | -233.3 181.4 -234.1 182.1 -223.4 173.7
measured -220.3 167.3 -235.3 176.2 -246.2 178.4
deviation 5,6% 7.8% -0.5% 3.2% -10.2% -2,7%

5.1.3 Physical forging simulation

5.1.3.1  Inconel 718

Figure 58 shows stress, temperature and strain signals of Inconel 718 physical forging
simulations carried out at a maximum stress of -450 MPa (specimens 1-3). After heating-up to
Tqie for the first time, the specimen strain was zeroed in order to obtain only the plastic share
€p1- At the end of each strain curve the number of the according specimen is denoted. It is
apparent that all three specimens experienced severe plastic strain already after two cycles.
Specimens 1 and 3 were used for performed pre- and calibration tests before the physical forging
simulation. Their higher strain rates compared to specimen 2 could be explained by micro-

structural changes during these tests.
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Figure 58. Results of Inconel 718 physical forging simulations (maximum stress -450 MPa)
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Figure 59 shows the progression of plastic strain during physical forging simulations carried out

at -350 and -300 MPa maximum stress, respectively (specimens 4-13). Contrary to Figure 58, the

time axis is scaled in forging cycles. As expected, the material performance increased with

decreasing stress. Generally, the results show good agreement. Specimens 7 and 9, however,

exhibited considerably divergent minimum strain rates compared to the other specimens tested at

the same maximum stress level.
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Figure 59. Results of Inconel 718 physical forging simulations (maximum stresses -350 and -300 MPa)

The curves can be roughly divided into two stages. Plastic strain increases linearly to a certain

value (between around 0.07 and 0.15) from where on its increase is progressive (see Figure 60).

The minimum strain rate for each specimen was estimated by evaluating the slope of the linear

first stage of the strain curves according to

[11]

where &,; 1 and t; are plastic strain and time, respectively, at the end of the linear sections.
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Figure 60. Inconel 718 strain rate curves showing linear and progressive stages
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Table 21 summarizes the results of the physical forging simulations for Inconel 718. For each

specimen, the plastic strain &, the number of forging cycles and the calculate minimum strain

rate Epn ate denoted.

Table 21. Result overview of Inconel 718 physical forging simulations

spercl:)men 01-\1/?1‘31: | &p | cycles | &pin, st comments
0 ) ) ) ) used for pre-tests with two additional thermo-
couples (-5 and 5 mm from specimen center)
1 -450 |-0.35 2.0 | -2.1-103 | previously used for pre- and calibration tests
2 -450 | -0.53 35 | -1.3-103 |-
3 -450 | -0.56 1.6 | -2.5- 102 | previously used for calibration tests
4 -350 | -0.62| 28.6 | -1.2-10* |-
5 -350 | -0.53| 274 | -1.3-10* |-
6 -300 [-0.69| 71.6 | -3.7-10° |-
7 -300 |-0.67 | 110.5 | -1.8-10° |-
8 -300 | -0.53| 684 | -3.9-10° |-
9 -350 | -0.13 50 | -29-10% |-
10 -350 [-0.31| 29.1 | -1.1-10* |-
11 -300 [ -0.12| 404 | -35-10° |-
12 -300 [-0.32| 762 | -3.0-10° |-
13 350 | 147 ! 327 | 41-104 CGauge sensor slipped off at &,; = -0.8
— & calculated from equation [7] after test

5.1.3.2  Allvac 718Plus

Figure 61 shows the strain curves resulting from physical forging simulations with Allvac

718Plus specimens. The strain curves were smoothed and the time axis is displayed

logarithmically for a better visual representation. Except for specimen 4, the results show

excellent agreement for all maximum stress levels.
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Figure 61. Results of Allvac 718Plus physical forging simulations
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Similar to Inconel 718, many curves show linear behavior in the low strain region. Especially at
lower maximum stresses, however, some specimens exhibited an initial degressive increase in
strain. Therefore, these curves can be roughly divided in three stages (see Figure 62). The

minimum strain rate was evaluated from the second, lineat section of such curves.

0,0 4.,

0,11

-0,24
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0 20
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Figure 62. Allvac 718Plus strain rate curve showing three stages
Table 22 summarizes the results of the physical forging simulations for Allvac 718Plus.

Table 22. Result overview of Allvac 718Plus physical forging simulations

speIcli)men 01\1/}11‘;;0 &pr | cycles | &, st comments
0 -450 | -0.53 28.6 | -1.2-10* | previously used for calibration tests
1 350 | 2031 | 1116 | 22-10% sp.ecirnen.fractured because machine cooling
failed during test
| CGauge sensor placed slightly off-center

2 350 | 052 1 1495 -2.2-10° — &, calculated from equation [7] after test
3 -300 | -0.50 | 352.7 | -8.1-10° |-

4 -300 | -0.17 | 3827 | -5.1-10° |-

5 -450 | -0.31 224 | -1.2-10* |-

6 -350 | -0.33 98.7 | -3.1-10° |-

7 -300 | -0.43 | 320.3 | -9.4-10° |-

8 -450 | -0.13 13.2| -1.2-10* |-

9 -350 | -0.14 58.3] -2.8-10° |-

5.1.3.3  Haynes 282

Figure 63 shows smoothed strain curves resulting from Haynes 282 physical forging simulations.
The results show good agreement for all stress levels. Specimen 0, however, showed considerably
better performance compared to the other specimens tested at a maximum stress of -450 MPa.
This could be due to microstructural changes (such as an increase in dislocation density or the

formation of new strengthening precipitates) during previously performed calibration tests.

Figure 64 (left) shows two representative strain curves of -450 MPa and -350 MPa tests,
respectively. In contrast to Inconel 718 and Allvac 718Plus, these curves do not exhibit a linear
first stage. Minimum strain rates were therefore simply determined from their slope at &, = 0.
At lower maximum stress, some curves show slightly different behavior. Similar to Allvac
718Plus, they show a degressive first stage (see Figure 64, right) followed either by a short linear

section or directly by the progressive section observed in all curves.
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Figure 63. Results of Haynes 282 physical forging simulations
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Figure 64. Haynes 282 strain rate curves showing different shapes at high (left) and low stresses (right)
Table 23 summarizes the results of the physical forging simulations for Haynes 282.

Table 23. Result overview of Haynes 282 physical forging simulations

specimen | @

o, 1\;["1‘;:’ &, | cycles | Epn, st comments
0 -450 | -0.23 182.8 | -9.5-106 | previously used for calibration tests
1 -300 | -0.07 | 1002.3 | -3.5-107 |-
9 350 | 056 622 | 87107 CGauge sensor placed slightl'y off-center
— &y calculated from equation [7] after test
3 -350 | -0.10 628.7 | -6.9-107 |-

long test (33 h) — stopped and resumed (curves
4 -300 | -0.19 | 1501.5 -6.4 - 107 | merged), tested with three additional thermo-
couples (3, 6 and 9 mm from specimen center)
CGauge sensor slipped off because rubber band

> 350 1 -0.56 6353 | -8.9-107 ripped after 104 cycles — curve offset corrected

6 300 | 2083 | 17648 | 52107 | €St continued for 736 more cycles after reaching
) ' ) stroke end stop — specimen fractured

7 -450 | -0.61 1174 | -9.8-106 |-

8 -450 | -0.17 80.3 | -1.3-105 |-

9 -350 | -0.17 6003 | -1.6-10¢ |-

long test (48 h) — stopped and resumed twice
(curves merged)
11 -450 | -0.29 100.7 | -1.8-105 |-

10 -300 | -0.38 | 2155.8 | -5.5-107
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Results: Thermomechanical testing

5.1.3.4  Hot deformation mechanism

In order to identify the alloys’ deformation mechanisms during the physical forging simulations,
their stress exponents were assessed from obtained Gleeble data. Therefore, the simplifying
assumption was made that the tests were carried out at constant temperature (T;,4,) and constant

stress (Omax)-

Table 24 summarizes the average minimum strain rates of each alloy. Inconel 718 exhibited the
highest strain rates at all stress levels. The values are roughly one order of magnitude higher

compared to Allvac 718Plus and two orders of magnitude higher compared to Haynes 282.

Figure 65 shows a graphical representation of the results including linear fit. In this double-
logarithmic display, the strain rate vs. stress dependence shows linear behavior in good
approximation as indicated by high coefficients of determination (R”). Therefore, the strain rates
could be expressed by a simplified formulation of the constitutive equation [1] (see chapter 3.4.1)
as the temperature profile was the same in all tests:

E=Ko" o logé =logK +nlogo [12]
Evidently, the slope of this linear equation corresponds to the stress exponent n. The resulting
stress exponent values, denoted in Figure 65, suggest that different deformation mechanisms
occurred for each alloy. Their large values, however, indicate possible dislocation pinning by

precipitates which seems reasonable for the present y'/y" hardened alloys.

Table 24. Minimum strain rates of the alloys during physical forging simulations

Emin, !
Inconel 718 Allvac 718Plus Haynes 282
-450 | (-2.0 £ 0.6) - 10 | (-1.2£0.3) - 10* | (-1.3+0.4) - 105
Omax, MPa | =350 | (-1.2+0.1) - 104 | (-25+£04) - 10> | (-1.1 £0.5) - 10°
-300 | (-3.2+£0.7)-10° [ (-7.5£1.8)-10° | (-5.2+ 1.0) - 107
] Inconel 718 ] 1 Allvac 718Plus ] Haynes 282
1E-3 1 1E-4 - ST
/ /] /]
L
- n=101 - } n=6.5 n=79
() R'=097 R’=0.99 R*=0.98
‘uj‘ .w‘ y
1E-4 - £ = 1E-6 -
11 ]
1!
T T T T T T T T T T T T
300 350 400 450 300 350 400 450 300 350 400 450
g, MPa o, MPa g, MPa
Figure 65. Stress dependence of minimum strain rates during physical forging simulations
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5.2 Metallography and microscopy

5.2.1 Inconel 718

5.2.1.1  Base material

As mentioned in chapter 4.1.1.2, the microstructure of Inconel 718 billet after solution annealing
was inhomogeneous across its cross section concerning grain size and the distribution of large
particles (see Figure 66). Therefore, depending on their sampling position, the grain size of
tensile samples differed quite strongly.

However, the grain structure was similar in transverse and longitudinal direction in the
undeformed material. Table 25 shows the average grain size of certain specimens in longitudinal

direction.

center

Figure 66. Metallographic sample positions and corresponding micrographs of solution annealed Inconel 718 in
transverse billet direction

Table 25. Grain size of Inconel 718 specimens in the undeformed zone

specimen | grain size, um
2 85+ 40
4 140 £ 85
5 120 £ 60
6 70 £ 40
7 90 + 55
9 75145
10 100 £ 50
12 95 £ 60
13 60 + 40

Figure 67 to Figure 69 show different micrographs of Inconel 718 base material. In Figure 67,
band-shaped structures of particles in longitudinal specimen (and therefore billet) direction are

observable. These structures of rather large (> 1 um), randomly shaped particles were found in all

Graz University of Technology 55



Results: Metallography and microscopy

specimens and are assumed to result from the hot forming process of the billet. The particles
show light grey appearance in LOM. Furthermore, even larger, randomly distributed and often
rhombically shaped orange precipitates were observed (see Figure 67).

Figure 68 shows SEM micrographs in which these particles are observable. EDX line-scans and
mappings were performed in order to identify their chemical composition. The particles forming
band-shaped structures show light appearance in SEM BSE-images (see Figure 68, left). They
are rich in Nb and also contain smaller amounts of Ti. The larger, rhombically shaped

precipitates, on the other hand, appear dark and contain much Ti and only little Nb. This leads to

the suggestion that these particles are primary NbC and Ti(C,N) precipitates, respectively.

— 8 3 =N EEAN B =

Figure 68. SEM BSE-images of etched Inconel 718 base material showing carbides and grain boundary precipitates
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Furthermore, grain boundary particles were observed (see Figure 68) but they were too small for
EDX characterization. However, the plate-like shape and light appearance of these particles
suggests that they are & phase (Ni;Nb). Twin boundaries appear to be almost free of such
precipitates.

Figure 69 shows high resolution images of Inconel 718 base material revealing light, elongated
particles at grain boundaries and inside grains. Due to their small size, no EDX characterization
of these precipitates was possible. However, it is assumed that they are 8 and y" phases,
respectively. The disk-shaped precipitates inside grains exhibit a volume fraction of 14% and a
characteristic size of 70 £ 15 nm which was determined by averaging the measured particle
thickness and diameter as suggested by Dumont et al. ”* The phase fraction is in excellent

agreement with values typically stated for y" phase®”'

and the aspect ratio of the particles (i.e. the
ratio of particle thickness to diameter) of 0.35 * 0.1 is in good agreement with values obtained

for y" precipitates by Devaux et al.”

Figure 69. FEG-SEM BSE-images of Inconel 718 base material showing different precipitates at grain boundaries

and inside grains

5.2.1.2  Deformed material

Figure 70 shows stereo-micrographs of deformed specimens after physical forging simulations.
The deformed carbide band structure revealed in the left image gives indication of the material
flow during deformation. From this pattern and the bulged shape of the deformed specimen it is
evident that different states of stress occurred in the deformation zone and that uniaxial

compression/tension predominated only in the specimen centet.

The right image shows the grain morphology of deformed microstructure. Both specimens
deformed slightly unsymmetrically which could be either explained by experimental errors (such
as unsymmetrical positioning of the thermocouple or deformation of certain parts of the

clamping system) or by crystallographic texture.
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Tmax = -350 MPa/g,,; = -0.62

Figure 70. Stereco-micrographs of polished Inconel 718 specimen 7 (left) and etched specimen 4 (right) after
deformation

Figure 71 shows LOM micrographs of severely deformed microstructure in the specimen center

with grains elongated orthogonally to the direction of external load.

Figure 71. LOM micrographs of deformed Inconel 718 microstructure in the specimen center showing deformed

grains (specimen 5, Opqx = -350 MPa/&,; = -0.53)

Figure 72 shows the deformed microstructure of different specimens near their border.
Deformation bands as well as pores and, apparently, incipient intergranular cracking are

observable. Few small pores were also found in the specimen center, either in the vicinity of

carbides or at grain boundaries (see Figure 73).

| ‘ }: 3 y g W \ -
specimen 7, Opq, = -300 MPa/&p; = -0.67 specimen 6, 00, = -300 MPa/&p,; = -0.69 specimen 4, 0,4, = -350 MPa/&p; = -0.62

Figure 72. LOM micrographs of deformed Inconel 718 microstructure at the specimen border showing deformation

bands, pores and cracks
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Figure 74 shows FEG-SEM micrographs of deformed microstructure near the specimen border.
Microstructural features such as precipitates inside grains and along grain boundaries as well as
deformation bands are observable. These deformation bands form during plastic deformation
and represent subdivided parts of the grain with different crystallographic orientation (see
chapter 3.3).

Furthermore, light/dark patterns are observed inside grains which are assumed to result from
energy stored in the microstructure due to the generation of dislocations during plastic
deformation. From these patterns, an inhomogeneity of stored energy is evident, i.e. plastic
deformation did not occur homogeneously inside the grains. This can also be observed from

local changes in the alignment of small precipitates inside grains (see Figure 74, right).

specimen 4

A 7

- £ k

" deformation
bands

deformation
bands

- / s
[ v
Figure 73. SEM SE-images of undeformed (a) and deformed Inconel 718 microstructure (b-d) showing pores at
grain boundaries and particles (specimen 4, O g, = -350 MPa/ gy, = -0.62)

Figure 74. FEG-SEM BSE-image of deformed Inconel 718 microstructure at the specimen border showing
deformation bands and different precipitates (specimen 4)
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Results: Metallography and microscopy

Figure 75 shows FEG-SEM images of deformed microstructure in the specimen center. At all
three investigated positions, coarse elongated particles and small (< 1 um) grains are found at
prior grain boundaries and carbides suggesting that DRX occurred. Some of these new grains

show annealing twins but they do not contain strengthening y" precipitates.

grain

boundaries |4 -"&new DRX
Y g ”' bl S

Q grams

Figure 75. FEG-SEM BSE-images of deformed Inconel 718 microstructure in the specimen center showing
different precipitates and recrystallized grains at grain boundaries (specimen 4)

Figure 76 shows a high-resolution micrograph revealing the morphology and alignment of small
precipitates (light, elongated y" and possibly dark, spherical ') inside a grain. Local changes in the
alignment of the particles are evident. Furthermore, slight coarsening or possibly partial

transformation to 8 phase can be observed.
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Figure 76. FEG-SEM BSE-image of deformed Inconel 718 microstructure in the specimen center showing small

precipitates (specimen 4)

5.2.2 Allvac 718Plus

5.2.2.1  Base material

Figure 77 shows micrographs of undeformed Allvac 718Plus in longitudinal specimen (i.e. in
transverse billet) direction. Again, grain size and morphology do not differ strongly in orthogonal
direction (see Figure 78) and large primary carbides/carbonitrides were found mostly inside
grains. It is assumed that they are of NbC and Ti(C,N) type as in Inconel 718. Similar to Inconel
718, ordered structures of these particles were observable. However, these bands occurred to a
lower extent in Allvac 718Plus and, due to the sampling position of the tensile specimens, in
transverse specimen direction (see Figure 78, left). Furthermore, the microstructure shows
smaller grain size and more grain-boundary precipitates (see also Figure 79). The grain size
slightly varied over the specimen length which is also attributable to the sampling direction
perpendicular to the billet axis. However, all investigated specimens showed similar grain size
with generally lower variation than Inconel 718 (see Table 26).

annealing
twins

Figure 77. LOM micrographs of Allvac 718Plus base material showing annealing twins (specimen 2)
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S carbide

band

Figure 78. LOM micrographs of Allvac 718Plus in longitudinal (left, specimen 5) and transverse specimen direction
(right) showing carbide bands and annealing twins

Table 26. Grain size of Allvac 718Plus specimens in the undeformed zone

specimen | grain size, um
0 45 %25

55 %30

50 + 25

50 £ 30

50 + 25

45 £ 20

O |0~

The light, needle-shaped grain-boundary precipitates observed in Figure 78 are assumed to be 8
phase. As for Inconel 718, twin boundaries seem to be mostly free of precipitates. Figure 79 also
shows dark, spherical precipitates inside grains. These particles with a diameter of 80 * 15 nm

and a volume fraction of 16% are suggested to be y' phase.

twin
boundaries

R

boundaries

Figure 79. FEG-SEM BSE-image of Allvac 718Plus base material showing precipitates at grain boundaries and

inside grains
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5.2.2.2  Deformed material

Figure 80 shows LOM micrographs of the deformed microstructure in the specimen center.
Similar to Inconel 718, grains are elongated orthogonally to the direction of external stress.

Figure 81 shows the deformed microstructure near the specimen border. As in Inconel 718

>

deformation bands and few pores near carbides are observed (see also Figure 82).

d ' rﬁ."‘ ¢ ‘. x ""“K.‘ b 7 '7.\';«1" h .F T ‘.; iy N A Y k
Figure 80. LOM micrographs of deformed Allvac 718Plus microstructure in the specimen center showing deformed

grains (specimen 2, Opqx = -350 MPa/gp; = 0.52)

deformation
bands

b D /i -~ e® | 100 ym
X ~5/ S\ p—lotem

ructure at the specimen border showing

p—tooum £
Figure 81. LOM micrographs of deformed Allvac 718Plus microst

deformation bands (specimen 2)

Figure 83 shows different positions of the deformed microstructure in the specimen center near
grain boundaries. Compared to the base material, no considerable coarsening of y' particles could
be observed. There are, however, less spherical y' precipitates observable inside grains. Instead,
new small needle-shaped particles of different size and orientation are found. This suggests that a

partly transformation of y' to 8 phase occurred during the forging simulation.

As in Inconel 718, small recrystallized grains are observed at grain boundaries. In comparison,
however, their number seems to be slightly lower and fewer coarse grain boundary & precipitates

are observed.
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Figure 82. FEG-SEM BSE-images of deformed Allvac 718Plus microstructure at the specimen border showing
deformation bands, precipitates and pores (specimen 2)

“ dpformcﬁ
DRX grains

DRX grains

-

Figure 83. FEG-SEM BSE-images of deformed Allvac 718Plus microstructure in the specimen center showing
different precipitates, recrystallized grains and pores (specimen 2)
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5.2.3 Haynes 282

5.2.3.1  Base material

Figure 84 shows micrographs of undeformed Haynes 282 base material in longitudinal specimen
(i.e. in transverse billet) direction. As for the other investigated alloys, the grain morphology is

similar in transverse and longitudinal direction (see Figure 85).

As shown in Table 27, Haynes 282 microstructure shows the largest average grain size. There
are, however, large variations in grain size, i.e. there are many small but also few very large grains
(see Figure 86). Slight grain size variation over the specimen length was observable for certain

specimens.

As in the other alloys, many large particles of different shape were found inside grains. Due to
their grey and orange appearance, they are suggested to be primary carbonitrides of MX type (see
Figure 84). As in Allvac 718Plus, these particles partly exhibit ordered band structure in

longitudinal billet (i.e. transverse specimen) direction.

grain

boundaries

twin
boundaries

Figure 84. LOM micrographs of Haynes 282 base material showing carbides (specimen 9)
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Figure 85. LOM micrographs of Haynes in transverse (left, specimen 4) and longitudinal billet direction (right)

Table 27. Grain size of Haynes 282 specimens in the undeformed zone

specimen | grain size, um

0 150 £ 90

1 125+ 75

2 120 £ 70

3 160 £ 100

4 175 £ 115

7 180 £ 110

9 115+ 70

10 175 + 115
sl Allvac 718Plus %t Haynes 282
specimen 4 specimen 4

70
measured values

(class size: 10 um)

/ fitted Log-normal

distribution

60

50
201
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length, pm length, pm
Figure 86. Comparison of typical grain size distributions of Allvac 718Plus (left) and Haynes 282 (right)

Figure 87 shows FEG-SEM images of Haynes 282 base material. Grain boundaries are almost
entirely occupied by precipitates of different appearance (presumably MC, M,C and M,,C,

carbides). Coherent twin boundary segments, however, are mostly free of particles.

Small spherical precipitates with a mean diameter of 35 + 5 nm and dark appearance are found

inside grains. They exhibit a phase fraction of 18% and are suggested to be y' phase.
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incoherent

twin boundaries

coherent
twin boundaries

Figure 87. FEG-SEM BSD-images of Haynes 282 base material showing different precipitates at grain boundaries,
twin boundaries and inside grains (specimen 2)

5.2.3.2  Deformed material

Figure 88 shows LOM micrographs of deformed Haynes 282 specimens in the specimen center.
Similar to the other investigated alloys, grains are strongly deformed at high plastic strains. At
lower strains, grain deformation is less distinct but deformation bands are still occasionally

observed.

Evidently, more deformation bands occur at high plastic strains in strongly deformed areas,
especially near the specimen border (see Figure 89). Locally, deformation bands propagated
through grains to the specimen surface which lead to the formation of small protrusions.

Furthermore, as in the other alloys, some (mostly intergranular) surface cracks are observed.
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specimen 2, Gpayx = -350 MPa/g,; = -0.56

1y

specimen 8, Oy, = -450 MPa/e, = -0.17

deformation 4

bands

Figure 88. LOM micrographs of deformed Haynes 282 microstructure in the specimen center showing deformed
grains and deformation bands

cracks

deformation
bands

Figure 89. LOM micrographs of deformed Haynes 282 microstructure at the specimen border showing deformation
bands and surface cracks (specimen 2)

Figure 90 shows FEG-SEM images of deformed Haynes 282 microstructure at different
specimen center positions. As in the other alloys, small, precipitate-free grains were found at
grain boundaries as evidence that DRX occurred. Furthermore, y' particle coatsening to a

diameter of 55 £ 10 nm was obsetrved.
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Figure 90. FEG-SEM BSE-images of deformed Haynes 282 microstructure in the specimen center showing
recrystallized grains, precipitates and deformation bands (specimen 2)

5.3 Numerical simulation

5.3.1 Thermodynamic equilibrium

53.1.1  Inconel 718

Figure 91 shows the calculated equilibrium phases of Inconel 718. The resulting solidus and
liquidus temperatures are around 1220 °C and 1345 °C, respectively.

Below around 940 °C, a small amount of 1 phase is present and below 910 °C, the TCP o phase
occurs. M,;C, replaces MC phase at around 700 °C. The calculated solvus temperatures of y' and
8 phases are around 900 °C and 1055 °C, respectively. As anticipated, y" phase does not appear in
equilibrium state.
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Figure 91. Equilibrium phases of Inconel 718

5.3.1.2  Allvac 718Plus

Figure 92 shows the results of the stepped equilibrium calculation for Allvac 718Plus. They are
similar to Inconel 718 as solidus and liquidus temperatures are around 1135 °C and 1355 °C,
respectively, and the same phases appear except for v phase.

Below around 780 °C, M,,C, is more stable than MC and o phase is present below around 750 °C.
The calculated solvus temperatures of y' and & are around 975 °C and 1050 °C, respectively. In
comparison with Inconel 718, the solution temperature and phase fraction of y' is significantly

higher (around 75 °C and 18%, respectively).

1004
Y
liquid
2
MC
0,14 . ! . . . .
600 800 1.000 1.200 1.400

T, °C
Figure 92. Equilibrium phases of Allvac 718Plus
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5.3.1.3  Haynes 282

Figure 93 shows the calculated equilibrium phases of Haynes 282. The alloy’s solidus and
liquidus temperatures are around 1255 °C and 1340 °C, respectively.

Compared to Inconel 718 and Allvac 718Plus, Haynes 282 exhibits two additional equilibrium
phases, the TCP p phase as well as secondary carbides of M,C type. These carbides have a
solution temperature of 1015 °C and are replaced by M,,C, below around 750 °C. The calculated
y' solvus temperature of around 1040 °C is noticeably higher compared to the two other alloys.

1001

liquid

MC

0,1+

600 800 ‘ 1.000 ' 1.200 1.400
T, °C
Figure 93. Equilibrium phases of Haynes 282

5.3.2 Precipitation of primary carbides during solidification

The results of the Scheil-Gulliver simulations are summarized in Table 28. All alloys show rather
low phase fractions of primary carbides. As N was neglected in the calculations, their type is
(Nb,T1)C in Inconel 718 and Allvac 718Plus and (T1,Cr,Mo)C in Haynes 282, respectively.

Table 28. Phase fractions and chemical composition of primary MC carbides

phase | chemical composition, at.%

fraction | Nb Ti Cr Mo
Inconel 718 0.4% 282 | 231 1.1 0.1
Allvac 718Plus | 0.2% 31.5 19.8 1.0 <0.1
Haynes 282 0.4% - 441 6.7 4.2
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5.3.3 Precipitation kinetics during heat treatment and forging
5.3.3.1  Inconel 718

Figure 94 shows the resulting phase fractions (f), mean particle diameters (d) and number

densities (N) of the considered precipitate phases during heat treatment of Inconel 718. These

precipitate parameters are related to each other via o4

f=2dN
G

[13]

Y and y" phases nucleate during cooling after solution annealing and grow to final mean
diameters of 36 nm and 85 nm, respectively (see Table 29). The small size of y' could be the
reason why it was not cleatly experimentally detectable via FEG-SEM. After tempering, y' and y"
phases obtain phase fractions of 3.8% and 12.2%, respectively. This is in good agreement with

typical values stated in literature and, in the case of y", with experimental findings (70 nm/14%).

d phase forms during solution annealing and obtains a final phase fraction of 1.3% and a mean
diameter of 392 nm after heat treatment. Secondary MC precipitates with a mean diameter of 89
nm and a rather low phase fraction of 0.2% form during solution annealing and remain at

constant phase fraction and size during the rest of the heat treatment.

The phase fractions, average size and chemical composition of all precipitate phases as well as the

y matrix are summarized in Table 29.

Table 29. Phase fraction, average size and chemical composition of Inconel 718 precipitate phases and matrix after
heat treatment

chemical composition, at.%
Ni| Co | Ctr| Fe | Mo | Nb | Ti Al

phase f d, nm

y 82.4% - 48.5 26.1| 21.7 2.2

Y 3.8% 36 | 725 2.1 7.5 92| 7.0
Y 12.2% 85 | 734 1.6 19.1 5.6

S

1.3% | 392 | 74.8 25.0
MC 0.2% 89 - - - - - 271 229| -
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Figure 94. Precipitation kinetics of Inconel 718 during heat treatment

In the subsequent forging simulation, the dislocation density evolved according to the strain rate

and peaked at around five times the initial value (5 - 10" m™) during forging (see Figure 95).

The average size of y' and y" phases stayed nearly constant during forging. Their phase fractions,
however, decrease to 2.6% (y') and 8.8% (y"), respectively. Grain boundary 8 phase does not
significantly change in size or quantity and only a low number (1.5 - 10" m”) of very small &

precipitates (= 1 nm) nucleate at dislocations.
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Figure 95. Evolution of dislocation density and precipitate phase fractions in Inconel 718 during forging
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5.3.3.2  _Allac 718Plus

Figure 96 shows the heat treatment simulation results of Allvac 718Plus. Similar to Inconel 718,
d phase forms during solution annealing and stays at nearly constant phase fraction and size
during heat treatment. Its mean diameter is slightly larger as in Inconel 718 and it obtains higher

phase fraction after heat treatment (3.3%) which is consistent with experimental results.

¥ phase, on the other hand, nucleates during cooling after solution annealing as well as the
beginning of each tempering stage. The phase exhibits a final volume fraction of 16.4% and a
mean diameter of 76 nm after the second tempering stage which is in excellent agreement with
experimental results (16%/80 nm). It consists mainly of Ni, Co, Nb, Al and Ti, see Table 30.

Table 30. Phase fraction, average size and chemical composition of Allvac 718Plus precipitate phases and matrix
after heat treatment

chemical composition, at.%

phase | f ldom PG E TG [ Fe | Mo | W | Nb | Ti | Al
v 1802% | - | 480 | 95|247| 120] 2.0 3.0
v | 164% | 76 | 649 | 85 139 51| 54
5 33% | 422 | 748 =250
MC | 02% ] 82 | - N B B T - 293] 207 -

As in Inconel 718, only a rather small amount of MC phase formed during solution annealing and

stayed at constant size and phase fraction during the rest of the heat treatment.
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Figure 96. Precipitation kinetics of Allvac 718Plus during heat treatment

In the subsequent forging simulation, the phase fraction of y' slightly decreased to 14.8% while its
mean particle diameter increased to 91 nm (see Figure 97). The dislocation density reached peak
levels of twice the initial value during forging. As in Inconel 718, no significant change in size and
amount of grain boundary 8 phase occurs during forging and hardly any & precipitates nucleate at

dislocations.
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Figure 97. Evolution of dislocation density and y' size in Allvac 718Plus during forging

5.3.3.3 Haynes 282

Figure 98 shows the simulation results of Haynes 282 heat treatment and Table 31 shows the
phase fractions, mean diameters and chemical composition of y' phase, secondary carbides as well

as the y matrix after heat treatment.

The major carbide phases are grain boundary M;C and MC which form during solution annealing
and obtain phase fractions of 1.3% and 0.2%, respectively. MC phase at dislocations and grain
boundary M,;C, phase dissolve during solution annealing and nucleate again in the second heat
treatment stage. However, only a very small amount of small MC and rather large M,,C; is
present at dislocations and grain boundaries, respectively, at the end of heat treatment. Generally,
the final average diameters of grain boundary MC, MC and M,,;C; in the range of around 1-3 pm

is in good agreement with experimental results.

' phase nucleates during cooling after solution annealing and obtains a phase fraction of 18.4%

after heat treatment which is in excellent agreement with experimental results (18%).

Its low final mean diameter of 28 nm results from the nucleation of many small precipitates
during cooling after precipitation hardening. Without them, the mean diameter of y' phase would
be around 260 nm which is much larger as experimentally determined. The reason for this
discrepancy is unclear, especially as similar results were obtained for varying calculation

parameters and different combinations of considered phases.
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Figure 98. Precipitation kinetics of Haynes 282 during heat treatment

Table 31. Phase fraction, average size and chemical composition of Haynes 282 precipitate phases and matrix after

heat treatment

phase f d. am chemical composition, at.%
> Ni |Co| Cr | Fe | Mo | Ti | Al
y 80.1% - 533 |11.9] 26.2 1.0 58] 0.2 1.4
Y 18.4% 28 | 71.0| 32| 1.0{<0.1 0.3]12.5(12.0
MCyp 0.2% | 2680 - - 73] - <0.1]42.7| -
MCy [<01% | 142 - - 76| - <0.1]422| -
M23Co | <0.1% | 1856 | 13.1 | 0.2 558 <0.1| 10.1| - -
M,C 1.3% | 851 | 244 | 43|273|<0.1| 29.7| - -

Haynes 282 did not exhibit any considerable microstructural changes during forging except for a

negligible increase in M,,C, particle size to 1.92 pm and a slight reduction of y' phase fraction to

16.9% during the early forging phase from when on it remained constant (see Figure 99).
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5.4 Summary of results

Thermomechanical tests were carried out to simulate the forging process at three different
maximum stress levels. During these tests, plastic deformation of tensile specimens occurred at
considerably different rates in each investigated alloy. Typical strain curves showed roughly linear
behavior up to low plastic strains (= 0.1) followed by a progressive increase in strain. The alloys’
minimum strain rates were determined from these strain curves and found to depend on the
maximum stress according to power-law relationships with different exponents. The
determination of these stress exponents was based on the simplifying assumption that the tests
were carried out at constant stress and temperature. Furthermore, it was assumed that no changes
in the precipitate state of the alloys occurred during deformation up to low strains which was

reviewed via precipitation kinetics simulations in MatCalc.

All three investigated Ni-base alloys are strengthened by small, coherent precipitate phases inside
grains and larger grain boundary precipitates. In the case of precipitation hardened Inconel 718,
disk-shaped precipitates with average particle size of 70 nm and a phase fraction of 14% were
detected via FEG-SEM and are suggested to be y" phase. The presence of y' precipitates could
not be clearly proven experimentally. However, MatCalc simulations predict the precipitation of
both y" and y' phase of type Ni;(Nb,Ti) and Ni;(Ti,Nb,Al), respectively, with a total phase

fraction of around 16% after heat treatment.

Furthermore, Inconel 718 was observed to contain grain boundary precipitates, presumably &
phase (Ni;Nb). The assumption is supported by numerical simulations which predict a 6 phase

fraction of around 1% in precipitation hardened condition.

MatCalc simulations of the forging process show a slight decrease in y' and y" phase fractions in
the early stage of deformation. FEG-SEM investigations on a strongly deformed Inconel 718
specimen showed & phase coarsening. However, no strong change in size and quantity of y"

phase was observable even though it is assumed that partial transformation to & phase occurred.

Contrary to Inconel 718, Allvac 718Plus contains no y" phase but only spherical y' phase with
high Nb content. The experimentally determined size (80 nm) and quantity (16%) of the phase in
precipitation hardened condition was validated by numerical simulations. In comparison to
Inconel 718, more & phase was experimentally observed at grain boundaries. This is validated by

simulations which predicted a phase fraction of around 3%.

MatCalc simulations predict slight coarsening of y' phase during deformation up to low strains. It
was experimentally observed that 8 phase coarsened less strongly in Allvac 718Plus than in
Inconel 718 during plastic deformation but y' phase was found to have partially transformed to &

phase inside grains.

In contrast to the other two alloys, Haynes 282 contains no Nb and therefore no y" and 8 phases.
Instead, small spherical precipitates (average diameter 35 nm) were found inside grains and
assumed to be y' phase. Numerical simulations predict a y' phase fraction of around 18% which is

in excellent agreement well with experimental results.

Furthermore, different types of particles were found at grain boundaries in Haynes 282. In
MatCalc they were identified as carbides of type (Mo,Cr,Ni),C, (T1,Cr)C and (Ct,Ni,Mo),,C,. The
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calculated phase fraction and size of these carbides after heat treatment seems to be reasonable.

However, the predicted size of y' particles differs strongly from experimental results.

FEG-SEM investigations revealed coarsened y' particles in Haynes 282 in a strongly deformed
specimen. For low strains, however, no y' coarsening and no change in the precipitate parameters

of carbides is predicted in MatCalc simulations.

In summary it can be stated that the precipitation microstructures of all materials do not change
strongly during low-strain deformation according to numerical simulations. However, this was
not experimentally validated as no comprehensive microstructural investigations of specimens

with low strains were performed.

However, major microstructural changes were observed in strongly deformed specimens
compared to the initial precipitation hardened state. These changes include severe deformation of
the grain structure, deformation banding and softening mechanisms such as precipitate

coarsening and/or transformation as well as dynamic recrystallization.

The alloys exhibited different grain sizes and grain size distributions. Haynes 282 obtained the
largest average grain size (150 pm) followed by Inconel 718 (90 um) and Allvac 718Plus (50 um).
Due to their sampling position, larger grain size variations were observed between different
Inconel 718 specimens compared to the other alloys. For none of the alloys, however, a

correlation between specimen grain size and thermomechanical performance was found.
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6 Discussion

6.1 Performance comparison

The main performance criterion of the die material was defined as the service time until a
maximum permitted strain is reached. For locally tolerable true plastic strain of 0.1 (= 10.5%
engineering strain) to stay within production tolerances, the average number of withstood forging
cycles of each alloy was determined from their strain curves. Table 32 summarizes the results of

this evaluation for all stresses.

Table 32. Comparison of forging cycles up to &, = 0.1 for each alloy and stress

Inconel 718 | Allvac 718Plus | Haynes 282

-450 1+ 05 10£ 1 80+ 30

O nax> MPa | -350 10+ 3 50+ 10 480 + 80
-300 40 £ 10 160 £ 50 1230 £ 110

It is evident that Haynes 282 showed by far the best performance as it exhibited the lowest
minimum strain rates (see chapter 5.1.3.4). The difference in the average number of withstood
cycles between Haynes 282 and Allvac 718Plus is nearly one order of magnitude at all stress
levels. Inconel 718 obtained the worst performance withstanding between 4 to 10 times less

forging cycles than Allvac 718Plus on average.

Considering annual production volumes of up to 24 800 turbine blades and a total number of
177300 forgings to be manufactured until 2023, even the performance of Haynes 282 at the
lowest maximum stress level (i.e. -300 MPa) seems unsatisfactory. However, the material
performance in the real forging process is assumed to be considerably better because the testing
conditions (i.e. Tinax, Tmin a0d Opmqy) Wetre chosen to simulate an extreme scenatio, i.e. the real

process parameters are less severe.

Furthermore, the thermomechanical tests were designed to simulate the material behavior at the
most heavily loaded region of the forging die. In reality, the highest thermal and mechanical load
occurs only in a rather small volume of the die material. This volume is multilaterally supported
by less strongly loaded material (see Figure 40, chapter 4.2.1) and therefore presumably not as

easily deformed as a tensile sample in uniaxial thermomechanical tests.

Graz University of Technology 79



Discussion: Hot deformation mechanism

6.2 Hot deformation mechanism

The dominating hot deformation mechanism in the (idealized linear) low strain region of the
strain curves, was determined by evaluating the stress exponent of each alloy (see chapter 5.1.3.4).
This simplified approach was based on the neglect of varying temperature and stress during the
thermomechanical tests and on the assumption that no microstructural changes occurred during
this early stage of deformation (steady-state phase). However, as the results were ambiguous, the
approach was refined by taking a threshold stress gy, into account according to equation [2] (see
chapter 3.4.1.2). This stress is needed to detach dislocations from precipitates and can be

modeled in different ways depending mainly on the predominant deformation mechanism.””*'

It is often assumed to be proportional to the Orowan stress which is defined as

Gb [14]

where G and b are the material’s shear modulus and Burget’s vector, respectively, and A the mean
distance between strengthening particles which can be calculated from their respective mean

diameter d and phase fraction f as follows: ™

e [15]
A=d oF 1

The alloy’s shear moduli at Ty, were calculated from the corresponding elastic moduli E and

Poisson’s ratios V via

E [16]

C=2a

and the Burger’s vectors at Tp,q, were obtained from Shang et al. ” Assuming random precipitate
distribution as well as constant particle sizes and phase fractions during steady-state phase, the
effective threshold stresses were found to be most successfully determined via a modified Ashby-

Orowan formulation *’ according to

8d
0 =006 Mo ln |5 [17]

where M is the Taylor factor, i.e. the average value of Schmid factors in a polycrystalline material.
It is used to convert shear stresses in the slip systems of each grain into normal stress. For all
three alloys, it was assumed to be 3.06 which is a common value for fcc polycrystals assuming
random grain orientation. Table 33 summarizes the parameters used to determine the threshold

stresses and the resulting stress values.

Due to the small patticle size and high phase fraction of y' phase in Haynes 282, the alloy obtains
the highest threshold stress.
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Table 33. Parameters for threshold stress determination and resulting stresses for each investigated alloy

Tmax Tmax Tmax Tmax d f A Oth
GPa - GPa nm nm | % nm MPa
Inconel 718 143 0.327 54 0.276 70 14 134 100
Allvac 718Plus 167 0.340 62 0.283 80 16 144 110
Haynes 282 160 0.356 59 0.257 35 18 59 200

Figure 100 shows the stress dependence of the alloys’ minimum strain rates corrected via the
determined Ashby-Orowan threshold stresses. Again, high R® values indicate good linear
approximation. Corresponding to their performance during the forging simulations, the stress
sensitivity of the alloys decreases from Inconel 718 (n = 7.4) to Allvac 718Plus (n = 4.6) and
Haynes 282 (n = 3.5).

While the stress exponents of Allvac 718Plus and Haynes 282 show good agreement with typical
values obtained for dislocation creep (n = 5 and n = 3, respectively), the value of Inconel 718 is
still too high despite the correction. This could be explained by the fact that y' phase was not

clearly observed experimentally and therefore neglected in the threshold stress determination.

] Inconel 718 J{ 1 Allvac 718Plus | Haynes 282
1E-3 1E-4 1E-5 ~ |
: /
/
i
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Figure 100. Stress dependence of minimum strain rates corrected via threshold stresses

To improve the results, further experimental work (such as thermomechanical tests at different
maximum stress levels or at constant stress and temperature) would be needed. FEG-SEM or
TEM investigations on specimens after deformation to different plastic strain could help to gain
better insight into the precipitation kinetics during forging. Then, a further enhanced approach to
determine the stress exponents could be established by incorporating time-dependent precipitate
parameters, i.e. d(t) and f(t). Thus, the importance of changing precipitate microstructure on

material softening during the loading conditions could be assessed more accurately.

However, as the performance of all three alloys was grain size independent, dislocation creep is
the proposed dominant deformation mechanism at low strains (i.e. the technically relevant field

of application).
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6.3 Error influences on results

Although the results of the physical forging simulations are generally in good agreement for each
set of parameters, some discrepancies occurred. This could be explained either by experimental
errors or with regards to the material influences, i.e. microstructural reasons. The suggested error

influences include:

¢ loosening of the locking nuts during long tests due to vibrations and plastic deformation
e unsymmetrical positioning of the thermocouple

e thermocouple measurement errors during long-term tests due to diffusion effects *

e wrong position or angle of CGauge sensor

e slip of CGauge sensor due to bulging of the specimens during testing

e tolerances (i.e. variations in specimen diameter and length

e variations in specimen surface condition and burr

e variations in grain size

e variations of precipitate parameters (size, morphology, distribution, quantity)

The results of the stress exponent determination could be falsified to certain extent due to the
general assumptions concerning constant stress, temperature and microstructure during

deformation up to low plastic strains and some possible systematical and/or statistical errors:

e inaccurate determination of minimum strain rates from strain curves (strain rate curves
mathematically derived from strain curves were not properly evaluable)
e inaccurate experimental determination of precipitate type, size and quantity
o too small amount of investigated micrographs
o too low magnification of investigated micrographs
o no certain identification of the phases (only assumptions based on literature
review and numerical simulations)
o inaccurate determination of size and quantity of strengthening precipitates inside

grains (the grain structure was neglected in the determination of phase fractions)
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6.4 Softening

Each alloy obtained progressive increase in strain after preceding approximately linear behavior at
lower strain rate. Even though certain changes in the precipitate microstructure occurred during
this stage of deformation (see chapter 5.4), the main softening mechanism responsible for the
drop in strength is believed to be the formation of new, very small grains via DRX. After these
new grains form (mostly at grain boundaries), they do not yet contain strengthening phases (as
the precipitation process requires a certain annealing time) for which reason they are relatively
soft in comparison to the initial precipitation-hardened grains. However, the performance
comparison of the three materials suggests that DRX happened after significantly different times

(i.e. a different number of forging cycles) in each alloy.

Inconel 718 shows the lowest performance which is most likely attributable to the presence of
only few grain boundary precipitates (8 phase) after heat treatment. These precipitates coarsened
rapidly during thermomechanical testing which facilitated the occurrence of DRX as there were
fewer obstacles to formation and growth of new grains. Contrary to initial assumptions, however,
no considerable transformation of y" to & phase inside grains and only slight coarsening of y"
phase was observable which contributes to the assumption that DRX was the main softening

mechanism in this alloy.

In comparison to Inconel 718, Allvac 718Plus contained more grain boundary & phase with
slower coarsening rates which is suggested to be one of the reasons for its better performance.
Another reason could be the stronger effect of solid solution strengthening counteracting plastic
deformation and DRX as it obtains higher content of Co, W and Al compared to Inconel 718.
However, y' phase was found to be less stable as y" phase in Inconel 718 as large-scale

transformation to & phase was observed, certainly affecting the alloy’s performance.

The outstanding performance of Haynes 282 in comparison with the other two alloys is believed
to result mainly from its grain boundary precipitates. Apparently, these carbides are very stable
and exhibited favorable morphology and size to retard DRX. Furthermore, the alloy contained
higher amounts of y' phase. The stability of this phase during the comparably long service time as
well as strong solid solution strengthening (high content of Co and Mo) are assumed to be

further reasons for the good microstructure stability of Haynes 282.

It was not possible to identify a significant connection between grain size and material
performance during physical forging simulations. However, the larger grain size of Haynes 282
compared to the other alloys could also be a reason for its beneficial thermomechanical behavior,
especially at higher plastic strains. This assumption is based on the fact that smaller grain size
offers more locations for the formation of DRX and generally facilitates diffusion processes

leading to particle coarsening or transformation.
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6.5 Damage

Several (mostly intercrystalline) surface cracks were observed in all three alloys in the bulged
regions of strongly deformed specimens. Furthermore, the investigated deformed microstructures
exhibit a low number of grain boundary pores, especially near the specimen borders. These pores

are suggested to be the result of creep damage.

Despite their occurrence, none of the specimens fractured even at very high plastic strains. This
could be explained by the mostly compressive nature of the load spectrum with only short stages
of tensile load. Formation of pores and subsequent fracture due to pore coalescence is typical for
tensile conditions during creep (or fatigue) loading while compressive stresses tend to counteract

crack formation.

Few pores were also observed near large primary carbides in all alloys. However, such pores were
found in the deformed material as well as the undeformed base material for which reason they

are not classified as damage as they could result from metallographic specimen preparation.
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7 Conclusion

Softening of all three alloys during physical forging simulations was found to result mainly from a

combination of precipitate coarsening and dynamic recrystallization at grain boundaries.

Haynes 282 clearly showed the best results during the thermomechanical tests. This can be
explained by its alloy system which enables strong solid solution strengthening and precipitation

of different strengthening phases.

In comparison to Inconel 718 and Allvac 718Plus, Haynes 282 exhibits a higher phase fraction of
nanometer-sized y' precipitates inside grains. Furthermore, the phase shows higher thermal

stability and slower coatsening rates as equivalent strengthening phases (y'/y") in the other alloys.

Haynes 282 contains different types of carbides evenly distributed along grain boundaries. These
phases obtain significantly higher thermal stability in comparison to grain boundary 8 phase
present in Inconel 718 and Allvac 718Plus.

The current market prices of the investigated alloys differ quite strongly (roughly 25 €/kg for
Inconel 718, 35 €/kg for Allvac 718Plus and 42 €/kg for Haynes 282). However, considering the
cost of forging die manufacture, a clear recommendation of Haynes 282 for the use as forging die

material can be made both from technical and economic point of view.
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